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A B S T R A C T   

Solid-state growth of M7C3 carbide at different interfaces in an austenitic Ni–Cr–Fe alloy (Alloy 600) was studied 
in-situ by high temperature confocal laser scanning microscopy during continuous cooling from 1140 ◦C. The 
carbide develops a dendritic morphology and grows laterally across the free surface via a diffusion-assisted 
mechanism. Primary dendrite arms can extend beyond 100 μm, with some dendrites also developing second
ary arms with spacing approximately 3.0 μm. By using focused ion beam tomography, some of the surface 
carbides are found to be directly connected to dendritic carbide at grain boundaries in the bulk confirming they 
originated from the same nucleus. Matrix deformation is induced in the vicinity of a carbide during growth. This 
work provides significant insight into the important topic of carbide development by a rare combination of both 
in-situ microscopy and a 3D tomographic technique; the new knowledge discovered is expected to apply to other 
austenitic systems.   

Austenitic alloys are widely used for components in power genera
tion, such as pressurised and boiling water reactors (PWR/BWR) in the 
nuclear industry. Their insertion is justified by the excellent corrosion 
resistance, formability and mechanical integrity at extreme tempera
tures [1,2]. The typical microstructure in those alloys, such as stainless 
steels (316, 304) or else nickel alloys (Alloy 600, Alloy 690) consists of 
an austenite matrix with carbide decorating the matrix and/or the grain 
boundaries [3]. The long-term performance in service is strongly influ
enced by the carbide distribution, where most failures originate along 
grain boundaries facilitated by carbide in corrosive environments, e.g. 
stress corrosion cracking (SCC) [4,5]. As determined via high-resolution 
characterisation and micro-mechanical analysis [2], the crucial carbides 
needing careful control are intergranular Cr-rich M23C6 and M7C3 [6,7]. 
Those precipitates alter deformation characteristics via changing local 
microstructure and chemistry, i.e. Cr-depletion, and consequently 
accelerate the oxide growth that leads to embrittlement [8]. 

However, tailoring and design of carbide precipitation is not 
straightforward for various reasons. First, its phase transformation 
temperature is very sensitive to carbon content. For example, a small 

change of 0.03 wt.% of carbon can induce ∼100 K change in carbide 
dissolution temperature [9]. It influences the effective heat treatment 
window and gives rise to inconsistency in welding repair [10]. Second, 
the carbide nucleation events and growth lack fundamental knowledge 
and direct evidence [11], understandably due to the technical diffi
culties of such experimentation. Third, thermal history is also important 
for carbide phase transformations as various distributions can be ach
ieved for the same composition as a result of different thermal treat
ments [9,12]. Carbide morphology is frequently described as, for 
example, granular, faceted, film-like, script-like or needle-like. It is thus 
evident that, despite carbide growth occurring in three dimensions, the 
common morphological descriptors are applicable only to 
two-dimensional sections. Efforts in characterising the 3D morphology 
of carbides are therefore needed to shed light on their formation and 
potential role during corrosion, deformation and fracture. 

The work reported in this paper was motivated by the above and its 
aim was to study carbide formation and evolution using a combination 
of in-situ high temperature confocal laser scanning microscopy (HT- 
CLSM) combined with an ex-situ characterisation by 3D focused ion 
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beam and scanning electron microscope (FIB-SEM) tomography. A 
typical nuclear reactor austenitic, nickel-based alloy (Alloy 600) with a 
Cr-rich carbide phase was investigated. The study had a specific focus on 
carbide growth upon cooling from the austenite phase from above the 
carbide solvus temperature. In-situ experiments were conducted to 
observe the precipitation reaction of carbide during continuous cooling 
and so to provide insight into the carbide nucleation and growth. 
Furthermore, the ex-situ 3D FIB tomography was implemented to 
reconstruct the morphology of carbides formed on the surface and at the 
grain boundaries in the bulk to obtain a better understanding than that 
gained from traditional planar 2D sections. The ex-situ studies were 
necessary to establish whether in-situ observations are truly represen
tative of those occurring in the bulk. 

The chemical composition of the Alloy 600 used in this study is 
shown in Table 1. An 8 mm diameter bar was solution annealed at 
1140 ◦C for 2 h to dissolve any pre-existing carbide and then water 
quenched. Samples were cut and polished to a thickness of ≈ 350 μm 
with a colloidal silica finish. The in-situ observation of the microstruc
ture was carried out using a HT-CLSM, model VL2000DX-SVF18SP 
(Yonekura Ltd, Japan). The sample was heated by thermal radiation 
from a 1.5 kW halogen lamp (see Figure S1 in supplementary informa
tion). To reduce the residual oxygen level and minimise carbon 
contamination during in-situ observations, three purging cycles were 
applied to eliminate residual gases before heating, each of which 
comprised three-minute evacuation by rotary vacuum pump and one- 
minute ultra-purity Ar (99.9999%) flow at 500 sccm (standard cubic 
centimetre per minute). After this purging cycle, ultra-high purity Ar gas 
flow was maintained at 200 sccm throughout the in-situ experiment. By 
applying these precautions, no evidence for surface contamination of the 
sample was found by scanning electron microscopy of the sample after 
completion of the thermal cycle. In addition, a customised oxygen getter 
ring (commercial purity Zr) was placed just above the sample surface, 

which successfully suppressed oxidation of Alloy 600 during the 
experiment. Figures S2–S4 in the supplementary information demon
strate that, without the application of the getter ring, there was severe 
oxidation of the sample surface. The sample temperature was calibrated 
up to 1180 ◦C by using a dummy sample with a spot-welded thermo
couple. In this work the sample surface was observed in-situ through a 
quartz window using a 405 nm ultra-violet laser with a long-working 
distance lens and images were captured at the rate of 15 fps. The sam
ple was heated from ambient temperature to 1140 ◦C at 100 K/min, held 
for 120 s and then cooled at 4 K/min to 900 ◦C before being rapidly 
cooled to room temperature. 

Following in-situ observation, and after cooling to ambient temper
ature, the surface of each sample was examined using diffraction and 
spectroscopy techniques, i.e. electron backscatter diffraction (EBSD) and 
electron probe microanalysis (EPMA). A Zeiss Merlin field emission gun 
scanning electron microscope (FEG-SEM) was used for imaging studies. 
Back-scattered electron (BSE) and secondary electron (SE) images were 
collected. The SEM is equipped with a Bruker EBSD detector, which was 
used to capture EBSD patterns at a resolution of 600 × 800 for maps 
which were collected at a step size of 450 nm. A JEOL JXA-8530F Plus 
operating at 15 kV and 50 nA with wavelength dispersive spectrometers 
(WDS) was employed to perform micro-chemical composition analysis 
of regions on the surface. Focused ion beam (FIB) tomography was 
applied to study the 3D morphological features of the interfacial carbide 
that formed during the in-situ heat treatment. The 3D observation was 
performed using a JEOL JIB-4700F FIB-SEM at a sectioning condition of 
30 kV and 30 nA; a carbon film was deposited to protect the field of view 
from FIB damage. The volume analysed was 11.7 × 14.8 × 8.2 μm3 

with a step size of 0.06 μm. BSE images were taken at 5 kV following 
each section. The BSE atomic number contrast allowed the differentia
tion of the carbide (dark) and the austenitic (γ) matrix (light), and grain 
boundaries could be differentiated by the electron channelling contrast. 
After the serial sectioning and imaging, the 3D object of interest (carbide 
phase) was reconstructed and rendered using Stacker NEO software 
[13]. Image filtering was applied to show only the 3D shape of the 
carbide or the carbide along with the γ (austenite) grain boundary. 

The precipitation of the carbide during cooling over the range 1080 
to 900 ◦C is illustrated in Fig. 1 with a temperature decrement of 20 K 
between images. See also the supplementary movie 1 that reveals the 

Table 1 
Alloy composition used for current study in wt-% (Ni-base), measured using ICP- 
OES, ICP-combustion (carbon) and Spark OES (boron).  

Ni Cr Fe C Co B Ti 

bal 15.75 9.12 0.071 0.04 0.004 0.22  

Fig. 1. In-situ observation made by HT-CLSM on the precipitation reaction of M7C3 carbide continuously cooled from 1080 ◦C to 900 ◦C at a 20 ◦C decrement. The 
incubation of carbide is indicated by arrows in (b). The readers are referred to supplementary video 1 for interpretation of the carbide evolution in high- 
definition (HD). 
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Fig. 2. Examples of solid-state dendritic growth of M7C3 carbide on the surface of Alloy 600 shown at different magnifications after continuous cooling, see (a–c). 
Distorted slip traces implies local deformation induced via carbide growth upon cooling, see pointed arrows in (d). 

Fig. 3. Line scans from Cr-map acquired by EPMA chemical analysis. Line 1 (a–c) and line 2 demonstrate clear depletion of Cr in the vicinity of M7C3 carbide 
suggesting the growth of carbide is diffusion assisted. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.) 
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evolution in great detail. As will be confirmed in the following section, 
the phase formed on the surface is M7C3 carbide. It is clear that the 
nucleation of this carbide phase is at approximately 1060 ◦C, which is 
consistent with that reported elsewhere [12]. The initial carbide 
nucleation site is most frequently observed to be at grain boundaries or 
triple junctions (see yellow arrows), for which a lower energy barrier is 
likely. However, with a small decrease in temperature to ∼1040 ◦C, 
many other surfaces in the grain interior also have developed signs of 
carbide nucleation. It suggests that the energy penalty for free surface 
nucleation is only marginally greater than for the grain boundary, which 
is about 20 K of undercooling; in contrast to a more significant energy 
barrier for nucleation in grain interior in the bulk, where a suppression is 
possible [14]. Significant carbide growth on the free surface emerged 
whilst cooling down to ∼ 960 ◦C, and many carbides developed with a 
needle-like morphology, growing to a length of over 100 μm in some 
cases. The growth rate of the carbide diminishes with further cooling 
and little noticeable change occurred below 920 ◦C. 

The morphology of the carbide phase on the surface was charac
terised ex-situ, using SEM/SE imaging, see Fig. 2. The so-called “needle- 
like” precipitates possess a morphology that is “branched like a tree” 
also known as “dendrite-like”, where some precipitates display well 
defined secondary arms with rounded tips showing in Fig. 2(a–c). The 
dendrite-like phase is formed in the solid-state, in contrast to solidifi
cation from the melt, where such features are frequently seen. The 

secondary arm spacing is 3.0 ± 1.3 μm, averaged from 15 random 
precipitates. With the aid of a tilted stage, there is no notable protrusion 
of the carbide growing out of the free surface. Further ex-situ charac
terisation of carbide was achieved using chemical spectroscopy and 
diffraction methods. EPMA elemental maps for the elements present are 
shown in Figure S5; the carbide is enriched in Cr and depleted in Fe and 
Ni compared with the austenite matrix. Furthermore, a Cr depletion 
zone in the matrix, near the interface with the carbide phase, is evident 
from the EPMA Cr-map. Fig. 3 shows line scans of Cr intensity that 
confirm this observation semi-quantitatively. The Cr intensity drops 
relative to the background level, see arrows on the figure. The depletion 
of Cr near the carbide phase confirms that the mechanism of growth 
involves long range diffusion as has been reported from studies of bulk 
samples [15]. The diffusional observation during the carbide growth 
suggests the branched morphology of the phase transformation is 
facilitated by Mullins–Sekerka type instability [16]. The presence of a 
solute supersaturation in a matrix during continuous cooling makes the 
interface unstable to diffusive instability. Hence the structure observed 
here is distinctive to other displacive mechanisms that might result in a 
similar morphology, such as Widmanstätten ferrite [17]. 

High-resolution EBSD was also utilised to determine the crystal 
structure of these surface carbides. In Fig. 4(a) and (b) the carbides are 
identified as Cr-rich and with the orthorhombic M7C3 structure from the 
Inorganic Crystal Structure Database (ICSD) [18]. This is the same 

Fig. 4. High resolution EBSD characterisation of the surface M7C3 carbide and matrix. (a) inverse pole figure map along Z-axis, (b) phase map, (c) secondary electron 
image and (d) corresponding Kikuchi patterns from different locations of the same carbide. (For interpretation of the references to colour in this figure legend, the 
reader is referred to the web version of this article.) 
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crystal structure as the bulk grain boundary carbides previously iden
tified in mill-annealed Alloy 600 for example by Hall and Briant [15]. 
Many of the surface carbides are seen to be in excess of 10 μm with 
branches growing in different directions. Nevertheless, EBSD Kikuchi 
patterns collected at locations shown in Fig. 4(c and d) confirm that 
different regions of a large carbide had the same orientation and thus 
must have originated from the same nucleus. It was also found that 
many, but not all, surface carbides had a {111}γ//{100}M7C3 

orientation 
relationship with the matrix which is known to exist for bulk grain 
boundary M7C3 with one neighbouring grain in Alloy 600 [12]. The 
evidence is shown in the supplementary information file, Figure S6. 
Seven random regions of interest were selected and pole figure maps 
were generated which reveal the orientation relationship for M7C3 and 
the γ-matrix. Most carbides share the orientation relationships with the γ 
matrix to some extent, but not all. The carbides that did not display the 
expected relationship had grown to a such a size that the orientation 
relationship appears to have been lost as found previously [19]. Another 
possibility could be that with a sufficiently low energy barrier for 
nucleation at the free surface, this allows carbide nucleation without a 
crystallographic orientation favourable to the substrate. 

It is fascinating to return to the phenomenon of the slip lines which 
have been found to arise during continuous cooling. This is observed to 
be a very general phenomenon as post-mortem examination indicates 
that the slip traces are distributed uniformly on the polished surfaces. 
Our hypothesis is that the formation of the slip lines requires a degree of 
oxidation of the surface – this is supported by the widespread observa
tion of slip steps when a getter material is absent – see Figure S4 for 
transformation at 980 ◦C – but only a low density of slip lines spread 
when the oxygen getter is present, see Fig. 1(f). Thus, there is a probable 
role of the mechanical constraint arising from the formation of the 
oxide. In addition, since the surface will have cooled faster than the 
bulk, thermal gradients may also exacerbate this effect by promoting 
thermal stresses. Furthermore, the supplementary movie 1 demonstrates 
that slip lines originate at grain boundaries but few (if any) of them 
progress to neighbouring grains, in contrast to deformation at larger 

strains [20]. This implies the overall deformation on the surface is 
relatively small with only some grains developing signs of secondary slip 
during cooling to room temperature [21]. Interestingly, significant local 
interaction occurs between slip traces and carbides with severe slip line 
bending observed in their vicinity, see Fig. 2(d) as indicated by arrows. 
Since slip traces normally display a planar morphology akin to ‘a stack of 
cards’, the change in this local morphology is a manifestation of local
ised matrix deformation. The localised distortion of slip traces is prob
ably caused by carbide growth and interactions between protruding 
carbides and/or grain boundaries. Thus, despite the material being fully 
annealed, the phase transformation involving carbide precipitation can 
cause significant volume change leading to such local deformation [12]. 

The surface carbides are of particular interest because of their den
dritic morphology, large size and, in some cases, loss of coherency with 
the matrix. To establish the connection between surface and bulk 
intergranular carbides the FIB tomography study was undertaken. Fig. 5 
(a–c) shows SEM images obtained from FIB sectioning and display a slice 
through a surface carbide that is connected to a bulk intergranular 
carbide. It is clear that the surface carbide has most likely grown from 
the nucleus at a grain boundary. The carbide thickness appears similar 
on both the free surface and at the grain boundary. Supplementary 
movie 2 shows clearly the reconstructued tomographic images of a grain 
boundary and grain boundary carbides viewed from different orienta
tions. The largest intergranular carbide was located at a triple junction 
and it branched to all three orientations during growth. Reconstructed 
images captured from the video at different orientations are displayed in 
Fig. 5(d) and (e) where the dark brown corresponds to the carbide phase 
and the grain boundary is shown by light coloured connecting lines. The 
complex branched morphology of the carbide as it grew along the grain 
boundary is evident. This confirms that the branched dendritic growth is 
not confined to surface carbides but is also a feature of bulk grain 
boundary carbides. Finally, Fig. 5(f) is one representative BSE/SEM 
cross-sectional slice used to generate the 3D tomographic image. The 
middle carbide in contrast to the triple junction carbide, has attempted 
to grow into to γ-matrix. The original grain boundary has migrated 

Fig. 5. 3D sectioning and reconstruction via SEM-FIB of surface M7C3 carbides and intergranular bulk carbides. (a–c) reveal surface M7C3 carbide that is physically 
connected to the bulk intergranular carbide. (d and e) show the reconstruction of some bulk intergranular M7C3 carbides from two viewing angles and (f) shows one 
slice of 2D cross-sectional image from which the reconstruction was derived. The readers are referred to supplementary video 2 for interpretation of the 3D carbide 
reconstruction. 
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accordingly to accommodate its growth. 
The above observations provide important insights into interfacial 

carbides in Alloy 600. Despite a small number of reports which have 
revealed similar carbide morphology in steels and nickel [22–26], 
dendritic carbide growth has not been widely reported or studied. Its 
emergence is linked to the presence of supersaturation of the γ-matrix 
that results in diffusive instabilities at interfaces [27]. The frequency of 
occurrence of dendritic carbides following solid state precipitation is 
possibly underestimated as one can obtain such a structure in the present 
alloy, Alloy 600, simply by slow cooling from above the carbide solvus 
temperature. Furthermore, the possible role of dendritic carbides in 
affecting mechanical or corrosion behaviour (they are commonly 
conceived as detrimental to properties) indicates a need for further in
vestigations [23,28]. However, recent reports have suggested that 
associated secondary effects with carbide formation, such as grain 
boundary serration can lead to an improvement of long term time 
dependent degradation, e.g. creep or hot corrosion [14,29]. The impli
cations of a dendritic morphology might well allow for a deeper analyis 
of the effects of intergranular carbides, particularly in corrosive envi
ronment that has lacked a clear understanding for decades. Conse
quently, further research is required to demonstrate a quantitative 
relationship between the carbide development in 3D and the associated 
heat treatment parameters that produces it. 

In summary, precipitation of orthorhombic M7C3 carbide was stud
ied in-situ in Alloy 600 using HT-LSCM during continuous cooling. Its 
growth morphology on the surface and in the bulk have been compared 
using FIB-SEM tomography 3D characterisation methods. The first 
nucleation of Cr-rich M7C3 carbide occurred at ∼1060 ◦C followed by 
dendritic growth in the solid-state until ∼920 ◦C. The surface carbide 
growth was diffusion-assisted, evidenced by a depletion of Cr in the 
matrix near the edge of the carbide. The primary dendrites of the carbide 
grow and can exceed 100 μm in size, with a secondary dendrite arm 
spacing 3.0 ± 1.3 μm. 3D characterisation revealed that a network of 
carbides exists in the grain boundaries of bulk material. It is shown that 
surface and grain boundary carbide originate from the same nucleus. 
The faceted dendritic carbide precipitation also induces local deforma
tion via coarsening where grain boundaries must accommodate their 
growth by migration. The frequency of occurrence of dendritic growth of 
carbides is believed to be underestimated in the literature. Further study 
on how this affects mechanical behaviour over the long term in a cor
rosive environment is needed due to the practical importance of stress 
corrosion cracking in nuclear applications. 
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