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Structural and Electronic Investigations of In2O3 Nanostructures and 

Thin Films Grown by Molecular Beam Epitaxy 

Transparent conducting oxides (TCOs) combine optical transparency in the visible region 

with a high electrical conductivity. In2O3 doped with Sn (widely, but somewhat 

misleadingly, known as indium tin oxide or ITO) is at present the most important TCO, 

with applications in liquid crystal displays, touch screen displays, organic photovoltaics 

and other optoelectronic devices. Surprisingly, many of its fundamental properties have 

been the subject of controversy or have until recently remained unknown, including even 

the nature and magnitude of the bandgap. The technological importance of the material 

and the renewed interest in its basic physics prompted the research described in this 

thesis. This thesis aims (i) to establish conditions for the growth of high-quality In2O3 

nanostructures and thin films by oxygen plasma assisted molecular beam epitaxy and (ii) 

to conduct comprehensive investigations on both the surface physics of this material and 

its structural and electronic properties.   

It was demonstrated that highly ordered In2O3 nanoislands, nanorods and thin films can 

be grown epitaxially on (100), (110) and (111) oriented Y-stabilized ZrO2 substrates 

respectively. The mismatch with this substrate is -1.7%, with the epilayer under tensile 

strain. On the basis of ab initio density functional theory calculations, it was concluded 

that the striking influence of substrate orientation on the dist inctive growth modes was 

linked to the fact that the surface energy for the (111) surface is much lower than for 

either polar (100) or non-polar (110) surfaces. The growth of In2O3(111) thin films was 

further explored on Y-ZrO2(111) substrates by optimizing the growth temperature and 

film thickness. Very thin In2O3 epilayers (35 nm) grew pseudomorphically under high 

tensile strain, caused by the 1.7% lattice mismatch with the substrate. The strain was 

gradually relaxed with increasing film thickness. High-quality films with a low carrier 

concentration (5.0  1017 cm-3) and high mobility (73 cm2V-1s-1) were obtained in the 

thickest films (420 nm) after strain relaxation. The bandgap of the thinnest In2O3 films 
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was around 0.1 eV smaller than that of the bulk material, due to reduction of bonding-

antibonding interactions associated with lattice expansion.  

The high-quality surfaces of the (111) films allowed us to investigate various aspects of 

the surface structural and electronic properties. The atomic structure of In2O3 (111) 

surface was determined using a combination of scanning tunnelling microscopy, analysis 

of intensity/voltage curves in low energy electron diffraction and first-principles ab initio 

calculations. The (111) termination has an essentially bulk terminated (1 × 1) surface 

structure, with minor relaxations normal to the surface. Good agreement was found 

between the experimental surface structure and that derived from ab initio density 

functional theory calculations. This work emphasises the benefits of a multi-technique 

approach to determination of surface structure.  

The electronic properties of In2O3(111) surfaces were probed by synchrotron-based 

photoemission spectroscopy using photons with energies ranging from the ultraviolet (6 

eV) to the hard X-ray regime (6000 eV) to excite the spectra. It has been shown that 

In2O3 is a highly covalent material, with significant hybridization between O and In 

orbitals in both the valence and the conduction bands. A pronounced electron 

accumulation layer presents itself at the surfaces of undoped In2O3 films with very low 

carrier concentrations, which results from the fact the charge neutrality level of In2O3 lies 

well above the conduction band minimum. The pronounced electron accumulation 

associated with a downward band bending in the near surface region creates a confining 

potential well, which causes the electrons in the conduction band become quantized into 

two subband states, as observed by angle resolved photoemission spectra (ARPES) Fermi 

surface mapping. The accumulation of high density of electrons near to the surface 

region was found to shrink the surface band gap through many body interactions.  

Finally epitaxial growth of In2O3 thin films on α-Al2O3(0001) substrates was investigated. 

Both the stable body centred cubic phase and the metastable hexagonal corundum In2O3 
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phase can be stabilized as epitaxial thin films, despite large mismatches with the 

substrate. The growth mode involves matching small but different integral multiples of 

lattice planes of the In2O3 and the substrate in a domain matching epitaxial growth mode. 
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Chapter 1 

Introduction to Indium Oxide 

 

 

1.1 Transparent Conducting Oxides: Background and Challenges 

Most metals are thermodynamically stable as oxides under ambient conditions. Metal 

oxides are an exciting class of material whose electronic properties range from insulators 

such as Al2O3 and MgO, through semiconductors including SrTiO3, TiO2 and CeO2 to 

metals like V2O3, NaxWO3 and ReO3 and superconductors typified by YBa2Cu3O7-x.
1-3  

Not surprisingly, metal oxides are at the heart of many established and emerging 

technologies in electronics, data storage, and energy and environmental applications. The 

diverse electronic properties of the metal oxides are largely determined by the nature and 

occupancy of the valence and conduction bands. For example, stoichiometric In2O3 is an 

insulator with a dipole forbidden bandgap of 2.8 eV, but it becomes the famous 

transparent conductive oxide indium tin oxide (ITO) when electrons are introduced into 

the conduction band by doping with Sn. This section reviews the key concepts needed to 

understand the electronic structures of metal oxides and transparent conductive oxides.  

 

1.1.1 Electronic Structure of Metal Oxides 

Two complementary approaches are selected to rationalize the electronic structures of 

metal oxides: the ionic model and band theory, based on the tight binding model. The 

ionic model concentrates on the energy levels associated with individual ions. Figure 1.1 
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illustrates the derivation of a schematic energy level diagram for MgO using the ionic 

model. The 3s level of neutral Mg (3s2) sits above the O 2p level of neutral O (2p4), as O 

is more electronegative than Mg (Figure 1.1a). However these levels are reversed for O2- 

and Mg2+ ions (Figure 1.1b). The second electron affinity of an O atom is negative so the 

2p level of O2- sits above the vacuum level. The Madelung potential in the lattice sites of 

MgO stabilizes the ionic configuration and reverses the energy levels for O2- and Mg2+ 

ions (Figure 1.1c). The bandgap of MgO estimated from the Madelung potential is 

however around 24 eV, much larger than the experimental value of 7.8 eV. Two further 

effects need to be considered to reduce the bandgap. The first is electrostatic polarization, 

resulting from the deformation of electron distribution in an electric field. It lowers the 

energy of added electrons and raises the energy of occupied O 2p level, as shown in 

Figure 1.1d. The other is the bandwidth. The overlap and interaction of orbitals on the 

neighbouring ions give rise to appreciable Mg 3s conduction and O 2p valence 

bandwidth (Figure 1.1 e). It is estimated that the O 2p bandwidth for MgO is 6 eV.  

 

Figure 1.1. Derivation of the bandstructure of MgO using ionic model (Adapted from reference
1
). 
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The second approach is based on the band model. In the so-called perturbed free electron 

approach electrons move in the potential of a periodic lattice to give periodic states: 

bandgaps arise when the wavelength of the periodic states matches the lattice periodicity. 

This approach is adopted by standard textbooks on solid state physics but is unsuited to 

developing a qualitative understanding of the electronic structure of metal oxides. 

Alternatively, the occupied and unoccupied periodic Bloch states may be constructed as 

linear combination of atomic orbitals (LCAO). A typical “ionic” band structure for a 

non-transition metal oxide with the metal in its maximum oxidation state would have an 

occupied (valence) band composed of combinations of O 2p and deeper 2s orbitals and 

an unoccupied (conduction) band made up of combinations of metal orbitals: for example 

Mg 3s and 3p in the case of MgO. The band structure can incorporate hydridization or 

mixing between these states and band energy dispersion as function of wave-vector in k 

space.   

  The structures of metal oxides are based on an array of metal cations surrounded by 

doubly charged O2- anions, most often in an octahedral (6 coordinate) or a tetrahedral (4 

coordinate) configuration. There are a wide variety of crystallographic structures for 

binary oxides, including rocksalt-MO (MgO, CdO, CaO, NiO, CoO 6:6 coordinate), 

corundum-M2O3 (Al2O3, V2O3, Cr2O3, Fe2O3, Ti2O3 6:4 coordinate), rutile-MO2 (TiO2, 

SnO2, RuO2 6:3 coordinate), wurtzite-MO (ZnO 4:4 coordinate), fluorite-MO2 (CeO2, 

UO2 8:4 coordinate). Common structures for ternary or more complex oxides include 

perovskite ABO3 (SrTiO3, BaTiO3, La1-xSrxMnO3, NaWxO3) and spinel AB2O4 

(MgAl2O4 and Fe3O4). It is convenient to divide electronic structures of metal oxides into 

two categories: non-transition metal oxides (the cation valence orbitals are of s or p type) 

and transition metal oxides (the cation valence orbitals have d symmetry). The band 

structure for both kinds of oxides may be constructed according to the models discussed 
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above. In general one expects a filled valence band based predominantly on O 2p orbitals, 

separated by a gap from a metal-based conduction band. However, the complex bonding 

properties of the transition metal d atomic orbitals give rise to a variety of complicating 

phenomena, including variable oxidation states, electron-electron and electron-phonon 

interactions, and crystal- field splitting. It is from these complexities that the wide ranging 

electronic properties of transition metal oxides emerge, including localisation of the d 

electrons by Coulomb repulsion or electron-phonon coupling, ferromagnetic and 

antiferromagentic ordering of localised spins, metal- insulator transitions and 

superconductivity. 2   

 Non-transition metal oxides can be divided into two groups: 

(i) Pre-transition metal oxide such as alkaline-earth oxides (MgO) and Al2O3, 

which are wide bandgap insulators, because of the large difference in 

electronegativity between the metal and oxygen. 

(ii) Post-transition metal oxides such as ZnO, SnO2 and In2O3, which have 

intrinsic bandgaps around 3-4 eV, but can become n-type semiconductors by 

donor impurity doping. 

Compared with pre-transition metal oxides, the post-transition metal oxides have less 

ionic character, since the O 2p orbitals are closer in energy to the metal ns and np orbitals 

and so hybridize more strongly. The filled shallow core d orbitals can mix with the O 2p 

valence band orbitals to some extent. Another difference with post-transition metal 

oxides is the existence of different oxidation states. For example, Sn and Pb have 

oxidation states of +4 and +2, and As, Sb have oxidation states of +5 and +3. The post-

transition metal oxides are an interesting and diverse class of materials, which find many 

technological and industrial uses. For example, ZnO is a direct bandgap semiconductor 
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with applications in catalysis and optoelectronics,4, 5 PbO2, is found in the lead/acid 

battery used in all motor vehicles, and In2O3,6 the main subject of this thesis, is used as 

transparent electrode materials in liquid crystal displays and many other areas.7  

 

1.1.2 Transparent Conducting Oxides  

Transparent conducting oxides (TCOs) combine optical transparency in the visible region 

with a high electrical conductivity, making them essential components as an electrode 

material in liquid crystal displays (LCD), touch screen displays, electroluminescent 

display device, solar cells and other optoelectronic devices.  

 

Figure 1.2. (a) Device structure of a typical organic solar cell; (b) the energy diagram for the 

process of harvesting solar power as electricity: (1) Solar light shines into the solar cell through a 

TCO and is absorbed by a donor material to generate excitons (electron-hole pairs); (2) Excitons 

diffuse to the interface; (3) Excitons are split into free electrons and holes by interfacial potential; 

(4) Electrons are collected by cathodes with low work function; (5) holes are collected by a TCO . 

(http://www2.warwick.ac.uk/fac/sci/chemistry/research/jones/jonesgroup/research/organicsemico

nductors/organicpv/) 

(a)

(b)

(1)
(2)

(3)

(4)

(5)
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Figure 1.2 depicts the typical usage of a TCO in an organic solar cell, where it acts to 

collect holes generated by the photoexcitation in the organic active layer. The technology 

of the n-type TCOs is more mature than that of p-type and we focus on n-type materials. 

           In general, TCO thin films in practical use exhibit a conductivity of the order of 

104 S·cm−1 and an average transmittance above 80% in the visible region.7-10 TCOs 

suitable for thin film electrodes should have a carrier concentration of the order of 1020 or 

1021 cm-3, mobilities up to 100 cm2V-1S-1, and also an optical bandgap above 

approximately 3 eV. From the bandstructure point of view, the combination of the two 

properties in the same materials is apparently contradictory: to be transparent, a material 

needs to be an insulator which possesses completely filled valence and empty conduction 

bands; whereas metallic conductivity requires the Fermi level lies within a band with a 

large density of states. Such requirements can however be satisfied by degenerately 

doping several conventional post-transition metal oxides, in particular In2O3, ZnO, SnO2 

and CdO. The post-transition metals of these oxides have an (n-1)d10ns2npx electronic 

configuration (x=0 for Zn and Cd, x=1 for In and x=2 for Sn) and densely packed 

structures with four or six coordinate metal ions. In the undoped stoichiometric state, 

these materials are transparent insulators with wide optical bandgap of around 2-3 eV or 

greater. The valence band is primarily derived from filled oxygen 2p6 states and the 

conduction band derives from metal ns states, as shown in Figure 1.3a. To become 

conducting, the transparent oxide hosts must be degenerately doped, with the Fermi level 

sitting above the bottom of the conduction band. This requires these oxide hosts to have a 

relatively high electron affinity. Thus In2O3 has an electron affinity of 4.4 eV but the 

electron affinity of MgO is only 1.4 eV. The metal ns states in general give rise to a 

highly dispersive conduction band giving a low electron effective mass. N-type dopants 

introduce energy levels just below the conduction band minimum at low doping level. 
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The donor level moves toward the conduction band with increasing doping level so that 

the activation energy for conduction ΔE decreases according to: 

             

where n is the carrier concentration; ΔE0 is the activation energy at very low doping level 

and β is constant. Ultimately, the TCOs exhibit a free electron like metallic behaviour 

described by Drude model. The critical carrier concentration nc for the transition from an 

insulating to metallic phase is defined by the Mott criterion (nc)1/3 a0*>0.26,  where  a0* is 

Bohr radius. Taking ITO for example, literatures suggest that the static dielectric constant 

ε(0) = 8.9, an electron effective mass m* = 0.17m0 (where m0 is the electron rest mass), 

giving an effective Bohr radius a0* = 2.78 nm. Thus the Mott critical carrier density nc 

for ITO is calculated to be 1  1018 cm-3.  

 

Figure 1.3. Schematic bandstructures of: (a) TCO host-a wide bandgap Eg and with a dispersive 

conduction band band derived from metal ns states; (b) low doping level before onset of 

degeneracy; (c) degenerate doping displaces the Fermi level (E f) above conduction band 

minimum, making the system conducting; the filling of conduction band increases the optical 

bandgap by a Burstein-Moss shift; (d) band-gap renormalization shrinks the band gap. (Figure 

adapted from reference
3
) 

 

 For doping levels above that set by the Mott criterion, one can consider TCOs to have a 

full valence band and a parabolic conduction band partially filled by a degenerate free 

(b) (c) (d)

Eg+ΔBM
Eg+ΔBM-ΔRN

Ef Ef

(a)

Eg Eg

ΔE
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electron gas up to Fermi energy. The partial filling of the conduction band leads to 

blocking of the lowest states and hence increasing of the observed optical transition 

energy. This is the well documented Burstein-Moss shift, as shown in Figure 1.3b.  The 

magnitude of the shift ΔBM, under free-electron theory, is given by: 

 

    
 

   
          

which indicates that it is inversely proportional to the reduced effective mass m* 

(1/m*=1/mc*+1/mv*), assuming parabolic downward valence band dispersion and 

upward conduction band dispersion. The shift is proportional to n2/3, where n is the 

electron carrier concentration. However, the carrier dependence of the bandgap shift is 

generally much less than that expected from the free-electron model, because bandgap 

renormalization or shrinkage (   ) should be considered. This is associated in part with 

the increased attractive potential associated with donor centres, and in part with mutual 

screening of repulsions between valence and conduction electrons by the conduction 

electron gas itself.  This leads to an increase in the energy of the VBM and decrease in 

the energy of the CBM as shown in Figure 1.3c. Therefore the net change in Eg can 

therefore be taken as a difference of the two contributions: 

                                                                 

 The free electrons in the conduction band can oscillate with an applied field, like the free 

electrons in metals (plasma oscillations). Below the plasma energy any material exhibits 

a high reflectivity.  The plasma frequency, ωp given by: 

                                                              
  







*m

ne
p  
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where n is the free carrier density, m* is the electron effective mass and ε0 is the 

permittivity of free space.  The plasma frequency depends on the carrier concentration in 

TCOs. For a TCO with a carrier concentration of order 1021  cm-3, the plasma energy is 

typically in the near- infrared (NIR) region at around 0.5-1 eV. Therefore the “optical 

window” for typical TCOs is set at short wavelengths by its optical bandgap (considering 

the Burstein-Moss and renormalization) and at longer wavelengths by its reflectivity 

plasma edge (   ), as shown in Figure 1.4.         

Figure 1.4. “Optical window” of TCOs with high Transmission in visible region between onset 

of strong Absorption in UV set by bandgap (shorter wavelengths) and onset of high Reflectivity 

in near IR below plasmon (   ) at lower energy (longer wavelengths). (Figure adapted from 

reference
66

) 

 

Table 1 lists various TCO materials have been developed. Most of the TCOs documented 

are n-type, such as the doped binary compounds like Sn-doped In2O3 (indium tin oxide or 

ITO), Al or Ga-doped ZnO (AZO or GZO) and F-doped SnO2 (FTO). Among them, ITO 

is the most widely used TCO,7-10 because of its intrinsically facile dopability, high 
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conductivity, excellent transparency and easy processability. It accounts for more than  

90% of the TCO market and is expected to be the dominant materials in the following 

decade,11 as a report by NanoMarkets which was one of best received reports to date.  On 

the other hand as the rapid expansion in market for liquid crystal displays, solar cells and 

touch screens has led to a rapid increase in the price of In. There is thus some incentive 

to develop alternatives to ITO. Al or Ga-doped ZnO (AZO or GZO) and F-doped SnO2 

(FTO) are likely replacement materials and now share 5% of the TCO market. In 

particular, AZO thin films are composed of inexpensive and non-toxic source materials 

and are comparable in performance to ITO film with resistivity of the order of 10−5 Ω cm. 

In addition to the binary TCOs mentioned above, multi-component oxides based of 

combinations of these binary compounds are of interest. Candidate materials include 

(ZnO)1-x(In2O3)x, (In2O3)x(SnO2)1−x, (ZnO)1−x(SnO2)x.12  

 

Table 1. TCO semiconductors for thin-film transparent electrodes (adapted from reference
9
).       

Materials Dopant Type

In2O3 Sn, Ge, Mo, F, Zr, Ta, W, Hf, Te n

SnO2 Sb, F, As, Nb, Ta n

ZnO Al, Ga, In, B, Y, F, Ge, Ti, Zr, Hf n

CdO In, Sn, Y n

In4Sn3O12 Excess Sn n

Zn2InO5, Zn3In2O6 Excess In n

Zn2SnO4, ZnSnO3 Excess Sn n

Cu2O N p

CuAlO2 Mg, Zn p

CuCrO2 Mg, Zn p

SrCu2O2 K p
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On the other hand, the growing interest in electronic or optoelectronic devices based on 

transparent p-n junctions has led to exploration of potential p-type TCOs. To date the 

most promising materials are Cu (I) oxides. In the parent binary oxide cuprite Cu2O the 

upper valence-band states are of dominant Cu 3d10 atomic character. P-type doping can 

be achieved by introducing defect level close to valence band. Thus creation of holes 

involves oxidation of valence 3d10 Cu (I) to 3d9 Cu (II). However the bandgap of Cu2O is 

only 2.17 eV, and still lies in the visible region.13 The relatively small band gap for Cu2O 

is due to the fact that a large Cu 3d bandwidth arises from strong Cu-Cu interactions, e. g. 

each Cu ion has 12 next-nearest Cu neighbours. A growing family of ternary Cu (I) 

oxides with the general formula CuITIIIO2 such as CuAlO2, CuInO2 and CuCrO2 have 

wider bandgaps.14-16 These oxides have a delafossite structures with reduced 

dimensionality in next-nearest-neighbor Cu-Cu interactions, thus giving rise to larger 

bandgap, i.e. 3.5 eV for CuAlO2.15 However, the achievement of a high conductivity in 

p-type TCOs still remains challenging owing to low hole mobility. Most current research 

on p-type TCOs concentrates on Cu (I) compounds.17  

 In spite of the undoubted technological importance of ITO, many basic physical 

properties of the material have been the subject of ongoing controversy.  For example it 

was only in 2008 that it was established that In2O3 has a direct, but dipole forbidden, 

bandgap of around 2.8 eV, almost 1 eV lower than the value of 3.75 eV widely quoted 

for over 40 years.18 Revision of the value for the bandgap led in turn to the realisation 

that electron accumulation may be observed on In2O3 surfaces with low bulk doping 

levels.19 An ongoing problem lies in the difficulty in obtaining high quality In2O3 thin 

films or nanostructures that exhibit the intrinsic properties of In2O3.20-23 The renewed 

interest in the bulk and surface physics of In2O3 prompts our attempts to growing high 

quality single crystal thin films of In2O3 both for detailed physicochemical property 
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investigations and for electronic device applications. It is hoped that the results will 

provide the insights for the continuous improvement of the properties of ITO and in turn 

ITO-related device performances. 

 In summary the objectives of this research are (i) to establish the conditions for 

growth of high-quality In2O3 single crystal thin films by using by oxygen plasma assisted 

molecular beam epitaxy (OP-MBE) system; (ii) to investigate the surface structural and 

electronic properties of the high-quality In2O3 thin films using techniques such as 

scanning tunnelling microscopy (STM), high resolution transmission electron 

microscopy (HR-TEM) and synchrotron based photoemission spectroscopy, coupled 

with initio density functional theory (DFT) calculations to supplement our experimental 

results.   

 

1.2 Surface Science of Metal Oxides  

The surfaces and interfaces of solids play a crucial role in an extremely wide range of 

phenomena. In many instances, the properties of a metal-oxide surface or of the interface 

between metal oxides and other materials are key to device performance. This is because 

the surface/interface is the very place where materials growth or free carrier 

tunnelling/scattering occurs.24-30 Another urgent issue is to understand and ultimately 

design better heterogeneous catalysts. The reactions in heterogeneous catalysis largely 

occur on the surfaces, so understanding surfaces is obviously important. Thus the control 

of the surface/interface physics of oxides is of key interest in many technological areas 

and is now emerging as an important frontier in surface science.26, 27, 30 For examples, in 

the photoelectrochemical water splitting, the conduction-band level of the photoanode 

(e.g. TiO2) must be high enough to make the chemical reduction of H+ to H2 
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thermodynamically favourable, while to utilize ITO as transparent hole collecting anodes 

for organic photovoltaic devices, the Fermi level of ITO must be as low as possible to 

maximize the open-circuit voltage.31-33 The geometric and electronic structures of 

In2O3(111) surface will be particularly studied in this thesis. In the following sections, a 

brief introduction to the surface science of oxides will be introduced. 

 

1.2.1 Basic Concepts of Solid Surfaces 

The termination of a crystal at a surface leads breaking of bonds. The atoms at the 

surface will rearrange themselves to minimize the surface energy (γ) and often the 

resulting structure is very different from a simple truncation of the bulk. The surface 

energy is defined as the excess energy at the surface of a material compared to the bulk, and thus 

depends on the energy required to break the bonds of the surface. It is reduced through the 

surface relaxation and reconstruction processes. Adjustment in the positions of atoms in the 

topmost layers perpendicular to the surface is called surface relaxation. The atomic 

rearrangement may also involve change of the periodicity parallel to the surface within 

the topmost atomic layer (the 2-dimensional lattice). This is called surface reconstruction. 

Reconstruction may also include surface atomic configurations in which atoms or a 

whole row of atoms are missing in comparison with the bulk.  

    The surface atomic rearrangements generally are different for metals and 

semiconductors. In metals, the electrons are strongly delocalized and the chemical bonds 

are not directional, whereas in most semiconductors significant directional covalent 

bonding is present. Thus one commonly observes relaxation for metal surfaces.34 In the 

case of many semiconductors, surface reconstruction happens to reduce the numbers of 

dangling bonds on the surfaces. For example, the formation of a Si(100) surface requires 
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breaking the bonds between the Si atoms that form the new surface and those that were in 

the layer immediately above.35 This leaves two "dangling bonds" per surface Si atom. 

Pairs of Si atoms in the topmost layer move together to form surface "Si dimers" in order 

to reduce the number of dangling Si bonds. This process leads to a change in the surface 

periodicity: the period of the surface structure is doubled in one direction giving rise to a 

so-called (2×1) reconstruction observed on Si(100) surface. 

     

Figure 1.5. Qualitative explanation the origin of surface states: (a) Two atomic levels A and B 

form the bulk valence and conduction bands, respectively; surface atoms have fewer bonding 

neighbours than bulk atoms, thus giving rise to electronic energy levels that are closer to those of 

the free atoms, i.e. surface states levels are split off from the bulk bands; (b) Depending on their 

origin, these surface states have acceptor- or donor-like charge character; mostly the intrinsic 

surface states having the periodicity of 2-dimensional (2D) surface show dispersion in the surface 

2D reciprocal space which results in broader bands. (Figure taken from reference
36

) 

 

The breakup of the translational symmetry by the surface invariably results in surface 

electronic states distinct from those of the bulk, namely intrinsic surface electronic 

states.36 The microscopic origin for such states involves interplay between dangling 

bonds, relaxation and reconstruction at the surface. Surface atoms have fewer bonding 
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neighbours than bulk atoms and thus give rise to electronic energy levels that are closer 

to those of free atoms, i.e. surface state levels are split off from the bulk bands, as shown 

in Figure 1.5. Depending on their origin, surface states have donor- like or acceptor- like 

character, where the surface state wave functions have predominantly valence band or 

conduction band character, respectively. A good example of the simple case in Figure 1.5 

is that of partly ionic materials like GaAs. The bulk valence and conduction bands are 

derived from As (atom A) and Ga (atom B), respectively. Thus the As-derived surface 

states have more donor character, whereas the Ga-derived surface states are more 

acceptor- like.  

      The charge neutrality level (CNL) of surface states is the position for the Fermi level 

which renders the surface without a net charge.  The surface states remain neutral with 

occupied donor- like or unoccupied acceptor- like states, when the Fermi level coincides 

with CNL.37 When the Fermi level is above the CNL, the surface is negatively charged 

(occupied acceptor- like states). When the Fermi level is below the CNL, the surface is 

positively charged (unoccupied donor-like states). In the presence of charged surface 

(with a charge density of Qss), carriers with opposite charge will accumulate in the near 

surface region inside the semiconductor in order to screen the surface charge, which are 

called the space charge Qsc. To maintain charge neutrality,  

                                                               Qss = − Qsc 

For an n-type material, negatively charged surface states are balanced by a positive 

space-charge region to maintain charge neutrality, whereas positively charged surface 

states requires a negative space charge region. This is achieved by an upward (downward) 

bending of the bands in order to decrease (increase) the electron concentration at the 

surface with respect to the bulk values, resulting in depletion (accumulation) of electrons 
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at the surface. Figure 1.6 presents an example of a space charge layer, in which a positive 

charge density of Qss of unoccupied donor- like surface states is compensated by 

accumulation of electrons near the surface region (Qsc). The formation of the space 

charge layer accordingly induces downward band bending.  

 

Figure 1.6. Band scheme for n-doped semiconductor with positively charged donor-like surface 

states and electron accumulation layer (band energy E versus z coordinate normal to the surface 

z=0); Partially unoccupied donor-like surface states (Qss) is compensated by the space charge 

region Qsc. Ec, Ef and Ev is conduction, Fermi and valence band energy. (Figure taken from 

reference
36

) 

 

In addition to intrinsic surface electronic states, there are other electronic states localized 

at the surface, which are related to imperfections (for example defects or adatoms), called 

extrinsic surface electronic states. A missing surface atom causes a change in the 

geometry of surrounding atoms, thus giving rise to changes in electronic surface states. 

In particular, for crystals with partly ionic bonds, it is easily seen how a missing surface 

atom, i.e. ion affects the electronic structure in the vicinity. If a negatively charged O2- 

ion in ZnO is missing in the surface, then a finite area of the surrounding surface contains 
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more positive charge due to Zn2+ ions than do other stoichiometric areas of the surface. 

This enhanced positive charge near the defect acts as a trap for e lectrons, i.e. the 

localized defect state can be occupied by electrons, leading to a donor- like state.   

 

1.2.2 Metal Oxide Surfaces 

The surface chemistry of metal oxides is inherently complex due to the effect of surface 

polarity, stoichiometry and surface defects as well as the difficulties in preparing well-

controlled single crystal surfaces.38 The coordination number of the surface ions is lower 

than those in the bulk, leading to reduced Madelung potential, smaller polarization and 

bandwidths, and the possibility of “dangling bond” state in more covalent materials. 

These effects could lead to reduced bandgaps and various surface enhanced gap states. 

Surface relaxations and reconstructions also are important, as they change the ionic 

bonding length and coordination numbers. The concentration of defects such as cation or 

anion vacancies or adatoms on metal oxide surfaces may be higher than in the bulk, since 

the formation energies are in general lower on surfaces. The defects further change the 

coordination of the surface atomic, and hence dramatically change the local atomic and 

electronic structures. This leads to further influence on the overall electrical properties in 

a way which depends on the energy levels of the defects and on their polarity, as 

discussed above. Surface defects are associated with space charge layers involving 

change in surface carrier concentration and band bending. For example the formation of 

surface oxygen vacancies may leave extra electrons in the surface region, leading to the 

surface electron accumulation layer and downward band bending.  
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Because of the ionic bonding feature, the polarity is a key concept in the surface science 

of metal oxides. Surfaces that possess a net dipole moment are called polar surfaces and 

are intrinsically unstable, whereas surfaces whose atomic planes are charge neutral are 

referred to as non-polar surfaces. Tasker classified the surfaces of ionic crystals into 

three types.39 “Type I” surfaces consist of layers of cations and anions which are charge 

neutral within the individual layers. These layers generate no net dipole moment, and the 

resulting non-polar surfaces are often quite stable. For example, the (110) surface of 

fluorite oxides (e.g. UO2) remain neutral by containing metal cations (U4+) and O2- 

anions with a ratio of 1:2 within one atomic layer,40 see Figure 1.7a.  

 

Figure 1.7. Schematic side views of the fluorite oxide (e.g. UO2) surface structures, which are 

labelled according to the Tasker surface notation for polar compounds. The cations and anions 

are represented by large and small spheres, respectively. 

 

“Type II” surfaces comprise trilayers containing the same total number of positive and 

negative charges, but with an excess of one type of charge on each side of the trilayer 

structure. This results in a quadrupolar unit with two opposing dipoles, which cancel 

each other. The resulting surfaces are also often quite stable; one classic example is the 

fluorite oxide (111) surfaces, shown in Figure 1.7b. For fluorite the (111) surface is the 

most thermodynamically stable surface. Structural studies on this surface also indicate it 

(a) Fluorite (110) Type “I” (b) Fluorite (111) Type “II” (c) Fluorite (100) Type “III”
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has a near ideal bulk termination with very little relaxation.40 “Type III” surfaces are 

polar, with repeating cationic and anionic bilayers, as shown by the (111) surface of 

rocksalt oxides (MgO)41 and (100) of fluorite oxide (Figure 1.7c). Each bilayer gives rise 

to a dipole moment. The electrostatic potential causes the surface energy to diverge to 

infinity with increasing thickness of a crystal. Thus the polar surface is normally not 

stable. However the polar surface can undergo stabilization by a pronounced 

modification of the surface electronic structure, to provide a macroscopic depolarization 

field. Stabilizing atoms may be achieved by total or partial filling of surface states, 

sometimes leading to surface metallization; or by changes in the surface stoichiometry 

involving spontaneous desorption of atoms, faceting, development of large cell 

reconstructions, or adsorption of foreign species like hydroxyl ions.42 These processes 

dramatically affect the surface chemistry of metal oxides, and new electronic surface 

states may appear in the gap of the oxide. As a result, surface oxygens and cations may 

present an enhanced basic or acid character. A more complete review on polar surfaces 

was provided by Noguera42 and was recently updated by Goniakowski et al.43 The 

polarity largely determines the thermodynamic stability of surfaces i.e. surface free 

energy. This normally gives rise large anisotropy in surface energies of metal oxides, i.e. 

polar surfaces have the largest surface energy, whereas the others are much lower. The 

anisotropy in surface energy plays a significant role in determining the equilibrium shape 

of nanoparticles by Wulff construction: the equilibrium shape a crystal adopts during 

growth is determined by the directional dependence of surface energy i.e. lower surface 

energy planes are preferred over others.37 

           The other important issue for metal oxide surfaces is the role defects of many 

oxides such as cation or anion vacancies or adatoms. The predominant defects are oxygen 

vacancies. The removal of surface O further reduces the coordination number of cations 
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and leaves behind two electrons.  One well studied example is the (110) surface of rutile 

TiO2.
44, 45 Rutile is the most stable polymorph of TiO2 an important material for 

heterogeneous photocatalysis.46 The surface has a bulk-terminated TiO2(110)-(1×1) 

structure with some relaxations.47, 48 A model of this surface is shown in Figure 1.8a. The 

truncation of the crystal invariably results in surface atoms with fewer co-ordinations 

than those in the bulk. Thus the surface consists of row of fivefold coordinated Ti5c atoms 

(sixfold coordinated in bulk) along the [001] direction, separated by twofold coordinated 

bridging surface O2c atoms (threefold coordinated in bulk). The surface atomic structure 

can be directly imaged by scanning tunnelling microscopy (STM) in the empty states 

(Figure 1.8b). The image contrast is dominated by electronic effects: the conduction band 

consists mostly of Ti states and the Ti5c atoms appear brighter lines in the STM, while the 

valence band consists of O 2p-derived states and appear as dark lines. The ultrahigh 

vacuum surface preparation procedure also induces bridging O2c vacancies, which can be 

directly observed as the fainter bright spots in the image.  It has been shown that the 

defect-mediated dissociation of water molecules could be directly monitored: i.e. one 

water molecule dissociates at the O2c vacancies (Figure 1.8a), resulting in two hydroxyls 

in the bridging row with the green O atom from the water and the red one from the 

surface O2c.
49 Meanwhile, the surface electronic structure of modified by the defects (e.g. 

absorption of hydroxyls) can be studied by photoemission spectroscopic techniques. As 

indicated in Figure 1.8c, a Ti 3d-derived gap state at approximately 1 eV below Fermi 

energy presents on non-stoichiometric TiO2 surface.45, 50 When this surface is exposed to 

water at room temperature, the gap state increases in intensity and shifts to somewhat 

higher binding energies, indicating the absorption of surface hydroxyl groups on the 

surface. 
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Figure 1.8. Rutile TiO2(110) surface: (a) Geometric model with O vacancies (Ovac) and OH 

groups. The OH group with the green O atom stems from the water molecule that has filled a 

vacancy, and the red one represents a lattice O2c atom that has received a proton upon water 

dissociation; (b) Empty state STM image of (10 nm × 10 nm, Vsample = +1.48 V, Itunnel = 0.08 

nA);
51

 (c) Photoemission spectrum taken with a photon energy of 47 eV. The right and left insets 

show the gap state and the region of the OH 3σ states, respectively, and the dashed blue line 

marks the position of the valence band maximum. Figures are taken from reference.
27

 

 

The research on oxide surface science is just in its initial stage. Whereas many important 

issues such as the surface structures and the stabilization of polar oxide surfaces have 

been addressed to some extent, even more remain open or even unknown, such as the 

effects of surface defects or intentional dopants on the catalytic activity, e. g. the exotic 

2D electron gas at the LaAlO3/SrTiO3 interface.52 The ultimate goal is to control and 

design the surface or interface of metal oxides. Recent efforts on  enhancing the power 

conversion efficiency (PCE) of organic photovoltaic by interfacial engineering32, 53 and 

(a)

(  ) (c)
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significant improvement of the energy conversion efficiency for solar hydrogen 

production of TiO2 by controlling introducing localized surface electronic states30 

provide good paradigms for surface science to engineer the device performance.    

 

1.3 Crystal Structures of In2O3 

The thermodynamically stable phase of In2O3 adopts a body-centred cubic bixbyite 

structure, with space group Ia   and lattice parameter a = 1.01170 nm.54 The structure 

may be regarded as a 222 superstructure of fluorite with ordered removal of O from ¼ 

of the anion sites, as shown in Figure 1.9a. There are 80 atoms in one unit cell, with 32 

sites occupied by cations on two non-equivalent sixfold coordinated sites and 48 oxygen 

ions on fourfold coordinated sites. The two cation sites occupy 8b and 24d positions 

according to international notation.55 

 

Figure 1.9. (a) Crystal structure representations of the bixbyite In2O3 unit cell; In is coloured blue 

(large balls), with red reserved for oxygen (small balls); (b) The structural anion vacancy 

configurations (yellow squares) around both types of In sites 8b and 24d. (Figures from Dr. A. 

Walsh from University of College London) 

 

(a) (b)
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Figure 1.9b illustrates the anion vacancy configuration around In cations. Each cation 

sites at the centre of a distorted cube, with six corners occupied by oxygen anions, while 

two corners are empty. One quarter of the cations (8b cations) are coordinated by six 

oxygen anions with the same In-O bond length of 2.19 Å. The oxygen anions are nearly 

at the corners of the distorted cube with two anions vacancies along one face diagonal. 

The remaining three quarter 24d cations occupy sites of lower symmetry, as they are 

coordinated to six oxygen anions at three distances (2.13, 2.19, and 2.23 Å). All 48 

oxygen anions occupy the same symmetry sites and are coordinated by 4 cations. It was 

found that the doping Sn atoms preferentially replace the In cations at 8b sites.55 The 

other polymorph of In2O3 adopts the metastable corundum-type structure with space 

group R  c, No. 167.56 The hexagonal corundum In2O3 is a high pressure phase with 

lattice parameters of a=5.478 Å and c=14.51 Å.57 This structure is the same as that 

adopted by α-Al2O3 (corundum). It contains of one type of In atom (surrounded by 

oxygen in trigonal antibiprism coordination) and one type of O atom occupying 12c and 

18e Wyckoff positions, respectively.  

 

1.4 Electronic Structures of In2O3 and ITO 

Despite the technological importance of In2O3 and ITO, the basic physical properties of 

these materials remain contentious. Thus even the nature and magnitude of the band gap 

has been debated. Optical absorption measurements performed on single crystals of In2O3 

by Weiher and Ley in 1966 showed that In2O3 had a direct band gap of about 3.75 eV 

marking the onset of strong optical absorption and a weaker absorption onset around 2.62 

eV which was presumed to be due to indirect transition.58-61 Photoemission experiments 
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showed that the valence band onset of nominally undoped In2O3 is found about 2.8 eV 

below the Fermi below the Fermi level (which is usually situated within the lower part of 

the conduction band), in agreement with the indirect bandgap hypothesis.62-65 

Nevertheless for many years the band gap has been presumed to be direct and quoted to 

be 3.75 eV.54, 66 Moreover bandstructure calculation results have been inconsistent with 

the indirect bandgap hypothesis, which required about 1 eV upward dispersion in the 

upper valence band.67-71  

           Guinness et al. measured synchrotron radiation excited O K emission spectra on a 

series of transparent conducting oxides including In2O3, CdO, ZnO and SnO2, which 

directly reveal significant hybridization between O 2p partial density of states and 

shallow-core metal d states for In2O3, CdO and ZnO.65  It was therefore proposed that the 

indirect gap could arise from mixing of O 2p and shallow-core In 4d states away from the 

Γ point within the centrosymmetric crystal structure of In2O3, similar to the situation in 

rocksalt CdO. It has been proved by photoemission spectra that the Cd 4d level is quite 

shallow (10.7 eV relative to Ef).
72  Inversion symmetry in the rocksalt structure prevents 

hybridization of O 2p states with Cd 4d states at the zone centre, but O 2p – Cd 4d 

mixing is allowed away from Γ.73 The indirect gap is proved to be a consequence of the 

hybridization of O 2p derived orbitals with Cd 4d states.65  As such the band structures 

calculated by density functional theory (see Figure 1.10) involve a conduction band 

minimum at Γ and a dispersive valence band, giving rise to a direct band gap of 1.61 eV 

at the Γ point and indirect bandgaps of 0.39 eV and 0.47 eV away from Γ point.72, 74, 75 

These values are slightly less than experimental values  (2.16 eV for direct and 0.55 for 

indirect bandgap).74, 75 Note that density functional theory usually underestimates the 

bandgaps.  

 



Chapter 1: Introduction 

25 
 

 

Figure 1.10. The bandstructure of CdO calculated by density functional theory. Symmetry labels 

for some of the bands at high-symmetry points are given. Figure is taken from refence.
72

 

 

It is also true that the bixbyite In2O3 has a centrosymmetric crystal structure. Previous O 

K X-ray emission spectra also provided evidence that In 4d mixed with O 2p at the 

valence band.65 However the binding energy of In 4d shallow core level in In2O3 (about 

17 eV) is much larger than that of Cd 4d level in CdO.65, 76, 77 Thus it is expected as the 

binding energy increases the metal 4d – oxygen 2p interaction decreases. Odaka et al. 

have performed first principles calculations which included the In 4d orbitals localized at 

12.5 eV.68 They did find some evidence of In 4d – O 2p mixing at the top of the valence 

band away from Γ in the Brillouin zone. However upward dispersion of the valence band 

to a maximum at the H point was only 0.079 eV, with the conduction band minimum at Γ. 

The dispersion is much lower than the dispersion energy required by the experimental 
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difference (around 1 eV). The absolute value of the bandgap and the binding energy of 

the In 4d shallow core level was underestimated in this study due to the nature of the 

calculations. Erhart et al.78   have recently  performed extensive density functional theory 

calculations using the local density approximation (LDA+U) and generalised gradient 

approximation (GGA+U), where U is a self- interaction correction, to correct against the 

underestimation of the shallow core In 4d binding energy observed with density 

functional methods.  It was found that there was an indirect band gap, but the upward 

dispersion of the valence was always less than 0.05 eV away from the Γ point.  Thus 

bandstructure calculations do not support the indirect bandgap hypothesis.  

    It was only in 2008 that the long-term experimental and theoretical controversy 

was reconciled based on X-ray photoemission spectroscopies coupled with ab initio 

density functional theory.18 It was established that In2O3 has a direct, but dipole 

forbidden, bandgap of around 2.9 eV. The bandstructure is shown in Figure 1.11. The 

weak nature of optical absorption around the onset energy can be attributed to the fact 

that transitions between states in the upper part of the valence bands and the conduction 

band minimum are dipole forbidden or carry very low dipole intensity. The onset of fully 

optical transitions is from states about 0.8 eV lower that the valence band maximum.  

            The surface electronic properties of In2O3 have also proved to be controversial or 

largely ignored. A pronounced depletion of carriers with an upward band at the surface of 

In2O3 was suggested as a way of reconciling a gap of 3.75 eV with photoemission 

mearsurements.64 However the revised value for the bandgap led to the realisation that 

electron accumulation may be observed at the In2O3(100) surfaces with low bulk doping 

levels,19 similar to that observed on CdO,74 and the other In containing compound, InN79 

and InAs80. The surface electron accumulation layer is attributed to the highly dispersive 

conduction band as shown in Figure 1.11 and the CNL of In2O3 lies well above the 
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conduction minimum to give rise a unoccupied donor- like surface states, which induce 

an electron accumulation layer near surface region to maintain charge neutrality.  

 

 

Figure 1.11. Band structure of In2O3 (along the H-Γ-N lines), showing it has a direct bandgap of 

around 2.9 eV; however the transition from the valence band maximum to conduction band 

minimum is dipole forbidden; the allowed transition locates about 0.8 eV lower that the valence 

band maximum (blue lines), which marks the strong onset absorption at 3.7 eV in the optical 

absorption measurements. Figure is taken from reference.
18

 

 

1.5 Organization of the Thesis 

This chapter has presented an introduction to the key idea in the surface science of metal 

oxides, and a background on the crystal and electronic structures of In2O3. Chapters 2 

and 3 describe the background and details respectively of the key experimental 

techniques used throughout this thesis. Topics considered include molecular beam 

g –g dipole 

forbidden

Eg= 2.9 eV

Allowed transition 
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epitaxy, transmission electron microscopy, scanning probe microscopy, photoemission 

spectroscopy, optical absorption and so on. Chapter 4 demonstrates the self-organization 

of In2O3 nanostructures grown on (100), (110) and (111) oriented Y-stabilised ZrO2 

substrates. It is shown that the large surface energies of In2O3(100) and (110) prompt the 

growth of pyramid islands and nanorods structure on the respective surfaces, while the 

lowest energy In2O3(111) surface favours the growth of flat thin films. In Chapter 5, the 

influence of the growth temperature and film thickness on the physical properties (strain, 

morphology, bandgap and transport properties) of the epitaxial In2O3(111) thin films is 

systematically investigated using a combination of experimental and computational 

methods. It was established that the In2O3(111) thin film grown at 700oC with a thickness 

of 200 nm has the highest quality for subsequent surface structural and electronic studies. 

Following the achievement of high-quality surfaces, chapter 6 investigates in detail the 

surface atomic structure of In2O3(111) as determined by low energy electron diffraction, 

scanning tunnelling microscopy and density functional theory. These techniques reveal a 

bulk-terminated (11) surface with relatively minor inward relaxations. In Chapters 7, 

the electronic structures of Sn doped and undoped In2O3(111) are examined by 

synchrotron-based photoemission spectra excited with a wide range of photon energies 

between 9 eV and 6000 eV. It is shown that a pronounced electron accumulation layer 

presents itself at the surfaces of undoped In2O3 films with very low carrier concentrations. 

The pronounced electron accumulation associated with a downward band bending in the 

near surface region creates a confining potential well, which causes the electrons in the 

conduction band become quantized into two subband states, as observed by angle 

resolved photoemission spectra (ARPES) Fermi surface mapping. The accumulation of 

high density of electrons near to the surface region was found to shrink the surface band 
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gap through many body interactions. Chapter 8 moves on to consider the epitaxial growth 

of In2O3 thin films on α-Al2O3(0001). The mismatch is now 15%. It is shown that both 

the stable body centred cubic phase and metastable hexagonal corundum In2O3 phases 

can be stabilized in epitaxial thin films by the domain matching epitaxy mechanism by 

matching the integral multiples of lattice planes of the In2O3 and substrate. Finally, the 

main concluding remarks and outlooks of this work are summarised in Chapter 9.  
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Chapter 2: 

Background to Experimental Techniques 

 

 
Throughout this thesis, molecular beam epitaxy is used to grow In2O3 and tin-doped 

indium oxide (ITO) thin films on single crystal substrates. The techniques of X-ray 

diffraction, transmission electron microscopy, scanning tunnelling microscopy/atomic 

force microscopy, low electron energy diffraction and photoemission spectroscopy are 

used extensively to characterize the structural and electronic properties of the films. This 

chapter presents a brief introduction to the background of these techniques.  

  

2.1 Molecular Beam Epitaxy 

  

2.1.1 Concepts of Thin Film Growth 

 

 

 

 
  Figure 2.1. Schematic illustrations of atomic processes in film growth on a solid surface. 
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 The epitaxial growth of thin films on lattice mismatched surfaces is a complex process   

largely governed by the competition between kinetics and thermodynamics.1-3 Figure 2.1 

illustrates the individual atomic processes that occur during material growth on substrate 

surfaces. Once an atom has condensed from the vapor phase on the surface, there are 

three things that may happen: (i) it can form a strong bond to the surface where it is 

trapped, particularly at special sites likes steps or other defects; (ii) it may diffuse across 

a terrace to find an energetically preferred location prior to being trapped, i.e. this process 

leading to nucleation, coarsening and thin film growth; or (iii) it may evaporate away 

from the surface i.e. desorb. In all these processes, characteristic activation energies have 

to be overcome,4 i.e. the number of atoms being able to participate in a particular process 

is given by an Arrhenius-type exponential law. The diffusion rate, for example, is given 

by: 

                  

 

where Eact is the activation energy for diffusion, k is Boltzmann’s constant, and T is the 

growth temperature. The corresponding activation energies for adsorption or diffusion 

depend on the atomic details of the particular process. High substrate temperatures 

during growth in general allow activation barriers to be overcome. If surface diffusion is 

facile more than one atom will be incorporated into each nucleation centre.  

          The reduction of the total free energy of the system is the overall driving force for 

nucleation and growth. The condensation from the gas phase into the solid phase reduces 

the overall Gibbs free energy. However, this energy reduction is counter balanced by the 

introduction of surface and interface energies.  Thus the change of total energy resulting 

from the formation of a nucleation centre, ΔG, is given by: 
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                                      ΔG = Δμv + Δμs = (4/3)πr3ΔGv + 4πr2γ 

where Δμv is the change of Gibbs cohesive free energy which is negative and decreases 

as the cube of the radius of nucleation centre r3, Δμs is surface free energy, which is 

positive and increases as r2. Thus ΔG passes through a maximum, denoted by ΔG*, at 

some value of r = r*. This nucleus with the maximum ΔG is called the critical nucleus. 

Only nucleus larger than the critical size can be stable and further grow into large islands. 

In the atomistic view, the high concentration of adatoms or monomers diffusing on the 

surface initially results in a high probability of island nucleation. The density of 

nucleation centres continues to increase with coverage, until the probability of a diffusing 

adatom finding an island is much higher than the probability of finding another adatom. 

The number of nucleation events is substantially reduced as the adatom diffusion length 

becomes large relative to the average island spacing. Thus the majority of events 

occurring involve adatoms attaching to the existing islands, hence defining the 

aggregation regime. With further growth within the aggregation regime, the island 

density remains relatively constant while the islands continue to grow in size. Eventually, 

the islands will begin to merge with each other and one enters into the coalescence 

regime, which is characterized by a decrease in the island density with increasing 

coverage. 

As an alternative to the atomistic approach, a microscopic point of view can 

provide a phenomenological description of thin film growth.5 In general, three markedly 

different growth modes can be distinguished, depending on the surface and interfacial 

energies as well as lattice mismatch between the deposited materials and substrate. 

Figure 2.2 illustrates the three growth modes. When the lattice mismatch is small and the 

interface binding is strong, the film grows in a layer-by- layer (Frank-Van der Merwe) 

mode.  If the interface bonding is weak, the deposited material grows in 3D islanding 
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(Volmer-Weber) mode. If the interface binding is strong but the lattice mismatch is 

relatively large, the film will grow in the layer-by- layer mode initially, followed by 3D-

islanding. This process is known as the Stranski-Krastanov (S-K) mode. The initial 

wetting layer grows pseudomorphically with the same lattice constant of substrate, with a 

misfit strain which can be accommodated elastically below a critical thickness. The strain 

energy increases with film thickness. At certain point, it becomes energetically 

favourable to generate misfits and threading dislocations to relieve the build-up of strain 

within the film. The growth temperature on the other hand provides thermal energy for 

atom diffusion and defect formation.  

 

 
Figure 2.2. Schematics of of three growth modes of a film for different coverage (θ) regimes. 

 

In dynamic material growth processes, the thin- film is not in general under 

thermodynamic equilibrium.2, 4 Thus, one needs to consider the kinetics of processes 

occurring on the surface, including the adsorption, diffusion, desorption, coarsening and 

nucleation of atoms, as well as the inter- layer migration of the atoms, as discussed above. 

Layer-by-layer (Frank-Van der Merwe) 

Island growth (Volmer-Weber) 

Layer plus Island growth (Stranski-Krastanov) 

θ< 1ML 1ML<θ< 2ML θ > 2ML 
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The former factors can affect the lateral uniformity of the film, while the latter factor can 

lead to a 2-D layer-by- layer or a 3-D growth mode. If the material favours a 2-D growth 

mode, sufficient inter- layer atomic transport is necessary. An important quantity this 

process is the Ehrlich-Schwoebel barrier (ES), which is the additional barrier for an 

adatom to jump down (or up) a step edge. If the ES barrier is large, it is hard for atoms to 

transport between layers. This will result to the 3-D growth. On the other hand, if the ES 

barrier is small, it is easy for atoms to undergo atomic inter- layer-transport. This will 

result in 2-D growth. Thus three kinetically controlled growth modes are step-flow 

growth, layer-by-layer growth, and multilayer growth.2  

In Chapter 4 and 5, the basic concepts on thin film growth will be applied to 

guide the growth of In2O3 nanostructures and thin films, considering both the kinetic and 

thermodynamic (surface/interface and strain energies) factors.  

 

2.1.2 Molecular beam epitaxy 

Molecular beam epitaxy (MBE) is a versatile technique for epitaxial growth of thin films 

of semiconductors, metals and insulators by thermal evaporation of molecular or atomic 

beams in ultra-high vacuum (UHV) environments.6 An important aspect of MBE is that 

the slow growth rate usually employed allows one to steer the epitaxial growth layer by 

layer with nearly atomic precision.  

          Figure 2.3 show a simple schematic diagram of an MBE growth chamber. Ultra-

pure elements (99.99% purity) such as In and Sn are thermally heated in Knudsen 

effusion cells (K-cells) until they begin to slowly evaporate into gaseous molecular or 

atomic beam directed onto the substrate. In an oxide MBE system there is in addition an 

atomic oxygen source typically involving an oxygen plasma. The gaseous elements then 

condense on the substrate where they may react with each other, leading to epitaxial 

http://en.wikipedia.org/wiki/Knudsen_Cell
http://en.wikipedia.org/wiki/Knudsen_Cell
http://en.wikipedia.org/wiki/Evaporative_deposition
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growth of a compound overlayer. Reflection high energy electron diffraction (RHEED) is 

often used for monitoring the growth of the crystal layers. The oscillation of the RHEED 

signal exactly corresponds to the time needed to grow a monolayer and the diffraction 

pattern gives direct indication over structures of the surface. A computer controls shutters 

in front of each K-cells, allowing precise control of the thickness of each layer, down to a 

single layer of atoms. Intricate structures of layers of different materials may be 

fabricated this way. Such control has allowed the development of nanostructures where 

the electrons can be confined in space, giving quantum wells, nanorods or quantum 

dots.7, 8 

 

Figure 2.3. Schematic illustrations of molecular beam epitaxy (MBE) systems. (Image adapted 
from http://www.nber.org/~tanwinc/DissertationDefense/1_Introduction/mbe.html ). 
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2.2 X-ray Diffraction  

X-ray diffraction (XRD) is a non-destructive technique used to find the thickness, lattice 

parameters, strain and defect densities of epitaxial thin films and device structures.9-11 It 

involves probing a crystal with X-ray radiation having a wavelength λ (typically ranging 

from 0.7 to 2 Å) of the same order as the crystal lattice spacings. X-rays are generated by 

bombarding a metal (typically Cu) with electrons in a vacuum tube or high intensity. 

Alternatively X-rays may be derived from a synchrotron. These X-rays are elastically 

scattered by the electrons surrounding each atom in the crystal.  

           

Figure 2.4. Schematic of the conditions required for Bragg diffraction to occur. 

 

 

          As shown in Figure 2.4 constructive interference occurs if the path length 

difference AB = 2dsinθ between the scattered X-rays is equal to nλ. This leads to the 

basis of Bragg’s law which relates the lattice spacing to the angle (θ) of the incidence 

beam:  

            2dsinθ = n λ                                            

2θθ

d
A B
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where λ is the wavelength of the X-ray and θ is the angle at which incidence beam meets 

a crystal plane and d the interplanar spacing of a set of planes with Miller indices hkl .   

 

2.3 Transmission Electron Microscopy  

Electron microscopy exploits the short wavelength of high energy electrons to achieve 

spatial resolution superior to that of optical microscopy.12 In transmission electron 

microscopy (TEM) electrons generated by thermionic emission are accelerated to a 

kinetic energy of around 100 keV or higher (up to 1 meV) and projected onto a very thin 

specimen (thickness less than 100 nm) by means of condenser lens system, as shown in 

Figure 2.5.  

 
Figure 2.5. Layout of the components of transmission electron microscopy and basic work 

principles (Image from http://www.britannica.com/EBchecked/media/110686/Transmission-
electron-microscope ). 
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The electrons are scattered by the potentials associated with the periodic atoms in the 

specimen. A diffraction pattern can form after transmitting through the specimen. The 

pattern can be directly transformed into real space images by a series of electrostatic and 

magnetic lenses. The greatest advantages of TEM are the high magnification and its 

ability to provide both real space images and reciprocal space diffraction information 

from a single sample. The high magnification or resolution of TEM is a result of the 

small effective electron wavelengths λ, which is given by the de Broglie relationship: 

                                                            
meV

h

2
                                          

where m and e are the electron mass and charge, h is Planck’s constant, and V is the 

potential difference through which electrons are accelerated. For example, electrons with 

a kinetic energy of 100 keV have wavelengths of 0.037 Å. Typically, high voltage TEM 

instruments (e.g. 400 kV) can achieve a resolution better than 1 Å, which is limited by 

lense aberrations but is enough to obtain atomically resolved images of the sample. Thus 

TEM is the most powerful tool for investigation of the cross-sectional atomic structure of 

epitaxial interfaces. Figure 2.6 show high resolution cross-sectional TEM images of a 

La0.7Sr0.3MnO3/SrTiO3 superlattices grown by pulsed laser deposition. The atomic image 

in the right shows atomically sharp interfaces between the two materials.13 

Selected-area diffraction (SAD) also offers a unique capability to determine 

crystal structures. In SAD, the condenser lens is defocused to produce parallel 

illumination at the specimen and a selected-area aperture is used to limit the diffraction 

volume. SAD patterns are often used to determine the Bravais lattice and lattice 

parameters of materials in a manner analogous to XRD. 

One limitation of TEM is the difficulty in sample preparation which is critical to 

obtaining high resolution images. Samples need to be mechanically sliced and polished, 
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followed by ion milling to around 100 nm thick in order to achieve sufficient electron 

transmission. This process is very time consuming and requires significant efforts to 

accomplish. Optimal instrumental setting such as defocus, sample alignment and 

illumination are also important to get high resolution images.  

 
 
Figure 2.6. High resolution cross-sectional TEM images of a La0.7Sr0.3MnO3/SrTiO3 superlattices 
grown by pulsed laser deposition. The atomic image in the right shows atomically sharp 
interfaces between the two materials. (Images adapted from reference

13
) 

 

 

2.4 Scanning Probe Microscopy  

Scanning Probe Microscopy (SPM) is a branch of microscopy that allows imaging of a 

surface with high resolution by recording the probe-surface interaction as a function of 

position during scanning a sharp probe over the surface.14 In the early 1980's  G. Binnig 

and H. Rohrer (Nobel Laureates in 1986) at the IBM Zürich Research Laboratory,15 

developed scanning tunnelling microscopy (STM) as a new technique for studying 

surface structure with atomic resolution. This invention was quickly followed by the 

development of a whole family of related techniques such as atomic force microscopy 

(AFM),16 which together with STM have become  the increasingly important  in the field 
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of surface science in recent years, and opened up many new areas of science and 

engineering at the atomic and molecular level.  

 

2.4.1. Scanning Tunnelling Microscopy (STM) 

An STM system is usually based on  a scanning tip, piezoelectric controlled xyz scanner, 

coarse sample-to-tip controller, vibration isolation system, and a computer for data storage 

and display.
14

 The schematic drawing in Figure 2.7 shows the setup of a typical STM.17  

 

Figure 2.7. STM system setup and working principle, including an atomic sharp metallic tip 
mounted on a piezoelectric tube with electrodes, voltage control circuit, feedback control circuit, 
signal amplifier, data processing and display terminal and a sample. (Image from 
http://www.iap.tuwien.ac.at/www/surface/stm_gallery/stm_schematic by M. Schmid, TU Wien)

17
  

  

http://www.iap.tuwien.ac.at/www/surface/stm_gallery/stm_schematic
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STM is based on quantum mechanical tunnelling between a sharp tip and a conducting 

surface. The idea is to bring an atomically sharp metallic tip (usually an etched tungsten 

wire as shown in Figure 2.8) in close proximity (a few Å) to a conductive sample without 

actual physical contact. By applying a bias voltage (tens of mV to several V) between the 

tip and the sample, small tunnelling currents (0.01 nA-50 nA) can flow from the sample 

to the tip or vice versa (Figure 2.9).  

                   
Figure 2.8. Scanning electron microscopy 

of a very sharp tungsten tip produced by 

electrochemical etching process in NaOH. 

(Imaged by S. Kushvaha and KHL Zhang in 

National University of Singapore)  

Figure 2.9. Energy level diagram between 

tip and sample where electrons tunnel from 

tip to empty state of the sample. (Image: 

http://www.physics.berkeley.edu/research/cr

ommie/research:stm ) 

 

If the distance between the tip and sample is d and a bias voltage V is applied, the 

tunnelling current I can be written as: 

                                                               
  

 
 

 where k is a constants; ρsample is the local density of states of the sample. It can be seen 

that the current I decreases exponentially with d, which leads to the high resolution of 

STM in the z direction. The precise positioning and scanning of the tip is often controlled 

by a piezoelectric tube, which can expand or contract in response to applied electric 

fields. The tube scanner moves the tip in the z direction for control of the tip-sample 
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distance (d) and in the x and y directions for lateral scanning. The lateral (x and y 

directions) resolution is typically about 1 Å whereas a vertical resolution down to 0.01 Å 

can be achieved.  Figure 2.10 shows a typical atomic scale image of an ultra thin film of 

NaCl deposited on Ag surface.  

Figure 2.10. Atomic structure of NaCl on Ag(111) surface (Image size: 20 nm × 20nm; 
Parameters: Vtip= 2.6 V; It = 0.2 nA) (Imaged by KHL Zhang in National University of 
Singapore) 

 

There are two approaches to STM imaging involving the constant current and constant 

height modes, as illustrated in Figure 2.11. In the constant current mode a feedback 

system keeps the tunnelling current at a preset constant value. If lateral motion leads the 

current to increase, the distance (d) between tip and sample will increase in response to 

maintain a constant tunnelling current. Conversely if the current begins to fall as a result 

of lateral motion, the feedback loop will reduce the tip-sample distance (d). Thus the tip 

is scanned line by line above the surface and an image of the surface is built up. In this 

way the image of the sample surface can be obtained. In the constant height mode the 

vertical position of the tip is not changed, which is equivalent to a slow or disabled 

feedback. The current as a function of lateral position is used to construct a surface 

image. This mode is only appropriate for atomically flat surfaces as otherwise a tip crash 
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would be inevitable. One of its advantages is that it can be used at high scanning 

frequencies: images may be acquired up to 10 kHz. In comparison, the scanning 

frequency in the constant current mode is usually less than 1 image per second. 

 

Figure 2.11. Two operation modes in STM system: (a) constant current mode and (b) constant 
height mode. (Image taken from reference

18
) 

 

 

It has to be mentioned that the image cannot be simply interpreted as a topographic map 

since the tunnelling current depends on the local density of states of the sample surface as 

well as the tip-sample separation d . While the dependence of current on position reveals 

the geometric structure of the surface, the dependence of current on voltage gives 

information about electronic structure. As shown above, the tunnelling current is 

approximately proportional to the integral of all the electronic states between the Fermi 

Energy and the tunnelling bias. The first derivative of the tunnelling current with respect 

to voltage (dI/dV) is thus proportional to the local density of electronic states below the 

tip, at the given tunnelling voltage: 
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Thus by measuring dI/dV as a function of voltage, one can probe the electronic states at 

that particular point on the surface, giving rise to scanning tunnelling spectroscopy (STS). 

The advantage of STS over other measurements of the density of states lies in its ability 

to make extremely local measurements: for example, the density of states at an impurity 

site can be compared to the density of states far from impurities  

 
2.4.2. Atomic Force Microscopy (AFM) 

 

Figure 2.12. Schematic of setup and working principle of AFM. (Image taken from 

http://www.home.agilent.com/agilent/editorial.jspx?cc=IT&lc=ita&ckey=1774141&nid=-

33986.0&id=1774141 ) 

http://en.wikipedia.org/wiki/Impurity
http://www.home.agilent.com/agilent/editorial.jspx?cc=IT&lc=ita&ckey=1774141&nid=-33986.0&id=1774141
http://www.home.agilent.com/agilent/editorial.jspx?cc=IT&lc=ita&ckey=1774141&nid=-33986.0&id=1774141
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AFM is another scanning probe microscopy which was invented by Binnig, Quate, and 

Gerber in 1985 soon after STM was established.19 The important difference between the 

AFM and the STM is that the AFM does not record the tunnelling current, but the small 

force between the tip and the surface.16 AFM overcomes a basic drawback of STM that it 

can only image conducting or semiconducting surfaces. AFM, however, has the 

advantage of being able to image almost any type of surface, including polymers, 

ceramics, composites, glass, and biological samples.  

Figure 2.12 shows the basic principle of AFM. Typically, the AFM tip is attached 

to a very small leaf spring, the cantilever, which is typically silicon or silicon nitride with 

a low spring constant. When a tip is brought into the proximity of a sample surface, 

forces between tip and surface lead to the deflection of the cantilever according to 

Hooke's law. The deflection is measured using a laser spot reflected from the top surface 

of the cantilever into an array of photodiodes. Depending on the situation, forces that are 

measured in AFM include the mechanical contact force, van der Waals forces, magnetic 

forces (magnetic force microscope, MFM), chemical bonding, electrostatic forces, etc. 

The xyz position and scanning of the tip is controlled by a piezoelectric tube, as in STM. 

There are three primary AFM operation modes: contact mode, non-contact mode and 

tapping mode.  

Contact mode  

As the name suggests, in contact mode tip scans the sample in close contact with the 

surface as the scanning proceeds. “Contact” represents the repulsive regime of the 

intermolecular force with a mean value of 10-9 N. The cantilever is "dragged" across the 

surface of the sample and the contours of the surface are measured directly using the 

deflection of the cantilever. One of the drawbacks of the tip remaining in contact with the 

http://en.wikipedia.org/wiki/Silicon
http://en.wikipedia.org/wiki/Silicon_nitride
http://en.wikipedia.org/wiki/Force
http://en.wikipedia.org/wiki/Hooke%27s_law
http://en.wikipedia.org/wiki/Laser
http://en.wikipedia.org/wiki/Photodiodes
http://en.wikipedia.org/wiki/Van_der_Waals_force
http://en.wikipedia.org/wiki/Magnetic_force_microscope
http://en.wikipedia.org/wiki/Chemical_bond
http://en.wikipedia.org/wiki/Coulomb%27s_law
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sample is that large lateral forces can be exerted on the sample as the tip is dragged over 

the specimen. These large forces can result in deformed images and damaged samples. 

However this mode works quite well for rigid materials with rough surface.  

  

Non-contact mode 

In this mode, the tip does not contact the sample surface. Instead the cantilever is forced 

to oscillate at a frequency slightly above its resonant frequency with an amplitude of a 

few nanometers (<10 nm). The resonant frequency of cantilever is reduced by van der 

Waals forces when the tip is close to the surface. The decrease in resonant frequency 

causes the amplitude of oscillation to decrease.  This variation in resonant frequency is 

coupled with a feedback loop system to maintain a constant oscillation amplitude or 

frequency by adjusting the average tip-to-sample distance. Measuring the tip-to-sample 

distance at each (x,y) data point allows the scanning software to construct a topographic 

image of the sample surface. Non-contact mode AFM does not suffer from tip or sample 

degradation effects that are sometimes observed after taking numerous scans with contact 

AFM. This makes non-contact AFM preferable to contact AFM for measuring soft 

samples. 

Tapping mode 

In tapping mode, the cantilever is also driven to oscillate at near its resonance frequency 

similar to non-contact mode. However, the amplitude of this oscillation is typically in the 

range from 100 to 200 nm, which much greater than a range of around 10 nm used in the 

non-contact mode.  The tip lightly taps on the sample surface during scanning, making 

direct contact with the surface at the bottom of its swing.  The interaction of forces acting 

on the cantilever when the tip comes close to the surface also cause the amplitude of this 

http://en.wikipedia.org/wiki/Cantilever
http://en.wikipedia.org/wiki/Resonance
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oscillation to decrease as the tip gets closer to the sample. A tapping image is therefore 

produced by imaging the force of the intermittent contacts of the tip with the sample 

surface. Because the contact time is a small fraction of its oscillation period, the average 

lateral forces are reduced dramatically.  

           The choice of which mode to use is based on the surface characteristics of interest 

and on the hardness/stickiness of the sample. Contact mode is most useful for hard 

surfaces; a tip in contact with a surface, however, is subject to contamination from 

removable material on the surface. Excessive force in contact mode can also damage the 

surface or blunt the probe tip. Tapping mode is well-suited for imaging soft biological 

specimen and for samples with poor surface adhesion (DNA and carbon nanotubes). 

Non-contact mode is another useful mode for imaging soft surfaces, but its sensitivity to 

external vibrations and the inherent water layer on samples in ambient conditions often 

causes problems in the engagement and retraction of the tip. Throughout this thesis, 

contact mode was used to study the surface morphology of In2O3 epilayers. 

 

2.5 Low Energy Electron Diffraction (LEED) 

Low Energy Electron Diffraction (LEED) is used as the standard technique to check the 

crystallographic quality of a surface. A typical experimental arrangement used in a LEED 

experiment is illustrated in Figure 2.13. An electron gun is used to produce a well 

collimated mono-energetic electron beam. Usually the energies of electrons range from 

20 eV to 500 eV with de Broglie wave- lengths from 2.74 Å to 0.55 Å, which is optimal 

for crystallographic studies on the surfaces. Moreover for electrons within this energy 

range, the inelastic mean free path is 5 Å to 10 Å, which are equivalent to about 3-5 
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atomic layers. Hence LEED is an excellent surface sensitive tool for crystallographic 

studies.  

 

Figure 2.13. Schematic drawing of four grids LEED device. (Image adapted from reference
1
) 

 

The electrons beam is usually incident normally on the surface. These electrons are 

scattered mainly from the first few layers of the crystalline sample following the Bragg 

diffraction equation: asinθ = nλ, where a is the periodicity of the pattern, θ is the angle of 

diffraction, n is the diffraction order, and λ is the incident electron wavelength. The 

backscattered electrons are of two types; elastically scattered electrons forming a set of 

diffracted beams which create the LEED pattern, and inelastically scattered electrons, 

which may make up 99% of the total flux, but they are not required. After reaching the 

first grid G1, which is earthed, the elastically scattered electrons are accelerated towards 

the fluorescent screen S, which carries a high positive potential (of the order of 5 kV). 

This provides the electrons in the diffracted beams with enough energy to excite the 

fluorescence in the screen, so that a pattern of bright LEED spots is seen. The grids G2, 
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G3 and G4 are held at an adjustable negative potential and are used to reject the majority 

of the electron flux, which is made up of inelastically scattered electrons, and which 

otherwise contribute to a bright, diffuse background across the whole of the LEED 

screen. The potential on these grids is adjusted to minimize the diffuse background to the 

LEED pattern. The LEED pattern displayed on the phosphor screen gives information on 

the surface reconstruction in reciprocal space and the atomic structures of reconstruction 

can be determined. The LEED pattern must exhibit sharp spots with high contrast and 

low background intensity. Random defects or crystallographic imperfections can broaden 

the LEED pattern spots and increase the background intensity due to scattering from 

these defects. Figure 2.14 presents an example of using LEED to study the structure of Bi 

on Ag(111), where a (√3 ×√3)R30° Bi2Ag alloy superstructure was indentified embedded 

in Ag(111) lattice.20 

 

Figure 2.14. (a) LEED pattern (with an electron beam energy of 42 eV) of the (√3 ×√3)R30◦ 

superstructure of Bi embedded in Ag(111) lattice; (b) corresponding schematic model: Bi (pink 

ball) and Ag(navy ball). (Figure by KHL Zhang
19

) 

 

(a) (b)



Chapter 2: Background to Experimental Techniques 

 

54 
 

LEED may be used in one of two ways: qualitatively and quantitatively.21  In qualitative 

analysis, the diffraction pattern is recorded and analysis of the spot positions yields 

information on the size, symmetry and rotational alignment of the surface unit cell with 

respect to the substrate unit cell. The inspection of the LEED pattern gives a qualitative 

picture of the surface periodicity i.e. the size of the surface unit cell and to a certain 

degree of surface symmetries. A more quantitative analysis of LEED experimental data 

can be achieved by analysis of so-called I-V curves, which are measurements of intensity 

curves from diffracted spots as a function of incident electron energy. The I-V curves can 

be recorded by using a CCD camera connected to computer controlled data handling. The 

experimental curves are then compared to computer calculations based on the assumption 

of a particular model structure. These highly demanding calculations involve multiple 

scattering of the incident electrons: important parameters in the calculations are the 

amplitudes and phase shifts produced by scattering from individual atoms as well as the 

amplitudes of thermal oscillations of the atoms as reflected in Debye temperatures. The 

model is changed in an iterative process using the so-called Tesnor LEED code until a 

satisfactory agreement between experimental and theoretical curves is achieved. A 

quantitative measure for this agreement is the so called reliability- or R-factor. A 

commonly used reliability factor is the one proposed by Pendry, the so-called RP-factor.22 

In this approach emphasis is given to fitting the positions of maxima and minima in the 

individual I/V curves, rather than the intensities of the maxima and minima. Specifically 

the Pendry R factor considers logarithmic derivatives of the intensity of a LEED beam as 

a function of energy I(V) 22: 
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and introduces a so-called Y function defined by: 

      
      

           
  

where     is the imaginary part of the electron self energy which determines the widths 

of peaks in LEED I/V curves. The Y function is an oscillating function which can take 

both positive and negative values. The Pendry    function is then defined by22: 

     
       

         
     

   

   
  

        
           

 
        

   

    

 

where the summation is taken over g LEED beams;     and     define the energy range 

of each beam; and the superscripts exp and th denote experiment and theory. If Rp=0 

there is perfect correlation between the experimental and theoretical I-V curves. Rp=1 

means that experiment and theory are uncorrelated. The lower the final Rp factor 

achieved, the more reliable is the structural determination. In generally Rp < 0.2 is 

considered as a good agreement, 0.2 < Rp < 0.3 is considered mediocre and 0.3 < Rp < 0.5 

is considered a bad agreement.  

 

2.6 Photoelectron Spectroscopy (PES) 

 

2.6.1 Introduction to PES 

Photoemission spectroscopy (PES), also known as photoelectron spectroscopy, involves 

measurement of the kinetic energy (Ek) of electrons emitted from solids, gases or liquids 

under irradiation with fixed frequency high energy photon.23 Since its invention by Kai 
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Siegbahn (Nobel Prize 1981),24 it has been established as one of the most important 

methods for the study the chemical and electronic structures of molecules, solids and 

surfaces. Thus it is also the central technique used to study the electronic structures of 

(Sn-) In2O3 thin films in this work. 

 

 

 

Figure 2.15. Schematic representation of PES showing the angle of photoelectron emission 

referenced to the sample coordinate system (top) and photoemission from core and valence states 

(bottom). (Image: http://en.wikipedia.org/wiki/Photoemission_spectroscopy ) 
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At its simplest, the fundamental principle of PES is based on the well-known 

photoelectric effect, first discovered by Hertz in 1887 and explained by Einstein in 1905 

(Noble prize 1921),25 whereby an electron is emitted from a solid upon light-matter 

interaction. As shown schematically in Figure 2.15 a material is illuminated with a flux 

of photons with a specific energy (designated hγ in this figure, although more 

conventionally the photon energy is designated as h) from an x-ray tube, gas discharge 

lamp or a synchrotron radiation source. The electrons in the materials that occupy a 

certain initial energy state (Ei) can absorb the photon and are excited as free electrons by 

the photoelectric effect. The photoelectrons are then analyzed with respect to their kinetic 

energy (Ek) and their momentum p in an electrostatic analyzer.  

The relationship between Ek and binding energy (Eb) of emitted photoelectrons 

can be expressed according to energy conservation as: 

 

                                                               

 

where    is the spectrometer work function, assuming the sample and spectrometer share 

the same ground. The binding energy relative to the Fermi energy Eb is given by the 

energy difference of total energies between the final state N-1 electrons after ejection of 

the photoelectron and the initial N electron ground state of the system: 

 

                                           Eb = Ef,tot (N- 1) – Ei,tot (N)  

 

The momentum p of the photoemitted electron is determined from its kinetic energy by: 
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The direction of momentum is obtained from polar (θ) and azimuth (φ) angles of the 

electron detected.  

            Figure 2.16 shows schematically the relation between energy levels and electron 

distribution in a solid state sample, which consists of core levels and a valence band. 

Thus PES basically reflects the electronic eigenstates of the solid.  

 

Figure 2.16. Schematic view of the photoemission process in the single-particle picture. 

Electrons with binding energy Eb can be excited above the vacuum level Evac by photons with 

energy hγ > Eb + Φ0. The photoelectron distribution I(Ekin) can be measured by the analyser and 

is an image of occupied density of states N(Eb) in the sample. (Figure adapted from reference
26

) 
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2.6.2 Theory of Photoemission Spectroscopy 

The photoemission process is actually a complicated process, always involving many-

body interactions such as electron-electron, electron-phonon and electron- ion interactions. 

However, the simplified single electron “sudden approximation” has been widely 

accepted as a simplifying model, which assumes that the response of the system to the 

creation of the photohole is instantaneous and that there is no interaction between the 

escaping photoelectron and the remaining system.27 The photoexcitation of an electron is 

described by the Fermi Golden rule, involving transitions from a ground state with wave 

function |Ψi> to a final state with wave function |Ψf> = |Ψk,s> under the interaction of the 

electron with the electromagnetic field A, resulting in a photoelectron with momentum κ 

and kinetic energy Ek  =  ћ2κ2/2me. The photocurrent can be described by: 

 

       
  

 
                            

 

 

 

The index s refers to a set of quantum numbers that contains all possible excitations of 

the final state, including phonons, plasmons, electron–hole pairs and multiple excitations. 

The perturbation operator HPE describes the interaction of an electron in the system with 

the electromagnetic field A:  

                     

                               
 

    
             

  

         

 

where A is the vector potential of the incident light and p the momentum operator. 

Further approximations can be made since the quadratic term in A becomes relevant only  
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for extremely high photon intensities: 

 

   
    

 

   
       

 

which is an appropriate perturbation operator for most photoemission process. 

In the sudden approximation, the final state is decoupled from the remaining solid, so 

that all extrinsic interactions are neglected.  The photocurrent J can be further described 

by: 

       
  

 
         

 

 

        

 

The matrix element Δkk =            , describing the transition probability of a 

single electron from |Ψi> state into the final state |Ψk>. The one-electron spectral 

function   
                                 can be related to the single-

particle Green's function of the system: 

 

   
        

 

 
         

        
 

    
        

  

 

For a non-interacting system, |Ψf(N-1)> = |Ψi(N-1)>, and the spectral function is simply a 

delta function at E =   
 , where     

 is the one-electron energy of the system. 

Consequently, the binding energy observed in the photoemission spectrum would be that 

of the non- interacting system. This is known as the Koopmans’ energy, although it is 
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never observed in practice. The self energy term        contains all the contributions 

from many-body interactions like electron-electron or electron-phonon interactions that 

determine the photoemission line shape. For core- levels of metals for example, the 

spectral function for the description of low-energy electron–hole excitations in the 

conduction band gives an asymmetric quasi-particle peak with a power- law singularity 

(the Mahan–Doniach–Šunjić (MDS) line shape. For a weakly interacting system, the 

Green's function can be recast into a so-called coherent part, which is very similar to the 

non- interacting system but with a slightly renormalized mass, a  so-called quasi-particle, 

and an incoherent part. These can approximately be considered as the main 

photoemission line and satellite features occurring at higher  binding energy due to 

screening by plasmons in the material , respectively. 

 

2.6.3 Core Levels and Satellites 

 

Spin-orbit splitting 

For a non- interacting system the PES consists of the photoexcitation of an electron from 

the core level of a material labelled by its principal and orbital angular momentum 

quantum number (labelled s, p, d, f, for l =0, 1, 2, 3 etc.). The s core- level spectra consist 

of one single line broadened by the lifetime of the electronic states and the instrumental 

width. For core- levels with l ≠ 0, the spectra lines exhibit a doublet structure due to spin-

orbit coupling which originates from the interaction of the spin magnetic moment (ŝ) of 

an electron with the orbital magnetic momentum (  ) around nucleus. As the final state of 

the atom is singly ionized in photoemission, the j-j coupling scheme is appropriate for 

use, where     is the total angular momentum, 
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This coupling breaks the spin degeneracy of electrons in a particular orbital to produce 

two states with |              each of which has      degenerate substates 

characterized by    values        .  For l = 0 (s state), the only permitted value of   

is       and the only source of angular momentum is the spin moment. In contrast, for 

l ≥ 1,          . This spin-orbit coupling causes a shift of the energy level by amount: 

 

                                 

 

where        is the spin-orbit coupling constant. Therefore, spin-orbit doublets are 

observed in the core- level spectra with the lower j level occurring at higher binding 

energy. For example, for      (p orbital),   is either 3/2 or 1/2 , producing 4-fold 

degenerated       and 2-fold degenerated      , respectively, and  thus the intensity ratio 

of the spin-orbit split components, must be equal to the 2:1. Figure 2.17 shows the In 3d 

spectrum of In2O3, where the       and       give rise to intensity ratio of 3:2.  

 

Figure 2.17. XPS core level of In 3d spectrum consists of spin-orbital doublet with binding 

energies of 444.7 eV for In 3d5/2 and 452.3 eV for in 3d3/2. (Figure by KHL Zhang) 
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As an alternative to treating spin orbit splitting as a final state effect it is often helpful to 

think in terms of spin-orbitals with characteristic j values in the initial state of the system. 

This allows different j states to have different ionisation cross-sections and different 

lifetimes.  

  

Chemical shift 

A very interesting aspect of core- level binding energies is that they are sensitive to the 

exact local chemical environment and charge state of the atom.  In general binding 

energies increase with the formal oxidation state of the atom. Even within a given 

oxidation state there can be a range of binding energies depending on the 

electronegativity of the ligand atoms. Thus binding energies for fluorides are often higher 

than for oxides. In ionic solids differences in Madelung site potentials can also contribute 

to the chemical shift: for many post transition metal oxides site potential effects can 

largely cancel shifts due to changes in oxidation state. Overall, chemical shifts provide a 

very useful way to probe the chemical nature of the surface of materials.  

 

Core level satellites 

The ideal of a non- interacting system is rarely realised. Electrons interact with each other 

via Coulomb and exchange interactions and the emission of one electron in the 

photoemission process leads to excitations in the remaining system (“final-state effect”). 

These excitations require energy and therefore lead to signals in the PES spectrum with 

smaller kinetic energy (larger binding energy) than that corresponding to the ground state 

of the ionised system. In this case additional lines (“satellites”) show up in the spectrum 

together with the main line (representing the ground state after photoexcitation). In 

principle, there are two sources for “satellite” in the PES spectrum: an intrinsic satellite 
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created synchronously in the photoemission process and an extrinsic satellite created 

during the travel of the photoexcited electron in a solid to the surface.  

An often observed intrinsic satellite arises from splitting of core- levels resulting 

from the coupling of the spin and angular momenta of the core-hole with the spin and 

orbital angular momenta of valence shells with an open shell configuration. This can be 

clearly illustrated by the O 1s spectra lines for a mixture of gaseous O2 and H2O shown 

in Figure 2.18.26  

 
Figure 2.18. Oxygen 1s core-level of O2 and H2O as free molecules. In paramagnetic O2, the spin 
of the photo-hole can be parallel or antiparallel to the spin of the valence orbital. The two final-
state configurations have an energy difference of Es = 1.1 eV; the relative intensity is given by 
the spin multiplicity. In the case of diamagnetic water molecules, the two final states are 
degenerate. (Figure adapted from reference

26
) 

 

 A chemical shift of 3.5 eV is observed between the two species. However the line from 

H2O is a singlet, while that from O2 exhibits a splitting. O2 in its ground state has one 

unpaired electron in each of the two valence orbitals, resulting in a total valence spin of 

S=1. Thus, after photoionization in the O 1s shell, the spin S=1/2 of the core-hole can 
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couple to the spin S = 1 of the valence-shell, producing two final state with total spins 

J=1/2 or J=3/2, depending on the spin of the core-hole parallel or antiparallel to the 

valence spin. The two states are separated by 1.1 eV determined by the energy of the 

exchange interaction. One may expect that the intensities reflect the (2J+1)-degeneracy 

of the total angular momentum of the states.  H2O however has a closed-shell valence 

band configuration and the total spin is zero (S=0). Therefore, the energy of the O 1s 

photo-hole is degenerate with respect to spin, i.e. the energy of the spin-up and the spin-

down state is identical and no splitting is observed for the O 1s line of this molecule. 

Exchange splitting has also been observed extensively for the s- levels of many 

compounds of 3d transition metal28 and rare-earth elements29. In these systems, the spin 

of the s core-hole couples with the spins of the open valence shell (e.g. 3d or 4f), 

resulting in the exchange splitting in the spectra. The situation becomes more complex 

for core levels with l > 0 as coupling of both spin and orbital angular momenta becomes 

important. In addition there may be charge transfer effects. Consider an ion with a 

ground state configuration dnL, where L specifies a full ligand shell. One can observe two 

final states after the creation of a core-hole (e.g. 3s-1) associated with dnL and dn+1L-1 

final states. The latter is produced by charge transfer from the ligand shell L to the open 

metal d shell. Figure 2.9 presents the 3s core level spectrum of CuO (3d9 initial-state 

configuration).23 It shows that the main line (lower binding energy) has no splitting and 

is therefore attributed to a charge transfer state 3d10L-1 final state. The satellite line 

(higher binding energy) has a splitting due to the spin coupling between the 3 s-1 core hole 

and 3d9L final state. Even more complex spectra are observed in the Cu 2p region. 

Further satellites are produced by coupling with plasmons in nearly- free-electron 

metals. In this case, the incipient core-hole excites collective oscillations of the free 

electrons at the Fermi level relative to the system of positive lattice ions to produce 
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intrinsic plasmon satellites.  Extrinsic plasmons can also be excited by the outgoing 

photoelectron during its travel from the ionised atom to the surface. In Chapter 8, the 

effect of Sn doping on the electronic structure of In2O3 will be investigated by core level 

XPS. The plasmon satellite on the In 3d core level will be discussed in detailed, since Sn 

doping effectively introduces free electrons at Fermi level.  

 

Figure 2.19. 3s core line in CuO; the main line is d
10

L
-1

(no exchange interaction possible) and 

the satellite line is d
9
L and therefore exhibits and exchange interaction. (Figure adapted from 

Reference
23

) 

 

 

2.6.4 Valence Band Spectra 

As shown in Figure 2.16, photoemission spectra also probe the valence electronic states. 

Valence band photoemission basically involves two important aspects. The first is that 

the electronic states are characterised by both energy and wavevector  k; and the 

photoemission process involves k conservation.30 Assuming perfect two-dimensional 

translational symmetry in the plane of the surface, parallel momentum must be conserved 

CuO, Cu 3s

d9L initial state

d9L 

final state

d10L-1

final state

main line2.8 eV

satellite lines

C
o

u
n

ts
 (

a
rb

. 
u

n
it

s
)

Relative binding energy (eV)

10 5 0



Chapter 2: Background to Experimental Techniques 

 

67 
 

in this step, up to a parallel reciprocal lattice vector, G||, and so the momentum of the 

final electron in vacuum kf|| satisfies: 

 

                                                                 kf,|| = ki,|| + G|| 

 

Assuming a free electron dispersion of the final state bands, the parallel wavevector of 

the initial state can therefore be determined from: 

 

                                                                         
     

    

 

 where θ is defined as the emission angle as shown in Figure 2.15. The measurement of 

the valence band spectra by continuously varying the emission angle gives rise to the 

electronic dispersion curves in k-space e.g. along Γ-X or Γ-K.  This is the central concept 

of angle resolved photoemission spectroscopy (ARPES) with excitation energy ranging 

from 10 eV-100 eV. Semiautomized methods with state-of-art high intensity synchrotron 

light allow an efficient measurement of spherical cuts through the Fermi surface, usually 

called Fermi surface mapping,31 where the photoemission intensity at Ef  is mapped as a 

function of the electron emission angles θ and φ. However, the wavevector is not simply 

conserved normal to the surface. Consequently, ARPES is most effective for looking at 

electronic features characteristic of two-dimensional solids, including both layered 

materials and surface states on metals or semiconductors.  

However, if high energy X-ray photons are used, several other factors become 

important. Firstly for photoelectrons with high kinetic energies, small angles of emission 

still correspond to high values of wavevector, and so even for relatively modest 
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acceptance angles, it extends to the entire Brillouin zone. Secondly the influence of 

phonon scattering at higher energies can become very significant, meaning that 

transitions are no longer direct. It should also be noted that the wavevector of the photon 

can no longer be considered negligible for X-rays, resulting in the breakdown of the 

dipole approximation. Considering all the factors, valence-band spectra excited by x-rays 

approximate reasonably well to the initial density of states of the material, with the 

partial contributions to the total density of states weighted by ionisation cross sections for 

the orbitals involved. In Chapter 7, the surface electronic structures of In2O3 and Sn-

doped In2O3 are studied by ARPES and X-ray photoemission.  

 

2.6.5 Electron Mean Free Path 

 

 

 

 

 

Figure 2.20. Mean-free paths in different elements as a function of kinetic energy. The general 

trend is called "universal curve" since the data shows no systematic dependence on the nature of 

the solid.
32
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Photoelectrons may be inelastically scattered as they propagate toward the surface. The 

scattering mainly involves interaction with other electrons and the consequent excitation 

of valence or conduction electron plasmons with energies typically of the order of 20 eV. 

Phonon or impurity scattering may also be important at lower kinetic energies. Such 

inelastic scattering events cause the photoelectron to be emitted from the solid with a 

lower energy than would be expected from its initial state and these therefore contribute 

to the background of photoemission spectra. The electron mean free path   is a 

measurement of the mean distance that an electron travels before suffering an inelastic 

scattering event inside a solid.32 The photoelectron flux is attenuated from a value    at a 

distance   beneath the surface to a value   at the surface according to a Beer Lambert 

type attenuation law:  

     
         

 

where θ is the polar angle that the detector makes to the surface, so that d/sinθ is the 

effective path length to the surface. Consequently, PES is a surface specific technique. In 

normal emission geometry, 65% of the photoemission signal originates from within λ of 

the surface and 95% from within 3λ of the surface. Seah and Dench33 showed that the 

electron mean free paths for a very large number of elements and compounds all fit 

approximately on a “universal curve” as shown in Figure 2.20.32 It shows a pronounced 

minimum λ = 5 Å for electron kinetic energies around 30-70 eV, with a marked increase 

towards both lower and higher kinetic energies. The valence photoelectrons excited by a 

laboratory based Al Kα source (1485.6 eV) have a λ of about 15 Å. Thus PES 

measurements made in this energy range are the quite surface sensitive. However, the use 

of either the hard X-rays (e.g. 5000 eV) or very low energy UV radiation gives rise to 
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larger λ values of the order of 50 Å, from which information about bulk based electronic 

states can be extracted. In Chapter 7, we also employ the concept of “universal curve” to 

extract the bulk and surface electronic states of In2O3 thin film by comparing the valence 

band spectra excited with hard (6000 eV) and soft (1485.6 eV)  X-rays. 

 

2.6.6 Photoionization Cross-sections 

The photoionization cross-sections are determined by the matrix elements discussed 

above, and so will clearly vary significantly with atomic number and core level. The 

relative ratio between the cross sections for different core- levels also shows a marked 

dependence on photon energy. A detailed discussion of this can be found in reference 

29.30 Yeh and Lindau have calculated atomic subshell photoemission cross-sections for 

all elements, assuming one-electron wavefunctions.34 In practice their effect on measured 

spectra can be incorporated using tabulated sensitivity factors, making quantitative 

analysis possible.  
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Chapter 3: 

Experimental Apparatus and Techniques 

 

 

This chapter describes the apparatus and techniques used to generate the data presented 

in subsequent chapters.  

 

 

3.1 Oxygen Plasma Assisted Molecular Beam Epitaxy 

 

Indium oxide films were grown in an oxide molecular beam epitaxy (MBE) system 

(SVT, USA)1 with a base pressure of of 5×10-9 mbar housed in  the Department of 

Chemistry, University of Oxford, as shown in Figure 3.1.2  

 

Figure 3.1. The setup of the oxide MBE system at Oxford (Photo taken by R. G. Egdell).  
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The vacuum is maintained by combination of turbomolecular pumps and mechanical dry 

pumps. The pressure is measured by using ion gauges. The system consists of a fast entry 

load lock, a growth chamber and an analysis chamber. All the chambers are separated by 

gate valves but connected by a transportation arm for sample transfer. Substrates are held 

by gravity in a recessed Mo mounting plate. The fast entry load lock is used for 

introduction of substrates into the system without breaking the vacuum. The growth 

chamber incorporates liquid nitrogen cooled cryopanels, several effusion cells (Cu, In, 

Sn, Cr and Ga etc.), an oxygen plasma source and a manipulator with a stage heater. 

Oxygen atoms are generated in a radio frequency (RF) plasma source operated at 200 W 

RF power with an oxygen background pressure of 3  10-5 mbar. The substrate is heated 

radiatively using a graphite filament. The substrate temperature is measured by a 

chromel-alumel thermocouple which terminates behind the cradle holding the sample 

mounting plate. Before growth, substrates were cleaned by annealing for one hour with a 

measured substrate temperature of 900 C followed by exposure to the oxygen atom 

beam for 5 minutes. Films were then grown over a range of substrate temperatures 

between room temperature and 1000 C, with different durations of growth runs ranging 

from a few minutes to a few hours. The In effusion cell was operated at a temperature of 

780C which gave a deposition rate of 0.01 nm s-1 for In metal in the absence of an O 

flux as monitored by a quartz crystal monitor offset from the substrate position. The true 

growth rate of In2O3 on the substrate was found to be about 0.035 nms-1 at a substrate 

temperature of 700 oC. The films grown at high substrate (or low) temperature may 

appear to be thinner (or thicker) due the low (or high) stick ing coefficient of the In and O 

species. For growth of Sn-doped In2O3, the Sn effusion cell was operated at temperature 

ranging from 650 oC to 800 C, depending on the Sn doping level required. The start and 
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termination of growth runs were controlled by the shutters in front of effusion cells. 

During growth runs, the cryopanels of the growth chamber were filled with liquid 

nitrogen. After growth was complete, the samples could be transferred to analysis 

chamber equipped with LEED and XPS to conduct in-situ analysis. 

 

3.2 X-ray Diffraction 

 

θ-2θ X-ray diffraction patterns were measured using a PANanalytical X‟pert PRO 

diffractometer housed in the Department of Chemistry, University of Oxford. It 

incorporates a monochromatic Cu Kα1 X-ray source and an X‟Celerator detector placed 

in a standard Bragg-Brentano (θ-2θ) geometry. The voltage on the anode was fixed at 40 

KV and the emission current was set to 45 mA. X-rays were monochromated using a 

curved Ge (111) crystal. The slit which defines the incident beam was programmed so 

that X-rays irradiated the whole sample throughout the scan, but the slit for the diffracted 

X-rays was kept fixed at 0.25 mm.  

 

3.3 Transmission Electron Microscopy 

To make specimens for cross-sectional high resolution TEM, the samples were firstly cut 

into stripes with width of 900 μm by a diamond saw; then the two stripes were glued 

face-to-face together; and were mechanically polished down to 5–10 μm with diamond 

papers; finally specimens were further thinned down to electron transparency (10 nm) by 

Ar ion beam milling using a Gatan 691 Precision Ion Polishing System (PIPS). The 

energy of the Ar ion was 3.5 keV and the ions were incident at an angle of 6o. Cross-

sectional TEM images were collected using a JEOL3000F microscope operating at 300 

KeV housed in the Department of Materials University of Oxford. Digital Micrograph 



Chapter 3 Experimental Apparatus and Techniques 

76 

 

image software was used to process the TEM images. Bragg filtering was applied to the 

TEM images in order to remove some of the background noise and contrast  adjustment 

was applied uniformly across the images where necessary to enhance the display quality.  

 

 

3.4 Scanning Probe Microscopy  

 

3.4.1 Scanning Tunnelling Microscopy 

 

Figure 3.2. The setup of LT-STM chamber and the attached growth chamber (Photo taken by 
KHL Zhang in National University of Singapore). 
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The scanning tunnelling microscopy (STM) experiments were carried out in a home-built 

multichamber ultra-high vacuum system with a base pressure better than 2×10-10 mbar 

incorporating a fast entry load lock chamber, a sample preparation chamber and an 

Omicron low temperature STM (LT-STM) stage. This instrument is housed in the 

Surface Science Laboratory, National University of Singapore. A schematic of the 

apparatus is shown in Figure 3.2. The vacuum is maintained by a combination of 

turbomolecular pumps and ion pumps. Repeated cycles of argon ion bombardment 

followed by annealing were used as a standard procedure for the preparation of clean 

surfaces in the sample preparation chamber. Tungsten wires were used in the 

manipulators for the radiative sample heating up to 700 oC. For temperature above 700 

°C, electron beam bombardment heating was utilized. An infrared pyrometer was used to 

monitor the sample temperature.  The LT-STM stage is equipped with a cryostat for 

liquid N2 or He, which can cool the sample down to 77 K or 4 K respectively for STM 

imaging. The STM was operated with a Nanonis controller (Nanonis, Switzerland). A 

chemically etched tungsten wire was used as tip and the scanner was calibrated by an 

atomic image of graphite. All the STM images were obtained in constant-current mode at 

liquid nitrogen temperature (77 K).  

 

3.4.2 Atomic Force Microscopy 

The AFM images were recorded with a Digital Instruments Multimode SPM instrument. 

This was operated in contact mode with “J” and “E” scanners having a lateral range of 

approximately 100 μm and 10 μm, respectively. Silicon nitride probes (Nascatec GmbH 

model NST NCHFR), with a thin coating of gold to act as a mirror for the laser beam, 

were used. The microscope is calibrated by scanning a 10 mm pitch 200 nm 3D reference 

from Digital Instruments. Digital Nanoscope software (version 5.12) was used to analyse 
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and process the AFM topographic images. All the images were treated with the „flatten‟ 

command and are presented using one of the standard colour palettes of the Nanoscope 

software. 

 

3.5 Low Energy Electron Diffraction 

The LEED experiments were conducted in a standard multi-chamber UHV surface 

science system (Omicron, Germany) housed in the Surface Science Centre, University of 

Liverpool. It contains an analysis chamber equipped with a PSP Vacuum Technology 

electron energy analyser, dual anode X-ray source, rear view LEED optics from OCI 

Vacuum Microengineering and an Omicron scanning tunnelling microscopy module 

operating at room temperature. The base pressure of the system was less than 2×10−10 

mbar, with hydrogen as the main residual gas in the chamber. A clean surface was 

prepared by cycles of Ar ion bombardment and annealing to approximately 600 oC by 

tungsten wires using radiative heating. The sample was considered clean when the LEED 

pattern showed sharp integer order spots and XPS did not show any traces of 

contamination. The intensities of the diffraction spots as a function of the energy of the 

incident electrons (LEED I-V spectra) were measured at normal incidence of the primary 

beam using a camera connected to computer controlled data handling system, or by direct 

measurement with a movable Faraday cup. The spectra were background subtracted and 

normalised with respect to the primary beam current. The intensities of the symmetrically 

equivalent spots were averaged in order to reduce experimental noise.  

 

 

 

3.6 Photoemission Spectroscopy 
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3.6.1 Scienta ESCA-300 Spectrometer at Daresbury Laboratory, UK 

The laboratory based high resolution X-ray photoelectron spectra were performed using a 

Scienta ESCA300 spectrometer housed in the National Centre for Electron Spectroscopy 

and Surface Analysis at Daresbury Laboratory, UK. The system incorporates an analysis 

chamber, a preparation chamber and a fast entry lock. The analysis and preparation 

chambers are pumped by separate oil diffusion pumps connected to their respective 

chambers through liquid nitrogen cooled traps, whilst the entry lock is pumped by a 

turbomolecular pump. The base pressure of the analyser and analysis chambers is 8×10-10 

mbar, and the preparation chamber 2×10-9 mbar.  

 

Figure 3.3. Schematic of the Scienta ESCA-300 spectrometer at Daresbury Laboratory (Figure 

adapted from reference
3
) 
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The spectrometer consists of a high intensity rotating anode Al Kα X-ray source, a 7-

crystal monochromator, a 300 mm mean radius hemispherical electron energy analyser, 

and a multi-channel CCD detection system, as shown schematically in Figure 3.3.3 The 

rotating anode X-ray source contains an electron gun focussed on an Al band around the 

edge of a water-cooled titanium alloy disc, which rotates at about 1000 rpm. The X-rays 

(predominantly Al Kα hγ = 1486.6 eV) source is run with 200 mA emission current and 

14 kV anode bias. The X-ray passes into the monochromator chamber through a thin 

beryllium window that prevents secondary high energy electrons from bombarding the 

crystals of the monochromator. The wide-angle monochromator consists of seven 

toroidally bent α-quartz (        crystals, arranged on a Rowland circle of 650 mm 

diameter. The combination of the finite width of the electron beam on planes the anode 

and the diffraction width of the quartz crystals yields monochromated Al Kα X-ray with 

a total linewidth of the X-ray source of about 0.26 eV.  

The samples are mounted on a high precision manipulator to allow adjustments in 

the X, Y, Z and θ planes. The manipulator axis, electron lens axis and monochromated 

X-ray beam all lie in the same plane with the latter two at 45o to each other. An electron 

flood gun with energy up to 9 eV is incorporated into the analysis chamber, which can be 

used to compensate the charging effect if the sample is insulating. Note that the In2O3 

and ITO samples investigated here were conducting but were grown on insulating (Y-

ZrO2) substrates. Electrical contacts were made on the top of the sample to ensure that 

In2O3 and ITO film were properly grounded. 

           Photoelectrons are collected by a 300 mm mean radius hemispherical electron 

energy analyser with 100 mm electrode gap. The analyser can be operated with pass 

energies in the range between of 20 eV and 1000 eV, with eight different slit widths 

between 0.2 mm and 4 mm. All spectra presented in this work were obtained with 150 
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eV pass energy and 0.8 mm slits, giving a good compromise between resolution and 

count rates. The overall instrumental resolution of about 0.40 eV is derived from the 

convolution of the analyser broadening and the linewidth of the X-ray source. 

 

3.6.2 Beamline ID16 at ESRF in Grenoble, France 

High energy X-ray photoelectron spectroscopy (HXPS) measurements were performed 

on beamline ID16 of the European Synchrotron Radiation Facility (ESRF) in Grenoble 

(France) using the spectrometer developed under the European Volume Photoemission 

project (VOLPE).4 The ESRF is a third generation light source with a circumference of 

844 m and storage ring energy of 6 GeV.  There are 40 beamlines, incorporating bending 

magnets, focusing magnets and undulators.  

 

Figure 3.4. Schematic layout of the high energy photoemission experimental setup on ID16 

beamline of ESRF (Figure adapted from reference
4
). 
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ID16 is a multi-operational beamline with high resolution inelastic x-ray scattering 

available, as well as HXPS. The layout of beamline ID16, in the configuration used for 

high energy photoemission experiments is sketched in Figure 3.4. ID16 is currently 

equipped with three undulators, each of them 1.6 m long and with a period of 35 mm. For 

our experiments, we used the first and third harmonics of the  undulators to produce X-

rays in the range 6–10 keV. The x-ray beam, with an angular divergence of 20 (vertical) 

and 40 (horizontal) μrad2 full width half maximum (FWHM), is pre-monochromatized to 

a relative bandwidth (∆E/E) of 1.4 × 10-4 by a Si (1 1 1) double crystal fixed-exit 

monochromator. The two Si (1 1 1) crystals are liquid nitrogen cooled in order to extract 

the heat load from the beam. The premonochromatized beam impinges on a Si channel-

cut crystal operating at the Si(nnn) reflection (n is 3 for ~6 keV and 4 at ~8 keV) and at 

Bragg angle of 88.1°.4 After monochromatization a Rh coated toroidal mirror focuses the 

beam on the sample to a spot size of 50 μm (vertical) ×120 μm (horizontal). A 200 μm 

thick beryllium window separates the vacuum of the beamline with the UHV of the 

experimental chamber.   

The experimental endstation consists of analysis chamber,  preparation chamber 

and a fast-entry lock. The base pressure is in ~ 10-10 mbar range. The chamber is 

equipped with a XYZΘ manipulator and sample translations are performed with a 

remotely controlled stepper motor. The whole chamber can be aligned with respect to the 

beam in both the horizontal and vertical directions with a precision of 5 μm and 0.1 μm 

respectively. The sample stage is fitted with a ceramic heater, for gentle annealing of 

samples, with a maximum temperature of 130 oC. 

The electron energy analyser is composed of a hemispherical dispersing element 

and an electrostatic input lens. The two hemispheres have a 200 mm mean radius.  A 
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carousel provides a choice of nine entrance slits, ranging from curved aperture of 0.2 × 

25 mm, to a rectangular one of 3.6 × 25 mm. The static input lens is composed of seven 

independent electrodes with a total length of 732 mm and a working distance of 40 mm.  

This lens system allows an extended range of values of the retardation ratio R, from 0.2 

to 600.  The electron analyser is equipped with a cross delay wire anode detector.  The 

detector is 30 mm × 30 mm, and has been modified to permit floating operation up to 10 

kV. The detector is fitted with „home-built‟ acquisition electronics. 

 

 

3.6.3 Beamline I311 at the MAX II Synchrotron MAX-lab, Lund, Sweden 

 

Figure 3.5. Schematic layout of the I311 beamline at MAX II synchrotron MAX-lab. The optical 

elements are: M1, horizontally ocusing pre-mirror; M2, rotatable plane mirror; G, plane grating; 

M3, spherical focusing mirror; M4 and M5, spherical re-focusing mirrors. S1 is a movable exit 

slit. The real source is at S. (Figure adapted from reference
5
) 
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The soft X-ray and UV photoemission spectra measurements were performed on 

beamline I311 at the 1.5 GeV third generation MAX II synchrotron housed at MAX-lab, 

Lund, Sweden.5 The beamline I311 is based on a 48.5 period undulator and operates in 

an energy range between 30 eV and 1500 eV. The undulator is of the hybrid permanent 

magnet type with 77 poles and a period length of 66 mm. The overall layout of the 

beamline is shown in Figure 3.5, consisting of a horizontally focusing pre-mirror, a 

plane-grating monochromator, a re-focusing mirror system and an end-station for high 

resolution photoemission.  

The experimental endstation incorporates a sample preparation chamber including 

facilities for sample heating and rearview LEED optics, whilst the analysis chamber 

houses a Scienta SES200 spherical sector electron energy analyser. The samples were 

cleaned by radiative heating at 700 °C for several hours. Cleanness of the surfaces was 

confirmed by (11) LEED pattern and no trace of C 1s signal from XPS. PES spectra 

were collected at normal emission with an energy resolution of about 4 meV at 30 eV 

increasing to 1.4 eV at 1500 eV.  

 

 

3.6.4 Beamline BaD ElPh at Elettra Synchrotron Light Source, Trieste, Italy  

High-resolution angle-resolved photoemission spectroscopy (ARPES) in the low photon 

energy regime (4.6–40 eV) was carried out on the beamline BaD ElPh (Band Dispersion 

and Electron-Phonon coupling) at the Elettra Synchrotron Light Source, Trieste, Italy.6  

This synchrotron is a third generation light source with storage ring energy of 2.4 GeV. 

There are 23 beamlines, incorporating bending magnets, focusing magnets and 

undulators. BaD ElPh is especially designed for low-energy, high-resolution ARPES 

experiments. The radiation source of the beamline is the same Figure-8 undulator of the 

https://www.elettra.trieste.it/projects/lightsrc/f8.phtml
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IUVS beamline. This undulator has 2 sections with a total of 32 periods of NdFeB 

magnets with a 140 mm period length. The overall layout of the beamline is shown in 

Figure 3.6. The beamline is based on a 4 m normal- incidence monochromator (NIM) and 

consists of a silicon switching mirror to transfer the photon beam in the BaD ElPh 

branch, a spherical prefocusing mirror which focuses the beam into an entrance slit, a 

NIM with a moveable exit slit, and a gold coated toroidal mirror which refocuses the 

beam onto the sample in the experimental chamber. The monochromator has three 

(Al/MgF2, SiC, Pt) interchangeable spherical gratings to cover the photon energy range 

4.6-40 eV at 2.0 GeV of electron ring energy. The prefocusing mirror has two different 

parts: the bare Si portion of the surface is used for photon energies up to 13 eV while the 

Pt-coated part is suitable for higher photon energies.  

 

Figure 3.6. Schematic layout of BaD ElPh beamline at Elettra Synchrotron Light Source, Trieste. 

(Figure adapted from reference
6
) 
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The experimental endstation consists of three independent ultra-high vacuum chambers 

and a load-lock chamber. The base pressure is 5 × 10−11 mbar. The preparation chambers 

are equipped with a ion sputter gun and with several free flanges to mount the needed 

tools for sample preparation (cleavage, scraping, gas treatment) and for UHV in-situ 

growth of thin films. The analysis chamber houses a SPECS Phoibos 150 analyzer with a 

2D-CCD detector system, a high- intensity vacuum ultraviolet source, a conventional X-

ray source, LEED and a residual gas analyzer. The SPECS Phoibos 150 is a 150 mm 

hemispherical analyzer and is mounted on a fixed geometry with an angle of 50o relative 

to the synchrotron radiation direction. It has a typical energy resolution of 5 meV, and an 

angular resolution of 0.1o. The use of a 2D-CCD detector offers the possibility of 

simultaneous acquisition of the energy as well as the angular distributions of the 

photoelectrons. The surfaces of In2O3 and Sn-doped samples were cleaned by repeated 

cycles of Ar+ sputtering and annealing at 600 oC in UHV for 1 hour. Well ordered (1 × 1) 

LEED pattern and no trace of C 1s signal from XPS confirmed the cleanness of the 

surfaces. Measurements were performed at room temperature with pressure better than 5 

× 10−11 mbar. 
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Chapter 4:  

Surface Energies Control the Self-organisation of Oriented In2O3 

Nanostructures on Cubic  Zirconia 

 

 

4.1 Introduction 

Despite the fact that ITO finds widespread application in liquid crystal displays, solar 

cells and other optoelectronic devices,1-10 the basic physical properties of the material 

have been the subject of ongoing controversy,11-14 including the nature and magnitude of 

the bandgap11-13. For many years the bandgap has been presumed to be direct and quoted 

to be 3.75 eV.11, 16 However, bandstructure calculations are inconsistent with assignment 

of a weak optical onset observed at 2.69 eV to an indirect gap.12 It was only in 2008 that 

it was established that In2O3 has a direct, but dipole forbidden, bandgap of around 2.8 eV, 

almost 1 eV lower than the widely quoted value of 3.75 eV which marks the onset of 

fully allowed optical transitions.13 Revision of the value for the bandgap led in turn to the 

realisation that electron accumulation may be observed on In2O3 surfaces with low bulk 

doping levels.17, 18  An ongoing problem is that it is difficult to obtain high quality In2O3 

thin films that exhibit intrinsic properties because native defects almost invariably act as 

adventitious n-type donors, to the extent that nominally undoped films may in fact 

support a degenerate electron gas. The technological importance of the material and the 

renewed interest in the basic physics prompted work in our group on growth of high 

quality single crystal thin films of In2O3.19-22 The motivations here are twofold: (i) to 

obtain high-quality In2O3 thin films that exhibit intrinsic properties for detailed 

fundamental investigations;13, 17, 18 and (ii) to explore the use of In2O3 thin films as the 
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active layer in transparent electronics and short wavelength optoelectronic devices.4-7, 23, 

24 Moreover an improved understanding of key aspects of the bulk and surface physics 

would open the possibility of rational design of nanostructured materials with potential 

applications in gas sensing, field emission devices and transparent electronics. Self-

organisation arising from lattice mismatch during heteroepitaxial growth provides a well-

established approach to the preparation of “quantum dots” in conventional semiconductor 

systems such as Ge on Si and InAs on GaAs: the morphology of the dots is determined 

by an interplay between elastic strain and surface  energies.25, 26  Much less effort has 

been devoted to the controlled self-assembly of oxide nanostructures during epitaxial 

growth.27  Oxides and other polar materials are however of particular interest because in 

general there are large differences between the energies of different low index surfaces.  

    In this chapter, we firstly explore the influence of substrate orientation in the 

epitaxial growth of In2O3 on (100), (110) and (111) single crystal faces of Y-stabilised 

cubic ZrO2 (YSZ). In2O3 adopts a body-centred cubic bixbyite structure, with space 

group 3Ia and lattice parameter a = 1.01170 nm.16  The structure may be regarded as a 

222 superstructure of fluorite with ordered removal of O from ¼ of the anion sites. 

YSZ adopts a fluorite structure belonging to the space group 3Fm m  with lattice 

parameter a = 0.51423 nm at the 17% Y doping level of the substrates used in the current 

work.  Thus, there is a mismatch of only 1.6% between 2a for Y-doped ZrO2 (1.02846 

nm) and a for In2O3. Moreover, the cation arrays within the two materials are very 

similar, minimizing the chemical mismatch at the interface. We demonstrate the 

spontaneous formation of highly directional 1D nanorods during high temperature 

epitaxial growth of In2O3 on (110) oriented YSZ. By contrast growth on (100) surfaces 

leads to truncated square pyramidal islands, whilst atomically flat mesa or continuous 
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thin films develop on (111) oriented substrates. On the basis of ab initio quantum 

chemical simulations, it is shown that the different growth modes and the striking 

azimuthal orientation of the rods and pyramids on (110) and (100) surfaces are 

determined by large differences in the energies of the three low index surfaces.  

 

4.2   Experimental and Theoretical details 

 

4.2.1 MBE Growth 

The In2O3 thin films were grown on (100), (110) and (111) oriented 1 cm × 1 cm YSZ 

substrates (PiKem, UK) in an ultrahigh vacuum oxide MBE system (SVT, USA) with a 

base pressure of 5  10-10 mbar. This incorporated a hot lip indium effusion cell and a 

radio frequency (RF) plasma oxygen atom source operated at 200 W RF power with an 

oxygen background pressure of 3  10-5 mbar. Substrates were heated radiatively using a 

graphite filament. The nominal growth rate was 0.035 nm s-1 calibrated using the 

thickness from high resolution transmission electron microscopy (HRTEM) 

measurements and atomic force microscopy (AFM) images. The YSZ substrates were 

cleaned by exposure to the oxygen atom beam at a nominal substrate temperature of 

900 °C. We explored a wide range of growth conditions in terms of film thickness and 

growth temperature, which ranged between 550 C and 1000 C.  Most of the data 

reported here relate to a deposition time of 3000 s which corresponds to a film thickness 

of 100 nm assuming a layer growth mode.  In situ low energy electron diffraction (LEED) 

was carried out in an analysis chamber connected to the growth chamber.  
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4.2.2  Structural and Morphological Characterizations 

AFM images were recorded ex situ with a Digital Instruments Multimode SPM 

instrument. This was operated in contact mode with a 'J' scanner having a lateral range of 

approximately 100 µm and a vertical range of 6 µm. Silicon nitride probes (Nascatec 

GmbH model NST NCHFR), with a thin coating of gold to act as a mirror for the laser 

beam were used. Calibration of the AFM was accomplished by scanning a 10 mm pitch 

200 nm 3D reference from Digital instruments. Digital Nanoscope software (version 5.12) 

was used to analyze and process the AFM topographic images.  All the images were 

treated with the “flatten” command and are presented using one of the standard colour 

palettes of the Nanoscope software. Specimens for cross-sectional TEM were prepared 

by cutting and mechanical grinding down to 5-10 µm, followed by thinning to electron 

transparency by Ar ion beam milling using a Gatan 691 Precision Ion Polishing System 

(PIPS). It proved very difficult to obtain sections with a uniform thickness across the 

ZrO2/In2O3 interfaces because the epilayer etched at a much higher rate than the substrate. 

Cross-sectional TEM images were collected using a JEOL3000F microscope operating at 

300 keV. Digital Micrograph image software was used to process the TEM images. 

Bragg filtering was applied to the TEM images in order to remove some of the 

background noise and contrast adjustment was applied uniformly across the 

images where necessary to enhance the display quality.  

 

4.2.3 Density Functional Theory (DFT) Calculations 

The bulk and surface electronic structure and total energies were calculated using density 

functional theory within the generalized gradient approximation (PBE),28 as implemented 
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in the VASP package.29, 30 The computational work was carried out by Dr. A. Walsh in 

University of College London. The plane-wave kinetic energy threshold (500 eV) and k-

point density (4×4×4) were both well-converged for the bulk system. Starting from the 

relaxed bulk bixbyite lattice (a = 1.030 nm), 2D surface models were constructed using a 

periodic arrangement of slabs, separated with a 2 nm vacuum region. Convergence of   

with respect to slab thickness resulted in models containing 32, 32 and 48 formula units 

for the (100), (110) and (111) surfaces, respectively. In all cases, the top two ionic layers 

were allowed to relax, while all other layers were held at their bulk lattice positions. 

Simulated annealing was performed to assess the stability of the resulting structures at 

750 K and no further relaxations or reconstructions were found. 

 

4.3 Results and Analysis 

 

4.3.1 Growth of Oriented In2O3 Nanostructures and Thin Films 

 Figure 4.1 show -2 X-ray diffraction (XRD) profiles of In2O3 films grown on (100), 

(110) and (111) oriented YSZ substrates with a nominal thickness of 100 nm with a 

growth temperature of 750C: samples grown at higher temperatures gave similar XRD 

profiles. In each case there is near perfect texture in the films and the atomic planes in the 

epilayer faithfully follow those of the substrate. On the (100) oriented substrate (Figure 

4.1a), the epilayer In2O3(400) and (800) peaks with doubled Miller indices appear very 

close to the (200) and (400) peaks of the substrates, owing to the close match between 

2aYSZ (1.02846 nm) for the YSZ with aIn2O3(1.01170 nm) for the epilayer. In addition, the 

body centred cubic structure of In2O3 allows for the appearance of a very weak (600) 

epilayer peak with no nearby (300) substrate peak owing to the face centred cubic 



Chapter 4: Self-Organization of In2O3 Nanostructures 

 

93 

 

2(degrees)

20 30 40 50 60 70 80

Y
S

Z
(2

0
0

)

In
2
O

3
(4

0
0

)

Y
S

Z
(4

0
0

)

In
2
O

3
(8

0
0

)

Y
S

Z
(2

2
0

)

In
2
O

3
(4

4
0

)

Y
S

Z
(1

1
1

)

In
2
O

3
(2

2
2

)

Y
S

Z
(2

2
2

)

In
2
O

3
(4

4
4

)

In
2
O

3
(6

0
0

)

(a)

(100)

(b)

(110)

(c)

(111)

81 eV

69.5 eV

56 eV

In
2
O

3
(2

2
0

)

x100

structure of stabilised zirconia. For (110) substrate orientation, a single (440) epilayer. 

peak is observed close to the substrate (220) reflection as shown in Figure 4.1b.  

 

Figure 4.1. -2 X-ray diffraction profiles of In2O3 films with a nominal thickness of 100 nm 
grown on (a) YSZ(100); (b) YSZ(110) and (c) YSZ(111) substrates respectively. The insets show 

corresponding LEED patterns measured in situ in the MBE growth system. 

 

Within the space group 3Ia  (hk0) reflections with h = k are systematically absent unless 

with h = 2n, so that the (110) and (330) epilayer peaks are not observed but the (220) 

peak is just observable above the baseline noise.  Finally for the (111) orientation (Figure 
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4.1c), (222) and (444) epilayer peaks appear close to substrate (111) and (222) peaks but 

the intermediate (333) epilayer reflection is forbidden due to the body centring in In2O3. 

The insets in Figure 4.1 show low energy electron diffraction (LEED) patterns from the 

differently oriented films measured in situ in the MBE system. As expected the patterns 

from (100), (110) and (111) surfaces show 4-fold, 2-fold and 3-fold rotational 

symmetries respectively. However the patterns from (100) and (110) oriented films show 

evidence of streaking and spot splitting that varies strongly with beam energy. This is 

indicative of extensive faceting at the surface.  

 

Figure 4.2. Panel (a), (b) and (c): cross-sectional TEM of In2O3 grown on (100), (110) and (111) 

oriented YSZ substrates at 700 °C, viewed down [011], [001] and         directions respectively; 
low magnification (top row); high resolution TEM (middle row); and corresponding electron 

diffraction pattern at interface region (bottom), confirming the epitaxial relationship in each case. 
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The epitaxial growth relationships for each substrate orientation were further examined 

by cross-sectional HRTEM. High resolution images such as those as shown in Figure 4.2 

confirm the excellent crystalline order in the films grown on the three differently oriented 

substrates and also demonstrate the formation in each case of sharp interfaces between 

the substrate and the epilayer. The expected “cube-on-cube” epitaxial relationship for 

each case can be clearly observed.  

           However very pronounced morphological differences between films grown on the 

different low index substrates are apparent on a larger length scale. The differences are 

most obvious in large area AFM images, such as those shown in Figure 4.3. The (100) 

oriented epilayer grown at 750 C (Figure 4.3a) is seen to consist of an array of square or 

rectangular islands with lateral dimensions typically of the order of 100 nm and with 

edges all aligned parallel to the       directions of the substrate. Elongation of the islands 

takes place along both       and        directions. The (110) epilayer (4.3b) shows a 

similar island structure but in this case the islands are all rectangular and oriented with 

edges along        and [001] directions. The elongation is exclusively along the         

direction. By contrast the (111) epilayer consists of larger loosely connected mesa 

(shown in 3c) with dimensions up to about 5 μm, dissected occasionally by deep troughs 

which extend down to the substrate. These mesa have a distinctive serrated “autumn leaf” 

morphology and flat surfaces on which it is possible to resolve atomic scale steps with a 

height of 0.29 nm. This distance is equal to a/2√3 where a is the cubic lattice parameter 

of In2O3 and corresponds to the separation between successive cation containing planes 

within the bixbyite structure. The morphological differences between (100) and (110) 

surfaces become even more pronounced for samples grown at 900 C, as shown in Figure 

4.3d and e. Here the islands on the (100) surface have developed a more uniform square 
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Figure 4.3. Atomic force microscopy (AFM) images of In2O3 grown on oriented Y-stabilised 

zirconia substrates. The images in (a), (b) and (c) are for samples grown at 750 C substrate 
temperature on (100), (110) and (111) oriented substrates respectively, whilst the images in (d), (e) 
and (f) are for samples grown at 900 C substrate temperature. The main images are scanned over 

an area of  20 µm  20 µm and give an indication of the overall topology. The insets show scans 

over a smaller area of 1 µm  1 µm, except for the inset to (c) which shows a scan over a smaller 

area of 0.5 µm  0.5 µm in order to highlight atomic scale steps. 

 

shape. The typical edge size of the islands is now about 1 µm (Figure 4.3d), which is 

around a factor of ten bigger than for films grown at 750 C. The lateral sizes and heights 

of In2O3 islands can be controlled between 200 nm and 30 nm up to 1000 nm and 250 nm 

by varying the deposition time, as shown in Figure 4.4. In all cases, the islands remain 

aligned with edges parallel to <110> directions and maintain the square shape. The cross-

sectional TEM (Top image in Figure 4.2a) and high-resolution AFM image inset in 

Figure 4.3d of an island clearly demonstrate that the (100) island has a truncated pyramid 

shape with a flat (100) top surface and sloping side facets with inclined at 54.7 to the 

surface plane.31 The characteristic angle and the azimuthal orientation allows us to 

identify the side facets as being of {111} origin.   



Chapter 4: Self-Organization of In2O3 Nanostructures 

 

97 

 

 

Figure 4.4. (a)-(d) AFM images (image size: 10 µm  10 µm) of In2O3 nanoislands with different 

sizes on YSZ(100) at 900 C substrate temperature for different deposition time as indicated in 
the images; The average crystal sizes: length l and height h are indicated; The in-plane crystal 
direction may be different due to the rotational scanning during AFM imaging; The edges of the 
islands aligned along [011] directions in order to expose the low surface energy (111) facets. 

 

At higher growth temperature (Figure 4.3e), the surface the anisotropy on the (110) face 

between        and        directions becomes much more apparent and the islands assume 

a “rod-like” appearance with typical lengths between 2 µm and 5 µm along the         

direction but with widths of around only 100 nm along the       direction. The 

spontaneous development of highly oriented nanorods on (110) surfaces prompted us to 

explore growth at yet higher temperatures. Panels in Figure 4.5 show AFM images of a 

layer grown with a lower nominal coverage (50 nm) at 1000 C. The rods are now further 

elongated with lengths in excess of 20 µm and a width restricted to about 100 nm. As 

500 seconds

l= 480 nm, h=70 nm   

60 seconds

1000 seconds 3000 seconds

l= 1000 nm, h=150 nm l= 1000 nm, h=200 nm

l= 200 nm, h=30 nm            
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with the square islands on (100) surfaces, the rods have sloping side facets and the 

predominant facets parallel to the         direction are of {111} nature. 

     In contrast to films grown on (100) and (110) substrates, those grown on (111) 

substrates showed very little change on increasing the growth temperature from 750 C 

to 900 C (Figure 4.3f). The film consists of very smooth terraces and the cross sectional 

HRTEM confirm the growth of continuous thin films.  

 

 

Figure 4.5. AFM images of nanorods grown on (110) oriented substrates at 1000 C with a 

nominal coverage of 50 nm; (b) a 3D view of the two nanorods with high resolution. 

 

4.3.2 Surface Energies Calculations 

The morphology of growth in mismatched epitaxial systems depends on a complex 

interplay between the kinetics of nucleation and surface diffusion and the minimisation 

of surface and interface energies and elastic strain. The very pronounced changes with 

substrate temperature indicate that at low temperatures kinetic factors must be important 

and it is not clear that even at the highest temperatures that growth morphology is 

determined by purely thermodynamic factors. Nonetheless, many aspects of the 

experimental observations can be rationalised by considering the energies of the low 
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(b) (a) 
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index surfaces of In2O3 computed using ab initio total energy calculations. The surface 

energy (γ) is defined as the energy per unit area required for forming the surface relative 

to the bulk, and is calculated according to: 

                     

 

where Uslab is the total energy of the 2D surface slab with a 2 nm vacuum region and 

Ubulk is the energy of the corresponding number of bulk In2O3 formula units; A represents 

the surface area, which is created on each side of the slab and is repeated periodically. 

The (100), (110) and (111) surfaces were modelled using    ,      , and 

3
2 2

2
a a  expansions, respectively.   

    Side view ball and stick models of the three bixbyite surfaces are shown in Figure 

4.6 along with corresponding views of the low index fluorite surfaces. The computed 

relaxed surface energies and associated relaxation energies are given at the bottom of the 

figure. The (100) surface of fluorite is a classic example of a “Type III” ionic sur face 

within the Tasker classification32 and contains alternating cation and anion planes. These 

give rise to a surface dipole and cause the surface energy to diverge to infinity for 

sufficiently thick slabs.33, 34 The polar surface may be stabilised in a simple manner 

through microfaceting, i.e. by transferring half the ions in the outermost ionic layer to the 

other side of the slab.33-36 Either cations or anions may be transferred allowing for two 

dissimilar polar surfaces.  
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          Figure 4.6. Ball and stick representations of the pristine low index terminations of the fluorite 
(AB2) and the relaxed In2O3 bixbyite (A2B3) surface structures, which are labelled according to 
the Tasker surface notation for polar compounds.  The anions and cations are represented by large 
and small spheres, respectively. The bottom table show the corresponding bulk terminated and 
relaxed surface energies for each surface. 

 

By contrast, the (110) surface of fluorite is a stable “Type I” surface containing charge 

neutral ionic layers. Finally the (111) surface is “Type II” and contains repeating 

quadrupolar grouping of anionic and cationic layers. The bixbyite surfaces of In2O3 are 

very similar in appearance to those of the parent fluorite structure, although there is 

minor rumpling within the cation layers due to the relaxations in atomic positions 

associated with the intrinsic vacant oxygen sites within the structure and the (110) 

surface is no longer rigorously “Type II”. The bulk terminated surface energies follow a 
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sequence γ(100)In > γ(100)O > γ(110) > γ(111), although the difference between (111) 

and (110) surfaces is rather small. However, the relaxation energy for the (111) surface is 

significantly bigger than for the (110) surface so that the relaxed surface energy for the 

(111) surface is about 0.18 J/m2 lower than the (110) surface energy. Cleavage of the 

(111) surface breaks a single long In-O bond (0.24 nm) separating the charge neutral 

In2O3 units; efficient relaxation is then achieved primarily through a concerted 

contraction of the <111> In-O bond in the subsurface layers by ca. 9 %. The order of 

surface energies is the same as found for oxides with the fluorite structure such as UO2
35 

and indeed our substrate material cubic Y-stabilised ZrO2
15, 37.  Thus for 24% Y doped 

ZrO2,  Ballabio et al.15 found relaxed surface energies γ(100) = 1.75 J/m2, γ(110) =  1.44 

J/m2  and γ(111) = 1.04 J/m2. Note however that the order of surface energies for In2O3 is 

different to that proposed by Hao et al. who suggested a sequence γ(110) > γ(100) > 

γ(111) on the basis of the morphologies In2O3 nanocrystals prepared by vapour 

transport.38  

 

4.4.3 Nanostructure Morphology Determined by Thermodynamics 

The present results establish unambiguously that the surface energies of In2O3 have a 

direct influence on the morphology of single crystal thin films. Continuous or near 

continuous epilayers which are atomically flat on the micron length range can be grown 

under a wide range of conditions on (111) oriented substrates because the (111) surface 

energy for In2O3 is the lowest amongst the three low index surfaces and (111)In2O3 <  

(111)Y-ZrO2.  By contrast on (100) and (110) surfaces an island growth mode is preferred. 

The thermodynamically favoured (111) termination is found to occur through 

spontaneous development of sloping side facets on the islands. Although this increases 
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the surface area of side facets by a factor of cosec  (where   is the contact angle with 

the surface), this is energetically favourable because higher energy {110} or {100} edge 

walls are replaced by lower energy {111} facets. In addition there is a reduction in the 

surface energy associated with the island top and with the bare substrate, at the minimal 

expense of increasing the overall contribution of the interface energy.  

 

        
Figure 4.7. Schematic plan view illustrating the influence of azimuthal orientation on the facets 
which can develop on In2O3 islands grown on (a) (100) and (b) (110) oriented Y-ZrO2 substrates. 
The preferred orientations shown in the two lower schematics allow development of 
thermodynamically favoured {111} side facets. 

 
 

The propensity for the sloping side facets of the islands to have {111} orientation in turn 

determines the azimuthal orientation of the square islands found on (100) substrates and 

the elongation of islands along the     0] direction to give rod- like structures on (110) 

oriented substrates. This is illustrated in Figure 4.7 which shows that {111} side facets 

can form on (100) islands provided the island edges align along <110> directions: 
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alignment with edges parallel to <100> directions would be associated with higher 

energy {110} side facets.  Similarly on (110) surfaces, elongation of islands to give rod 

like structures with the long axis along the        direction allows for the development of 

extended {111} side facets whereas elongation along the [001] d irection would demand 

formation of extended sloping {100} facets.  

   In the following, we will use a thermodynamic model developed by Tersoff and 

Tromp39 to analyse the morphologies of the self-organized nanostructures. We 

considered rectangular islands with width w, length l and height h making contact with 

the substrate with a contact angle   to give a truncated pyramidal morphology with 

sloping side facets as shown schematically in Figure 4.8. For large islands, the trade-off 

between strain energy and interface energy eventually drives a “shape” transition on the 

(100) surface of a cubic material and the islands assume a rectangular shape with l>w39, 

40.  For the current (100) islands, we are in the regime where l = w.  

  

Figure 4.8. Definition of the parameters l, h and θ used in analysis of island orientation on (100) 
substrates. 

 

 

Neglecting corners, the sum of surface and interface energies for islands oriented with 

edges parallel to <110> directions of the substrate is given by:  
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         <110> = 4Γ1 ℎ+ Γ3 
2                                                                        

 

Whilst for an island with edges parallel to <100> directions we have:  

 

          <100> =4Γ2 ℎ +  Γ3 
2                                                                          

 

Where:  

                 1 =   (111)cosec 1 −  
 

 
 (  (100) +   (100) −   (100))cot 1              

           2 =  e(110)cosec 2 −  
 

 
 (  (100) +   (100) −   (100))cot 2             

           3 =   (100) +   (100) −   (100)                                                      

 

Where γ are surface and interface energies: the subscripts e, s and i denote the epilayer, 

substrate and interface respectively and the numbers in brackets specify the crystal plane. 

The contact angle θ1= 54.7° for {111} side facets, whilst θ2= 45° for {110} side facets. 

Neglecting the possible influence of island orientation on the strain energy, the energy 

difference ΔE between the two island orientations is given by: 

 

        Δ =  <110> −  <100> = 4 ℎ( 1−  2)                                                

 

Inserting the values of surface energies for In2O3 derived in the present work along with 

those for Y-ZrO2 obtained by Ballabio et al.15 we obtain:  

         

 Δ  = 4 ℎ(0.09-0.15  (100)) J                                                     
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The interface energy has not been calculated in the present work but must have a small 

positive value. We thus see that orientation of islands with edges parallel to <110> 

directions is favoured over orientation with edges parallel to <100> directions provided 

that    is greater than 0.6 Jm-2.     

Similar considerations for nanorods grown on (110) oriented substrates by the 

sum of surface and interfaces energies leads to the expression: 

 

                        ER(110) =2 4 ℎ+ 2 5 ℎ+  6                                                              

 

where the subscript R denotes a rod. Assuming {111} side facets form along the long 

edges and sloping {100} facets at the ends of the rod we have:  

          4 =  γ (111)cosec 3 − 
 

 
 (   (110) +   (110) −   (110))cot 3          

          5 =  γ (100)cosec 4 − 
 

 
 (   (110) +   (110) −   (110))cot 4         

           6 =   (110) +  e (110) −  s(110)                                                  

 

Where the contact angles are now  3= 35.3° and  4 = 45°. 

Minimising (110) subject to the constraint of constant area we obtain an aspect ratio l/w 

given by:  

         

                                                       / = Γ5/Γ4                                                                          

 

The aspect ratio is plotted as a function of the interface energy (110) in Figure 4.9. It can 

be seen that the aspect ratio diverges toward infinity as the interface energy approaches a 
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value of about 0.4 Jm-2. This is because  5 is always positive but the sum of terms 

 e(111)cosec 3− 
 

 
(  (110)+  (110))cot 3 appearing in the expression for  4 has a negative 

value of -0.29 Jm-2.  

         

 
Figure 4.9. Variation of aspect ratio of In2O3 nanorods on YSZ substrates as a function of the 
(110) interface energy. 

 

 

Figure 4.9 also shows the variation in the aspect ratio assuming that the rods terminate 

with a vertical {110} end facet. In fact this truncation of the rods is energetically 

favoured because the (110) surface energy is lower than the (100) surface energy. As 

such the formation of nanorod islands with a very high aspect ratio between length l and 

width w is driven by minimisation of surface energy, provided that the interface energy 

i(110) is small. 

 It should be noted that elongation of rods along the        direction is also 

favored by anisotropy in the elastic properties of In2O3. Values for the elastic parameters 

of In2O3 have  recently been derived by an atomistic modelling procedure giving c11 = 
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297.8 GPa, c12 = 141.8 GPa and c44 = 76.4 GPa.41  The energy density associated with 

uniaxial strain along <100> directions is determined by c11 but strain along <110> 

directions is dependent on (2c11+2c12+c44)/4 = 238.9 GPa which is less than c11. This 

mechanism for elongation of the rods is related to that recently proposed by Zabeleta et 

al.42 who grew (110) oriented Gd-doped CeO2 rods on cubic (100) LaAlO3 substrates. 

Elongation along the        direction was attributed to the fact that strain associated with 

lattice mismatch in the long direction was less than the strain in the orthogonal (001) 

direction. In the present case the strain is the same in both directions. However because 

of anisotropy in the elastic constants there is in both cases an anisotropy in the strain 

energy. 
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4.4 Concluding remarks 

In summary we have been able to rationalise both the distinct growth modes found for 

In2O3 on differently oriented Y-stabilised zirconia surfaces and the propensity for 

development of islands with {111} facets on (100) and (110) surfaces in terms of  

relaxed surface energies. The controlled growth In2O3 nanostructured materials may offer 

potential applications in gas sensing, field emission devices and also set-up a model 

system for fundamental research. The growth of highly oriented nanorods on (110) 

substrates is of particular note given the growing recent interest in field effect transistors 

based on nanowires.5, 43, 44 However most established techniques for preparation of oxide 

nanowires or nanobelts lead to a tangled mass of interpenetrating structures,6, 44  in 

contrast to the perfectly aligned rods prepared in the present work. The use of an 

anisotropic substrate as in the present work ensures that the rods align spontaneously in 

one direction. The flat and continuous (111) films prompted by the lowest surface energy 

is of particular interest to us, since it opens the possibility to fabricate high quality single 

crystal In2O3 thin films by optimizing the growth conditions, which will be topic of next 

chapter.  
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Chapter 5: 

Temperature and Thickness Dependence of Strain, Bandgap and 

Transport Properties of Epitaxial In2O3 Thin Films Grown on YSZ (111) 

 

 

5.1 Introduction 

In the last chapter, it became clear that (111) oriented YSZ is the most promising 

substrate for heteroepitaxial growth of highly quality In2O3 single crystal thin films, 

owing to the fact that the (111) surface of In2O3 has the lowest energy amongst the low 

index surfaces. The larger energies for (100) and (110) surfaces drive formation of island 

and nanorod structures on the respective surfaces.1-5 Thus, the aim of this chapter is to 

optimize the growth parameters for preparation of high-quality single-crystalline In2O3 

thin films on YSZ(111).   

  At present, the transparent conducting oxides used in technological situations are 

usually in the form of polycrystalline thin films deposited on glass or polymer substrates 

by sputtering techniques.6, 7 Compared with other functional metal oxides8-10 such as high 

temperature perovskite-related superconductors (e.g.YBa2Cu3O7-x), ferromagnetic 

conductors and oxide ferroelectrics, the epitaxial growth of high-quality In2O3 thin films 

is still in its infancy. However recent prospects for development of TCO materials as the 

active layer in transparent optoelectronic devices have spawned a flurry of recent work in 

this field.11, 12  To date most work on growth of epitaxial single crystal  In2O3 films has 

concentrated on deposition of In2O3 on alumina13, 14 and YSZ single crystal substrates by 

pulsed laser deposition (PLD) in ultrahigh vacuum compatible chambers ( i.e. “laser” 
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molecular beam epitaxy), although there are some reports of single crystal growth by 

metalloorganic chemical vapour deposition and by molecular beam epitaxy (MBE) using 

conventional indium Knudsen cells and oxygen atom plasma sources.1, 3, 15-17 This is 

likely one of the reasons why many fundamental properties of TCOs remain 

controversial or unexplored, for example the origin of intrinsic n-type conductivity and 

the possibility of preparing p-type TCOs.18, 19   

 In heteroepitaxial growth of material A on lattice mismatched B, material A grows 

pseudomorphically with a misfit strain which can be accommodated elastically be low a 

critical thickness. When the critical thickness is exceeded, it becomes energetically 

favourable to generate misfit and threading dislocations to relieve the build-up strain 

within the film. The growth temperature determines the thermal energy required for atom 

diffusion and the energetic contribution provided by the entropies associated with defect 

formation. The physical properties of functional oxides can be in principle engineered 

during epitaxial growth by tuning the crystal chemistry, strain, and other variables.9, 10, 20, 

21 For example, it has been demonstrated that imposition of a biaxial strain in a magnetite 

thin film through lattice mismatch with a substrate can lead to changes in magnetic and 

transport properties caused by cation substitution in the bulk.20, 21 The point defects and 

screw dislocations formed during epitaxial growth have strong influence on the critical 

current density of CuO-based high-T superconductors.22 ` 

 These considerations motivate us to explore the dependence of physical properties 

of the In2O3 epitaxial thin films on YSZ(111) on different growth conditions. The main 

parameters involved are growth temperatures and film thicknesses. The dependence of 

the properties of the films on growth temperature and thickness was examined in a 

systematic way, using a combination of experimental and computational methods. It was 

found that the optimal growth temperature is 700oC. It was also shown that there is a 
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clear correlation between film thicknesses, film morphology and transport properties. 

Further investigation also showed that ultrathin films are highly strained and this strain 

leads to a small but significant reduction in the value of the optical band gap. 

 

5.2 Experimental Section 

 

5.2.1 Thin Film Growth 

 The epitaxial In2O3 thin films were grown on (111) oriented 1 cm × 1 cm Y-ZrO2 

substrates in an ultrahigh vacuum oxide MBE system (SVT, USA), as described in the 

previous chapter. The nominal growth rate was 0.035 nms-1 calibrated using the thickness 

from high resolution transmission electron microscopy (HRTEM) measurements and 

atomic force microscopy (AFM) images. The Y-ZrO2 substrates were cleaned by 

exposure to the oxygen atom beam at a nominal substrate temperature of 860 °C. We 

explored a range of substrate temperatures between 550 oC and 860 oC, with a fixed 

deposition time of 3000 seconds. This corresponds to a nominal film thickness of 105 nm 

assuming a layer by layer growth mode. The films grown at high substrate temperature 

may be thinner due a reduction in the sticking coefficient of the In and O species. Thin 

films with different thickness ranging between 35 nm and 420 nm were grown at a fixed 

temperature of 700 oC by varying the deposition time.   

 

5.2.2 Characterizations 

High resolution x-ray diffraction (XRD) θ-2θ measurements were performed on a Philips 

Xpert diffractometer using monochromatic CuКα radiation (λ=1.54060 Å). AFM images 

were recorded ex situ with a Digital Instruments Multimode SPM instrument, as 

described in the previous chapter.  
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Specimens for cross-sectional TEM were prepared by cutting and mechanical grinding 

down to 5-10 µm, followed by thinning to electron transparency by Ar ion beam milling 

using a Gatan 691 Precision Ion Polishing System (PIPS). Cross-sectional TEM images 

were collected using a JEOL3000F microscope operating at 300 keV. Cross-sectional 

TEM images were collected using a JEOL3000F microscope. Digital Micrograph image 

software was used to process the TEM images. UV-visible optical absorption 

spectroscopy measurements were performed using a using a Perkin Elmer Lambda 

instrument. The electrical properties of the In2O3 films with different thickness were 

characterised by Hall effect measurements using the van der Pauw method at room 

temperature.  

 

5.3 Computational Details 

To provide an accurate description of the structural, elastic and electronic properties of 

In2O3 under conditions of epitaxial strain, a combination of classical and quantum 

computational techniques was employed. This work was carried out by Dr. Aron Walsh 

from University of College London. A recently developed a pair-wise interatomic 

potential for In2O3 based on the Born Model of the ionic solid was used in this work23. 

The classical electrostatic energy, obtained from an Ewald summation, is combined with 

a short-range potential of the Buckingham form. The potential model has been successful 

in describing the high pressure phase transitions of the material24, in addition to defect 

formation and diffusion reactions25. Full details of the parameterisation can be found 

elsewhere24. The pertinent structural and elastic properties resulting from this model for 

In2O3 are collected in Table 1, as calculated within the code GULP26. 
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Property Experiment Potential 
Model  

a (Å) 10.11723 10.121 

11

0  8.9 – 9.527 9.05 

11
 4.027 3.90 

C11 (GPa)  297.75 

C12 (GPa)  141.78 

C44 (GPa)  76.42 

γ  0.323 

E (GPa)  206.29 

 

Table 1. Calculated properties of In2O3 in the bixbyite mineral structure: a is the cubic lattice 

constant,  0  
and 

are the static and high frequency dielectric constants and Cij are the elastic 

constants, γ is Poisson’s ratio, and E is Young’s modulus.   

 

In order to obtain information regarding the electronic properties, Dr. A. Walsh et al. also 

performed calculations based on Density Functional Theory (DFT)28, 29. These 

calculations were performed using a plane-wave basis set (with a well-converged 500 eV 

kinetic energy cutoff), within the code VASP30, 31. Further details of the computational 

setup can be found elsewhere32, 33. In order to obtain accurate trends in the material’s 

band gap as a function of epitaxial strain, a hybrid density functional (HSE0634, 35) was 

employed, which has demonstrated recent success in describing the electronic properties 

of oxide materials36, 37, including the surface work functions of In2O3 itself38. At this 

level of theory, the equilibrium lattice constant of a = 10.156 Å is within 0.5 % of the 

experimental value.  

 To simulate the effect of epitaxial strain, the cubic bixbyite lattice was reoriented 

along the [111] direction using a lattice vector transformation of the form: 
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which results in a hexagonal supercell, in which the epitaxial (     ) and uniaxial 

(   /   ) lattice constants can be varied independently. The application of strain 

effectively reduces the lattice symmetry from body-centered cubic (Ia  ) to trigonal (R  ). 

The same lattice expansion is observed for the ordered compound In4Sn3O12 
39, which 

could be regarded as very heavily Sn-doped In2O3. Importantly, for optical properties, the 

centre of inversion is maintained for the lattice expansion within the (111) plane. 

  

5.4 Influence of Temperature on the Epitaxial Growth of In2O3  

Firstly, we investigated the influence of substrate temperature on the mode of growth of 

In2O3 films over a range of substrate temperatures between 550 oC and 860 oC, in order 

to optimize the growth temperatures for high-quality In2O3 thin films. 

 

Figure 5. 1. 10 µm × 10 µm topographic AFM images of In2O3 epilayers on YSZ (111) grown at 
different temperatures as indicated in the images. The deposition time was fixed for 3000 seconds 
for all the samples. 

(a) (b) (c)

(d) (e) (f)

550oC 600oC 650oC

700oC 750oC 860oC
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5. 4.1 Surface Morphology: AFM studies   

 The influence of growth temperature on the In2O3 film morphology on a micron length 

scale was investigated by AFM. Figure 5.1 shows large area (10 μm × 10 μm) AFM 

images of films with a nominal thickness of 105 nm grown at temperature between 

550 °C and 860 °C. The film grown at 550 °C exhibited a rough granular morphology 

(Figure 5.1a) but with contact between the grains to give a continuous film. The surface 

grains or columns have lateral dimensions typically of the order of 300 nm, giving a root 

mean square (RMS) surface roughness of 4.5 nm. A zoom-in AFM image (2 μm × 2 μm) 

in figure 5.2a shows that the grains have a fractal shape and rugged top surfaces. This 

suggests the limited surface diffusion length of the In and O ad-atoms during low 

temperature growth results in poor crystalline quality. This is consistent with Hall effect 

measurements of films grown at low temperature which reveals a low carrier mobility of 

around 5-10 cm2V-1s-1. The carrier concentration in these films is typically around 3.0  

1018 cm-3 which is somewhat below the value of about 7 1018 cm-3 required to exceed 

the Mott criterion for the onset of metallic behaviour.4  The film grown at 600 °C (Figure 

5.1b) has a smoother surface than that grown at 550 °C with a reduced RMS surface 

roughness of 1.8 nm. Furthermore the lateral size of the grains grows to around 1 m, so 

that the density of grain boundaries decreases. Upon increasing the substrate temperature 

to 650 °C as shown in Figure 5.1c, the continuous films tend to break up and pinholes are 

found on the surface of film. This tendency develops further for yet higher growth 

temperatures as can be easily seen for films grown at 700 °C (Figure 5.1d) and 750 °C 

(Figure 5.1e). The film microstructure is now based on flat-topped and loosely connected 

mesa dissected by deep troughs. The mesa have serrated edges with a characteristic angle 

in many of the serrations of around 60, reflecting the influence of the three-fold 
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symmetry of the substrate.  The lateral size of the mesa grown at 750 °C is around 5 μm, 

which is larger than for the film grown at 700 °C. The depth of the troughs is around 150 

nm as gauged from AFM line profiles. This is somewhat bigger than the nominal 

thickness of the films but of course the coverage of the surface is no longer uniform and 

material from the troughs must be incorporated on the top of the mesa. X-ray 

photoemission spectra contain substrate Zr 3d and Y 3d peaks, indicating the exposure of 

bare substrate in the trough area. The tops of the films grown at 700 C and 750 C 

exhibit large flat terraces with occasional steps of height 0.3 ± 0.03 nm, as shown in 

Figure 5.2b.  This distance corresponds to a/23 = 0.292 nm which reflects the 

interplanar spacing between atomic layers along the [111] direction of the bixbyite 

structure of In2O3. Overall there seems to be a significant improvement of the crystalline 

quality at higher temperature.  As shown in the next section, upon increasing the 

deposition time at 700 °C, the mesa grow laterally and ultimately coalesce into a 

continuous thin film with high crystalline quality.  

 

Figure 5. 2. Zoom-in AFM images (2 µm × 2 µm) of In2O3 epilayers grown at (a) 550 °C, 
showing a rough fractal surface; and (b) 750 °C, showing atomic flat terraces on the top islands. 

 

(a) (b)550oC 750oC
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Taken together, the AFM results suggest the improved surface morphology and improved 

crystalline quality that results from increasing the substrate temperature arises because of 

the enhanced surface diffusion length of In and O adatoms. At low temperature the 

dominant kinetic factors give rise to a granular growth mode due to the limited surface 

mobility, while high substrate temperature progressively drives the growth into a region 

where there is thermodynamic control.   

 

 
5.4.2 The Interface: Cross-sectional TEM studies 

          

Figure 5. 3. Cross-sectional TEM results on an In2O3 epilayer on YSZ (111) grown at 750 °C (a) 
low magnification image; (b) and (c) Selected area electron diffraction (SAED) viewed down to 

       and      direction, respectively. 

 

Cross-sectional TEM was used to examine the epitaxial relationship between the In2O3 

epilayer and the substrate and to probe the interface structure. Figure 5.3a shows a low 

resolution TEM image of a film grown at 750 °C substrate temperature viewed down th

(b) (c)

0.5 μm

In2O3

YSZ(111)

(a)

In2O3
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]011[
_

 direction. This reveals a flat crystalline In2O3 film with a well-defined 

substrate/epilayer interface. It also confirms that the bottoms of the troughs are free of an 

In2O3 wetting layer, in agreement with the XPS measurements. The film exhibits a 

smooth top surface, consistent with atomic flat surface observed by AFM. Figure 5.3b 

and c show the selected area electron diffraction (SAED) pattern taken across the 

interfaces viewed down to ]011[
_

 and ]121[


direction, respectively. The near coincidence 

between the epilayer and substrate diffraction spots demonstrates the “cube-on-cube” 

epitaxial relationship between the In2O3 film and the YSZ substrate:  

In2O3(111)||YSZ(111) and In2O3 ]011[
_

||YSZ ]011[
_

. 

 

5.4.3 θ-2θ X-ray Diffraction: Evidence for Strain 

Figure 5.4a shows a wide scan θ-2θ X-ray diffraction (XRD) profile of a film grown at 

550 °C substrate temperature. Two substrate peaks are observed corresponding toY-

ZrO2(111) and Y-ZrO2(222) reflections. To higher angles of these peaks, epilayer 

In2O3(222) and In2O3(444) can be seen. The intermediate (333) epilayer reflection is 

however forbidden due to the body centering in In2O3. All the other films gave similar 

XRD profiles. X-ray diffraction therefore confirms that all the In2O3 films grow 

epitaxially with the (111) planes of the epilayer parallel to the (111) direction of the YSZ, 

regardless of the substrate temperature. Figure 5.4b shows more detailed scans across the 

In2O3(222) and YSZ(111) reflections for In2O3 films grown at different temperatures 

presented on a logarithmic scale.  It can be seen that the (222) reflections from the In2O3 

epilayer shift to lower angle with increasing growth temperature, indicating an increase 

in the out-of-plane d spacing. The out-of-plane d spacings obtained from the measured 
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positions of the (222) diffraction peaks are plotted in Figure 5.4c. All the values are 

lower than the value of a/3 = 0.5841 nm expected from the bulk lattice constant of 

In2O3 (a = 1.0117 nm). The reduced values of the d spacing can be explained on the basis 

that the In2O3 film is placed under tensile stress due to the 1.6% mismatch between YSZ 

substrate and the In2O3 epilayer. The tensile stress gives rise to a lateral expansion in-

plane, which in turn leads to a decrease in the interatomic separations normal to the 

surface. It can also be seen that the continuous films grown below 600 °C are under 

higher tensile strain than films grown at temperature above 700 °C. Moreover there is an 

abrupt relaxation of strain between growth temperatures of 600 °C and 700 °C. These 

changes parallel those seen in AFM where continuous granular films grown at 600 C 

break up to give the characteristic mesa-like structure of films grown at 700 C. The 

changes arise because limited thermal energy is available at lower temperatures to 

overcome the kinetic barrier to formation of the dislocations which allow release of strain. 

Nonetheless the d spacing for films grown at the highest temperature of 860 C is still 

significantly less than the bulk value alluded to above so that release of strain is not 

complete. The changes found for growth on (111) oriented substrates parallel those seen 

for films grown on (100) substrates2, 3. However on the latter substrates the “break-up” is 

more complete and films grown at 900 C consist of an array of isolated truncated square 

pyramidal islands with typical lateral dimensions of order 1 m. For films grown on (100) 

oriented substrates the energy associated with release of strain is augmented by 

development of {111} side facets on the pyramidal islands, which reduces the overall 

surface energy.  
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Figure 5.4. (a) Wide scan θ-2θ x-ray diffraction profile of In2O3 epilayer grown on YSZ (111) at 
550 °C; (b) θ-2θ x-ray diffraction profiles of In2O3 epilayer taken across the substrate (111) peak 
and the epilayer (222) peaks for three different growth temperature: 550 °C, 650 °C and 750 °C; 
(b) Out-of-plane d spacing for epitaxial In2O3 obtained from XRD diffraction peaks as a function 
of growth temperature. 

 

5.4.4 Post-annealing Effects 

Finally we explored the effects of high temperature post-annealing on the film grown at 

550 °C. Figure 5.5a shows an AFM image of a film deposited at the lower temperature 

and then annealed at 750 °C for 1 hour under an oxygen atmosphere. From comparison 

with Figure 5.1a it can be seen that the film becomes flatter after annealing: the RMS 

surface roughness decreases from 4.5 nm to 3.8 nm and the size of the grains increase 
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from 300 nm to about 600 nm, indicating the improved crystalline quality after annealing. 

Moreover it can be seen in Figure 5.5 b that the In2O3(222) XRD peak shifts towards 

lower angle and the out-of-plane constant moves closer to that of the bulk, indicating the 

relaxation of tensile strain by thermal treatment.  

 
Figure 5.5. (a) 10 µm × 10 µm AFM image of In2O3 on YSZ (111) at 550 °C followed by post-
annealing at 750 °C for 2 hours; (b) θ-2θ x-ray diffraction profiles of for the 550 °C as-grown 
sample and 750 °C annealed sample. 

 

 

5.4.5  Summary of Influence of Temperature on the Epitaxial Growth 

 In this section, we have investigated the influence of the growth temperature on the 

epitaxial growth of In2O3 thin films on YSZ(111). The surface morphology shows strong 

temperature dependence. Low temperature growth (T < 650 oC) leads to granular and 

continuous epitaxial thin films. The granular structure degrades the crystalline quality, 
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thus giving rise to low carrier mobility. However when the growth temperature was 

increased to 700 oC or above, the films broke up into micron sized mesa. The mesa films 

exhibited atomic flat surfaces on top, indicating the enhanced crystalline quality resulting 

from growth at high temperature. The improved surface morphology and improved 

crystalline quality that results from increasing the substrate temperature arises because of 

the enhanced surface diffusion length of In and O adatoms. At low temperature the 

dominant kinetic factors give rise to a granular growth mode due to the limited surface 

mobility, while high substrate temperature progressively drives the growth into a region 

where there is thermodynamic control.  X-ray diffraction revealed that this change in 

morphology is associated with release of tensile strain within the epitaxial films. Taken 

together, the present results indicate that 700 oC is the most promising growth 

temperature for high-quality thin films. Thus in the next section, we explore the influence 

of thicknesses on the properties of thin films grown at 700 oC. 

 

5.5 Thickness Dependence of the Strain, Band gap and Transport Properties 

 It turns out that the films grown at 700 oC have the improved morphology and crystalline 

quality. In the this section, we will examine the thickness dependence of the strain, band 

gap and transport properties of epitaxial In2O3 thin films over a range between 35 nm and 

420 nm, using a combination of experimental and computational methods. 

 

5.5.1 Structure and Morphology 

A low magnification TEM image of a 75 nm thick film viewed down the ]011[
_

 direction 

is shown in Figure 5.6 a, revealing a sharp and well defined substrate/epilayer interface. 
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Figure 5.6b shows a high resolution TEM image taken across the interface, whilst Figure 

5.6c is the corresponding selected area electron diffraction (SAED) pattern. The near 

coincidence between the substrate and the epilayer diffraction spots demonstrates the 

faithful epitaxial relationship between the In2O3 film and the YSZ substrate, whilst 

HRTEM demonstrates an atomically sharp interface.  

 

Figure 5.6. Cross-sectional transmission electron microscopy (TEM) results on an In2O3 epilayer 
on YSZ (111), with a thickness of 70 nm: (a) low magnification image, (b) high resolution TEM 

image viewed down the        direction, and (c) corresponding selected area electron diffraction 
(SAED).  

 

 

5.5.2 Evolution of Strain:  X-ray Diffraction 

 Figure 5.7a shows a θ-2θ X-ray diffraction trace for a typical thin film sample with a 

thickness of 105 nm. Epilayer (222) and (444) reflections appear to a slightly higher 

angle of the (111) and (222) reflections of the substrate, but no other peaks are observed 

– the intermediate epilayer (333) reflection is not allowed for a body centred space group.  
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Figure 5.7. (a) θ-2θ x-ray diffraction profile of In2O3 a typical epilayer on Y-stabilised ZrO2 
presented on linear scale showing substrate (111) and (222) reflection, along with epilayer (222) 
and (444) reflections. (b) θ-2θ x-ray diffraction profiles presented on logarithmic scale of In2O3 
epilayer on Y-stabilised ZrO2 taken across the substrate (111) peak and the epilayer (222) peak as 

function of film thickness. (c) Out-of-plane (c) and in-plane (a) lattice constants for epitaxial 
In2O3 obtained from XRD diffraction peaks in (b) using the two different values of the ratio 

between in-plane and out-of-plane strain discussed in the text to derive a. The corresponding 
values for the substrate and for the unstrained In2O3 are shown as horizontal lines. 
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These results confirm that the In2O3 films grow epitaxially, with the (111) planes of the 

epilayer parallel to the (111) planes of the YSZ substrate across the complete range of 

thicknesses studied. Figure 5.7b shows scans across the In2O3(222) and YSZ(111) 

reflections for In2O3 films of different thickness. The In2O3(222) reflection shifts to 

lower angle with increasing film thickness, indicating an increase in the out-of-plane d 

spacing. The change in d spacing can be explained on the basis that the In2O3 film is 

placed under tensile stress due to the 1.6% mismatch between the YSZ substrate and the 

In2O3 epilayer. The tensile stress gives rise to a lateral expansion in-plane, which in turn 

leads to a decrease in the interatomic separations normal to the surface. The unit cell in 

the strained layer is therefore hexagonal rather than cubic with an in-plane lattice 

constant a  that is slightly greater than √2ae and an out-of-plane constant c that is 

slightly less than ae/√3 . For a (111) oriented epilayer of a cubic material, the in-plane 

strain ε  is related to the out-of-plane strain  through the relationship 40: 

 

                                   

          

         
                            

  
where: 

                                                                                                                  
  
 
The Cij are the elastic constants of the bulk material. Due to the absence of large single 

crystal samples, reports on experimental values of the elastic properties of In2O3 are 

scarce. However, using the interatomic potential model that Walsh et al. have 

developed24, the three independent elastic constants were calculated as C11 = 297.75 GPa, 

C12 = 141.78 GPa and C44 = 76.42 GPa and the derived value for C0 as defined above is -

3.13 GPa. It is thus possible to make the estimate: 
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This equation can be given in an alternative approximate form: 

 

                                   

  

   
                                    

   
    

where  is the Poisson ratio. Based on the Poisson ratio determined using our potential 

model ( = 0.323), the uniaxial response remains largely unchanged at 0.954. An 

empirical estimate of  = 0.35 is available from X-ray diffraction data 41, which gives:  

 

                                                                                                           
  

This value is comfortably close to the potential model (within 10%), when one considers 

that the potential model represents the limit at T = 0 K and in the absence of any 

structural defects. The values of c obtained from the -2 diffraction profiles along with 

the derived values of a using the two different estimates of the strain ratio are plotted in 

Figure 5.7c as a function of film thickness. The c values are all lower than the value of 

ae/√3 = 5.843 Å for bulk In2O3, although the values for the thicker films come close to 

this value.  Conversely the value for a   for the thinnest film comes close to matching the 

substrate value of 2√2as expected for a coherently strained epilayer. However, even for 

the thinnest film, the strain does not enable perfect matching. According to Matthews-

Blakeslee theory 42, the critical thickness up to which strained pseudomorphic growth 

mode with perfect lattice matching can be preserved is around 10 nm for 1.6% mismatch. 

Thus even for the thinnest film (35 nm) studied in the current work, one is above this 

limit. However, from studies of heteroepitaxial III-V systems, it has been suggested that 

the Matthews-Blakeslee theory underestimates the critical thickness43. Indeed significant 

lattice relaxation has been found not to occur until layer thicknesses exceed the 

Matthews-Blakeslee limit by about a factor of ten. When the film thickness is increased 
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to above 140 nm, the residual strain is almost completely relaxed, consistent with this 

“Matthews-Blakeslee critical thickness multiplied by ten” rule of thumb.   

      

5.5.3 Surface Morphology: AFM Studies   

The surface morphologies of the In2O3 films show pronounced thickness dependence as 

seen in the AFM images of Figure 5.8.  

 

 
Figure 5.8. AFM images (20 µm × 20 µm) of the surface morphological evolution of the In2O3 
epilayers on YSZ (111) as function of film thickness: (a) 35 nm; (b) 70 nm; (c) 105 nm; (d) 140 
nm; (e) 210 nm; (f) 420 nm. 

                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                              

 The film with 35 nm thickness is continuous (Figure 5.8a), with a reasonably flat surface 

characterised by a root mean square (RMS) roughness of 1.4 nm. The surface is however 
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crossed by ridges with a height of 1.8 nm and width of 180 nm running along <110> 

directions. The ridges intersect each other with a characteristic angle of 60 leading to a 

so-called “cross-hatch” surface morphology. Similar morphology has been observed in 

other heteroepitaxial growth systems with lattice mismatch less than 2%, such as GaAs1-

xPx/GaAs 44 and Si1-xGex/Si 45-47. It has been proposed that the cross-hatch patterns are 

associated with the formation of a network of dislocations at the interface. The 1.6% 

mismatch between In2O3 and YSZ is in the same regime and it is reasonable to conclude 

that the cross-hatch morphology is again associated with strain relaxation by generation 

of misfit dislocations. For slightly thicker films, such as the 70 nm film shown in Figure 

5.8b, the density and amplitude of the cross-hatch ridges increases, with a corresponding 

increase of dislocation density due to dislocation nucleation and multiplication process48.  

This is consistent with the rapid increase of the out-plane lattice constants as the film 

thickness increases, which has been found in the XRD measurements. However, there is 

still residual strain and as this accumulates in the In2O3 film with further increasing 

coverage, a “dewetting” process is favoured49. Pinholes or trenches are formed on the 

surface of a film with nominal thickness of 105 nm (Figure 5.8c), whilst after increasing 

the coverage to 140 nm, the film breaks up into loosely connected mesa with an average 

size of about 2 µm (Figure 5.8d). The observed “dewetting” transition from 2D to island-

like growth indicates the instability of the “cross-hatched” structure above a critical 

thickness. When the coverage is further increased (Figure 5.8e and f), the In2O3 mesa 

grow laterally and gradually coalesce into a continuous flat thin film with atomic steps. 

Meanwhile, a sharp unreconstructed In2O3(111)-(1×1) diffraction pattern is observed 

with in-situ LEED, indicating the high crystal quality of the thin film after the strain 
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relaxation process.  (The surface structures of the atomically flat film will be discussed in 

the next chapter)             

                                      

5.5.4 Electrical Transport Properties 

The electrical properties of the In2O3 films with different thickness were characterised by 

Hall effect measurements using the van der Pauw method at room temperature. Figure 

5.9 shows the Hall mobility and carrier concentration of In2O3 thin films as a function of 

thickness.  

 
Figure 5.9. Thickness dependent room temperature carrier mobility and carrier concentration of 
In2O3 films measured by the Hall effect using the Van der Pauw method. 

 

The 35 nm thick film exhibits the lowest carrier mobility (4.4 cm2V-1s-1) and highest 

carrier concentration (9.1 1018 cm-3). The 420 nm thick film shows the highest carrier 

mobility (73 cm2V-1s-1) and a very low carrier concentration (5.01017 cm-3).  The latter 

is about an order of magnitude lower than the limit for onset of degenerate doping 4. The 

optimal mobility is comparable to values of 110 cm2V-1s-1 reported by Koida and 

Kondo50 for In2O3 grown on YSZ(111) by pulsed laser deposition, although the 

adventitious carrier concentration in this work was a factor of 10 higher than in the 

samples grown here.  Comparably low doping levels to our own and mobilities of 130 
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cm2V-1s-1 were reported by Bierwagen et al. for In2O3 grown on YSZ(001) under In rich 

conditions 51.  

    Analysis of the electronic structure, from explicit DFT calculations of the 

strained 35nm and 420 nm films, reveals that the dispersion in the conduction band does 

not change significantly when the system is strained: the isotropic electron effective mass 

m*=(1/ћ2)(d2ε/dk2) reduces from 0.25 me for the bulk material to 0.22 me and 0.24 me in 

the 35 nm and 420 nm mismatched films, respectively. The carrier mobility is 

proportional to (1/m*); however, the small magnitude of the calculated change suggests 

that the measured change in electron mobility is not determined by a fundamental change 

in the host band structure. The corresponding band dispersion diagrams are plotted in 

Figure 5.10.  

     In heteroepitaxial thin film growth, dislocations are generally in the form of half-

loops comprised of a segment of an edge dislocation parallel to the interface and two 

threading dislocations (TDs), which are inclined or perpendicular the interface.17  For the 

thinner In2O3 film, a high density of dislocation half- loops is generated within the film in 

order to release the misfit strain. The dislocation loops may be associated with non-

stoichiometric donor defects. The nature of donor defects in In2O3 is however a 

controversial issue. The widely presumed assumption that oxygen vacancies act as 

shallow donors has recently been called into question 52 and the oxygen partial pressure 

dependence of the donor concentration suggests instead that the donors in sputtered thin 

films may be singly ionised In-O interstitials 53, that is     
     

     in Kröger-Vink 

notation; further work to clarify the microscopic nature of the defect chemistry is 

currently underway. In addition, dislocations may be decorated by interstitial hydrogen, 

which acts a donor in In2O3 and other closely related oxides 54.  
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Figure 5.10. Electronic band structure of (111) epitaxially strained In2O3 films, as calculated 
using density functional theory. The highest occupied state is set to 0 eV. 

        

The high density of misfit dislocations that must be present in very thin In2O3 films act 

both as donors and as scattering centre for free electrons, giving rise to low carrier 

mobility. As the film thickness increases, the dislocation half-hoops may grow and 

combine together to form long misfit dislocations at the interface. Strain in the films is 

gradually relaxed by the formation of misfit dislocations at the In2O3/YSZ interface. The 

threading dislocation density, however, decreases with increasing film thickness due to 

the combination or mutual annihilation of adjacent threading dislocations. Thus after the 

termination of the strain relaxation process, a high quality In2O3(111) single crystal film 

with 420 nm thickness can be fabricated.  

    Our results are similar to the recent literature on the thickness dependence of the 

conductivity of epitaxial InN films 55-58. There, it was found that the carrier concentration 
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dropped from 31019 cm-3 for films with a thickness of about 50 nm to 21017 cm-3 for 

films of thickness 10,000 nm. At the same time the electron mobility of InN films 

increased by one order of magnitude from about 300 cm2V-1s-1 to about 2,000 cm2V-1s-1  

56, 57. These variations were analysed in terms of a model which identified three parallel 

contributions to the measured carrier density and mobility. The first was associated with 

an essentially constant background bulk carrier concentration. The second contrib ution 

arose from a surface accumulation layer and the third from an interfacial contribution. 

The last of these contributions is associated with threading dislocation arising from the 

misfit strain. It was suggested that the dislocations act as n-type donors and that the 

average density of the dislocations decays exponentially with increasing InN film 

thickness.  

 

5.5.5 Optical Bandgap 

 

 

Figure 5.11. Plot of (h)
2
 against photon energy (h) for In2O3 epitaxial films with thicknesses 

of 35 nm and 420 nm. The curves are extrapolated to (h)
2 

 = 0, in order to determine the 
effective direct optical band gap.  
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Optical absorption spectra for the thickest and thinnest films prepared in the current 

experiments are shown in Figure 5.11. They are presented as plots of (h)2 versus 

photon energy h, where  is the absorption coefficient. This is the conventional way of 

using optical data to determine direct allowed energy gaps and is based on the 

assumption of parabolic bands 59. The linear extrapolations shown in the figure have 

intercepts at h = 3.57 eV for the film with a thickness of 420 nm, and at h = 3.49 eV 

for the film with thickness of 35 nm. The optical gap for the thicker film is in general 

agreement with values reported elsewhere but the small decrease in the band gap for the 

highly strained 35 nm film is a new observation.         

 

Figure 5.12. Predicted band gap changes for mismatched In2O3 films as a function of the 
epitaxial lattice spacing, and relative to that of bulk In2O3. 

 

The effect of epitaxial strain on the band gap of In2O3 was also investigated using DFT 

calculations.60 The band gap changes are shown in Figure 5.12. for a range of epitaxial 

lattice spacing; in each case the compensating uniaxial strain is explicitly taken into 

account. The calculated band gap contraction between the 420 nm and 35 nm films is 

0.06 eV, which compares well to the measured value of 0.08 eV. It has been established 
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that the electronic and optical band gaps are inequivalent due to optically forbidden 

transitions from the valence to conduction bands, arising from the dipole selection rules 

associated with the spatial inversion symmetry. In the strained material, these selection 

rules are maintained and the resulting trends in the optical and electronic band gaps are 

equivalent, i.e. the onset of strong optical transitions still originates from below the top of 

the valence band.         

            The observed changes in the band gap arise from the relative energy difference 

between the valence and conduction bands, but it is instructive to know the absolute 

contributions in order to understand whether these changes arise from a decrease of the 

ionisation potential or increase of the electron affinity of the material. The effect of 

isotropic strain can be characterised through the band gap deformation potential 

characteristic of the material61 :  

   

   

    
 

 

where Eg is the band gap and V is the unit cell volume. For In2O3, we calculate αV to be -

4.21 eV, i.e. compressing the crystal results in a band gap increase. By breaking V down 

into two component absolute deformation potentials for the band edge states, we obtain: 

 

                                  

 

where the valence band deformation potential (αvalence band = -0.10 eV) is much lower than 

the corresponding conduction band potential (αconduction band = -4.31 eV). These results 

demonstrate that the band gap changes in response to lattice strain arise primarily from a 

change in the electron affinity of the materials.  The deformation potential found for 
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In2O3 is greater than values close to -1.7 eV calculated for ZnO 62-66, but less than 

estimates of -7 eV to -8 eV proposed for GaAs and GaN 64, 67.  A deformation potential  

of -4.21 eV is very close to the values of -3.66 eV 64 and -4.2 eV calculated for InN. 

Nonetheless, In2O3 differs from tetrahedral III-V and II-VI semiconductors in that for the 

latter  αvalence band  typically has a positive value that makes a significant contribution to 

the overall value of    . For In2O3 the uppermost flat valence bands are relatively 

insensitive to volume changes. 
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5.6 Concluding Remarks 

 In summary, epitaxial In2O3 thin films with thicknesses ranging from 35 nm to 420 nm 

were grown on YSZ(111) substrates by oxygen plasma assisted MBE. The tensile strain 

caused by the 1.6% lattice mismatch was gradually relaxed with increasing film 

thickness. At the same time it was found that the carrier mobility increased with 

increasing film thickness. High quality (111) oriented films with a low carrier 

concentration (5.0  1017 cm-3) and high mobility (73 cm2V-1s-1) were obtained in the 

thickest films after strain relaxation. Using a combination of classical and quantum 

simulation techniques, the uniaxial compression in response of In2O3 to the epitaxial 

tensile strain was quantified, with the former giving rise to a band gap expansion and the 

latter to a band gap reduction: the net effect is that for thinner highly-mismatched films, 

the band gap is reduced through a lowering of the conduction band state. These are 

general effects, which can be exploited in a wider range of metal-oxide systems, either 

through a judicious choice of growth substrate or through the use of material interfaces 

and superlattices that introduce coherent lattice strain.  It has recently been demonstrated 

that compressive straining of TiO2 thin films results in increased visible light 

absorption68, 69, which can be explained in the same way as In2O3. The implications of 

this phenomenon are broadly ranging, in particular, strain may be used to control the 

redox potentials associated with oxide-based electrochemical devices in addition to open-

circuit voltages in photovoltaic systems.  

           The achievement of high quality In2O3(111) thin films with atomically flat 

surfaces is also the basic step to access its structures with atomic-scale details. In 

following two chapters, we will probe the surface atomic structure (Chapter 6) and 
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electronic structure (Chapter 7) by surface science techniques such as scanning tunnelling 

microscopy and synchrotron based photoemission spectroscopy.   
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Chapter 6: 

The Surface Atomic Structure of In2O3(111) Determined by STM, 

LEED and DFT 

 

 

6.1 Introduction 

In the application of ITO as transparent electrodes in liquid crystal displays (LCD) and 

organic photovoltaics (OPV), the interfaces with other materials are critically 

important.1-4 In an OPV, ITO is used as the transparent hole collecting anode and the 

Fermi level of ITO must be as low as possible to maximize the open-circuit voltage.1, 4, 5 

The surface chemistry of ITO is not easy to control and the material is often chemically 

incompatible with non-polar organic thin films, leading to delamination of the organic 

layers and high series resistances in either organic light emitting diodes or OPV cells.3, 4 

Determining the atomic structure of ITO and indium oxide surfaces is a first step 

towards a molecular understanding of the surface chemistry and is a prerequisite for 

engineering the interface of ITO with other materials at a molecular scale for ultimate 

device optimization. Surprisingly little is known about the surface properties of ITO or 

In2O3.6, 7 There is however some recent work using density functional theory (DFT) 

calculations.8, 9 Golovanov et al. demonstrated that oxygen atoms on the In2O3(100) 

surface undergo dimerization to stabilize the polar surface.8  However following 

progress in the epitaxial growth of high quality In2O3 thin films,10-18 highly ordered 

(001), (110) and (111) surfaces are now available for  investigation by surface science 

techniques such as scanning tunnelling microscopy (STM) and low energy electron 
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diffraction (LEED)19-21. Experimental results from Diebold’s group on Sn-doped 

In2O3(100) sample confirmed the theoretical prediction of oxygen dimerization and also 

suggested that the Sn doping provides another channel to stabilize this polar surface.20 

STM studies on Sn-doped In2O3(111) reveal that the (111) surface is stoichiometric and 

has a (1 × 1) termination.19  

           As shown in Chapter 4 and 5 and references therein, the low energy of the (111) 

surface allows growth of continuous (111) oriented epitaxial thin films which exhibits 

large atomically smooth terraces.21, 22 The high-quality surface of the films enables 

detailed surface structural characterization.  In this Chapter, we present a determination 

of the atomic structure of In2O3(111) and Sn-doped In2O3(111) by high resolution STM 

and analysis of intensity/voltage (I/V) curves in LEED, coupled with density functional 

theory calculations. 

 

6.2 Experimental Details  

 

6.2.1 Thin Film Growth 

Epitaxial thin films of undoped In2O3 and 3% Sn-doped In2O3 (ITO) were grown on 1 

cm × 1 cm Y-ZrO2(111) substrates in the oxide MBE system at a substrate temperature 

of 700 °C with oxygen plasma pressure of 3  10-5 mbar.  Both films were then grown 

to a thickness of 210 nm, with a nominal growth rate was 0.035 nm s-1, as calibrated 

from the film thickness derived from HRTEM measurements. In situ LEED was carried 

out in an analysis chamber connected to the growth chamber.  
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6.2.2 Scanning Tunnelling Microscopy 

Clean (111) surfaces could be easily regenerated in a second ex situ ultra high vacuum 

(UHV) system in the Surface Science Laboratory 1 (SSL1), National University of 

Singapore. The undoped In2O3 sample was cleaned by repeated cycles of bombardment 

with 500 eV argon ions followed by annealing at 600 oC for 60 minutes. The STM 

experiments were carried out in a home-built multichamber UHV system housing an 

Omicron low temperature STM with a base pressure better than 2×10-10 mbar. The 

STM was operated with a Nanonis controller (Nanonis, Switzerland). STM images 

were obtained in constant-current mode with a chemically etched tungsten tip at 77 K.   

 

6.2.3  Low Energy Electron Diffraction 

The LEED experiments were conducted in a standard UHV surface science chamber in 

Surface Science Centre, University of Liverpool, containing a PSP Vacuum 

Technology electron energy analyser, dual anode X-ray source, rear view LEED optics 

from OCI Vacuum Microengineering and an Omicron STM operating at room 

temperature. The base pressure of the system was less than 2×10−10 mbar, with 

hydrogen as the main residual gas in the chamber. The In2O3 and Sn-doped samples 

were cleaned by repeated cycles of Ar+ sputtering at an energy of 500 eV and annealing 

at 500 oC in UHV. The cleanliness of the final surface was confirmed by XPS, where 

no C 1s signal could be observed. 

 

6.3 Density Functional Theory Calculations on In2O3 (111) Terminated Surface 

The relaxed surface structure of In2O3 (111) was performed by Dr. A. Walsh using 

density functional theory, within the generalized gradient approximation (PBE),23 as 

implemented in the VASP package.24, 25 The plane-wave kinetic energy threshold (500 
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eV) and k-point density (4×4×4) were both well-converged for the bulk system. Starting 

from the relaxed bulk bixbyite lattice (a = 1.030 nm), 2D surface models were 

constructed using a periodic arrangement of slabs, separated with a 20 Å vacuum 

region. Convergence of the surface energy  with respect to slab thickness resulted in a 

model containing 48 formula units (i.e. 6 quadrupolar layers) for the (111) surface. Ions 

in the top two quadrupolar units were allowed to relax, while all other layers were held 

at their bulk lattice positions. Simulated annealing was performed to assess the stability 

of the resulting structures at 750 K and no further relaxations or reconstructions were 

found to occur. Indeed, from a comparison of the low index terminations at the same 

level of theory, the (111) surface was found to be thermodynamically stable. Lateral 

relaxations were found to be very small, especially in the second quadrupolar layer 

where all lateral movements were less than 0.06 Å: in the outer O and In layers most 

lateral relaxations were less than 0.10 Å, with maximum values of 0.17 Å for O and In 

with reduced coordination environments. Vertical relaxations were also small, as will 

be discussed below.  

 

6. 4. Results and Analysis 

 

6.4.1 Surface Geometric Structures 

LEED investigation on the (111) surface was performed by in-situ immediately after 

the growth of thin films. Figure 6.1 presents a typical LEED pattern measured with 

electron beam energy of 80 eV, showing a sharp pattern with 3-fold symmetry. The 

lattice constant is estimated to be 14.0 Å, which is associated with the bulk terminated 

(1 × 1) unit cell length of the In2O3(111) surface      . Morales et al. demonstrated the 
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same (1 × 1) surface termination on Sn-doped In2O3(111) thin films.19 This is 

associated with the fact that In2O3(111) is thermodynamically stable and non-polar 

surface, as demonstrated in chapter 4.  

 
 

Figure 6.1 A typical in situ LEED pattern of the In2O3(111)-(1 × 1) surface with electron beam 
energy 80 eV. 

 

The (111) surface contains repeating quadrupolar grouping of anionic and cationic 

layers (see Figure 6.2b and c). Equal number of In-O and O-In bonds are broken to 

form the (111) surface, fulfilling the criterion for a stoichiometric surface. It has been 

shown in chapter 4 that the surface energies of three low index In2O3 surfaces follow 

the order a sequence γ(111) < γ(110) < γ(100)O < γ(100)In, based on ab initio total 

energy calculations.22, 26 The bixbyite surfaces of In2O3 are very similar in appearance to 

those of the parent fluorite structure,  although there is minor rumpling within the cation 

layers due to the relaxations in atomic positions associated with the intrinsic vacant 

oxygen sites within the structure. The bulk-terminated (1 × 1) bixbyite surface of In2O3 

is similar to the most stable (111) surface of fluorite oxides such as UO2 and CeO2, 

which exhibit stable bulk-terminated (1 × 1) reconstructions.27-29            
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Figure 6.2. (a) Crystal structure representation of the bixbyite In2O3 unit cell; (b) side view of 

the low index (111) surface; (c) top view of (111) surface; In is coloured blue (large balls), with 

red reserved for oxygen (small balls). (Image adapted from reference
26

) 

 

The surface morphologies of the as-grown In2O3(111) thin film was examined by ex-

situ AFM images. Figure 6.3a shows a large area image (5 μm × 5 μm) of 210 nm thick 

In2O3. The surface is very smooth (rms roughness = 3 nm), with triangular spiral 

hillocks. In the zoom-in image (Figure 6.3b), atomic steps predominantly aligned along 

the       directions can be clearly resolved. The height of steps is around 3.0 Å  

which corresponds to the thickness of an O-In-O quadrupolar layer (     ). The 

triangular hillocks are further resolved with a height of ~ 5 nm. A screw dislocation can 

be seen at the peak of the hillocks (Figure 6.3c).  The AFM results thus point towards 

spiral growth of the In2O3 thin film on YSZ (111). It was postulated by Burton, 

Cabrera, and Frank ( is so-called BCF theory) that a screw dislocation emerging on the 

surface provides a continuous step source for materials growth at low supersaturation, 

leading to the formation of spiral hilllocks30. The spiral growth mode has been observed 

(a)

(b)

(c)
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in many heteroepitaxial systems such as thin films of superconductors31, gallium 

nitrides32, 33’32 and even organic materials34.  As shown in the last Chapter, we have 

shown that the growth of In2O3 films experienced “dewetting” of 2D micron sized mesa 

followed by coalescence into continuous films (in the present stage) process as the 

coverage increases. Thus the spiral steps provide the dominant channels for further film 

growth. Figure 6.3d shows an image of a film with a thickness of 420 nm. The surface 

clearly features triangular hillocks of lateral dimensions of order 1 μm and 20 nm in 

height.           

 

Figure 6.3. (a) A large area image (5 μm × 5 μm) of the 210 nm thick In2O3, featuring 

triangular spiral hillocks. (b) A zoom-in image (Figure 6.3 b), with atomic steps predominantly 

aligned along       drirections; (c) A zoom-in image on top of a spiral hillock showing a  

screw dislocation; (d) A large area image (10 μm × 10 μm) of the 420 nm thick In2O3, showing 

the hillocks have a size of 2000 nm.  

 

 

(a) (b)

(c) (d)

(b)

1000 nm 400 nm

200 nm 2000 nm
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Figure 6.4. (a) A large area (100 nm × 100 nm) STM image of the sputtering and 
annealed In2O3(111)-(1×1) surface, revealing flat terraces separated by monatomic steps 

of 2.9 Å; (b) An atomically resolved empty state STM image (5 nm × 5 nm); Vsample = -
1.8V, It = 300 pA;  (c) A high-resolution STM image of the In2O3(111)-(1×1) unit cell; 
(d) corresponding DFT simulated  density of empty states, showing that the 4 six- fold 

coordinated In atoms possess the highest density of empty states (red colour).   
 

 

The flat nature In2O3 film motivated us to study the atomic structure with high-

resolution STM. The (1 × 1) surface can be regenerated by cycles of Ar+ sputtering, 

followed by annealing at 600 oC in UHV. A large area STM image (Figure 6.4a) 

revealed that the prepared surfaces contained flat terraces separated by monatomic steps 

of height 2.9 ÅThe ex-situ prepared surface displays a different morphology from that 

of the as-grown thin film, probably induced by the disruption produced by the Ar+ 

beam. Nevertheless, atomic resolution images can be obtained in empty state imaging ( 

+ 1.8 V sample bias with a tunnelling current of 0.3 nA), see Figure 6.4b. The image 

clearly shows the (1 × 1) hexagonal arrangement of bright protrusions, as indicated in 

(a) (b)

(c) (d)
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Figure 6.4c (side length ~1.4 nm). Since the STM image was obtained by tunnelling 

empty states, which are mainly derived from In 5s-orbital.26, 35, 36 This scenario is in line 

with STM studies of many metal oxides such as TiO2
37, 38 and CeO2

39, 40. The contrast in 

the STM images of these materials largely originated from surface electronic effects. 

Thus bright protrusions in the empty state images of TiO2 reflect the positions of Ti 

ions, in spite the fact that O atoms are geometrically higher. We thus assign the bright 

protrusions on the image to In atoms.  As shown in reference19, each unit cell of the 

(111) surface contains 12 five- fold coordinated In atoms and 4 six- fold coordinated In 

atoms. The density of states simulated by DFT (Figure 6.4d) shows that the 4 six- fold 

coordinated In atoms possess the highest density of empty states. This matches well 

with the current empty state STM images.  The bright protrusions are therefore assigned 

to In atoms with 4 six-fold coordination. The sub-highest empty states originating from 

the five-fold coordinated In atoms can also be imaged by STM as indicated in the 

image. Similarly the stoichiometric TiO2(110)-(1 × 1) surface showed the bright and 

dark rows along [001] direction in the empty state STM images.38 Diebold et al. have 

demonstrated based on pseudopotential calculations that the bright rows were attributed 

to the Ti atoms with five-fold coordination. 

            It should be noted that our atomically resolved STM images are different to 

those reported by Morales et al. for 4% Sn-doped In2O3 (ITO) thin film (12 nm thick).19 

In this study, the unit cell of the ITO(111) was imaged as triangular shaped depressions 

and protrusions in the empty state image. The authors attributed the contrasts to the In 

5s-derived nature as well, but from the five-fold coordinated In atoms. The discrepancy 

is likely due to the fact that STM images of metal oxide surface are strongly influenced 

by different sample preparation procedures. The surface stoichiometry, defects and 

strain within the films can give rise to a variety of STM images even in the same 
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imaging conditions, for example TiO2 surfaces.38, 41 The ex-situ prepared surface may 

have different surface states compared with the in-situ STM imaging by Morales et al. 

Furthermore strain in the very thin film (12 nm) used by Morales et. al. and Sn doping 

can be another possibility to induce this discrepancy. Further systematic STM studies 

are needed to elucidate this issue. 

 

6.4.2 Analysis of LEED Data 

STM can only provide information about the in-plane surface atomic structure. To 

probe the out-plane relaxation, we performed a LEED I–V study, in which the intensity 

of the diffraction spots as a function of the energy of the incident electrons (LEED I–V 

spectra) was measured at normal incidence of the primary beam. he surfaces gave 

sharp (1 × 1) LEED patterns with a low background (Figure 6.5).  

 

 

 
Figure 6.5. LEED patterns from Sn-In2O3(111) measured at beam energy indicated. 

 

 

 

25 eV 67 eV



Chapter 6: Surface Atomic Structure of In2O3(111) 

154 
 

The I-V spectra were background subtracted and normalised with respect to the primary 

beam current. The intensities of the symmetrically equivalent spots were averaged in 

order to reduce experimental noise. The data set that was gathered at 300 K consisted of 

8 beams, ranging in energy from 20 eV to a maximum of 250 eV. The cumulative 

energy range was 1270 eV. The useful energy range was limited by two factors. Firstly 

owing to the large lateral size of the surface unit cell, low order spots converged into 

the electron gun at fairly low kinetic energies. Secondly higher order spots rapidly 

faded into the background for kinetic energies much in excess of 200 eV, thus imposing 

further limitations on the data range.  

 

 
Figure 6.6. Experimental LEED I/V data for the 8 independent beams used to determine the 
surface structure of Sn-In2O3(111) along with I/V curves computed for model structure. The 
Pendry R-factors for the individual beams are indicated in the figure. 
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The dynamical LEED calculations were performed by K. Pussi from Lappeenranta 

University of Technology, Finland using the Tensor-LEED program.42 The relativistic 

phase shifts were calculated using the phase shift program43 that is packaged with 

Tensor-LEED. The agreement between the theory and the experiment was tested using 

the Pendry R-factor and the error bars quoted are calculated using the Pendry R-

function.44 Four different sets of phase shifts were used: two for oxygen and two for 

indium. At the beginning of the analysis the Debye temperatures were set to 1000 K for 

both O and In. The lmax value was set to 8 and the imaginary part of inner potential was 

set to -5.0 eV. These values were optimised in the final stages of the analysis. The real 

part of the inner potential is independent of energy and was allowed to relax as is 

normal in the LEED analysis.      

            It is customary to use different Debye temperatures for surface and bulk atoms 

in LEED analysis. This does not usually have any effect on the geometry of the model 

but it usually makes the agreement (R-factor) better. In this analysis the topmost O 

atoms and the In atoms in the topmost quadrupole were given different Debye 

temperature to the values for bulk O and bulk In. The starting values for the Debye  

temperatures were chosen by "trial and error" starting from the tabulated value of 108 K 

for In and 500 K for O. Surprisingly high Debye temperature values were favoured for 

both O and In (1000 K). At the end of analysis the Debye temperature values were 

optimized to 400 K and 700 K for the "surface" and bulk In respectively and to 1100 K 

and 1500 K for the surface and bulk O. 

           The calculation of phase shifts for metal oxides is addressed in detail in the paper 

of Nascimento et al.45 These authors review the methods that have been used previously 

and also prescribe a technique for calculating the phase shifts for metal oxides. Because 

of the charge transfer between the oxygen and metal atoms, the calculation of phase 
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shifts is less straightforward than is usual. Instead of using empirical muffin tin radii for 

neutral atoms as is usually the case, one must take account must be taken of the fact that 

the fact that the In cations have smaller radii than neutral In and the oxide ions will 

have larger radii than the neutral O atom. However there is substantial covalency in 

In2O3 so that a priori it may be anticipated that the values will be quite close to those 

for the neutral atoms.  In this study, we have chosen to make arbitrary adjustments to 

the radii for In and O in the phase shift calculation, until the best fit was reached.  The 

final values of the radii were 1.57 Å for In (bulk value 1.625Å) and 0.65 Å for O (bulk 

value 0.60 Å). 

           Nascimento et al.45 also discussed the use of energy dependent imaginary and 

real parts of the inner potential. In the current study, the energy dependence of the real 

and imaginary components of the inner potential was also considered, but in our case it 

did not have any effect on the R-factor. This is probably due the fact that the energy 

range of our study is quite small (20 eV-250 eV) and the changes in the inner potential 

in this range are also likely to be small. Also our data did not have many peaks. 

Ignoring the energy dependence of inner potential could cause systematic errors if one 

had a data set with a large energy range and many peaks in the data (because the Pendry 

R-factor is most sensitive to the peak positions).  

           The geometrical parameters are optimized only in the vertical (z) direction, 

because normal incidence LEED is not very sensitive to the lateral parameters and our 

data set was limited in range. However, as discussed above, the DFT studies suggest 

that lateral relaxations are in general very small indeed. The ions in the top two 

quadrupolar layers were allowed to relax normal to the surface and the deeper layers 

were kept fixed, as in the DFT calculations. Although 80 atoms were therefore allowed 

to relax, symmetry constraints dictated that only 28 positional parameters were re fined, 
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along with the real part of the inner potential. This corresponds to 1270/29 eV = 44 eV 

of raw data per parameter. All parameters were refined simultaneously, starting from an 

experimental bulk cut structure. Since the DFT calculations had not suggested 

alternative low energy structures, no alternative structures were refined. However in 

some preliminary investigations the structural refinement was launched from a starting 

point where the lattice was expanded by about 8% in the z direction. This structure 

refined back toward essentially the same the bulk cut structure as found in our final 

analysis.  

            The error bars on the oxygen positions are larger and increase with depth below 

the surface from 0.07 Å and 0.10 Å in the outermost layer through ranges of 0.14 Å - 

0.20 Å, 0.20 Å - 0.30 Å and 0.30 Å - 0.30 Å in the next three layers. For some oxygen 

ions no error bars could be defined, because the R-factor curve was flat around the 

oxygen position. The final Pendry R-factor is 0.31. Figure 6.6 shows the comparison 

between the best fit I/V curves and the experimental data for the 8 independent beams 

that were studied.  

           The Pendry R factor derived from the fit to experimental data in the present work 

is comparable to values reported in recent surface structure determinations for oxides by 

LEED I/V analysis e.g. Ca1.5Sr0.5RuO4 RP = 0.2845; TiO2(110) (1×1) RP = 0.2946 

recently improved to RP = 0.2347; Fe3O4(001) (2  2) R45° RP = 0.3448; and 

CoO(001) on Ag(001) RP = 0.27.49  It may be noted that in the current study 80 atoms 

were allowed to relax from their bulk positions so that the complexity of the problem is 

comparable to that for Fe3O4(001) (2  2) where 53 structural parameters were 

refined: the final R factors in these two structural determinations are very similar.  
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The structure derived from the LEED experiments is shown in Figure 6.7. The 

experimental surface structure depicted is very close to the bulk truncated structure 

although there are very small vertical relaxations with the following ranges in 

successive ionic layers: O1(outer) -0.18 Å to +0.19 Å; In1 -0.07 Å to +0.13 Å; O1(inner) -

0.04 Å to + 0.21 Å; O2(outer) -0.37 Å to +0.11 Å; In2 -0.03 Å to +0.11 Å; O2(inner) -0.09 Å 

to +0.17 Å. In most cases these relaxation are comparable with the error bars. Due to 

the minor redistributions of the In and O positions within the relevant atomic layers the 

straddle in ion positions within a single ionic layer close to the surface is slightly 

different to that in the bulk. This is particularly apparent in the “inner” O layer of the 

first quadrupole. There is also a small contraction in the distances between the ions in 

the outermost         
           

          
     quadrupolar unit by a net inward 

relaxation of the outermost        
    layer coupled outward relaxation of the first 

        
    layer and even more pronounced outward relaxation of the next O layer.  

 

 

 Figure 6.7. The relaxed surface structure of In2O3(111) derived from LEED. 
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Figure 6.8. Schematic representation of the structure for In2O3(111) derived from truncation of 
the bulk structure and from analysis of LEED I/V data. Comparative diagrams for a bulk cut 
DFT structure and a relaxed DFT structure are also shown. Owing to the complexity of the 
structures individual atomic positions are not shown but the spread of atomic positions within 
components of the quadrupolar layers that are characteristic of the (111) surface are represented 
by the width of the horizontal stripes. The numbers inside the stripes give the straddle of atomic 
positions within a layer (in Å), while the figures in parentheses for the LEED and relaxed DFT 
structures give the average vertical relaxation of the atoms within a given layer (also in Å). 
Positive numbers refer to inward relaxation; while negative refer to outward relaxation.  

 

A schematic of the experimentally determined structure is shown in Figure 6.8 

alongside a similar schematic for the bulk truncated structure. This diagram represents 

the successive O-In-O-O-In-O ionic layers in terms of a series of horizontal stripes. The 

widths of the stripes in this figure represent the straddle in the distribution of atomic 

positions within the layers, whilst the numbers within the stripes of the LEED structure 

indicate the average relaxation in atomic positions within a given stripe. For 

comparison the figure also includes an analogous schematic representation of the bulk 

cut and relaxed surface structures derived from DFT calculations. In general there is 
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good agreement between the magnitudes and directions of the average relaxations as 

derived from LEED and DFT calculations.  

The very small relaxations found in the present study are comparable to those found in 

a LEED study of the (111) surfaces of the ionic fluorite compounds CaF2 and BaF2 50. 

Here the outer fluoride ions were found to have inward relaxations of 0.03 Å and 0.12 

Å respectively, but the inward relaxation of the outermost cation layer was only 0.01 Å 

in each case. Similarly for UO2(111), potential based models51 suggest an inward 

relaxation of 0.11 Å for the outer oxygen layer but an outward relaxation of 0.03 Å for 

the first uranium layer. The relatively small relaxations that seem to be a general feature 

for fluorite and fluourite- like (111) surfaces are consistent with the fact that this surface 

is thermodynamically favoured over other terminations.  
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6.5 Conclusions 

In this chapter, the surface structure of In2O3 (111) has been determined using a 

combination of scanning tunnelling microscopy, low energy electron diffraction of 

single-crystal thin films and first-principles ab initio calculations. It turns out that the 

(111) has a bulk terminated (1 × 1) surface structure, as expected from the low surface 

energy of the (111) surface. Atomically resolved empty-state STM images are mainly 

attributed to the In 5s-derived conduction band, consistent with the electron density 

isosurface for the lower unoccupied conduction band  tate simulated by DFT.  Since 

In2O3 has 80 atoms in the unit cell, fitting the LEED data to an experimental structure is 

not trivial. However, we have achieved an acceptable Pendry R-factor of 0.31. It 

transpires that bulk terminated In2O3(111)  have relatively minor relaxations normal to 

the surface which cause a reduction in the spacings between quadrupolar layers close to 

the surface. Good agreement is found between the experimental surface structure and 

that derived from ab initio density functional theory calculations. This result 

emphasises the benefit of a multi-technique approach to resolving surface structure. The 

same features are expected for other materials adopting the bixbyite crystal structure.  
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Chapter 7  

The Surface Electronic Structure of In2O3 Probed by Photoemission 

Spectroscopy 

 

7.1 Introduction 

Following development of procedures to achieve high-quality thin films and atomically 

clean surfaces, this chapter will turn to probing the electronic structures of In2O3 and Sn-

doped In2O3 surfaces by synchrotron-based photoemission spectroscopy (PES) excited 

with photon energies ranging from the ultraviolet (6-40 eV), through the soft X-ray 

regime (40-1486.6 eV) to hard X-rays (6000 eV). PES is a widely used technique for 

studying the electronic structures of solids, specifically the filled valence band and core 

level states. The variation of intensities of features in the valence band regime with 

photon excitation energy gives information about the partial densities of states in the 

valence band and hence the hybridization or mixing of the component atomic orbitals: at 

sufficiently high photon energies PES basically measures the sum of partial densities of 

states, each  weighted by photon-energy dependent ionization cross-sections.1 Moreover, 

the valence electron inelastic mean free path length in soft X-ray PES is probably of the 

order of 25 Å but under 6000 eV excitation the path length increases to values around 60 

Å. This enables one to distinguish surface states from “bulk” electronic states. In this 

chapter, it is shown that a pronounced electron accumulation layer presents itself at the 

surfaces of undoped In2O3 films with very low carrier concentrations.2-4 The downward 

band bending associated with electron accumulation in the near surface region, gives rise 
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to quantized electron subband states near the Fermi level. The effect of Sn doping on the 

electronic structures will also be discussed.  

 

7.2 Experimental details 

7.2.1 MBE Samples 

In2O3 and 2% Sn-doped In2O3 thin films were grown on 1 cm × 1 cm Y-ZrO2 substrates 

in the oxide MBE system with an oxygen plasma pressure of 3  10-5 mbar. The 

In2O3(111), (110) and Sn-doped In2O3 (111) samples were grown at a substrate 

temperature of 700 °C, while the (100) sample was grown at 650°C. The carrier 

concentrations (and mobilities) for the In2O3(111), (110) and (100) films were 

determined from single field Hall effect measurements to be 11018 cm-3 (56 cm2V-1s-1), 

31018 cm-3 (56 cm2V-1s-1) and 61018 cm-3 (32 cm2V-1s-1), respectively. Since the (111) 

sample had the lowest level of doping due to defects, most of the PES results in the 

following chapter are derived from high quality (111) oriented films.  The carrier 

concentrations (and mobility) for the 2% Sn-doped In2O3(111) was measured to be 6.8  

1020 cm-3 (34 cm2V-1s-1). 

 

7.2.2 Photoemission spectroscopy 

High resolution conventional Al Kα X-ray photoemission spectra were measured in a 

Scienta ESCA 300 spectrometer at the National Centre for Electron Spectroscopy and 

Surface Analysis (NCESS) at Daresbury Laboratory (UK).5  The detailed experimental 

setup has been described in Chapter 3. Gaussian convolution of the analyser resolution 

with a linewidth of 260 meV for the x-ray source gives an effective instrument resolution 
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of 400 meV. Energies were referenced relative to Fermi level onsets of Ag samples used 

to calibrate the spectrometer. The silver Fermi level was found to coincide with weak but 

well defined Fermi edges found for the doped In2O3 samples. 

 UV photoemission spectra excited with photon energies in the range 6 eV - 40 eV 

range were measured at the BaDElPh beamline of the Elettra Synchrotron Light Source, 

Trieste, Italy.6 The detailed experimental setup has been described in Chapter 3. 

Measurements were performed at room temperature with pressure better than 5 × 10−11 

mbar. The surfaces of In2O3 and Sn-doped samples were cleaned by repeated cycles of 

Ar+ sputtering (500 eV) and annealing at 700 oC in UHV for 1 hour. Well ordered (1 × 1) 

LEED pattern and no trace of C 1s signal from XPS confirmed the cleanliness of the 

surfaces. 

 Further soft X-ray photoemission measurements were performed on beamline I311 

of the MAX II synchrotron housed at MAXLAB, Lund, Sweden.7 The beamline is based 

on a 48.5 period undulator and operates in an energy range between 40 eV and 1500 eV. 

The ultrahigh vacuum endstation incorporates facilities for sample heating and rearview 

LEED optics, whilst the analysis chamber houses a Scienta SES200 spherical sector 

electron energy analyser. Clean surfaces exhibiting a (11) reconstruction were easily 

regenerated by heating the samples to 700 °C for several hours.  

 Hard X-ray photoemission measurements at hγ = 6000 eV were performed on 

beamline ID16 of the European Synchrotron Radiation Facility (ESRF) in Grenoble 

France, using the VOLPE volume photoemission endstation.8 Photoelectrons were 

collected in normal emission in the horizontal plane, so that the angle between the 

offtake direction and both the propagation and polarization vectors of the beam was 45°. 

The effective beamline resolution was set at 300 meV at 6000 eV photon energy. The 
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spectrometer resolution was set at 200 meV for  most measurements. The total overall 

energy resolution was 360 meV. The typical time for accumulation valence-band spectra 

was around 4 hours. No sample degradation was observed at higher photon energies.  

 

7.3 Surface Electronic Structure of In2O3: Quantized Electron Accumulation States 

 

7.3.1 Valence Band Structure 

 

Figure 7.1. Total and partial density of states of (a) In2O3 and (b) Sn-doped In2O3. Adapted from 

reference 9
9
.  
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In the ionic model limit the O2- ions of In2O3 have an electron configuration 2p6 while the 

electron configuration of In3+ is 4d105s05p0. In terms of this model the valence band is 

composed of O 2p states and the conduction band derives from In 5s states. However, 

band structure calculations suggest that In2O3 is a highly covalent material, with 

pronounced In 5s and In 5p character found respectively toward the bottom and the 

middle of the valence band, as shown in Figure 7.1.9, 10 Conversely there is 

corresponding O 2p character in the conduction band.  

        PES using a variable incident photon energy provides one means of unravelling the 

contributions of differing atomic orbitals to the occupied states in a solid and indeed this 

approach has been used to study the electronic structure of both CdO11 and SnO2
12, 13. 

Thus photons with energies ranging from 30 eV to 6000 eV were used to excite valence 

band photoemission spectra of In2O3 to assess the extent of mixing between In and O 

orbitals. The results are shown in Figure 7.2a. For convenience of comparison, the 

spectra are normalized to the feature of maximum of intensity in the valence band. Four 

main features may be identified in the spectra labelled as I, II, III, and IV. Peak I has 

maximum intensity at around 3.8 eV binding energy and dominates most of the spectra 

but less prominent shoulders at 5.3 eV (II) and 6.8 eV (III), and 8.4 eV (IV) may also be 

identified.  

         Partial densities of state calculations in Figure 7.1a shows that peak I is 

predominantly O 2p derived (with around 90% O 2p character) but with some mixing 

with In 4d states.9, 10 In the intermediate region (shoulders II and III), O 2p orbitals mix 

and form bands with In 5p orbitals. At the bottom of the valence band in region IV, O 2p 

orbitals mix strongly with In 5s states. It is estimated that the states associated with peak 

IV have around 38% In 5s character and 62% O 2p character.  
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Figure 7.2. (a) Valence band photoemission spectra of In2O3(111) excited at the photon energies 
indicated; (b) One electron ionisation cross sections for O 2p and In 5s states calculated by Yeh 
and Lindau as a function of photon energy; (c) One electron cross section ratio σIn 5s / σO 2p as a 
function of photon energy. 

 

The main changes in the spectra found upon increasing the photon energy are that the 

intensity of the peak IV and to a lesser extent shoulders II and III increases relative to 

peak I. For example, at photon energy of 31 eV, peak I is the strongest feature in the 

valence band. In the reverse way, when the incident photon energy is increased to 6000 

eV, the intensity of peak I relative to IV decreases dramatically and peak IV becomes the 

strongest valence band spectral feature. These striking relative intensity changes arise 

from photon energy dependent photoionization cross-sections for the orbitals involved in 

the valence band. The calculated one electron photoionization cross-sections for O 2p 

and In 5s states, taken from the tabulations of Yeh and Lindau14 is shown in Figure 2b. 

This figure shows that both O 2p and In 5s one electron cross-sections have maxima 

below 100 eV and thereafter decrease monotonically with increasing photon energy. 
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However the decay of the O 2p cross-sections is much more pronounced than for the In 

5s states so that the In 5s / O 2p cross-section ratio increases with increasing photon 

energies and above about 500 eV the In 5s cross section is bigger than that for O 2p, as 

shown in Figure 7.2c. Somewhat surprisingly the standard tabulation of cross sections 

due to Yeh and Lindau did not give values for one ionisation cross-sections of In 5p 

states, although from consideration of cross-sections for Sn 5s and 5p states and from 

values of cross-sections above 1000 eV tabulated by Scofield15 we may infer that the In 

5p cross section is about half that of In 5s states in the energy range between 100 eV and 

1000 eV, thus explaining the variations in the intensities of shoulders II and III. 

 

7.3.2 Evidence for a Surface Electron Accumulation Layer 

Turning now to the empty states of In2O3, it may be seen from the calculated density 

states in Figure 7.1 that the lowest conduction band is primarily of In 5s derived 

character with a significant amount of mixing of O 2p character. Figure 7.3 show detailed 

valence and conduction spectra excited with photon energies of 1486.6 eV and 6000 eV. 

Note the conduction band emission near the Fermi energy is magnified. In spectrum 

excited at 1486.6 eV (7.3a), a well defined conduction band feature (peak V) is observed 

at the Fermi energy. From the integrated intensity of the conduction band feature relative 

to that of the valence band and from measurements of plasmon energies on In 3d core 

lines (the calculation will be detailed in section 7.4.3 ), we can estimate that the carrier 

concentration probed in the Al Kα XPS experiment is of the order of 2.6 1020 cm-3.16, 17 

Previously this feature has been assigned to the occupation of In 5s conduction band 

resulting from the adventitious donor defects.18 However the bulk carrier concentration 

based on Hall effect measurements and confirmed by infrared reflectivity is 1.0 1018 
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cm-3, two orders lower than the concentration estimated from Al Kα XPS and much 

lower than the critical Mott criterion concentration (7 1018 cm-3) for degenerate doping. 

Therefore, this suggests there is accumulation of electrons at the near surface region, as 

reported on the In2O3(100) surface by King et al.3, 4  

 

 

 

 

 

 

 

 

 

 

 

 
Figure 7.3.  Detailed valence band 

photoemission spectra of the In2O3(111) film excited at Al Kα h =1486.6 eV (a) measured at 45 

off-take angle and hard x-ray h =6000 eV (b) measured at 90 off-take angle. The conduction 
band emission near Fermi energy is magnified as indicated.   

 

This surface electron accumulation was further confirmed by spectra excited at 6000 eV 

(Figure 3b), where a much weaker conduction band is observed.2-4 Assuming a 

“universal curve” mean free path () of about 2 nm for photoelectrons with a kinetic 

energy close to 1500 eV it can be shown that 97% of the photoelectron signal derives 

from the space charge region to be discussed below at 45 offtake angle.19, 20 Thus Al K 

photoemission is dominated by the space charge region. By contrast in hard X-ray 

photoemission using 6000 eV photons  has been estimated to be about 6 nm. Now the 
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space charge region contributes significantly less (57%) to the total photoelectron signal 

at normal emission, with significant signal coming from the low carrier density “bulk” of 

the sample.  

          The origin of the electron accumulation is linked to the fact that the charge 

neutrality level (CNL) lies well above the conduction band minimum of this material.3, 4  

The CNL is the mid gap energy averaged across all k space. A CNL above the 

conduction band minimum arises when (as for In2O3) the dispersion in the conduction 

band is significantly bigger than the bandgap and dispersion in the upper valence band is 

weak. The surface Fermi level pins close to the CNL, leading to a positive surface charge 

associated with unoccupied donor surface states, and hence an electron accumulation 

layer near surface region to maintain the charge neutrality. This situation is found for a 

few other materials, notably InAs21, InN22, 23 and CdO24.   

 

Figure 7.4. Poisson-MTFA calculations of (a) bending of the conduction band minimum with 
respect to the Fermi level and (b) electron density variation, n(z), as a function of depth,  z, below 
the surface in the In2O3(111) electron accumulation layer. The calculations show that the electron 

accumulation layer extends over a length range of about 5 nm below the surface. 
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The band bending and carrier-concentration profiles as a function of depth below the 

surface have been calculated by solving Poisson’s equation within a modified Thomas-

Fermi approximation (MTFA) incorporating a nonparabolic conduction-band dispersion 

by Dr. Philip King of the University of Warwick.4, 25, 26 The results of these calculations 

are shown in Figure 7.4a (band bending) and b (electron density). Downward band 

bending of around 0.44 eV is compatible with the position of the valence band edge and 

arises from a surface state density of 1.31013 cm-2
. The calculations show that there is a 

pronounced electron accumulation in the near the surface region leading to a maximum 

carrier density of  5.5 1019 cm-3. The accumulation layer takes place over a length range 

of about 5 nm. The discrepancy between the calculated maximum carrier concentration in 

the space charge layer and that inferred from XPS will be discussed later. 

 

Figure 7.5. Al K at h = 1486.6 eV (red) and hard X ray XPS at h = 6000 eV (black) valence 
band spectra of highly degenerate ITO thin film on Si substrate. The carrier concentration is n = 

1.2  10
21

 cm
-3

. At these very high doping levels any band bending at the surface must take place 
over a very small length ranges (c.a. 0.5 nm) compared with effective XPS sampling depths so 
the bands may be regarded as flat. The data show that when the spectra are normalised to the 

same maximum intensity in the O 2p valence band, the conduction band structure in Al K XPS 
must be multiplied by a factor of 4 more than HXPS data to bring the intensities to the same level.  

 

Note that in comparing the conduction band intensities in Figure 7.3, the expansion to the 

Al K data is a factor of 4 higher than to the HXPS data. This is to make allowance for 

Binding energy (eV)
-2024681012

x 20

x 5



Chapter 7: The Electronic Structure of In2O3  

175 
 

the fact that the cross-section for ionisation of In 5s states, which provide the major 

contribution to the conduction band, increases dramatically relative to the cross-section 

for O 2p states at the higher photon energy.27 This is supported the measurements for 

highly doped samples where there is heavily occupied conduction band states and near 

flat band behaviour. As shown in Figure 7.5, conduction band structure is indeed around 

a factor of 4 stronger relative to the maximum intensity in the O 2p valence band in 

HXPS at h = 6000 eV than in Al K XPS.  

            Figure 7.6 show the valence band spectra of the (100) and (110) oriented In2O3 

thin films excited at h =1486.6. It can be seen that both spectra exhibit a well defined 

intensity associated with occupied conduction band states, even though the bulk Fermi 

level is below the conduction band minimum for both samples. This indicates that there 

is a pronounced electron accumulation layer at the surface of both these samples. Thus it 

appears that electron accumulation is an intrinsic property of surfaces of undoped In2O3 

with a low bulk carrier density, regardless of the surface orientation.  

 

Figure 7.6. Valence (black) and conduction (red) band X-ray photoemission spectra of In2O3(100) 

and (110) films excited at Al Kα h =1486.6 eV. 
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7.3.3  Quantized Electron Sub-states 

 

Figure 7.8. (a) Detailed expansion of the conduction band region in photoemission spectra of 

In2O3(111) photoemission spectra excited at the photon energies indicated; (b) The intensity of 

the conduction band with excitation photon energies.    

 

Figure 7.8 shows expansions of the conduction band region in photoemission spectra of  

In2O3(111) excited with photon energies between 6 eV and 35 eV, as measured at the 

beamline BaDElPh of the Elettra Synchrotron Light Source, Italy. The intensity of the 

spectra was normalized relative to the photon beam current measured from a Si diode. It 

is clearly seen that the intensity of the conduction band strongly depends on the photon 

energy, as shown in Figure 7.8b. The conduction band shows a very strong maximum at 

9 eV photon energy, with a very low intensity around 15 eV. This is presumably due to 

the occurrence of several Cooper minima in the cross section profile for ionisation of In 

5s states. 
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Figure 7.9a presents an angle resolved photoemission spectroscopy (ARPES) 

photocurrent intensity mapping of states within 0.6 eV of the Fermi level, excited with 

photon energy of 9 eV at room temperature, where the momentum of the states parallel to 

the surface (k׀׀) is measured as a function of binding energy. Analysis of these data was 

conducted by Dr. P.D.C. King (University of St. Andrews) based on his earlier work on 

CdO and InN. 

 

Figure 7.9. (a) Angle resolved PES photocurrent mapping of Fermi surface states of In
2
O

3
(111) 

with photon energy of 9 eV, showing two subbands nested below the Fermi level; The red curves 

indicate two subbands calculated by Poisson-Schrodingers; (b) an MDC second-derivative image 

of the raw data; (c) Near surface carrier density variation calculated by Poisson-MTFA (Surface 

density 5.9 ×10
13

 cm
-2

); and (d) band bending near surface region.  
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Two dispersive subbands can be observed, as indicated on the map. It must however be 

admitted that the inner state is not very well defined and there is high background 

intensity in the map: nonetheless the overall quasi-quadratic dispersion of the outer state 

is quite obvious. The quantized states can be observed more clearly by taking the second-

derivative of the raw intensity data, as shown in Figure 7.9b. The two subband minima 

are measured to be located at 0.11 eV and 0.35 eV below the Fermi surface at the Γ point.  

Both subband states are symmetric in energy (but not intensity) around the Γ point of the 

surface Brillouin zone and positively dispersed, reflecting the isotropic In 5s 

characteristics of the conduction band in the plane parallel to the surface. The discrete 

subbands result from the quantum confinement effect of the two-dimension quasi-

triangular potential created by downward band bending at the surface of In2O3(111), as 

discussed in the last section. Similar quantized electron subbands have been directly 

observed by ARPES in systems supporting pronounced surface electron accumulation 

layer, including InAs21, InN22 and CdO24.  

            The sheet density associated with the electrons in the quantized subband states 

can also be directly estimated from the measured Fermi wave vectors kF of the subbands 

through the relationship n2D=kF
2/2π. From the Figure 7.9a and 7.9b, the kF values for the 

first and second band are estimated to be 0.10 Å-1 and 0.16 Å-1, corresponding to electron 

densities of 1.6 ×1013 cm-2 and 4.1 ×1013 cm-2, respectively. These give rise to a 

combined areal density of 5.7 ×1013 cm-2.  It should be noted that this value is much 

higher than the value calculated by solving Poisson’s equation with MTFA, assuming the 

same conduction and valence band bending of 0.44 eV as discussed in last section. In 

fact, the 0.44 eV downward band bending is not large enough to yield two subband states 

below Fermi level. By solving the Poisson-Schrodinger equations, it was found that a 1.2 

eV downward band bending of the conduction band was required to achieve the two 
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quantized states below Fermi level as well as the much higher carrier concentration, as 

shown in Figure 7.9c and 7.9d. Given that the valence band bending remains close to 

0.44 eV, these results therefore imply that there is a dramatic reduction in the separation 

between the top of the valence band and the bottom of the conduction band at the surface. 

King et al. have very recently suggested that this shrinkage in the surface band gap arises 

from the same mechanism that produces bandgap renormalisation in the bulk in heavily 

doped samples.28 Here introduction of electrons into the conduction band screens the 

interaction between conduction and valence electrons through many body effects. 

However the reduction of the bandgap at the surface is much bigger than can be observed 

in the bulk at comparable doping levels.  

 The maximum carrier concentration in the space charge layer derived from these 

considerations is 41020 cm-3, i.e. very much higher than discussed in the section 7.3.3. 

Thus recognition that valence and conduction bands may bend by different amounts 

helps resolve the XPS intensity dilemma discussed previously. The electron 

accumulation observed at the surface of the ion bombarded sample discussed in this 

section is however higher than that of the non-bombarded sample discussed previously. 

This can be understood in terms of selective sputtering of oxygen during ion 

bombardment to give surface oxygen vacancies that are not completely healed during 

subsequent annealing. The areal concentration of oxygen atoms in the outer O plane of 

In2O3(111) is 1.171015 cm-2 . If surface oxygen vacancies act as two electron donors as 

has been recently suggested, the observed band bending implies that 2.4% of surface O 

sites are vacant.29 
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7.4  The Influence of Sn Doping on Electronic Structure  

This section will deal with the effect of Sn doping on the electronic structure of In2O3 as 

probed by valence band and core level XPS. The essential effect of Sn is to degenerately 

dope free electrons into the conduction and ultimately move the Fermi level above the 

conduction band minimum. Photoemission spectra of undoped In2O3(111) and of Sn-

doped In2O3(111) excited at h = 600 eV in the region of the In 3d, Sn 3d and O 1s core 

lines are shown in Figure 7.10.  

            As expected the spectrum of the doped samples contains a weak but well defined 

Sn 3d spin-orbit doublet associated with the In dopant: after correction for ionisation 

cross-sections the ratio of concentrations Sn/(In+Sn) in the near surface region probed by 

XPS is estimated to be 2.2%.  This corresponds to a carrier concentration of 6.8  1020 

cm-3, assuming that there is no compensation of Sn by interstitial oxygen.   

 

 

 

 

 

 

 

 

 

 

 
Figure 7.10.  Photoemission spectra of undoped In2O3(111) and Sn-doped In2O3(111) excited at 

hγ = 600 eV encompassing In 3d, Sn 3d and O 1s core levels. 
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7.4.1 The Effect of Doping on Valence Band Structures 

Figure 7.11 shows a comparison of the valence and conduction band spectra of undoped 

In2O3 and Sn-doped In2O3(111) excited at h =1486.6 eV.  

 
Figure 7.11.  (a) Valence and conduction band XPS of  undoped In2O3 (black) and Sn-doped 
In2O3 (red); the carrier concentrations are indicated. (b) A comparison of shift in valence band 
onsets. 
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for the undoped sample. These observations are consistent with upward movement of the 

Fermi level with increased filling of the conduction band as the carrier concentration 
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shift of valence band. Using a two band k·p model, the position of the Fermi level with a 

carrier concentration of 6.8  1020 cm-3 can be estimated to be 0.72 eV above the 

conduction band minimum.17, 30 As discussed in detail above, the nominally undoped 

sample has a pronounced electron accumulation layer at the surface, giving rise to 

downward band bending by about 0.4 eV. A. Walsh et al.31 also showed that bandgap 

renormalisation or shrinkage with doping, which arises mainly from stabilisation of the 

lower conduction band states due to the enhanced attractive potential of Sn as compared 

with In, lowers the bandgap of ITO doped at the present level down the band of ITO by 

about 0.15 eV. The expected shift of (0.72 - 0.40 - 0.15) = 0.17 eV based on these values 

matches the valence band shift from the XPS measurement fairly well.  

 

7.4.2 In 3d Core Level 

The In 3d5/2 core lines of undoped In2O3 and Sn-doped In2O3(111) excited at h =1486.6 

eV are shown in Figure 7.12. It should first be noted that the In 3d5/2 core level of Sn-

doped In2O3 shifts to higher binding energy due to the shift of Fermi level, as discussed 

in last section. The core line of the Sn-doped sample also shows a distinctly asymmetric 

profile, suggesting development of a distinct low binding energy shoulder. In each case 

the spectra may be fitted with two Voigt components. The low binding energy 

component is the narrower of the two and is of dominant Gaussian character. The 

broader high binding energy component is dominantly Lorentzian, hinting at a 

broadening mechanism associated with life-time effects. Similar core level spectra have 

been found for related degenerately doped oxide systems including polycrystalline Sn-

doped In2O3
16, 32, Sb-doped SnO2

33, PbO2-x
34, 35, and Tl2O3-x

36.   



Chapter 7: The Electronic Structure of In2O3  

183 
 

 

       Figure 7.12. Curve fits to the In 3d5/2 core line for (a) undoped In2O3 and (b) Sn-doped In2O3. 

 

Two alternative approaches have been used to describe these complex lineshapes. In a 

model developed by Kotani37 and Wertheim38,  a screening mechanism was proposed in 

which the Coulomb potential of the core hole at an ionized atom creates a localized trap 

state below the conduction band. This is in general possible if the occupied conduction 
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contributing to the conduction band. In this situation, two different final states are then 

possible depending on whether the localized state is filled by an electron from the 
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associated with the screened final state and a lifetime broadened high binding energy 

component with a predominantly Lorentzian lineshape associated with the unscreened 

final state. Within this model the probability of final state screening is expected to 

increase as the carrier concentration increases. Indeed it is found that the relative 

intensity of the low binding energy screened final state peak of the 2.2% Sn-doped In2O3 
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Table I. Data derived by fitting In 3d5/2 core line photoemission spectra to two pseudo-Voigt 

functions: binding energy (BE) (eV), full width at half maximum height (FWHM) (eV), relative 

areas (%) of the components, plasmon energies (ћωp) and subsequently derived carrier 

concentrations (cm
−3

). 

  

A radically different model for the core line satellites is excitation of the conduction 

electron plasmon. The high binding energy unscreened final state gives a peak with a 

broader Lorentzian peak profile whose width reflects the plasmon lifetime, which in turn 

depends on the conduction electron relaxation rate. It was discovered early in the 

application of photoemission techniques to simple metallic solids that plasmon satellites 

make a significant contribution to core level structure in X-ray photoelectron spectra of 

free electron like metals. The parameters derived from curve fits to the In 3d5/2 core lines 

are shown in Table I.  

             The energy shift between the two components of the In 3d5/2 peak for undoped 

In2O3 and Sn-doped In2O3 is 0.44 eV and 0.72 eV. We can use this energy to estimate the 

carrier concentration in the near surface region probed by XPS. The plasma energy ћωp is 

determined by carrier concentration n through the relationship: 

                                                                 
  0

2
2

* 





m

ne
p  

where n is the free carrier density, m* is the electron effective mass, ε(∞) is the high 

frequency dielectric constants and ε0 is the permittivity of free space.  The value for the 

effective mass is taken to be 0.35m0 (where m0 is the electron rest mass) and a dielectric 

Sample  BE (eV) FWHM (eV) Area (%)  ћωp (eV) n (×10
20

cm
-3

) 

In2O3 Screened 

Unscreened 

444.42 

444.86 

     0.72 

    1.15 

  0.27 

  0.73 

0.44 2.6 

2.2%Sn-

In2O3 

Screened 

Unscreened 

444.68 

445.40 

    0.69 

    1.72 

  0.37 

  0.63 

0.72 6.9 
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constant ε(∞) = 4.0 is assumed.32 The carrier concentrations are then estimated to be 2.6 

 1020 cm-3 and 6.9  1020 cm-3 for undoped In2O3 and Sn-doped In2O3 respectively. The 

data for undoped In2O3 gives a carrier concentration which is clearly very much bigger 

than the measured bulk carrier concentration and provides again qualitative evidence for 

surface electron accumulation.  

 

7.4.3 Resonance Effects in Photoemission from Sn-doped In2O3(111) 

Photoemission spectra of the ITO(111) thin film measured at Maxlab are shown in 

Figure 7.13a, and expansions of the region close to the Fermi energy are shown in Figure 

7.13b.  

 

Figure 7.13. (a)Valence band photoemission spectra of Sn-doped In2O3(111) excited at the 
photon energies indicated; (b) expansion of the conduction ban region in photoemission spectra 
of Sn-In2O3(111) in the photon energy regime between 60 eV and 105 eV. 
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A weak feature straddling the Fermi energy is observed for photon energies between 60 

eV and 110 eV: unfortunately at higher photon energies this very weak structure is 

obscured by photoemission arising from second order synchrotron radiation. This 

structure declines in intensity between 70 eV and 80 eV photon energies but then shows 

a pronounced intensity enhancement in the energy range between 85 eV and 95 eV 

before decreasing again.  

 

 

 

 

 

 

 

 
Figure 7.14. Photoemission spectra of Sn-In2O3(111) in region of In 4d, In 4p and In 4s core 

levels measured at h = 1486.6 eV. 
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line shape linked to the In 4p core threshold. The In 4d, In 4p and In 4s core level spectra 

of the sample excited at 1486.6 eV photon energy are shown in Figure 7.14. The In 4p 

core level appears as a very broad feature centred around 80 eV binding energy. The 

large width arises from many electron effects which allow 4p hole states to mix with 

excited 4d hole state – in the nearby element Te this leads to a complete breakdown in 
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the one electron picture for a core hole39. Using a notional configuration 5sC to represent 

partial occupancy of the In 5s derived conduction band the Fano intensity profile is then 

attributed to interference between the direct photoemission channel:  

 

                                  

 

and the channel where resonant photoexcitation is followed by Coster-Krönig decay: 

 

                                

                                    

Very similar resonance structure has been observed13 in photoemission from bandgap 

states with significant Sn 5s in reduced SnO2, although as expected the peaks and the dip 

are shifted to higher photon energy than observed here owing to the greater nuclear 

charge on Sn as compared with In. 
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7.5. Conclusions 

In summary, it has been shown by photon energy dependent PES that In2O3 is a highly 

covalent material, with significant In 5s and In 5p character at the bottom and the middle 

of the valence band and conversely O 2p character at the bottom of conduction band. The 

fact that the charge neutrality level of In2O3 lies well above the conduction band 

minimum leads to a pronounced electron accumulation near to the surface of undoped 

In2O3 films with very low carrier concentrations. The pronounced electron accumulation 

associated with a downward band bending in the near surface region creates a confining 

potential well, which causes the electrons in the conduction band become quantized into 

two subband states, as directly observed by ARPES Fermi surface mapping. The 

accumulation of high density of electrons near to the surface region was found to shrink 

the surface band gap through many body interactions, and thus further increase the value 

of band bending and accumulation electron concentration. The incorporation of Sn 

introduces free electrons into the conduction and gradually moves the Fermi le vel above 

conduction band minimum. Core and valence level spectra shift to higher binding 

energies. The In 3d core line measured at both undoped and Sn-doped In2O3 display an 

asymmetric lineshape, and may be fitted with two components associated with screened 

and unscreened final states, associated with free electrons in the conduction band. 
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Chapter 8 

Domain Matching Epitaxial Growth of In2O3 Films on α-Al2O3(0001) 

 

 
 

 
8.1 Introduction  

In chapters 4 and 5 we showed that fluorite Y-stabilized ZrO2 provides an ideal substrate 

for growth of high quality thin films of bixbyite In2O3 due to the small 1.6% mismatch 

with bcc-In2O3 and the similarity in the crystal structure. In particular, atomically flat 

In2O3(111) films could be grown on Y-stabilized ZrO2(111) substrates due to the fact that 

(111) has the lowest surface energy amongst the low index surfaces.1, 2 The high quality 

of the In2O3 surfaces allowed us to investigate various aspects of the surface physics of 

In2O3. In particular it was found that a pronounced electron accumulation layer is present 

in the near the surface region of undoped In2O3(111).3 

As has been discussed extensively in this thesis, the phase of In2O3 

thermodynamically stable under ambient conditions adopts the body-centred cubic (bcc) 

bixbyite structure, with space group Ia 3  and lattice parameter a = 10.1170 Å.4 The 

structure may be regarded as a 222 superstructure of fluorite with ordered removal of 

O from ¼ of the anion sites. Under high pressure conditions a rhombohedral (rh) phase is 

stabilised.5 The rhombohedral cell belongs to the    c space group but can also be 

described in terms of a hexagonal cell with      5.478 Å and    14.51 Å. The 

structure is based on a hexagonally close packed array of O ions with occupation of 2/3 

of the octahedral holes by In ions: this structure is also adopted by a number of other 

compounds with stoichiometry M2O3. 
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 An alternative substrate to YSZ is α-Al2O3. This material is much cheaper than 

YSZ and is widely used for epitaxial growth of ZnO and GaN.6-9 Like rh-In2O3, -

alumina or corundum belongs to the rhombohedral space group      and the structure is 

usually defined in terms of a hexagonal cell with      4.759 Å and    12.991 Å.10, 

11 Using the subscripts s and e to distinguish between the epilayer and the substrate it can 

be seen that there is a close match between      = 14.277 Å and      = 14.308 Å for 

bcc-In2O3 since: 

                           

i.e. the mismatch m defined in this way is only +0.217%. However ionic positions within 

the unit cells do not coincide optimally when    -                 [    0]. Indeed 

Mei et al. found that an In2O3 epilayer grown on Al2O3(0001) by O-plasma MBE12 at 

680 C was rotated by 30 so that    -                 [    0] with a mismatch   

defined by a 2/3 coincidence structure: 

                             

It can be seen that     is now much bigger. However as will be discussed later, this 

orientation allows the hexagonal mesh of In ions to lie in reasonable registry with the O 

ions in the Al2O3 substrate. As with YSZ substrates, the epilayer is under tensile stress. A 

Hall mobility of 30 cm2V-1s-1 for these films was somewhat disappointing.  

 Elsewhere Yang et al. have reported an in-plane epitaxial relationship    -

                  [11  0] for (111) oriented films grown by metallo-organic chemical 

vapour deposition (MOCVD) using In(CH3)3 and O2 precursors at substrate temperatures 

between 550 C and 750 C.13 This is a puzzling result because the         direction is not 
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orthogonal to      . The result is also at variance with the work of Ambacher and co-

worker, who have made extensive studies of the growth of In2O3 on Al2O3(0001) by 

MOCVD using In(CH3)3 and H2O as precursors 14-19. At high flow rates of the In(CH3)3 

precursor and at low substrate temperatures the bcc polymorph of In2O3 grows with (001) 

orientation, giving the out of plane epitaxial relationships    -            

     [0001] 14-18. This is a surprising result as the (001) surface of In2O3 is a polar 

Tasker type III surface20 with a higher surface energy than the quadrupolar (111) 

surface.1, 2 In-plane, the films were found to be built up from square or rectangular 

domains rotated by 30 relative to each other14 with                     [11   ] 

etc. However at higher temperatures and lower flow rates a biphasic mixture of bcc- and 

  -In2O3 was obtained: phase pure   -In2O3(0001) could be grown at 600 C with 

In(CH3)3 flow rates of around 4 μmole / minute 14, 16, 19. Simple epitaxy with   -

                 [0001] and   -                  [     ] was observed. This 

gives a mismatch: 

                     

 

The   -In2O3 epilayer is under pronounced compressive stress which may help account 

for stabilisation of a phase which can be obtained in the bulk only at very high 

pressures.5 

In this chapter, we present an investigation into the epitaxial growth of bcc- and rh- 

In2O3 on α-Al2O3(0001) by oxygen plasma assisted molecular beam epitaxy. We show 

that despite the large mismatches between the epilayer and the substrate for both phases, 

it is possible to maintain epitaxial growth in both cases by matching different integral 

multiples of lattice planes of the In2O3 and the substrate.  
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8.2. Experimental details 

In2O3 films were grown on 1 cm  1 cm α-Al2O3(0001) substrates in an ultrahigh vacuum 

oxide MBE system (SVT, USA) system with a base pressure of 5  10-9 mbar. This 

incorporated a hot lip indium effusion cell and a radio frequency (RF) oxygen plasma 

atom source operated at 200 W RF power with an oxygen background pressure of 3  10-

5 mbar. Substrates were held by gravity in a recessed Mo mounting plate and heated 

radiatively using a graphite filament. The growth temperature was measured by a 

chromel-alumel thermocouple mounted immediately behind the substrate. The 

Al2O3(0001) substrates were cleaned by exposure to the oxygen atom beam with a 

measured substrate temperature of 900C. Films were then grown over a range of 

substrate temperatures (Ts) between 300 C and 750 C in growth runs whose duration 

extended over a time of 3103 s (50 minutes). The nominal growth rate was 0.035 nm s-1 

calibrated using the thickness from HRTEM measurements and AFM images.  

 High resolution x-ray diffraction (XRD) θ-2θ measurements were performed on a 

Philips Xpert diffractometer using monochromatic CuКα radiation (λ=1.54060 Å). 

Specimens for cross-sectional transmission electron microscopy (TEM) were prepared by 

cutting and mechanical grinding down to 5-10 µm, followed by thinning to electron 

transparency by Ar ion beam milling using a Gatan 691 Precision Ion Polishing System 

(PIPS). Cross-sectional TEM images were collected using a JEOL3000F microscope 

operating at 300 keV. The effect of epitaxial strain at the interface was analyzed using 

geometric phase analysis (GPA) of HRTEM images.21 GPA strain measures were 

obtained after using a large area of the substrate as a reference. A Gaussian mask with 

standard deviation equal to 7.33 pixels was applied in Fourier space, corresponding to a 

spatial resolution of 0.43 nm. The axes were chosen along the principal directions of 
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elastic symmetry, taking the x-axis parallel to the interface and the z-axis normal to the 

interface.  

 The electrical properties of the In2O3 films with different thickness were 

characterised by Hall effect measurements using the van der Pauw method at room 

temperature. Optical absorption spectroscopy measurements were performed at room 

temperature on an ultraviolet-visible Varian Cary 5000 spectrometer.   

 

 

8.3 Results and discussion 

 

8.3.1 Overview of the Growth Morphology 

The crystal structures of the In2O3 films grown at different temperatures were initially 

examined by simple θ-2θ diffraction measurements. Typical XRD profiles are shown in 

Figure 8.1.  

 

 

 
 

 

 

 

 

 

 

 
 

 

 

 

 

 

 
 
Figure 8. 1. Wide scan θ-2θ x-ray diffraction profile of In2O3 epilayer grown on α-Al2O3(0001) 
substrates at growth temperatures of (a) 450 °C, (b) 650 °C (c) grown at 550 °C followed by 
annealing at 750 °C for 30 minutes. 
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It is clear that the thermodynamically stable bcc-In2O3 phase predominates in all films 

with the bcc-In2O3(111) plane parallel to the basal (0001) planes of the Al2O3 substrate.  

For films grown at Ts < 550 C, a minority rh-In2O3 phase is also present with a signature 

provided by the (0006) peak located at 2θ = 37.11°. The rh-In2O3 phase was unstable 

against thermal treatment. As shown in Figure 8.1c, thermal annealing a film grown at 

Ts=550 C by heating at 750  C for 30 minutes promotes the complete transformation of 

the minority rh-In2O3 phase into bcc-In2O3 to give single phase bcc-In2O3(111) thin films. 

Films grown at a substrate temperature higher than 650 °C only exhibit the stable bcc-

In2O3 phase, with predominant bcc-(111) orientation but a small fraction of (001) 

oriented material.   

           AFM was used to examine the film morphology. Figure 8.2a shows large area 

AFM image (2000 nm × 2000 nm) of a film grown at 550oC. The films are rough and 

granular with interconnected trigonal or hexgonal islands, reflecting the rotational 

symmetry of the substrate. The influence of the 3-fold symmetry is less obvious after 

post annealing a film grown at 550 °C at 750 °C (Figure 8.2b).  

 

Figure 8. 2. (a) 2000 nm  2000 nm AFM image of In2O3 sample grown at 550 °C (b) similar 

image after annealing at 750 C for 30 minutes. 

 

(a) (b)
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Figure 8.3. (a) Large area TEM image of In2O3 layer on Al2O3(0001) grown at 550 °C (b) 
expanded  image showing rh inclusion close to the interface surrounded by bcc-In2O3 (c) further 
expanded high resolution image showing contrasting structures of rh and bcc phases of In2O3.  

 

Cross-sectional high resolution TEM was also used to examine the film morphology as 

well as the interfacial structure and epitaxial relationship between the In2O3 and 

Al2O3(0001). Figure 8.3a shows a low magnification image of a biphasic film grown at 

550 °C viewed down the       ] direction of the substrate. The film has a rough and 

irregular surface and several obvious boundaries between different domains. Higher 

resolution images such as that shown in 8.3b in combination with selected area electron 

diffraction allowed us to establish that within the epilayer it was possible to distinguish 

between domains of the bcc and rh polymorphs of In2O3: the latter often appeared as 

inclusions within the bcc phase and usually confined to the interface. The meandering 

boundary between bcc-In2O3 and rh-In2O3 is identified in the higher resolution image of 

8.3c which more clearly distinguishes between the two phases. For the bcc phase the 

epitaxial relationships are confirmed to be bcc-In2O3      ||Al2O3        and bcc-

In2O3      ||Al2O3        i.e. the        direction of the unit cell for the In2O3 epilayer is 
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rotated by 30° from the         direction for the substrate; whilst for the rh phase as 

expected we have   -                 [0001] and   -                  [     ] 

i.e. the structure is unrotated.  

 

8.3.2 Characterisation of bcc-In2O3 

The hexagonal crystal structure of α-Al2O3 is based on a hexagonally close packed array 

of oxide ions with the close packed planes alternating in an ABABAB---- sequence. 

Between each pair of AB layers, 2/3 of the available octahedral holes are occupied by Al 

leaving 1/3 of the holes vacant. The Al ions do not occupy the centres of the holes but are 

displaced alternately up and down toward A and B layers respectively. The positions of 

the empty sites rotate between the 3 available positions within successive layers, which 

coupled with the up/down displacements leads to a c-axis repeat containing 6 close 

packed O layers, that is 3 AB bilayers. By contast in the bixbyite structure of In2O3 the In 

ions form an approximately cubic close packed array with ¾ occupancy of the available 

tetrahedral holes by O.  

 An idealised view of the interfacial epitaxial relationship between      (0001) and 

bcc-In2O3(111) is shown in Figure 8.4. This schematic ignores the -13.2% mismatch 

discussed above and involves a 2/3 coincidence structure between the rotated surface unit 

cell for In2O3(111) and the substrate. The coordinate system for Al2O3 in this figure 

corresponds to that used by Lee and Lagerlof.10  The separation between In atoms in the 

close packed (111) planes of In2O3 is                  = 3.577 Å, whilst the 

separation between O atoms is the close packed planes of Al2O3(0001) is  

            2.748 Å. The mismatch between these distances is given by: 
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Whereas for a 2/3 coincidence structure we have a smaller mismatch defined by: 

                                

Within the idealised coincidence structure depicted in Figure 8.4, ¼ of the In ions sit on 

top of O atoms in the basal close packed plane of alumina(0001), whilst the other In ions 

occupy two-fold bridging sites. Alternatively, and more likely, by shifting the whole 

epilayer cell upward along the         direction of the substrate, half of the In atoms are 

brought into 3-fold hollow sites, although it is then impossible to avoid some of the In 

ions sitting above a subsurface Al atom. Note that the structure shown in Figure 8.4 

differs from that proposed by Mei et al.12 whose structure suggested that             . 

 

 
Figure 8.4. Schematic representation of epitaxial relationship between Al2O3(0001) and 
In2O3(111). The points of intersection of the mesh of triangles represent oxygen positions in the 
basal plane of Al2O3. The shaded triangles indicate that an octahedral hole lies under the triangle 
and the three levels of shading distinguish between octahedral holes that are (i) occupied by an 
upwardly displaced Al ion (ii) occupied by a downwardly displaced Al ion and (iii) empty. The 
hexagonal surface unit cell of alumina is shown in the top left hand corner with the directions in a 

hexagonal coordinate system to the right (both red). The In positions in ¼ of an idealised      

     cell of In2O3(111) commensurate with the substrate are shown as closed circles (blue 

online) in the lower part of the figure with the               cell highlighted (blue). The 
directions for this cell in a cubic coordinate system are shown to the right (blue). 
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Figure 8.5a shows a higher resolution image of a bcc-In2O3 film viewed down the      ] 

direction of the In2O3 epilayer, corresponding to the       ] direction of the substrate. 

The atomic structure and interplanar separations in the epilayer are consistent with the 

bixbyite structure of In2O3 with spacings of 0.72 nm and 0.29 nm that are close to ae/2 

and ae/23 respectively. Further expanded images of the epilayer and substrate are shown 

in 8.5b and 8.5c. This pair of images confirms the near 2/3 coincidence in atomic 

spacings parallel to the substrate surface along the       ] direction of the substrate and 

also confirms that the coincidence structure leaves residual tensile strain in the epilayer.    

 

 
Figure 8.5. (a) High resolution TEM image of the interface region of bcc-In2O3 on Al2O3(0001) 
viewed down the          direction of Al2O3. (b) Expanded view of part of the image of the 
epilayer. (c) Expanded view of part of the image of the substrtate, which in comparison with (b) 
highlights the near 2/3 coincidence in atomic separations. (d) Fourier filtered image of the 
interface showing periodic misfit dislocations.  

 



Chapter 8  In2O3 Thin Films on α-Al2O3(0001): Domain Matching Epitaxy 

202 

 

As mentioned above there is a mismatch of  13.2% between      and      . With 

misfits of less than 7%-8% thin films, can grow pseudomorphically with simple lattice 

matching epitaxy up to a critical thickness, beyond which it becomes energetically 

favourable to generate dislocations which release the strain induced by the substrate.22-24 

The smaller the lattice mismatch, the thicker the layer within which coherent strained 

epitaxy can be maintained. However for very large mismatches, as in the current study, 

domain matching epitaxy is favoured. Here different integral multiples of lattice planes 

containing densely packed rows are matched across the interface with introduction of 

periodic misfit dislocations. Figure 8.5d shows a Fourier-transform filtered image of the 

interface derived from in-plane In2O3 and Al2O3 reflections, so that only the lattice planes 

perpendicular to the interface are imaged. Quasi-periodic dislocations can be seen at the 

interface, with every 7 or 8 planes of In2O3        matching with 6 or 7 planes of 

Al2O3       . Taking the 8 × d{In2O3        + 7 × d{Al2O3          domain matching 

structure we have a residual mismatch defined by: 

 

                                    

 

whilst for 7 × d{In2O3        + 6 × d{Al2O3          we have: 

 

                                    

 

In principle, the 8/7 domain matching structure effectively accommodates the -13.2% 

mismatch by the introduction of periodic dislocations localized at the interface leaving a 
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residual -0.8% tensile strain in the In2O3 films. Introduction of some regions with a 7/6 

matching can lead to complete release of the mismatch.  

Accommodation of mismatch by periodic dislocations in domain matching 

epitaxy contrasts with layer matching epitaxy where pseudomorphic growth is followed 

by strain relaxation process giving rise to formation of a high density of threading 

dislocations. These dislocations can act as scattering centre for free electrons, degrading 

the transport properties of the thin films. In contrast, despite of the large mismatch 

between In2O3(111) and Al2O3(0001), mismatch accommodation by domain matching 

epitaxy can result in periodic dislocations localized at interface as soon as the material 

nucleates on the substrate, leaving the film on top of the interface nearly free of threading 

dislocation. Therefore domain matching epitaxy in systems with a large mismatch may 

open up new routes to fabrication of high-quality crystalline thin films.23  

 
Figure 8.6. (a) Large area atomically resolved HRTEM image of interface between Al2O3(0001) 

and bcc-In2O3(111) (b) interface strain map showing  yy component (normal to surface) as 
derived from geometric phase analysis.    

bcc-In2O3[111]

Al2O3[0001]

yy

(a)

(b)
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To explore this idea, the distribution of strain at the interface between Al2O3(0001) and 

In2O3(111) was further characterised by geometric phase analysis of HRTEM images. 

Figure 8.6a shows a large area real space HRTEM image, while 6b shows a strain map 

for     i.e. for atomic separations normal to the interface. Here reference vectors are 

taken independently and separately for the substrate and the epilayer well away from the 

interface. With such a vector basis all displacements in the epilayer and in the substrate 

toward the interface are found and then the strain is calculated. The displacements of 

atomic planes from the positions away from the interface are represented in terms of a 

chromatic scale where colours at the red end of the spectrum indicate an expa nsion of 

interplanar separations and colours at the blue end of the spectrum indicate a 

corresponding compression. An intermediate pale green colour is associated with 

unchanged substrate separations.  The black line links points where the strain between 

substrate and epilayer is equal. The rugged shape of the line is due to the presence  

of the strain around the network of misfit dislocations. It is clear from the map that strain 

is localised close to the interface.  

 

8.3.3 Characterisation of rh-In2O3 

Finally we turn to the minority rh-In2O3 phase found in some of the films. Figure 8.7a 

shows a HRTEM image of the interface between rh-In2O3 and Al2O3(0001). As expected, 

simple epitaxial relationships rh-In2O3       ||Al2O3        and rh-

In2O3       ||Al2O3        are found. As mentioned previously in this system the in-

plane mismatch is +15.1%, i.e. the epilayer is under compressive stress. In a fashion 

similar to that found for the bcc phase, this large mismatch can be accommodated by 

domain matching epitaxy involving                          which leads to: 
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i.e. the residual tensile strain is only 1.3%. Fourier filtered images using either         or 

[33     diffraction features to reconstruct the real space image are shown in figure 7b and 

7c. These images confirms that again there are a series of periodic misfit dislocations 

analogous to those shown in figure 5d. However in this case dislocations and strain 

propagate further into the epilayer away from the interface.  

 

 

 

 
Figure 8.7. (a) High resolution TEM image of the interface region of rh-In2O3 on Al2O3(0001) 

viewed down to          direction of Al2O3, showing the rh-on-rh epitaxial relationship (b) 

Fourier filtered image using the         diffraction features from the substrate and epilayer 
respectively to reconstruct the real-space image of the interface. Periodic misfit dislocations 
loaclised at the interface are highlighted. (c) Fourier filtered image using the         diffraction 
features from the substrate and epilayer respectively to reconstruct the real-space image of the 
interface. (d) and (e) show diffraction patterns taken across the interface with the regions used to 
reconstruct the images in (b) and (c) highlighted.  
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The large area HRTEM image and strain map corresponding to figure 8.6 are shown in 

figure 8.8. Again it can be seen that strain in the epilayer is mainly confined to the 

interface region, although a crescent of alternating compressive and tensile strain is 

apparent in the lower part of the epilayer.  

 
Figure 8.8. (a) Large area atomically resolved HRTEM image of interface between Al2O3(0001) 

and rh-In2O3(111) (b) interface strain map showing  yy component (normal to surface) as derived 
from geometric phase analysis.    

 

The stabilization of metastable phases by growth of thin films on substrates with a 

matched crystal structure and lattice parameter is a well-known phenomenon, providing a 

valuable tool for synthesis of new thin film oxide materials not easily accessible by other 

techniques. Epitaxial stabilization is based on the favourable free-energy associated with 

structural coherence at the film/substrate interface.25 In present case the metastable rh-

In2O3 is stabilized due to the identical space groups of the epilayer and substrate. 

Al2O3[0001]

rh-In2O3[0001]

yy
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Moreover the substrate places the epilayer under compressive stress, thus promoting 

formation of the high pressure rh phase.  

 

8.3.4 Optical Absorption Spectra 

 
Figure 8.9. Optical absorption coefficient against photon energy for In2O3 film grown at 450 °C 
(red) and film grown at 550 °C followed by annealing at 750 °C for 30 minutes (blue). 

 

Figure 8.9 shows optical absorption spectra of for In2O3 films deposited at 450 °C and at 

550 °C, followed by annealing at 750 °C.  For the pure bcc-In2O3 film obtained after 

annealing at 750 °C significant the main absorption onset can be observed at around 3.6 

eV, with a weaker low energy absorption tail extending down to below 3.0 eV. These  

spectra are consistent with previous optical measurements for bcc-In2O3.26 It is now 

known that bcc-In2O3 has a direct but dipole forbidden bandgap of around 2.9 eV,27-30 

with the onset of dipole allowed transitions at about 0.8 eV higher energy. Thus the weak 

onset corresponds to the dipole forbidden gap and the strong onset to allowed transitions. 

For the sample grown at 450oC, the relatively stronger low energy absorption around 3.2-

3.6 eV results from the small fraction of rh-In2O3 phase stabilized at the interface region. 

As has been discussed in detail elsewhere,28 the lower symmetry of the rh phase does not 

result in dipole forbidden transitions at the band edge so that there is stronger absorption 
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around 3 eV even though the bandgap of the rh phase is estimated to be about 0.1 eV 

bigger than for the bcc phase.14 

 

8.4 Conclusions 

In summary, we have shown both bcc- and rh-In2O3 can be grown epitaxially Al2O3(0001) 

despite very different lattice parameters by matching different integral multiples of lattice 

planes of In2O3 with those of Al2O3. Residual strain is released by periodic misfit 

dislocations localized at in the interface. The growth of thermodynamically stable bcc-

In2O3(111) phase involves a 2/3 coincidence structure where the unit cell in the epilayer 

is rotated by 30o from the unit cell of the Al2O3. This allows In ions to come into 

coincidence with high symmetry sites of the close packed basal O layer of Al2O3(0001), 

giving rise to an epitaxial relationships of In2O3(111)||Al2O3(0001) and 

In2O3[    ]||Al2O3[     ]. Further work is however needed to establish whether In ions 

have a preference for 3-fold hollow sites or bridging and on-top sites. The similarity in 

the bonding symmetry between rh-In2O3 and rh-Al2O3 allows the stabilization of a 

metastable rh-In2O3(0001) phase with a simple rh-on-rh configuration during low 

temperature growth. The epitaxial stabilisation of the high pressure rh phase observed 

may also be promoted by the fact that rh-Al2O3(0001) places rh-In2O3(0001) under 

compressive stress.  Domain matching epitaxy during growth of oxide layers on highly 

mismatched substrates offers exciting possibilities for fabrication of high quality thin 

films.
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Chapter 9: 

Concluding Remarks and Outlook 

 

9.1 Thesis Summary 

This thesis has focussed on the epitaxial growth of high-quality thin films of pure or Sn-

doped In2O3 by molecular beam epitaxy, and experimental investigation of their 

structures and morphologies, electronic properties and surface physics. The experimental 

work was supplemented by ab inito DFT calculations carried out by Dr. Aron Walsh. A 

brief summary of the work completed is presented below. 

 In Chapter 4 it was shown that highly ordered In2O3 nanoislands and nanorods 

could be grown epitaxially on (100) and (110) oriented Y-stabilized ZrO2 substrates, as 

shown in Figure 9.1.1 On (111) substrates continuous thin films are obtained. On the 

basis of ab initio density functional theory calculations, it was shown that the striking 

influence of substrate orientation on the distinctive growth morphology is linked to the 

fact that the energy for the (111) surface is much lower than for either polar (100) or non-

polar (110) surfaces. This explains the growth of atomically flat In2O3 thin films on (111) 

substrate, as well as the self-assembly of nanoislands and nanorods on the other two 

surfaces, with development of low energy {111} side facets.1, 2 These results provide a 

model system for the rational design of oxide nanostructures in systems where there is a 

large anisotropy in surface energies.  
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Figure 9.1. The lowest energy of In2O3(111) surface is thermodynamically favorable termination, 

promoting self-assembly of:  (a) nanoislands and (b) nanorods on the YSZ (100) and (110) 

substrates, (c) while atomically flat In2O3(111) thin film on YSZ (111).  

 

In Chapter 5, the growth of In2O3(111) thin films was further investigated and the 

influence of growth temperature and film thickness was studied in detail.3, 4  It was shown 

that very thin In2O3 epilayers (35 nm) are under high tensile strain caused by the 1.7% 

lattice mismatch with the substrate, while the tensile strain was gradually relaxed with 

increasing film thickness. High-quality films with a low carrier concentration (5.0  1017 

cm-3) and high mobility (73 cm2V-1s-1) were obtained in the thickest films (420 nm) after 

strain relaxation. The optical bandgap of the thinnest In2O3 film was around 0.1 eV 

smaller than that of bulk, as shown in Figure 9.2. Using a combination of classical and 

quantum simulation techniques, the uniaxial compression of In2O3 in response to the 

epitaxial tensile strain was quantified, with the former giving rise to a band gap 

expansion and the latter to a band gap reduction: the net effect is that for thin highly-
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mismatched films, the band gap is reduced through a lowering of the conduction band 

states arising from a reduction of bonding-antibonding interactions.4, 5 These are general 

effects, which can be exploited in a wider range of metal-oxide systems, either through a 

judicious choice of growth substrate or through the use of material interfaces and 

superlattices that introduce coherent lattice strain.  

           

Figure 9.2. Plot of (h)
2
 against photon energy (h) for In2O3 epitaxial films with thicknesses 

of 35 nm and 420 nm. The curves are extrapolated to (h)
2 

=0, in order to determine the 
effective direct optical band gap.  

 

 

The achievement of high-quality In2O3(111) thin film with atomically flat surfaces also 

enabled us to explore surface structural properties and surface electronic structure,  as 

described in Chapter 6 and Chapter 7. In Chapter 6, the atomic structure of In2O3 (111) 

surface was determined using combination of scanning tunnelling microscopy, analysis 

of intensity/voltage curves in low energy electron diffraction and first-principles ab initio 

calculations. The (111) surface has a bulk terminated (1 × 1) structure, as expected from 

the low energy of the (111) surface. There are very small vertical relaxations in the 

outermost of the         
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surface, which reduces the average separation between In and O. Good agreement was 

found between the experimental surface structure and that derived from ab initio density 

functional theory calculations. This result emphasises the benefit of a multi-technique 

approach to resolving surface structure. The same features are expected for other 

materials adopting the bixbyite crystal structure.  

 

           Chapter 7 probed the electronic properties of In2O3(111) surface using 

synchrotron-based photoemission spectra excited with photon ranging from the UV (6 

eV - 40 eV), through the soft X-ray regime (40 eV -1486.6 eV) to hard X-rays (6000 eV). 

It has been shown that In2O3 is a highly covalent material, with significant hybridization 

of In 5s and In 5p states with the O 2p states at the bottom of and in the middle of the 

valence band. Conversely O 2p states mix strongly with In 5s states in the lowest 

conduction band. By comparing valence band spectra excited by soft and hard X-rays as 

shown in Figure 9.3, it was inferred that there is a pronounced electron accumulation 

layer at the surface of In2O3 films with very low carrier concentrations. This is ultimately 

determined by the fact the charge neutrality level of In2O3 lies well above the conduction 

band minimum.6 The electron accumulation layer results in downward band bending, 

giving rise to quantized electron subband states near the Fermi level. The incorporation 

of Sn introduces free electrons into the conduction band and the Fermi level moves up 

above the conduction band minimum.7 Both core and valence levels shift to higher 

binding energies. The In 3d core line measured for both undoped and Sn-doped In2O3 

display an asymmetric lineshape, and may be fitted with two components associated with 

screened and unscreened final states. The final state screening is in turn associated with 

free electrons in the conduction band. 
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Figure 9.3. Valence band photoemission spectra measured hγ =1486.6 eV (red) and hard X- ray 
(ESRF) hγ =6000 eV (black). Comparison of conventional XPS and hard XPS provides evidence 

of a pronounced electron accumulation layer at surface regions.  

 

Finally the epitaxial growth of In2O3 thin films on α-Al2O3(0001) substrates with very 

large lattice mismatch (15%) was considered. Both the stable body centred cubic phase 

and metastable corundum In2O3 phases can be stabilized in epitaxial thin films by the 

domain matching epitaxy mechanism by matching the integral multiples of lattice planes 

of the In2O3 and substrate. 

 

9.2 Ongoing and Future Work and Outlook 

The growth of high-quality In2O3 thin films and the investigation of their structures, 

morphologies and electronic properties are just the first steps toward understanding the 

fundamental science of ITO surfaces. Many of the procedures developed here are 

obviously transferable to other TCOs. The relatively mature field of conventional 

semiconductor science provides a paradigm for further exploration of the growth, 

structural characteristics, electronic properties and surfaces/interfaces of these materials. 

Ongoing and future work is discussed briefly below.  
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9.2.1 High Resolution X-ray Diffraction of In2O3 Nanostructures and Thin Films  

Epitaxial growth may be accompanied by generation of dislocations or points defects, 

strain relaxation, shape and phase transition and local misorientation of atomic planes. 

High resolution X-ray diffraction, especially reciprocal space mapping (RSM), provides 

information on lattice parameters (from which strain and composition are determined), 

misorientation and crystallographic tilting (from which defects types and dislocation 

densities may be deduced), crystallite size and microstrain, phase separation and 

superlattice thickness etc.8 Thus it is a widely used technique in semiconductor materials 

for the analysis of the structural characteristics of epitaxial thin films and devices.9              

 We accordingly have begun to apply RSM in combination with atomic force 

microscopy (AFM) to investigate the crystallographic orientation, strain and growth 

modes of In2O3(100) nanoislands (introduced in Chapter 4), (110) nanorods (introduced 

in Chapter 4) and (111) thin films (introduced in Chapter 5) in greater detail. In-house 

work carried out in the Department of Physics by Dr. Anne Bourlange in collaboration 

with Professor Roger Cowley has shown that crystallographic tilting of the atomic planes 

of micron sized In2O3(100) islands helps to relieve tensile strain arising from a -1.7% 

lattice mismatch between the epilayer and the Y-ZrO2 substrate.10 The same tilt 

phenomena was also observed in the self-assembled (110) nanorods introduced in 

Chapter 4: this work was completed on a run on the XMaS beamline of the ESRF 

completed in April 2011, but further analysis is needed to complete this work and it is 

not included in this thesis. In addition it has been established that there was is clear 

In2O3(100) island shape and tilt transition as the function of island size. The synchrotron 

work that identifies the tilt transition was completed in May 2011 but again further 

analysis is needed to complete the work.  As shown in Figure 9.4, very small islands 

(with dimensions of order 60 nm) have edges aligned along <010> directions. RSM 
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reveals these islands have no tilt. Larger islands with edge dimensions in excess of 300 

nm have edges aligned along <110> directions and are also tilted in these directions, as 

discussed in reference 10. The shape and tilt transition is analogous to the well-known 

shape transition in self-organized semiconductor nanoislands found in systems such as 

Ge on Si(100) and InAs on GaAs.11, 12 Ongoing work is analysing these data using a 

thermodynamic model borrowed from the literature concerned with self-organization of 

semiconductor systems. This assumes that the growth mode is determined by the size-

dependent energy minimisation resulting from an interplay between elastic strain and 

surface/interface energies. It is worth noting that the anisotropy in surface energies for 

oxides may be up to around 100%, which is much larger than that for conventional 

semiconductor materials where the anisotropy is normally around 10%.  

 

Figure 9.4. (a)-(d) morphologies of the (100) nanoislands as function of size: the edges of the 
nanoislands are aligned along [010] direction when the islands are small (e.g. 60 nm), and transit 
to be aligned along [011] direction for large size islands (e.g.300 nm); The shape-transition 
accompanies with the tilting of the islands.  
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The structural properties of the In2O3(111) strained thin films introduced in Chapter 5 

have also been examined by high resolution X-ray diffraction. The results allow direct 

measurements on the in-plane and out-of-plane lattice parameters of the strained thin 

films and hence the strain status and Poisson ratio of this material. The experiments 

confirm that the Poisson ratio is around 0.3, as assumed in chapter 5. Secondly, 

quantitative analysis on the RSMs can provide dislocation densities within the films, 

which can be directly correlated with the electrical properties of the films. This in turn 

shines light on attempts to improve the quality of In2O3(111) films grown by MBE. 

 

9.2.2 Surface Physics of Low Index ITO Surface 

The understanding of the surface physics of In2O3 developed in Chapters 6 and 7 in 

conjunction with literature data13, 14 also paves the way for further work. Only the atomic 

structure of the (111) surface has been determined in Chapter 6. The multi-technique  

approach employed here will be used in future work on the more interesting polar (100) 

and (110) surfaces, as well as on other metal oxide TCO surfaces. Photoemission 

spectroscopy as discussed in Chapter 7 provides the methodology to study and compare 

the electronic properties the other low index surfaces.  

         It is well known that surface point defects such as oxygen vacancies or adsorbed 

hydroxyl ions, as well as shear plane defects or other defect clusters have a strong 

influence on the chemistry of oxide surfaces. For example defects are critical in 

determining the reactivity of TiO2(110) for water splitting15 and the surface conductivity 

of SnO2 as sensor material16. The most likely surface defects in In2O3 are oxygen 

vacancies, which probably provide the microscopic basis for electron accumulation in the 
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near surface region. Thus there is scope for further work using surface science techniques 

to study local defects and reactivity of In2O3 surfaces.  

 

9.2.3 Optimizing the energy level alignment at organic layer/ITO interface 

As discussed in Chapter 1, ITO is the essential transparent anode for collection of hole in 

organic photovoltaic (OPV) devices. It is well-known that the alignment of energy levels 

at organic layer/ITO and donor/acceptor interfaces is a key factor influencing photo-

induced charge separation, the charge injection barrier, open circuit voltage (Voc) and 

ultimately the overall OPV device performance.17 A detailed understanding of the 

interfacial properties can provide strategies to enhance OPV efficiency through interface 

engineering. The basic principle of interface engineering is to optimize the energy level 

alignment between organic active layers and transparent electrodes by surface 

functionalisation. Techniques that have been used include inserting very thin layers of 

transition metal oxides such as MoO3 and NiO or self-assembled monolayers (SAM).18  

            The high-quality In2O3 and ITO single crystal thin films produced in this thesis 

provide ideal model surfaces for further study of molecular absorption and energy- level 

alignments at the interfaces between organic active layers and ITO. Donor type 

molecules like copper pthalocyanine (CuPc) can work as a probe to study the evolution 

of work function, band bending and energy- level alignment at the interface between 

organic layers and ITO by photoemission spectroscopy. With a full understanding of 

interfaces between CuPc and ITO, the surface of ITO  can be modified by ultrathin (1-5 

nm) metal oxides (such as MoO3 and NiO) and self-assembled organic monolayer (SAM) 

to obtain optimized parameters for enhancing the efficiency of OPV devices.    
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