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ABSTRACT

The thesis reports improvements in the charactasizaechniques for stress and
texture in crystalline materials by x-ray and nentrpowder diffraction. Furthermore,
advances are made in texture evolution modellind walidation against experimental
observations.

In the beginning, the fundamental assumption wfragtion strain analysis is
numerically examined and verified, namely, thatldtéce parameter value determined from
fitting the diffraction pattern is equal to the eage lattice parameter within the gauge
volume.

Next, the task of shear strain determination frawgber diffraction measurements is
addressed. A method is developed and implementedht® complete 2D strain tensor
determination from the multi-directional energyglissive x-ray diffraction patterns. The
method not only offers a way to evaluate the sls&ain, but also provides a better overall
strain averaging approach.

Rotation and translation of sample and/or detsctorpowder diffraction mode can
effectively increase the pole figure coverage dng tthe accuracy of texture determination.
However, the movements also introduce uncertairaigs aberrations into data analysis due
to the changes in the diffraction volume and trattseh intensity. In order to overcome these
problems, accuratsingle exposuretexture characterization techniques are propossed
on several different powder diffraction setups. Muical analyses are carried out to prove
that any simple texture in cubic polycrystals can be effety determined using single
exposure Debye-Scherrer diffraction pattern angalySeveral experiments are reported on
collecting Debye-Scherrer diffraction patterns, tidirectional energy-dispersive x-ray
diffraction patterns and multi-directional TOF neut setup. Efficient data processing
procedures of the diffraction patterns for ODF deigation are presented.

Crystal plasticity finite element models are depeld to model the texture evolution
in polycrystalline engineering samples during mawtdring. In the present thesis,
guantitative measures extracted from orientatitridution function are employed to make
precise comparison between the model and experiménlike the simple uni-axial
compression and tension considered in the litegzatarthe present thesis the complex texture
evolution during linear friction welding is modealleas a sequence of different shear
deformations.
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Chapter 1 Introduction

1.1 Background and aims of the thesis

Internal stresses distribution within polycrystadli engineering components can affect
significantly their mechanical performance and ctital integrity, e.g. crack propagation
direction and rate, and hence the fatigue life. d»ejing on whether the component is
subjected to external load, the stress can beatividto “live” and residual stresses. Stress
analysis often focuses on the live stress distiobuHowever, the residual stresses caused by
the manufacturing history must not be ignored bseatey frequently make the difference
between component integrity and failure under loRésidual stress is also sometimes
introduced into a component intentionally to impeais mechanical properties. Compressive
residual stresses are known to retard or arresk ggabpagation. This phenomenon has been
employed to protect the glass screen covers of mosl@artphones. The outer layer of the
screen is made of toughened glass containing casipeeresidual stresses. Consequently,
even in the presence of scratches and dents frans emd keys in someone’s pocket, the

screen remains intact.

Residual and “live” stresses in (poly)crystallimeaterials are often classified
according to the length scale of their action, frm@croscopic (Type ) to microscopic inter-
granular (meso-scale or Type Il) to microscopicargranular (micro-scale or Type lll). As
the length scale of consideration gets smaller, gizén level deformation behaviour and
microstructure play progressively important rolesletermining the stress state. In particular,
the anisotropy of the mechanical (elastic, plastiermal) properties of crystallites affects the
relationship between the remotely applied loadasrstraint and the local strain experienced
at the grain level, as well as the conversion ftbra local strain value to stress via Hooke’s

law. It is important to note that the anisotropytiod elastic and plastic properties has a strong



influence over the formation of residual stressesng material processing. Therefore, in
order to understand the formation of residual stras the meso- and micro-scales, the

statistics of grain morphology and orientation twabe carefully studied.

Crystallographic texture is the term used to réfethe statistics of grain orientation
within a (poly)crystalline material. Large plastieformation and growth processes that take
place during manufacturing represent the principathanisms for the formation of texture
in a component. Texture may cause significant armmpy within components that affect the
mechanical and functional properties. Fig. 1.1silates the influence of texture on the
manufacturing of a cup-shaped component by deepiniga The aluminium sheet used for
making the cups has very weak texture (Fig. 1.tes)ylting in an approximately level edge.
In contrast, the sheet used for the cup in Figbltiat was characterised by a strong “cube”
texture forms an edge that displays a prominent’“paofile. This provides an example of

the significant influence that texture can havet@outcome of manufacturing processes.

Fig. 1.1 Cups made of aluminium sheet (a) withkateature and (b) with strong “cube”
texture [1].

In order to establish an understanding of how tlestig deformation during the
manufacturing process affects the distribution ekidual stress and texture within

engineering components, and thus to be able taciseecontrol over them, it is crucial to
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characterize the distributions in an accurate iF@y.(poly)crystalline materials, both elastic
strain and texture can be simultaneously charae@riby diffraction techniques. The
experimental setup and data collection proceduesexry similar, although the data analysis
procedures are different. The principle of difffant measurement of elastic strain and
texture in crystalline materials relies on the #enty of the scattered intensity to the
orientation distribution (texture measurement) ahthe scattering angle to the crystal lattice
spacing. The measured lattice spacing can be ossahipute the lattice strain and then stress
via Hooke’s law. The past few decades have witrtkgsereased use of synchrotron X-ray
and neutron beams to measure stress and texturaystalline materials. The main
advantages of using these methods are the high(liéading to fast measurement), high
penetration ability and non-destructive naturehhgpatial resolution and accuracy being

afforded, etc...

The present thesis focuses on the use of powdeaatibn techniques using advanced
radiation sources to study stress and texture. thesis aims to improve the currently
established stress and texture characterizatidmitgees by proposing and using several
novel powder diffraction setups and interpretatmncedures. It is well known that shear
strain cannot be directly measured by diffractiechhiques, since to the first approximation
it does not cause a change in the lattice integplapacing. In order to overcome this
limitation a new method is proposed to determireedbmplete 2D strain tensor from multi-

directional energy-dispersive diffraction patterns.

When powder diffraction is used to study texturample rotation is commonly
carried out in order to increase the pole figureectage. However, sample rotation also gives
rise to a series of problems, such as diffractiolume change, difficulty in performinin
situ deformation experiments, long experimental timel aomplicated data processing

procedures. In this thesis the theoretical basideigeloped and presented for the single
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exposure texture characterization (without samptation). Several practical experimental
results are presented that demonstrate the apphcat this approach in conjunction with

using synchrotron X-ray and TOF neutrons.

The thesis also aims to address some outstandimgafoental challenges in the
texture analysis field. The results of modellingdaaxperiments are often compared
gualitatively “by eye” in literature, so that thellbwing conclusions are made largely based
on the observer’'s experience. For the purpose dingabetter comparison, quantitative
measures are proposed of the correlation betweerethults obtained from modelling and by
experimentation. Furthermore, most of the reporésdlts of texture modelling are limited to
the consideration of texture evolution during mamit deformation, e.g. uniaxial tension,
compression and simple shear. Here the resultspegented of modelling the texture

evolution during the complex process of lineartioc welding (LFW).

1.2 Structure of the thesis

The thesis is divided into two parts: backgroutetdture review and overview of the

methods (chapter 2-4), and the reports on origegsdarch outcomes (chapter 5-8).

Chapter 2 presents a review of the literature énadtion techniques. Basic facts on
X-ray diffraction are given briefly, e.g. Braggaw and the Miller index convention in cubic
crystals. Several typical experimental steps am®diiced. Attention is focused on powder

diffraction and pattern analysis rather than sirmglestal diffraction.

Chapter 3 presents several methods to extractsstned texture information from
powder diffraction patterns. The linear elastices$rstrain relationship (Hooke’s law) for
solid materials is presented first. The strainssuead at different length scales are discussed,
and the focus is put on the discussion of straieragying at the meso-scale, which

corresponds to the length scale of lattice straieasured by powder diffraction techniques.
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The principle of determining 2D strain tensor frarDebye-Scherrer diffraction pattern is
presented. Switching attention to texture, somecbaencepts in texture analysis are
introduced first. Texture measurement by diffracttechniques is then introduced, mainly
focusing on pole figure measurement by powder atition. Several methods of treating the
experimental data into pole figures and ultimatelyp full quantitative texture information

(orientation distribution function, ODF) are debexdl.

Chapter 4 present the methodology of the crystatlity finite element method (CP-
FEM). The concept of crystal plasticity is outlinecid explained first. The comparison
between crystal plasticity finite element methodd apther types of crystal plasticity
modelling techniques is made. The incremental stgppcheme for crystal plasticity finite

element simulation used in this thesis for texewrelution analysis is presented.

Chapter 5 presents two studies devoted to expetahestrain analysis. First, an
important fundamental question in strain measurerbgrpowder diffraction is addressed:
“Is the interplanar lattice spacing determined frarpowder diffraction line profile via peak
fitting and Bragg's lawequal to the average interplanar lattice spacing witlia gauge
volume?” Second, the approach is introduced to gusiag the data obtained from multi-
directional energy-dispersive X-ray diffraction eetor (or from an area detector used in the
monochromatic mode) in order to determine the cetepkD strain tensor within the gauge
volume. The approach is then applied to obtain Bbcppal strain mapping in linear friction

welded samples of Al alloys.

Chapter 6 presents a systematic investigation UdingX package of the limits and
accuracy of full texture information extraction r1imo single exposure Debye-Scherrer
diffraction patterns recorded using area detectérssuite of numerical simulations is

described first that provides the fundamental bmithe application of this approach. The



outcomes of two experiments are then presenteddardo illustrate the data processing
steps involved, and the extraction of the orieatatdistribution function. The results are

compared with those of multi-exposure analyses.

Chapter 7 presents texture analyses using twordiffetypes of energy-dispersive
detectors with large pole figure coverage from lgrexposure. The first part focuses on the
data processing of a multi-element energy-disperXiray detector used on the high energy
synchrotron beamline 112 at Diamond Light Sourclee Becond part focuses on processing
the data from GEM time-of-flight neutron diffracteter at ISIS neutron spallation source in

Oxford. Several difficulties and challenges assecdiavith the data processing are discussed.

Chapter 8 presents texture evolution modelling bystal plasticity finite element
method (CP-FEM) for cubic polycrystals under thtgees of deformation: wire extrusion
(bi-axial compression), uniaxial compression amedr friction welding (sequential shear).
Some possible error sources are identified and thiguence on texture modelling validation
is discussed. Two approaches are presented to itqtiget comparison of models and

experimental results in terms of the orientatiastridbution function.

Chapter 9 presents a critical review of the thesid discusses the directions for

possible future work.



Chapter 2 Literature review

2.1 Diffraction basics

2.1.1 Bragg'’s law

Diffraction of visible light from objects with stawral dimensions similar to the
light's wavelength has been observed in many aaksiptical diffraction experiments, for
example, the Young's interference experiment. Sitie: the exploitation of powerfully
penetrating radiation such as x-ray and neutronpréde the crystal lattice structure has
become widely used. The diffraction condition exgld in these experiments can be

described in its simplest form by Bragg’s law:

2d,,, sind=nl (Eq. 2.1)
whered,, is the inter-planar distance between planes defmeiiller indices [2] (section

2.1.2),8is half of the scattering anglajs the order of the diffraction (often set to uniag
the first order diffraction has the strongest isigy) and A is the wavelength of radiation.
The geometric relationship between the incident scattered beams and twiokl) lattice

planes is shown in Fig. 2.1.

diffraction vector

//

\ ! I//

NS plane (fki)
4

Fig. 2.1 Bragg reflection



2.1.2 Cubic crystal structure and Miller index conention

Miller indices are widely used in crystallography tepresent both the crystal
direction and the crystal plane. Since cubic citgstge the principal interest of this thesis, the

following explanation of the Miller index is onlygable for cubic crystal systems.

[110]

[010]
IJ ------- (7
’ Y
[100] |7 a
a
X
Fig. 2.2 lllustration of crystal direction and péawith Miller index notation in a cubic unit
cell.

A simple cubic unit cell is plotted in Fig. 2.2. & kwelve edges have an equal lerath
corresponding to lattice parameter in a cubic atysystem. As shown in the picture, a

system of Cartesian coordinates is assigned taube. The crystal coordinates have three

basis vectorsa, % and% (referring to X, Y and Z direction in the pictur8he length of

these basis vectors is the lattice parameetér crystal direction@ is written as likl] under

Miller index notation and its mathematical forngisen by,
0. =ha+ka+ I3 (Eq. 2.2)

For instance, crystal directions [100], [010] af81] are equivalent ta:, %and%

respectively. A crystal plane is written dlj, and in cubic crystals the correspondihgl]



direction is perpendicular to the plane. In FigR,2he shaded plane is written @d1),

whose plane normal is the face diagonal indicatethé red arrowj111].

There are many equivalent crystal directions andngd due to symmetrical
constraints of the crystal. A family of equivalemrystal directions is written as <hkI>. For
example, crystal directions: [100], [010] and [OCdfe equivalent and <100> is used to
represent them all. Brace notation, in the fornjltdi}, is used to represent equivalent crystal
planes. Crystal plane (100) has two other equivgianes: (010) and (001). This family of

planes is written as {100}.

The distance between two neighbourihgl planes is written ady. According to

geometric relationship in cubic crystal systaingis given by,

a (Eq. 2.3)

Due to the crystal symmetry of the cubic phase,esofithe diffractions are forbidden

Oy =

and thus cannot be observed. The forbidden reflestof the cubic phase crystals are listed

in Table 2.1.
Table 2.1 Forbidden rules in cubic phase crystals
Bravais lattice Example materials Allowed refleogo | Forbidden rule
Simple cubic Po Any, Kk, | None
Body-centred cubi¢ W h+k +I=even h+k+1=odd
(BCC)
Face-centred cubicCu, Al, Ni, h, k, | are all even| h, k , | are mixed even
(FCC) or all odd and odd




2.2 Radiations

2.2.1 Laboratory and synchrotron X-ray sources

X-ray beams can be readily obtained from laborasmyrces. These typically consist
of a heated filament (cathode) from which electrares emitted due to high voltage electric
field applied between it and a heavy metal targab@e). X-rays are emitted when electrons
collide with the heavy target. Most of the enengyhe collision process is lost in the form of
heat and the x-ray beam only takes a small podfa@nergy, therefore the energy conversion

efficiency of these x-ray sources can be very low.

The mechanisms of x-ray production are generalbggmised into two different
modes. In the first approach an x-ray photon igteshiwvhen an electron changes its direction
of propagation. The energy of the photon is eqaahe kinetic energy lost by the electron
minus the heat produced. The photon’s directioalisg a tangent to the electron’s path.
This process is called the Bremsstrahlung effeckfhg radiation) [3], and its schematic is
shown in Fig. 2.3.a. In the collision process, nalsttrons are stopped by the target. This
means that the tangential direction becomes ariytrdefined and x-rays are produced in

every direction; therefore these x-rays are alwhysrgent.

The second approach for producing x-rays is byréscence effect. In this process
some of inner orbit electrons of the target’'s atams knocked out of place by the high
energy electrons from the cathode. This causesretecin the higher energy orbits to fall
into the vacant orbit. An x-ray photon is releasethe process, such that the photon’s energy
is equal to the energy difference between the tubitso(the process is schematically shown
in Fig. 2.3.b). The X-ray beam produced in this waygalled ‘characteristic radiation’ as the
wavelength of the beam is closely related to thme tgf atom. The beam produced by this

process is typically much stronger than the Brerabking x-ray beam. However, in most
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diffraction experiments, characteristic radiatia@sults in the production of peaks on the

recorded spectrum.
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Fig. 2.3 Two different x-ray photon production pess: (a) Bremsstrahlung effect [4] and (b)

x-ray fluorescence [5].

Synchrotron x-ray was firstly discovered in the Q94s a by-product of operating a
charged particle accelerator [6]. Later, it waggtzed to have many advantages over lab x-
rays, such as high flux, low divergence and higtalpelism. These characteristics served as
motivation for the construction of specialized dyrotron light sources and today the third
generation of synchrotron x-ray sources are inisernvihe schematic of a typical modern

synchrotron centre is shown in Fig. 2.4.

To obtain synchrotron radiation, a group of eletsr@re injected from an electron
gun into a linear accelerator (Linac), in which ighhvoltage linear electric field initially
accelerates the electrons. In the second stelélc&rons enter into a small ring known as a
booster synchrotron in which the electrons arelacaid to their final speed (for instance, 3
GeV in Diamond Light Source, UK). In the third stéipese high speed electrons are injected

into a larger storage ring in which they are camdily accelerated to maintain their original
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speed. A strong magnetic field is used to repegtestbrient the direction of the electron
beam such that it follows a polygonal path. Du¢hi® Bremsstrahlung effect shown in Fig.
2.3.a, synchrotron radiation (mainly x-rays) is ged at a tangent to the storage ring. Since
no collision occurs, the energy conversion effickef a synchrotron x-ray source is much
higher than those associated with lab based saufbesx-rays are then optically guided into

beamlines where researchers can perform experiments

Booster
synchrotron

Electron
gun Storage
fing

Beamline

Fig. 2.4 Schematic of a typical synchrotron layaiit

2.2.2 Neutron beam and the Time-Of-Flight (TOF)
technique

The existence of neutron was firstly confirmed le t1930s by Chadwick. In his
experiments Chadwick usedparticles to bombard light atoms such as beryllamd lithium
to produce neutrons. Modern neutron sources aregeoared into two different types
depending on the mechanism used to produce neliam. The first type of neutron source
employs a nuclear fission chain reaction. For mstain the Institut Laue—Langevin (ILL) in
France, compact uranium alloy plates (that maimlysist of>>°U isotope [8]) are used as

fission source. Neutrons with a wide spectrum ofrgies are emitted whefi*U isotope
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decays to other types of nuclei. The reaction lebabet carefully controlled to maintain a

steady state.

The second type of source is known as a spallagartiron source and an example is
the ISIS pulsed neutron source, UK (the schemadigrdm of which is shown in Fig. 2.5).
Pulses of H ions (protons) pass through a linear acceleragdorb being injected into a
synchrotron ring for further acceleration. Nexg hiroton beam is guided into one of the two
straight tunnels before being directed at a heaejahtarget at the end of the tunnel. The
target’s nuclei reach higher energy excited state$ become unstable before dropping to
lower energy (more stable) states. Part of theggnef this exchange is released in the form

of neutrons.

In ISIS, energy-dispersive neutron beam diffractexperiments can be carried out
using Time-Of-Flight (TOF) neutron scattering teicjue, which is illustrated in Fig. 2.6.
Neutrons produced by pulsed protons have diffaretial speed when they emerge from the
target. A moderator is used to “thermalize” (sloawth) the neutrons. Since the spalled
neutrons have different speeds, they need diffeierds of flight (TOF's) to arrive at the
detector. By the recording the TOF taken for thetrems to reach the detector and dividing

this by the total flight length, the de Broglie vedength can be worked out as follows:

(Eq. 2.4)

A= P ror
mL

h
nv
Where / is the wavelength of a neutroh;is Planck’s constant (6.582 x £@V-s),m is

the neutron rest mass (939.565 M&y/d_ is its total flight length and is the speed of the

neutron.
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Fig. 2.5 The layout of ISIS and its target stadi¢@.
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Fig. 2.6 Schematic of TOF neutrons scatteringaiete.

Both neutrons and x-rays obey Bragg’s law when they diffracted by crystalline
materials. However, the differences in their prdoluc mechanisms and interaction with
materials mean that their applications are veryedght. Firstly, the flux of synchrotron
radiation is much higher and the beam divergenoaush smaller than that of neutron beam.
This means that synchrotron x-ray diffraction uBuahly needs very short exposure times
(e.g. down to a few milliseconds in beamline [12aond Light Source) and a tiny
diffraction volume (e.g. down to sub-micron in bdia@ B16, Diamond Light Source) to
accumulate enough diffracted photons. In comparis@utron diffraction usually requires
much longer exposure times (typically more thanibutes e.g. on the GEM instrument, ISIS)
and much larger diffraction volumes (typical minimwf 3 x 3 x3 mme.g. at GEM, ISIS)

14



to accumulate data with adequate signal-to-noise. fdor reasons of speed and efficiency of
data collection, if a sample in question can béedoby synchrotron or neutron diffraction,

then synchrotron X-ray might be the preferred aptio

Another difference between these two diffractiooht@ques is the variation in the
behaviour of neutrons during scattering from atomiclei which depends irregularly on the
atomic number (Z) of the atom under investigatibomcontrast, the strength of interaction
between an x-ray beam and the electron cloud ofvangatom is proportional to ?Z
Therefore, only weak scattering is observed wheemgiting to study light elements using an
x-ray beam, and also x-ray penetration becomeandtirig issue when studying heavy
elements. Neutron sources therefore offer advastageen studying materials consisting of

elements that fall into either of these categories.

2.3 Diffraction modes

A diffraction experiment is characterized by thpeayf beam (electron, x-ray, neutron,
etc..), the beam’s wavelength (monochromatic oygolomatic), the number of grains in the
sample (single crystal or powder), detector dimamelity (point, 1D, 2D and 3D) and the
diffraction geometry (reflection or transmissioWany different setups and techniques have

been developed in recent years and a comprehemggreiew can be found in [10].

The principal interest of this thesis is the us@@ivder diffraction to study strain and
texture in polycrystalline samples. Single crysltiffraction has also been used as a validation
tool in texture studies. The difference betweemlsircrystal and powder diffraction arises
depending on how many grains are present insidaliffraction gauge volume. The single
crystal diffraction condition is satisfied when teze of diffraction volume is equal to or
smaller than the size of single grain. For thisoea focused beams are often used for single

crystal diffraction (as typical material grain sszare smaller than the size of a collimated
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beam). Measuring single crystal diffraction in angmission arrangement requires very thin
samples to ensure that only a few grains are ithateid, and for this reason reflection
geometry is often preferred. In powder diffracti@nJarge number (more than 1,000) of
grains need to be illuminated by the beam. Bearm sizusually defined by a collimation
system and focusing is not required. Dependinghenrégion of interest, powder diffraction
can be implemented in either a reflection or trassmn geometry. Table 2.2 lists some

commonly used diffraction modes and their charésties.

A more detailed introduction to the techniques usedhe thesis will be outlined

below including,

1) Electron backscattering diffraction (EBSD) (Sectih@.1)
2) Monochromatic x-ray powder diffraction in transndss (Debye-Scherrer)
(Section 2.2.2)

3) Energy-dispersive beam with multi-detector (Secdh3)
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Table 2.2

Characteristics of some common usedadifbn techniques.

Beam Modes Wavelength Geometry Sample Detectgr  rumsint/beamline

Electron Electron Backscattering Monochromatic eetibn Single crystal] 2D OIM XM 4 Hikari EBSD Syste
Synchrotron x-ray] Laue diffraction Polychromatic  flRetion or transmission  Single crystal 2D B16, mi@nd Light Source
Synchrotron x-ray] Debye-Scherrer Monochromatic  $maission Polycrystals| 2D 112, DLS, UK

Synchrotron x-ray Polychromatici  Transmission Polgtals | Multi-point| 112, DLS, UK

TOF neutron Polychromatic|  Transmission Polycrgstal Multi-panel| HIPPO,LANSCE ,USA

GEM, ISIS, UK
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2.3.1 Electron backscattering diffraction (EBSD)

A typical EBSD setup is shown in Fig. 2.7. In tl@gangement a polycrystalline
sample is titled such that the angle between thagphormal and the incident beam i$.70
The diffraction pattern is recorded in a reflectimode and the diffraction gauge volume is
less than~100 nm from the surface. The beam is focused twlansicron spot on the
sample’s exterior that needs to be flat and freenfrrontamination. The back scattering

diffraction signals are record by a 2D CCD camerd appear as “Kikuchi patterns” [11].

The mechanism of Kikuchi pattern formation is ithaéed in Fig. 2.8. Electron

diffraction also obeys Braggs’ law and the wavetargf an electron is given by:

p=h_h__ b (Eq. 2.5)
p

myv 2myeU

where his Plank’s constantp is electron’s momentumy is rest mass€is elementary

charge,U is voltage and is electron’s speed.

The electron beam is monochromatic (with fixed &g) in an EBSD machine. The
accelerating voltage of the beam is usually betws2rand 30 KV which corresponds to a
wavelength between 0.122 and 0.070 A. This wavefeiggso short that two very shallow
diffraction cones (with solid angles close tg 2re formed when electrons are diffracted by a
particular set of §ivw} crystal planes. The two cones intersect the phosgcreen to form a
band on the CCD camera. Since the cones are valpwshthe edges of the bands appear to
be straight rather than curved (the curvature efttand is exaggerated in Fig. 2.8 in order to
demonstrate the cone like behaviour). The centtat @f both of the two diffraction cones

are coincident with a particular zone axi&l[ which is parallel to all th¢uvwy crystal planes.

Therefore, a zone axis is always perpendiculamtp @ane normal svw> of a set of zone

planes, and this relation is described by the zawe
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uh+ vk+ wl=0 (Eq. 2.6)
In Fig. 2.8, the grey plan&K]) is perpendicular to the zone axik]. Extension of this plane
would result in an line of intersection on the phlo@r screen in the middle of the Kikuchi
bands. Therefore, a Kikuchi band is related to diqdar (hkl) crystal plane and this

relationship is key to interpreting an Electron Bszattering Pattern (EBSP).

Primary
phosbm' electron
scroen beam
Ccco Crystalhine sample
camera tited to 70"
Lead glass
raduathon
sheld
Fig. 2.7 Schematic of a typical EBSD setup.
[A&i] zone axis
Electron
Cone of Beam

{uvw} diffraction planes

Intense Electrons

Fig. 2.8 Schematic of the formation of Kikuchitean [11].
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2.3.2 Monochromatic powder diffraction (Debye-Scheer
diffraction)

Monochromatic X-ray beam diffraction is a classipalwder diffraction method in
which the sample is placed in a transmission madkthe diffraction pattern is collected by
a downstream area detector. This technique is basetthe Debye-Scherrer method and a
typical setup is shown in Fig. 2.9. One pixel oe thetector is equivalent to a traditional
monochromatic X-ray point detector. Therefore, #inea detector can record a large amount
of diffracted information in a single exposure. kharacteristic offers particular advantages

in texture analysis and this will be discussedhfeirin sectior8.3.

The formation of diffraction patterns is shown ig.F2.9. A diffraction cone (for
which a cross-section through its central axih®) is formed when the beam is diffracted
by the polycrystalline sample. The central axish&f cone is along the direction of incident
beam and the opening angl&4f the cone is twice the diffraction anglé)2It should be
noted here that the central axis of a powder diffoam cone is different from that of the cones
formed in EBSD setup (section 2.2.1). The areaatietds mounted perpendicular to the
incident beam so that a circle (Debye-Scherrennmfprmed by the intersection between the
detector and a diffraction cone. If the grainsdesgauge volume are randomly orientated, the
diffracted intensity on this ring is homogeneougu@ magnitude at all azimuthal angles). In
contrast, when preferred orientations exist insithe® gauge volume, an intensity

inhomogeneity is observed on the Debye-Scherrgr(gae the diffraction pattern in Fig. 2.9).
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Fig. 2.9 Schematic of Debye-Scherrer diffractietup.

2.3.3 Multi-direction energy dispersive diffraction

The monochromatic synchrotron x-ray radiation poegsly mentioned can be
produced from the polychromatic storage ring X-ragsg filters known as monochromators.
This process results in a decrease in transmitted &nd therefore, in order to take full
advantage of the synchrotron beam, polychromatanisecan be directly used in diffraction
experiments. In order to measure the diffractiomdpced during these experiments, energy-

dispersive X-ray point detectors are often utilized

Similar to the advantage offered by the use of aetactors in the Debye-Scherrer
method, Multi-element (multi-point) energy-dispeesi x-ray detectors deliver an
improvement in the amount of diffraction informatighat can be collected in a single
exposure. In Fig. 2.10, a 10-element detector fi@n beamline X17B2 at the National
Synchrotron Light Source (Brookhaven National Latory, USA) is shown as an example
of this type of detector. In this setup, ten enedggpersive point detectors are arranged on a
circle in the detector module. The detector recdtds circular cross section of a single
diffraction cone with a fixed opening angle 4#. The wide range of input wavelengths and
the nature of the energy dispersive detector mean the diffraction patterns from one
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detector can be treated equivalently to an azintiyttnned portion of a Debye-Scherrer

diffraction pattern in the same radial direction.

It should be noted that energy-dispersive x-raytralément detectors are generally
placed downstream of the sample. The reason ferpllaicement is that most of high energy
x-rays diffract into the small solid angle from timeident beam. In comparison, low energy
x-rays are diffracted in any directions and canrdfege be recorded in positions both

upstream and downstream of the sample.

"White’
X-ray

beam

Uniaxial “Det9
compression '
direction 3 10-element
detector
Fig. 2.10 Schematic setup of X-ray energy-disperdiffraction using a 10-element

detector

TOF neutron scattering can also be thought of atypa of energy-dispersive
diffraction method (section 2.1.2) in which TOF trem multi-detectors can be used to
collect large amounts of scattering data in a siredposure and sample orientation. Similar
to low energy X-ray scattering, neutron diffractioocurs in every direction and therefore
TOF neutron multi-detectors have been designedotgerca wide range of solid angles
relative to the gauge volume. One such exampleT@B neutron multi-detector is the High-
Pressure-Preferred Orientation (HIPPO) diffractengt3] at LANSCE in the USA (shown
in Fig. 2.11). It consists of 5 detector panelsgchedousing many individual detectors

(containing®He) to resolve the energy of scattered TOF neutrdhe 10 panel is a forward
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scattering panel and its function can be regardedqaivalent to the Debye-Scherrer setup

(Fig. 2.9) or the energy-dispersive x-ray 10-eletdatector setup (Fig. 2.10).

Colimatgr 159
A n .

Beam = g Panels  environmental

sample chamber

neutrons

Fig. 2.11 Schematic of TOF neutron HIPPO diffractter setup.

2.4 Powder diffraction patterns: line profile fitti ng

2.4.1 Diffraction pattern line profile

A line profile is a function of diffracted intengitagainst energy or diffraction angle
which can be produced using a range of differeffitadition based techniques. By fitting this
profile, quantitative information about the sampach as lattice strain and texture can be
obtained. In the following example the line profioduced from a Debye-Scherrer
diffraction pattern has been used to illustrate ttega processing technique which is

standardly implemented.

An example Debye-Scherrer pattern is shown Fig2.a.1n which the centre of the
rings has been identified and marked with a whits€. Azimuthal integration of this pattern
has been performed with an angular width ofSorder to form a spectrum with 72 rows (in

which each corresponds to a different azimuthalearas shown in Fig. 2.12.b) using Fit2D
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[14]. One row from Fig. 2.12.b has been extracted shown in Fig. 2.12.c, this is known as
an angle-dispersive diffraction pattern line pmfilt should be noted here that the horizontal
axis of the line profile is diffraction angl® 2which is converted from pixels positiorng yia

a geometric relationship (see Fig. 2.9). The casiveris given by,

20 = arctanrs (Eq. 2.7)

where 20is the diffraction angle; is the distance from a pixel to the origins of Deby

Scherrer rings and is the sample to detector distance.

Similar to angle-dispersive diffraction patterndiprofiles, an energy-dispersive point
detector records the relationship between diffaactintensity and beam energy. This
diffraction pattern is calleé&nergy-dispersive diffraction pattern line profile. The only
difference between these two types of line proifehe units of the horizontal axis and
therefore the fitting strategies are more or lesslar. Below we present the fitting methods

used to analyse an angle-dispersive diffractioa firofile.

a b 350
% 300
2500 s
2 250
3 200 ;
2000 5 130
< 100
5 50
Rows 1500 0
40 45 50 55 60 65 70 75 80 85
2-Theta Angle (Degrees)
1000
C 10000 X
500 5 8000
z
500 1000 1500 2000 2500 g 6000 ‘
Columns § 4000 ' ‘ X
i e L é ‘ p—— . TR
£ 2000 ‘ ‘ 47 48 49 5
00 02 04 06 08 1.0 12 =« J‘ |
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04 5 6 7 8 9
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Fig. 2.12 a) A raw Debye-Scherrer diffraction patt b) the “caked” diffraction

pattern re-plotted as a function of two angulardowtes, ¢) Single peak fitting applied to the
equivalent 1D profile extracted along the red Bhewn in (b)
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2.4.2 Single peak fitting

Several diffraction peaks are seen on the lineilprof Fig. 2.12.c. Depending on the
exact peak shape, they can be approximated by ayin@metric peak functions, for example
a Gaussian function, or non-symmetric peak functfon example split-Gaussian function.

Here we use a Gaussian function to fit one of #mekp in Fig. 2.12.c.
A Gaussian function for angle-dispersive diffrantfgeak is given by,

6 - 20,y (Eq. 2.8)

1(28) =1, +I maxexp(_(2 257 )

where | (26) is diffraction intensity at a particular diffracti angle2f | is the average
background intensity, _ is the maximum diffraction intensity of a peakg, is the peak
centre corresponding to the maximum diffractioremsity | and O'is full-width-at-half-
maximum (FWHM) of a peak. The integrated intengity) for such a function is given by,

Y — —_ 2
Lo = [ maxexp(%ﬁ w=1 oo (Eq. 2.9)

The peak centre2, ) and integrated intensity; () can be used to compute engineering

strain and quantitative texture information, respety. A least square fitting method is used
to optimize the parameters in Eq. 2.8 by redudmegerror between the experimental data and
the Gaussian profile predicted.

A line profile is a complicated convolution of madyfraction factors such as, lattice
constant (rather than several “independafiSpacings), atomic positions and temperature
factors. Full pattern analysis in which all the & a spectrum are simultaneously fitted is

often a better approach than single peak fittingp(der to retrieve more information).
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2.4.3 Full pattern analysis

Rietveld refinement [15], the first example of thige of approach, considers all
possible parameters affecting diffraction intengitya line profile. For example the Rietveld
refinement package MAUD [16] considers angle-disper diffraction intensity’s

mathematical function as,

| e :SFZ L | |:k|25(2,9i -26,)P A+ | (Eg. 2.10)

where Iicalcis the predicted intensity at a space positiog. is a scale factor, is Lorentz
polarization factor,s(26, - 26, ) is the peak profile function (for instance a Gaass

function or Voigot function)p, is a preferred orientation functioA,is the absorption factor

and Iib is the background scattering at the space position

A least squares method can be used to optimizpahemeters in Eq. 2.10. However,
the number of parameters involved in the optimisatneans that this process is much more
complex than that of single peak fitting. Therefoaglvanced optimization methods, for
example, modified least squares, maximum entroplyNonte Carlo methods, are often used
in order to achieve convergence more quickly ancliately. Despite the presence of all
these advanced tools, time and user experiencgtiirdie most important factors to achieve
a good match using Rietveld refinement. Furthermtre fitting strongly relies on manual
adjustment and therefore it is impossible to dalbgirocessing using this approach.

If a more approximate fitting solution is requirddy example, the evaluation of the
lattice parameter, Pawley refinement [17], can Beduas a “weak version” of Rietveld
refinement. This approach is recommended when rigadiith large amounts of data in
batch-processing regime. The main difference betweawley and Rietveld refinement is
that Pawley refinement allows peak intensity toyMaeely, whereas peak intensity is strictly
dictated by certain parameters in Rietveld refinetm&or example, in Pawley refinement,
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angle-dispersive powder diffraction profiles coule fitted with only the following

parameters: Intensity of each reflection with imdidikl -1(hkl), unit-cell metric tensor
parameters- A,B,C,D,E,F instrumental zero error 2¢, and peak-width parameters -

U,V,W Fig. 2.13 shows an example of Pawley refinementaf nickel alloy by GSAS [18]

software.
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Fig. 2.13 A Pawley fitting to nickel alloy anglésgdersive line profile.

The motivation to use full pattern analysis in thesis includes: 1) direct fits to the
lattice parameter rather thahspacing, giving a better averaging approach ticeatstrain
determination (this offers special advantages fagireeering strain analysis and will be
further explained in sectioB.4.1); 2) direct extraction of texture information froRietveld

refinement (detailed discussion given in sec8ah 2.
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Chapter 3 Powder diffraction in stress and
texture analysis

This chapter introduces the applications of diffiat techniques (chapter 2) to study
stress and texture in polycrystalline materialse Tdpplications of these techniques to
tackling several practical problems are presemetthe parts of this thesisiapters 5 to §

devoted to the experimental results. The struatfiteis chapter is:

1) Section 3.1 to 3.5Powder diffraction in stress analysis.

2) Section 3.6 to 3.9Powder diffraction in texture analysis.

3.1 Advantages of diffraction stress measurements

The advantages of using (powder) diffraction teghas to study stress within

crystalline materials in comparison to other measwant techniques are:

1) They are truly non-destructive. This feature mattéfsaction techniques suitable
for in situ stress characterization whereas destructive mstadonly confined to
residual stress characterization. Destructive methods @alyemoving materials
from a test piece, and then the difference betvileemeformation before and after
material removal are quantified in order to dedressdual stress. These types of
methods include [19]: sectioning, hole drillingjttshg, layer removal, contour
method, etc...

2) They can be used to study stress from the surfa¢ket bulk of an engineering
component depending on the length scale of intesest of the beam used, and
whether transmission or reflection geometry is ustdain gauging and optical
microscopy methods [20] are also non-destructivesstmeasurement methods,

but can only be used to analyse the stress attifece of a sample.
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3) They measure elastic strain which can be diredfduo compute stress. Recently,
Digital Volume Correlation (DVC) [21] and Digitalmage Correlation (DIC)
methods have been developed to extract strainnrgton from 3D tomographic
datasets and 2D radiographic images respectivdigy Tare also based on non-
destructive techniques and can measure bulk stidowever, the strains
calculated by these techniques are the sum ofi@kastl plastic strains, and these

total strains cannot be directly used for stressutation.

The direct outputs of all the above mentioned mashare strain rather than stress

which cannot be directly measured. Stress is coatpfrom elastic strain through Hooke’s

law (linear stress-strain relationship).

3.2 Stress-strain relationship (Hooke’s law)

A complete description of the stress state at taitepoint can be given by a second
order tensorg; , with ij ranging from 1 to 3. The tensor’s graphical degwn in 3D

Cartesian space is shown in Fig. 3.1.

s

Oy, Q.
Oy
Oy
i "y
| S y
—
oW o, |
X
Fig. 3.1 Stress tensor in 3D space.

This tensor is symmetric:
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g. =0. (Eq. 3.1)

Hence, there are only six independent elementssimesas tensor: three diagonal ones

and three non-diagonal ones. The elastic straite stta certain point can be defined in a
similar way as to the stress state a second oaimoté‘ije. This tensor also has diagonal

symmetry (Eq. 3.1)Hooke’s law states that each stress element is given by arline

combination of every elastic strain element, ansl tblationship is written as,
g; =Gy & (Eq. 3.2)

Here the linear coefficientsqk,) form a fourth order tensor, the so-called stiféensor.

Eqg. 3.2 can also be expressed in terms of elastigptance tensors),

& ZQjI(iqu =S G (Eq. 3.3)

According to diagonal symmetries of stress andrstensors, both the stiffness and

compliance tensors have the following symmetry,

Al]kl :Aj}kl = ,&( (Eq. 3.4)

Here tensoA can be either the stiffness tens@ ) or compliance tensoiSj.

Next, Voigt notation is used to rewrite Hooke’s l&wv simplicity. The second order
(stress and strain) tensors are represented byctarvd-or example, the stress vector is

written as,

;
6=[0, 0, Oy 0, 0, 0] (Eqg. 3.5)
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The vector of strain tensor can be written in tineilar way. Under Voigt notation a stiffness

four order tensor can be reduced to a 6x6 matniat,HHooke’s law is then given by,

_Ull_ _Cll C12 13 14 15 16_ _811_ (Eq 36)

Here a stiffness matrix element (m, nranging from 1 to 6) is converted from a

corresponding stiffness tensor elem&,}m @, j ,k ,I ranging from 1 to 3) by following such

arule:i j orkl »morn. For example, 11, 222, 33-3, 23—4, 1355, 12-6. A detailed
analysis of this transformation is given in [22heTnumber of unknown elements in stiffness

matrix ¢ can be reduced and some widely used reductionidemasions are presented

below.

3.2.1 Three-dimensional isotropic Hooke’s law

The stress-strain relationship for an isotropic &ndarly elastic solid is written as

[23],
[o,,] 1-v v v 0 0 0] [&,] (Eq. 3.7)
0,, v 1-v v 0 0 0 &y
Oy | E v v 1-v 0 0 0 | |&sx
o,| +v)@-2) 0 0 0 - O 0| |&,
Oy 0 0 0 0 2 O £
| 04| 0o o0 o0 0 0 T 2| |&

Here all the elements in the stiffness matrix amemied by two independent parameters:
isotropic Young’s modulus (E) and Poisson’s rat). (Table 3.1 lists E and of some

commonly used non-textured materials.
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Table 3.1 Isotropic Young's modulus and Poisseoat® for some commonly used

materials.

Material Young’s Modulus (GPg)Poisson’s ratio k)
Tungsten 410 0.30
Alumina 390 0.25
Nickel 215 0.31
Stainless steel 190-200 0.30
Copper 124 0.34
Titanium 116 0.30

3.2.2 Two-dimensional isotropic Hooke’s law

If a deformation can be approximated to occur @Dgolane, the stiffness matrix for
an isotropic and linearly elastic solid is much glen than the one shown in Eq. 3.7. There
are two assumptions regarding to plane deformatlyrPlane strain deformation; 2) Plane

stress deformation.

Plane strain deformationreferring to the fact that strain components dut-g plane

are zero,

‘913:‘923:533:0 (Eq 38)

In reality Plane strain deformation is an approxioraof such a situation: an object’s
z dimension is much bigger than k&andy dimensions so that the strain components related
to z direction can be neglected. Substitute Eq. 3.8 Ex. 3.7, the Hooke’s law for plane

strain deformation becomes,
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0, - 1-v v 0 e, (Eq. 3.9)
Oy |=—————| V 1-v 0 || &y,
Q+v)a-2)

o, 0 0 1-%| ¢,

Ev
Op =" —(E te
33 (1‘2!/)(1+I/)( 11 22)
0-13:0-23:0

The second assumption callgldne stress deformations made to approximate such
a situation: a deformed object has very smdiimension compared with the other twoafd

y) dimensions. Under this assumption the stress ooems out ok-y plane are zero,

03350135 0,,=0 (Eq. 3.10)

Accordingly the stress-strain relationship is givosn

0, 1 v 0]lg, (Eq. 3.11)
_E

0,, —m v 1 0 522

o, 0 0 1I-vie&,

3.2.3 Three-dimensional Hooke’s law in a single csyal

Due to the crystal symmetry many elements in tiffness matrix of a single crystal
must vanish and ‘'some non-zero elements are dependeother elements. The detailed
analysis of how a crystal symmetry affects itsfiséiés matrix elements is given in [24].
Below the stiffness matrices for cubic and hexagaengstals are listed, and Table 3.2 and
Table 3.3 show the elastic constants for some cabat hexagonal phase polycrystalline

materials that have been studied in the presesisthe

Hooke’s law for a cubic crystal:
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c, C, C, 0 0 O (Eq. 3.12)
c, ¢, ¢, 0 O O
= c, ¢, ¢, 0 0 O
o o o ¢, 0 O
o o o o0¢c¢c, O
0 0 0 0 o0 C,]
Hooke’s law for a hexagonal crystal:
c, C, C, 0 O 0o ] (Eq. 3.13)
c, ¢, C;, 0 O 0
C= C; C; C; 0O O 0
o o o0 ¢¢c, O 0
0O 0O 0O 0 C, 0
|0 0 0 0 0 €,-C,)/2
Table 3.2 Elastic constants of some cubic phasealsne
Materials | G1(10”N/m?) | C12(10"N/m?) | Cas (10"N/m?) | Zener ratio)
Aluminium 1.0675 0.6041 0.2834 1.2231
Copper 1.683 1.221 0.757 3.2771
Gold 1.9244 1.6298 0.4200 2.8513
Iron 2.26 1.40 1.16 2.6977
Tungsten 5.2239 2.0437 1.6083 1.0114
Nickel 2.481 1.549 1.242 2.6652
Table 3.3 Elastic constants of some hexagonalepimasals.
Materials G1 Cio Cis Csa3 Cus
(10"*N/m?) (10"N/m?) | (10" 'N/m?) (10"N/m?) (10"*N/m?)
Magnesium| 0.5950 0.2612 0.2180 0.6155 0.1635
Titanium 1.6240 0.9200 0.6900 1.8070 0.4670
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It should be noted here that the stiffness matfixa asingle crystal is orientation
dependent. All the matrices and elastic constardag/eig above are based on the fact that the
crystal’s coordinates are the same as the lab owies. If the orientation of a crystal is
known, its stiffness matrix can be calculated bplgpg a rotation transformation to the

stiffness matrix in lab coordinates.

A so called Zener anisotropy factor [25] (the leslumns in Table 3.2) is defined for

cubic crystal to quantify the degree of elastisatropy,

ae_ 2 (EqQ. 3.14)

Ci—Cy

The stiffness matrix in Eq. 3.12 is equivalenthattin Eq. 3.7 wheA is equal to unity. Thus
the moreA differs from unity, the more elastically anisotiophe material is. For instance,
aluminium and tungsten are very close to elasticelbtropic as their Zener anisotropy

factors are 1.2231 and 1.0114 in Table 3.2.

3.2.4 Three-dimensional Hooke’s law in textured matrials

A textured polycrystalline aggregate consists ofhyngrains which are characterised
by a certain orientation distributiosgction 3.7 in orientation space. Therefore, the stiffness
matrix for a textured polycrystals aggregate shdaddobtained as an average of the single
crystal stiffness matrix over orientation distrilom. Here we present three rough but very

popular assumptions [22] (Voigt, Reuss and Hill)tfee averaging methods.

Voigt assumes that the total strain is uniform wata polycrystal aggregate. Then the

overall stiffness matrix is given by,

c’=(c) (Eq. 3.15)
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Here the superscripf is used to denote Voigt uniform strain assumptibe, superscript
denotes single crystal and the bracket (<>) stdiodsaveraging over grain orientation

distribution. The compliance tensor is given by,

o = <Sc-1>-1 (Eq. 3.16)

The stiffness tensor calculated this way correspdadpper bound average.

Reuss assumes that the total stress instead of stnaniform in an aggregate. This is
for the calculation ofower bound average moduli tensor. The stiffness and compdianc

tensors are given by,
SR = <Sc> (Eq. 3.17)
4\ -1

Hill [26] suggests using the arithmetic mean of §toand Reuss elastic tensor as a

more reasonable estimate of a real case,
1 c 1\ 7L Eqg. 3.19
c" —_—[<C >+<C > ] ( )

o3[’

3.3 Strain at different length scales

Depending on the length scale of interest, streslssérain in polycrystals materials

are often divided into three types [27]:

1) Macro level (illustrated in Fig. 3.2.a): The meed dimension for strain
calculation is often larger than millimetres. Fastance, the strain measured by
conventional strain gauge is a type of macro strain
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2) Meso level (illustrated in Fig. 3.2.b and c):eTmeasured dimension for strain
calculation is of the order of hundreds of microfike measured region often covers

thousands of grains, satisfying powder diffractoamdition.

3) Micro level (illustrated in Fig. 3.2.c): The nsemed dimension for strain
calculation is smaller than a single grain’s dimeng~microns). Strain at this level is

often measured by single crystal diffraction.

We use Fig. 3.2 to explain the difference betwéenthree types of strains as well as

their measurement techniques below.

3.3.1 Macro level strain
In Fig. 3.2.a a strain gauge is attached to thelmoge sample’s surface to measure its
strain due to the applied tensile stress. Thersggauge covers a length of a few millimetres,

so that the measured strain corresponds to thage@ver the gauge length.

3.3.2 Meso level strain

In Fig. 3.2.b a diffraction gauge volume the dogwdosample is schematically
illustrated. Debye-Scherrer diffraction setup (8Btt2.3) is used to measure the strain that
arises in response to the external load withinvislame from which the scattering signal is
collected (by analogy, this is called the “gaugéunme”). When X-ray beam cross-sections
vary between 10-1000 pum, the measured strainyipeadf meso level strain. Since strain is a
directional property, it is important to illustrateee below) how to determine the magnitude

and the direction of this meso level strain.

The formation of Debye-Scherrer pattern from X-sggttering in the gauge volume
is illustrated schematically in Fig. 3.2.b. For theattered beam direction identified by the

solid (red) arrow, the collected diffraction sigh@ome only from the red highlighted grains
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(solid sphere markers) that correspond to less a6 of the entire gauge volume. A
diffraction peak can be extracted from the pixeemsity data using the processing method
shown in section 2.4.8ingle peak fitting (section 2.4.2) is then used to determine pregisel
the peak’s diffraction angle2€o). It is commonly believed th&t), is related to the average
lattice spacing of the corresponding lattice plafigld} through Bragg’'s law. This average
effect is used as a key postulate in the strairography method [28]. A nhumerical analysis
will be presented irsection 5.1to confirm this postulate. The magnitude of stralated to

the average lattice spacing of the solid grairggven by,

dy _d:d (Eq. 3.21)
dO

hkl

Ena =

where¢,  is the lattice strain related to theK} planes of the solid grainq‘; andgq,,  are
the unreformed and deformed lattice spacing caledlaia Bragg’s law from the diffraction

peaks of the solid grains.

In order to illustrate the direction of the lattictrain, the geometry of Bragg
diffraction for a single solid grain is shown ingFB.2.c. The calculated lattice spacing is the
distance between the grain’BKJ} planes, whose normah) has angle against the loading
direction (Y axis). If high energy (>50 KeV) X-rdyeam is used in this measurement, the
diffraction angle 26) will be very small (<10°). Consequently, the seahg vector has less
than 5° angle against the loading direction andntleasured solid grain’s lattice spacing can

be thought of approximately as corresponding tddhding direction.

However, the average lattice strain of the sotairgs is not representative enough to
the average strain of the whole diffraction volubseause of two reasons: 1) the solid grains

only occupy 10% of volume of the gauge volume;tBss and strain inhomogeneity usually
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exists in a polycrystals gauge volume. If only th#ice strain calculated from a single
diffraction peak based on single peak fitting werged, this would result in erroneous
evaluation of the strain for polycrystal aggreg@ateeso level strain). In order to get better
strain accuracy at this level, one can include nmgreens (for example, the blue and green
grains in Fig. 3.2.b) into strain averaging. Theresponding average methods are introduced

in section 3.4.

3.3.3 Micro level strain

In previous section, it is concluded that the clat@d strain using single diffraction
peak information is an average effect of all thédsgrains. In order to resolve the strain
distribution within a single grain or a polycrystagjgregate, smaller beam size. single
crystal diffraction methods have to be used. Fangxe EBSD [29], Laue diffraction [30]
and Transmission Electron Microscopy (TEM) [31f aften seen in the literature as suitable

to study strain at micro level.
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l Typical dimension: hundreds of microns

meso tensile stress

macro tensile stress

9' d-s|

X
Lattice plane
Typical dimension: several microns '
grain level tensile stress
Fig. 3.2 Strain in macro level (a); meso level (hicro level (c).

3.4 Strain averaging in powderdiffraction

3.4.1 Strain average on a line profile

One strain averaging approach in powder diffracisoto consider a line profile rather
than a singldnkl peak (section 3.3.2). For instance, the line pgafaked along Y direction in
Fig. 3.2.b is used for strain calculation in thisctoon. This line profile contains two
diffraction peaks, referring to solid sphere (radyl solid squared (blue) grairull pattern

analysis(section 2.3.3) is performed to the line profiedietermine the lattice constan) Of
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the cubic polycrystals rather thardg, for a particular peak by single peak fitting. Byst
way the contributions in strain from both red ardebgrains are considered. The more
diffraction peaks within a diffraction line profilare considered in full pattern analysis, the

better the average becomes. The averaged straof aull pattern analysis is given by,

_a—g (Eq. 3.22)

where ¢ _ is the lattice strain related to lattice const@ni  is the unreformed lattice spacing

and ¢ is the deformed lattice spacing.

In section 5.2 full pattern analysis will be used to fit enerdigpersive diffraction
pattern line profiles for strain measurement. Tin§ procedure mainly relies on Pawley
refinement (section 2.4.3) implemented into GSABxsre. A Matlab code [32] was written
to automate the batch-processing for dealing vathd amounts of data. Based on this work
Zhang [33] developed peak width analysis in ordecdpe with plastic deformation effect.
The method developed by Zhang is used exclusivelthe thesis to analyse energy-

dispersive diffraction data.

3.4.2 Strain average over a 2D Debye-Scherrer diiction
pattern

In this section, a more advanced method for ste@araging is presented by including
more radial line profiles rather a single line [obn a Debye-Scherrer diffraction patterns
into strain computation. In Fig. 3.2.b the greeaigmwhich also diffracts the beam onto the
detector. However, its strain is not consideredantion 3.4.1 because its signal is collected
by some pixels at X axis on the detector. If theeliprofile along X axis, for example
including the triangular (green) grain, and othadial line profiles are considered in strain

calculation, it is surely that a much better averager the gauge will be achieved than only
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considering a single line profile. Below we pressath a method based on strain tensor

transformation.

The relationship between strain tensors in twceddit coordinates is given by,

& =R, R,& (Eq. 3.23)

jn®mn

where &; is strain components in a reference coordingg, is the strain components in a

local coordinate andR is a rotation matrix.

Each diffraction line profile refers to a latticeasn along the radial direction at a

specific azimuthal angle, and this strain can b#tew as¢,, (a stands for the azimuthal

angle of a line profile). For the radial strainsasared by a Deybe-Scherrer setup, the
transformation between strain tensors is a 2D prablThus we only consider four elements

on X-Y plane in a strain tensor,

£, &, (Eq. 3.24)
€=
£, &

ta

where ¢ is the normal strain perpendicular4gp,, £, and¢&,, are the shear components.

The 2D rotation matrix is written as,

R = cosa - sina (Eq. 3.25)
sinag coxy

where a stands for the azimuthal angle of the line profile.

Using Eq. 3.23, the relationship between any restiains and the principal strains on

X-Y plane can be written as,
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£, =cos @—a, )&+ sit g-a, X&, (Eq. 3.26)

Here g and &,are two principal radial strains on the X-Y plaaad they refers to a specific

situation that no shear strains exists at a paati@angler, .

The unknown three parameters (&, anda,) in Eq. 3.26 can be determined from
many measured radial straigg, by using least square fitting. Thus the equatieggssts a

way to correlate all the azimuthally binned lineofides. This also sheds light on how to
measure principal strains within a 2D plane. Koskynet al [34] used this technique to
evaluate 2D strain state from synchrotron x-ray y@eScherrer diffraction data. In section
5.2, this technique is applied to analyse multivedat energy-dispersive x-ray diffraction

data for principal strain determination.

3.5 Elastic and plastic strains in powder diffracton

The red grain is under a tensile deformation in Bi@.c, and its lattice expands in
response to the load before the lattice reachedatgic limit. Once the lattice reaches elastic
limit, its lattice spacing cannot be changed anyrewen the load is still increased. Therefore,
lattice strain measured through Bragg’s law onjyresents the elastic response to the Iaad
elastic strain, which can be readily used to compute stress. iShaéten regarded as a major

advantage for strain measurement by diffractionnegues.

However, it does not mean that powder diffractiechhique cannot be used for
plastic strain determination. Once a polycryst@gragate starts to be deformed plastically,
some of the grains would reach their elastic liamd some remain elastic since there is
always a stress inhomogeneity inside the aggre@aséocations and voids are moved to the

grains which have reached their elastic limit idear to accommodate the plastic shape

43



change for the aggregate. At the same time patieofoad on the yield grains is transferred
onto those elastically deformed grains [35]. Thelatiations and voids inside an aggregate
cause powder diffraction peaks broad and asymmeiriew functions [36, 37] have been
proposed to quantify these broadening and asymnadtects in order to compute plastic

strain. In the present thesis the effect of plasttiain is not discussed in later chapters.

3.6 Introduction of texture analysis by diffraction
methods

Crystallographic texture [38] is defined as tladtice preferred orientationin a
polycrystals aggregate. Another type of textigleape preferred orientatiorglso exists in
crystalline materials. For instance, the fibre ghapfibre-reinforced materials is one of the
shape preferred orientation©ptical methods have been used to determine typis of
preferred orientations [39]. The methods mainly reh advanced light microscopies to
capture images on the surface of a sample, andcthraputer-aid image analysis are used to

guantitatively determine those preferred orientetio

Today diffraction techniques are mainly used tcedatne crystallographic preferred
orientation, exclusively referred to tecture in the thesis. Similar to the usage of diffraction
techniques in strain measurement, there are alsodigtinct methods for texture studies
depending on the relationship between a gauge \a&isize and grain’s size: single crystal
diffraction and powder diffraction. These two metho applications are introduced in

sections 3.8.1 and 3.8.2 respectively.

44



3.7 Basic concepts in texture study

3.7.1 Orientation

The unit cell is the simplest repeatable unit ircrgstal (grain). Here a grain’s
orientation is treated as its unit cell’'s orierdati Fig. 3.3 shows a cubic unit cell with an
orientation under lab coordinates. A rotation nxaitan be used to transform reference

coordinates (lab coordinates) to a specific origona(crystal coordinates),

X, =R; % (Eqg. 3.27)

wherex  is a basis vector of lab coordinates,s a basis vector of crystal coordinates and

]Rji iIs an element of a rotation matrix. In this themnsorientation always refers a particular

rotation matrixRR .
A rotation matrix has only three independent congms that are often referred as
three Euler angles. Depending on the chosen rotatxs, rotation matrices for a particular

rotation angle ) are written as,

1 0 0 | (Eg. 3.28)
R(@)=|0 cosf - sird

|0 sind cod |

[cosf® 0 sird] (Eq. 3.29)
R@=| 0 1 0

| —siné 0 cod |

[cosf - sird (Eg. 3.30)
R () =|sind cod

0 0 1

Herex, yand zare the rotation axe of Euler rotations anis the rotation angle.
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X

Fig. 3.3 Unit cell with an orientation under ladiocdinates.

Any orientation can be constructed by three Eutgiies, and its rotation matrix is the
dot product of three rotation matrices given by .EQs28-3.30. Several Euler angle
conventions are widely used in texture study, d&y fare listed in Table 3.4. For instance, a

rotation matrix of Bunge convention is construdbgd

Rungd® P.8,)= R(@) R(®) R@,) (Eq. 3.31)
Table 3.4 Euler angle conventions.
Euler convention| 1% angle (Z 2"° 3%angle (Z | The rotation axis for the"2
axis) angle axis) angle

Kocks(symmetric v ® [0) Y
Bunge ¢ 1-1/2 ® 2-¢ X
Matthies o B -y Y
Roe v ® - O Y

Orientation of a crystal is a 3D concept and idid@ift to visualize. Instead, the

relationship between several directions under tigstal’s coordinates and a lab coordinates
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are studied. Those relationships are projected ar#D plane for visualization purpose. The
projections are divided apole figure (section 3.7.2) andnverse pole figure (3.7.3)
depending on whether the reference coordinateahiscbordinates or crystal coordinates,

respectively.

3.7.2 Visualization of crystal directions (pole figre)
In this section an example (see Fig. 3.4) is usdtlustrate the formation af00 and

111 pole figures for a particular orientatiog (v ,¢4,) of a cubic crystal. Some commonly

used notations in texture studies are used herdéin&dlirection (RD), Transverse direction
(TD) and Normal direction (ND) of sample coordiratefer to X, Y and Z directions in lab
coordinates respectively.

An hkl pole figure is constructed by projecting planemmair <hkl> of a unit cell onto
a 2D plane constructed by two perpendicular lalisbasctors (TD and RD in Fig. 3.4).
Crystal planes normall90> and 411> under lab coordinates of are written as,

I30'%00 = I%unge(¢1’q)1¢2)° Mlller(l,0,0) (ECI 332)
Pole,; = Ryne(@ @, 9,)- Miller(1,1,1)

Here pole,,and pole,, are vectors under lab coordinates referring tstatyplanes normal
<100> and <111> respectively. It should be noterk lthat a crystal direction under lab
cooridnates is called pole. Ry, @, P,9,) is a rotation matrix in Bunge convention, and
Miller (1,0,0)and Miller (1,1,1) are crystal planes normal <100> and <111> undgstals

coordinates respectively.

Crystal planes normals <100> and <111> are axds 3vibld and 4-fold symmetry
respectively so that there are 3 antib®and111's poles for a cubic crystal (3 and 4 red lines
shown in Fig. 3.4 andc) respectively. A unit sphere with the origin cading with the

centre of the unit cell is drawn. TH®0 and111s poles (red lines) intersect the sphere’s
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surface to form 3 and 4 points on one half of thieese’s surface, respectively. Grey lines are
drawn to connect the South Pole (negative ND) dmel points on the upper (North)
hemisphere. Those grey lines intersect the equéaoe (consisting of RD and TD) to form 3
and 4 yellow points fot00and111s poles (see Fig. 34 andd) respectively. Fig. 3.58.and

d are thel0OO0and111pole figuresfor this particular orientation of cubic crystakpectively.
The above projection procedure is a so cadkedeographic projectionby which a pole in a

space is converted into a point on a plane.

3.7.2.1 Stereographic projection

The mathematical relationship between a pole uBBeCartesian coordinates and its
projection under polar coordinates (azimuthal armgnd polar distancg) is introduced in
this section. The notations of polar coordinates a) RD is defined as’@zimuthal angle,
and an azimuthal angle increases as it rotatestemlockwise around ND. 2) The unit of
polar distance is defined to be degree (°), anddtsdary is defined to be 90

The projections are divided into two steps: 1) @hva pole from Cartesian
coordinates to spherical coordinates; 2) projeetpble from spherical coordinates into polar
coordinates.

In the first step a hkl pole is transformed from 3D Cartesian coordinates

Pole,(x vy, 2 into 3D spherical coordinatesole, (a,4,r) . The following spherical

coordinate’s notations are defined’ is the same azimuthal angle as in 2D polar coatds)

@ is the inclination angle between a pole and Y &kB) andr (ris unity for a unit sphere)

is the length of the pole. The relationship betweem,, (x y, 2 and pole,, (a,4, r)iS given

by,
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Eq. 3.33
Polem(a):arctan% (Eq )

Pole, (¢) = arccosrE

Polg, (1) =1

ND

<100> Pole Figure

L5

<111> Pole Figure

d / \

—

0

RD

Fig. 3.4 (a) plane normal <100> and unit sphdre1Q0pole figure, (c) plane normal <111>
and unit sphere and (d}1 pole figure.

In the second stepthe pole’s polar coordinates is converted fronsjikerical
coordinates. As shown in Fig. 3.4 the azimuthalewn§a pole is not changed before and
after projection:

a (Eq. 3.34)

polar =

sphere

The geometric relationship between polar distapcén polar coordinates and
inclination angley in spherical coordinates is shown in Fig. 3.5.are; the projection plane

(not shown in Fig. 3.5) is a plane tangent to tlethN Pole containing a circle radius of 2.
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This plane is parallel to the equator plane witisleiof radius unity shown in Fig. 3.4. A pole
is shown by the green arrow, and its projectiorgiens 2tang/2). A pole has its maximum
projection length whenp is equal to 99 (the pole is pointing to the boundary of North
hemisphere), and the corresponding projection kemgt2. Since the boundary of a polar
distance is defined as 9@he normalized polar distance for an angie given by,

_ 2tan@ /Z)XI_T

U Eg. 3.35
stereo 2 > = tan(¢ /2)X—2 ( q )

3.7.2.2 Equal area projection

Another commonly used projection method in oridotastudy is callekequal area
projection. The only difference between it and stereographicjection, in terms of
geometric relationship to angle is shown in Fig. 3.5.b. The length of the pramet(red
arrow) of a pole (green arrow) is equal to the taragf the green dash line which is 2gif).
The maximum of the projection’s length ig2 when anglep is equal to 98 Thus the

normalized polar distance is given by,

_2sin@ /2) m__ 5 Jor (Eq. 3.36)
loequal - \/E 2 _Sln(¢ /2)

The main differences between the two projection hoé$ are [22]: 1) angular

relationship of any two lines on a spherical swefecpreserved in stereographic projection; 2)
The size ratio of two areas is preserved in theakgtea projection. These differences give
rise to the difference of their usages in orieotar texture study. Stereographic projection
is usually used to present angular relationshipsvéen grains, and the orientations of
individual grains can only be measured by singlgstad diffraction methods. Therefore,
stereographic projection is often used in presgntiesults measured by single crystal
diffraction methods. For instance, in order to ustind the twinning relationship between

two grains by using EBSD, the rotation matrix (adlaguelationship) between the two grains

50



is the key parameter to be identified. In order pieeserve this angular relationship,
stereographic projection should be used.

In contrast, equal area projection is preferregpomder diffraction texture analysis.
The concept of texture is related to the statistbaracteristics of preferred orientations in a
polycrystal aggregate. Pole figures allow identifyi the preferred directions by
correspondence with the regions of highest dessitreprobability maps in orientation space.
Therefore, when it is important to keep the polasity information consistent before and
after projection, equal area projection should $&du If stereographic projection is used, pole
density around the North Pole will be increasedd aespectively decreased after the
projection. This will result in erroneous identdtcon of preferred directions from pole

figures.

2tan(¢/2) 2sin(¢@/2) N

X(RD)

Fig. 3.5 Stereographic projection; (b) equal gnexection.

3.7.3 Visualization of lab directions (inverse polégure)

For constructing aninverse pole figure the reference coordinates are crystal
coordinates, and a particular direction (usually,RID and ND) in lab coordinates is
projected onto a plane formed by two crystal diets. The projection methods used in
inverse pole figures are the same as in sectior2.3-8.7.2.2 (stereographic and equal area

projection). However, the size of the circular 2@jpction plane in inverse pole figures is
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different as in pole figure. In principle a perfeatcular region like the ones in Fig. 34and

d is needed to represent all possible directionspiaice. Due tarystal symmetry, a single
crystal direction [hkl] has many equivalent direct in space. For instance, crystal direction
[111] in a cubic crystal has 3 other equivalentediions. Therefore, a smaller region is
sufficient to represent all the possible crystagdiions in a crystal. For example, the size of a
so-called “standard triangle” is shown in Fig. 3Mhich covers all possible crystal directions
in a cubic crystal. The higher symmetry a crystd,ithe smaller the size of its inverse pole
figure is. Similar to this size reduction in inverpole figure, $ample symmetry also
affects the size of a pole figure. For instancdy @me quarter of a circular region is needed
to present all the directions in space for a samylle orthorhombic symmetry of its texture.
However, one should not assume any sample symnietgny texture characterization
experiments in order not to miss any texture infaion. Sample symmetry is not discussed
in all the experimental parts of the thesis.

Trace o£{100}

[010]

Trace of {110} Trace of (110)

110]

Stapdard

Trace of {011} Triangle

[100] [100]

Trace of C15)

Trace of (G11)

Trace of {101} [010] “Trace of (10%)
Fig. 3.6 Standard stereographic projection of cpbiase crystal [40].

3.7.4 Visualizations of orientation distribution
Using the pole figure and inverse pole figure cargions are introduced in previous

sections. One can only identifyome preferred crystal orientation directions asdme
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prominent lab directions from ether pole figurdrorerse pole figure. However, one direction
does not define the orientation of a crystal fulliaus, for the full description of texture state,
the orientation distribution (OD) rather than dtren distribution within a polycrystal
aggregate is required. In this section several comynused visualisation methods of ODs
are presented.

An orientation space with three Euler angle as redidasis vectors is often defined
to discuss OD became an orientation is fully regmésd by three Euler angles Fig. 3.7.a
shows an OD of a cubic polycrystals aggregate inr@entation space, in which Bunge Euler
angle convention is used. It is easier to visuaizeOD by its 2D sections (see Fig. 3.7.b), in
which an Euler space is sliced alopgdirections. The OD’411 pole figure and x direction
of lab coordinates inverse pole figure are showrFig. 3.7.c and d, respectively. The
mathematical relationship between an OD and ite figures are mathematically discussed

in section 3.9.1.

a b P2
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1 max max 1} masynm maximuy max
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Fig. 3.7 (&) An OD in Euler space; (@)-® sections of the OD; (c) 111 pole figure of the OD;
(d) x direction of lab coordinate inverse pole figwf the OD.
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3.8 Texture measurement

3.8.1 Orientation determination by single crystal
diffraction

Single crystal diffraction techniques, for instantéM [41], EBSD [42] and x-ray
Laue diffraction [43], have been employed to sttiy orientation of individual grains. As
discussed in section 2.3.1, Kikuchi bands are edl&b certain crystal zone axes in an EBSD
study. Crystal zone axis is the key concept inititerpretation of single crystal diffraction
patterns. The orientation (three Euler angles)madirectly determined by indexing the zone
axes from any (2D) single diffraction pattern. Coergial EBSD and TEM machines usually
have powerful Kikuchi patterns indexing softwarehietn can automate orientation
determination for a large scanning area. X-MAS (XyRMicrodiffraction Analysis Software)
[44] is often used to index Laue x-ray diffractipatterns for identifying the orientation of

the crystal.

3.8.2 Pole figure measurement by powder diffraction

The direct outputs of powder diffraction for texdwstudy argole figuresrather than
orientations in single crystal diffraction. Advadcalgorithms (section 3.9.1) are needed to
evaluate the Orientation Distribution Function (QDREhe mathematical function that
describes the OD, from the measured pole figunesthis section we introduce several
commonly used pole figure measurement methods.

Here we introduce the definition pble figure coveragea very important concept in
powder diffraction texture analysis. It is defineslthe coverage of the measured directions in
a pole figure (the circular region in Fig. dandd) in a powder diffraction measurement.
For a particular measurement, its pole figure cagerdoes not necessarily need to cover the

whole circular region in a pole figure because uheneasured area in a pole figure can be
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reconstructed from the measured area by the adgdadb& conversion algorithms presented
in section 3.9. However, the accuracy of the retranson of unmeasured area in pole
figures and ODF is dictated by the size of plode figure coverage Therefore, users always
try to get the best pole figure coverage in a mesmsant in order to ensure a good accuracy

of the calculated ODF.

3.8.2.1 X-ray pole figure goniometer

X-ray pole figure goniometer was firstly introduceg Schulz et al. [45] for pole
figure measurements. It has become a standard pieegquipment for laboratory texture
study. A typical setup is shown in Fig. 3.8. Monarhatic x-ray beam is used in this setup.
A point detector first performs 29 scan to locate the reflection of a set of certaiystal
plane fkl}. Then the detector is fixed at tha# position. The sample sits on a goniometer
which has two rotation axes. One of the rotatioasas the sample’s plane normal and the
corresponding rotation angle is definedgasThe other rotation angle ¥, which is rotated
about the paper surface normal. Diffraction intgnsif the certain crystal planeKl} is

collected by a point detector and it can be writdsna function of diffraction angle and two
rotation angles) (267,¢,LP). This intensity is proportional to the possibilioy finding the

plane normal kIl (its Miller index is accurately determined frorhet wavelength of the
beam andd via Bragg’'s law) at a particular direction definiegl both angleg and¥. This
intensity function is projected to a point in pdigure by either stereographic or equal area
projections (section 3.7.2.1 and 3.7.2.2) and theversion procedure can be written as,
|(29,¢’w)[|ime>mg_) ™ (DoY) PPESTL | hkd apo) (Eq.3.37)
wherehkl stands for a family ofKkl} plane, @, o are the azimuthal angle and polar distance
on pole figure, respectively. Equal area projec{isection 2.5.1.1) is used in the projection

step.
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Data collection using the X-ray pole figure gonidereis a rather time-consuming
procedure, as the pole figure coverage in a siegf@sure is only a single dot in a pole
figure. Therefore, numerous sample rotations (expEsy have to be conducted in order to
achieve satisfactory pole figure coverage to ensweeaccuracy of the ODF calculation.

We have introduced in sections 2.3.2 and 2.3.3rabyp®wder diffraction setups in
which large area detectors collect a large parthef scattering solid angle in a single
exposure. The major advantage of these detectorsexture studies is that they can
significantly reduce the data collection time whaéll achieving the same pole figure
coverage as in a pole figure goniometer setuprderao know how many exposures (sample
rotations) are needed to achieve certain pole éigiaverage by using these detectors, it is
important to know their pole figure coverage inregte exposure (single sample orientation).
In addition to that, a particuldikl experimental pole figure is easy to construct iling
(integrated) diffraction intensity of thakl peak into its corresponding cells in its pole fegu
coverage. In next two sections (3.8.2.2 and 238.the pole figure coverage of several

detectors in a single exposure are introduced.

detector '

‘ monochromator

) Soller slit
/ ..\‘.
“

/ 200 3
X-ray Source . |
-ray beam el )
‘ o";ln Lt
d \ LY y
< % 9%
SAMF"LE
Fig. 3.8 Schematic of a pole figure goniometeuns¢88].
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3.8.2.2 Pole figure coverage of area detector (Dedpcherrer
diffraction)

Synchrotron x-ray is superior over lab x-ray innter of higher flux and lower
divergence, and it is often used in combinatiorhvah area detector in texture studies. An
experimental setup of Debye-Schereer diffractioahiewn in Fig. 2.9 (section 2.3.2). There
are many works in the literature using this setostudy texture. Heidelbach et al. [46]
successfully studied fiber texture in metallic wingsing single exposure diffraction data of
the setup. In this work no sample rotation is needige to the fact a fibre texture has axial-
symmetry. The possibility of studying texture widwer symmetries using single exposure
diffraction data of this setup was discussed by M&ral [47]. The setup is also often used in
in situtexture characterization experiment. Marguliealef48] studiedn situ texture change
of polycrystalline samples under tensile load ast@le rotations were employed to increase
pole figure coverage. The setup is also used tdystu situ texture evolution during high
pressure compression [49] and high temperaturengei&o].

Here we present the pole figure coverage in asiagposure of an area detector in a
Debye-Scherrer diffraction setup and how to inceeds pole figure coverage by more
sample rotations in Fig. 3.9. The dash ring in Bi§.a, knowing as ankl pole ring on the
unit sphere surface, refers to a partichlidrDebye-Scherrer ring with diffraction andté on
area detector is plotted. This dash ring is forrbgdthe intersection between a series of
scattering vectors (crystal plane normbkl with 6 angle against X-Y plane) and the unit
sphere. Thiskl pole ring is projected onto a circular region ot¥>equator plane by using
equal area projection (section 3.7.2.2). The ptepbeing is shown in in Fig. 3.9.b as a red
dash ring, which is pole figure coverage of theaatetector in a single exposure. This single
ring is apparently too sparse to cover a whole figlee area so that sample rotations about

Y axis (sample rotation about X axis will block tkeay beam and about Z axis will not
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change the pole figure coverage) are usually appptiencrease pole figure coverage. In Fig.
3.9.b a black dash incomplete ring is shown, rafgrto a sample with fGotation angle
about Y axis. It is clear that the more sampletrotg around Y axis are applied, the better
pole figure coverage the setup can achieve. Itlghioel noted here that the pole ring in Fig.
3.9.a cannot reach North and South Poles owinf@pdcekistence of an angte In order to
collect more information around North and SoutheBphigh energy x-ray beam is often used
in an experiment to make diffraction angléssthaller
In chapter 5 we will present a thorough analysisigisingle exposure data of this

setup to study any texture in cubic polycrystals.

The projection of pole ring b
Pole ring
Y
(hkl) normal 6
Z
X
Fig. 3.9 A pole ring in unit sphere referring tDabye-Scherrer ring and (b) the ring’s

projection. The pole figure boundary is not showh.i

3.8.2.3 Pole figure coverage of multi-element detec in energy-
dispersive diffractions

Texture study by TOF neutron multi-detector wastlly introduced by using NSHR
diffractometer installing 7 detectors at differatiffraction angles in the same plane [51] at
beamline IBR-2 in Dubna, Russia. HIPPO TOF neutddfractometer (section 2.2.3) is

another famous example. It has been widely usedfsitu texture change observation. For
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instance,In situ texture changes in the HCP to BCC to HCP phasesfibamation of
zirconium under heating was studied by using HIFBE). It has been proved that the
angular resolution of texture results measured BRPPR® can go down to 25in the
orientation space by a detailed quantitative texamalysis [53]. Recently, a mature Rietveld
refinement procedure [54] has been establisheaddtyse HIPPO diffraction data making its
texture study more user-friendly.

Similar to TOF neutron multi-detector, energy-digpee x-ray multi-element
detector has also been used for texture studieBin@er et al. [12] used a ten-element
energy-dispersive x-ray multi-detector (shown ig.R2.10) to studyn situ texture change
under high pressure. The texture results are repdd be consistent witBx situ EBSD
measurements.

In multi-direction energy-dispersive powder diffi@an (section 2.3.3) diffraction
angles are fixed, allowing one not need to consdiffraction angle’s contribution in pole
figure coverage as in Fig. 3.9. Here, the polerBgtoverage of a single sample orientation of
HIPPO TOF neutron diffractometer is shown in Figl(Ba as an example of this type of
diffraction. It single sample orientation pole frgucoverage of is also very sparse so that
eight sample rotations (see Fig. 3.10.b) are apphea measurement to increase the pole

figure coverage.

» Bank 150"
- Bank 80°
> Bank 40°/

(b)

Fig. 3.10 (a) single sample orientation and (ghek2.5° sample rotations of pole
figure coverage of HIPPO diffractometer [13]
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3.9 Texture analysis using powder diffraction
pattern data

3.9.1 Pole figure to ODF conversion
Orientation distribution is treated as a continuowathematical function (ODF) in
orientation space. The relationship between pgleré and ODF is given by,

2n (Eq. 3.38)
Ru(@.0) == [ F(f. ;)"

wherep, (a,p)is pole intensity of ekl pole figure at locatioria,p), f(g,,®,9,)IS the
volume fraction of an orientatiogy,, o ,¢,) in Euler space andl is a projection route related

to a specific plane normatk].

It is easy to compute any pole figure from a giv@DF as it is a simple integral of
ODF via a certain route in Eq. 3.38. The centrabfem in texture analysis is the inverse of
this equation: given experimental pole figéte which are even incomplete pole figure from
most of measurements, to comptite In order to determine ODF from experimental pole
figures many computational algorithms have beereli@ed. These algorithms fall into two
distinct categories [22]:

1) Harmonics method in which computation is perfedrmn Fourier space (section

3.9.1.1 and 3.9.1.2).

2) Direct or discrete method in which computatismlirectly performed in orientation

space (section 3.9.1.3).

3.9.1.1 General harmonics method
Pole intensity functions (here denotes the funatinrthe unit spherical surface, not its
projection on 2D plane) are assumed to be expandeda series of orthogonal spherical

harmonic functions,
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- _ .3.39
Pa =" Q, F(cos(a))expim(b) (54 3.39)

Herea andb are two angular spherical coordinates in a pgleré& (unit sphere suface).

Owing to the orthogonal properties of sphericalni@mics their coefficientsd, )

can be determined from the experimental datdy integration,

w2 _ _ (Eq. 3.40)
Qn = | [ P(a,B)R"(cos(a)) expt im b)) sin(a Jdbd:

ODF can also be expanded as,

(@.0.0)=3 Y YW, 2 (cos0 ™ & (Eq. 3.41)

(o]
=0 m=—1 n=-1

The relationship between their (pole figure and QBdefficientsq, andw,__ is,

Imn

Qn = 3 Wy P (cOSE 6™ e

Eq. 2.42 suggests that ODF coefficients can be calculated through a set of linear

simultaneous equations once several pole figuresnagasured. However, this equation
cannot be directly used to calculate ODF from inptate pole figures. In order to deal with
this situation, one solution[55] is suggested bygis third-order polynomial to extrapolate

the known of incomplete pole figures to the misgagts.

The main advantage of harmonics method is thaggtdbes texture in Fourier space,

and the usage of Fourier coefficients (eithgr or w, ) is a compact quantitative

representation of texture. Those coefficients matkes identification of texture changes

simpler during phase transformation [56]. Howeveere is also a major disadvantage related
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to the usage of harmonics functions knowing as $glpwoblem” [57]. The problem is from
fact that any pole distribution on a unit spherdase has an inversion centre. This requires
that a spherical harmonic function is symmetric whas even, but is antisymmetric whén

is odd. As a consequence of the antisymmegry, is always zero wheh is odd so that the
w, . calculated from Eq. 3.42 has also to be zero. Ehisowever not true for any realistic

texture existed in nature. The ODF informationhad k-odd part is called “ghost” and is lost

in this harmonics approach.

3.9.1.2 A special harmonics method: MTEX [58] algaothm

A Matlab toolbox MTEX [58] has recently been deymd for texture analysis.
MTEX assumes that any ODF is a linear combinatibman-negative, radially symmetric
and “bell-shaped” (unimodal) functions with certa@ioefficients in 3D Euler space. Similar
to a 1D single peak function (e.g. Gaussian or gemisfunction) characterized by a peak
centre and a half-width, a “bell-shaped” functi@nalso be characterized by an orientation
centre (peak centre in Gaussian function) and amnduioadening (half-width of Gaussian
function) in 3D Euler space. It [58] has been mavhat Eq. 3.38 represents a geodesic

Radon transform [59] of an ODF. Thus a pole figua® be written ag, f (g), here R

stands for Radon transform. The Radon transforpo(a figure) of an ODF are represented
as a linear combinations of harmonic functions.réfee, the algorithm used in MTEX to

calculate ODF is categorized as one type of haraosamiethod.

However, MTEX does not have the same intrinsic [@mis of harmonics algorithms.
The “ghost” problem is minimized by separating adFOinto a random part and a preferred
orientation part in MTEX'’s iteration. It has beessarted [58] that the “ghost” effect is
particularly strong for samples with weak texturée separation in MTEX ensures that the

preferred orientation part of an ODF is artificjathade stronger, so that the “ghost” effect is
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largely reduced. Besides, since non-negative fanstiare used to construct an ODF, the
ODF intensity always remains positive. It also deaith incomplete pole figure easily, and

no special extrapolation as in general harmonidhatkis used.

As a Matlab toolbox, MTEX is easy to implement irMatlab routine to automate
batch-processing of ODF estimations from many pfbigires. This batch-processing

capability is the main motivation of using MTEX $tudy texture in the thesis.

In order to determine the coefficients for a paac “bell-shaped” function, MTEX

seeks to minimise a squared error estimator,

error =3 3V (DR, F(@) = 1,17 1,0} (Eq. 3.43)

Herey, (f)is a normalization factorlR ,, f () is the Radon transform of an ODF (g) ) at

a position (0,@) on pole figur andp,a is the experimental pole figure intensity at posit

(pa).

The key issue in any optimisation method is to emsbat the solution is stable and
not unduly strongly dependent on the initial guéssirder to achieve convergence precisely,

MTEX defines a normalization factar as:

S, (Eq. 3.44)

fy=—»
" SR T

MTEX has gained popularity in literature dedicatfing texture studies. Meredith et al.
[60] used MTEX to processing raw pole figures meaduby lab x-ray pole figure

goniometer setup aiming for texture evolution im&achannel angular pressing. Carpenter et
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al[61] applied MTEX to analyse the diffraction dateeasured by HIPPO TOF neutron
diffractometer for texture evolution study. It calso be used to estimate ODF from discrete
orientations data measured by single crystal diffoa techniques, for instance EBSD [62].
MTEX is not only utilized for crystallographic origation analysis, but also has been

employed to evaluate shape preferred orientatiootion from tomographic data [63].

3.9.1.3 Discrete method (WIMV method)

The first direct, iterative algorithm for OD detdmation was proposed by Williams
[64]. In this type of method, both ODF and poleufig are considered as consisting &f 5
spacing grid cells in 3D orientation space and 2@ation plane respectively. Therefore,
ODF and pole figure are not treated a continuouthemaatical functions but some discrete
cells. Then the pole figure is not integration Busummation of ODF along a certain route

and Eq. 3.38 is rewritten as,

N (Eq. 3.45)
RO=1 Y fy0 g)

Here,g represents a crystal orientatiare(the centre of a 5°x5°x5° orientation cell) and
represents a poinié. the centre of a 5°x5° pole cell) on the pole fegof a crystal direction
h. The relationship in the brackef (i g,) means that N orientation§)() corresponds for a

same pointY) on a pole figure.

The WIMV (Williams-Imhof-Matthies-Vinel) algorithm57] is the most popular
discrete method in ODF analysis. Most of populatuee analysis software packages, such as

Beartex [65], utilize WIMV algorithm. This algorith makes an initial guess of ODK ()

by placing in each OD cell the geometric mean ef\hlues in the associated experimental

pole figure cells,
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- 1 (Eq. 3.46)
fo(9) = NoI_J r!p?jxp(g [ ym)IMi
j=Lm=

Here, | is the number of measured pole figurgs,is the multiplicity of thei th pole, n, is a

normalization factor and “exp” stands for experitian

The (+1)st estimate andth estimate are related by the correction factor,

f.(g) (Eq. 3.47)

M. l

[P, &)™
m=1

fn+1(gi) = N (g )

j=

If the initial guess §,) is uniform in Eq.3.47, the ODF after the firstration will
have the same format as Eq. 3.46. Through itersiti@pole figure € . (g,) ) are refined till

the correction factor diminishes to be less thaprexset small number or the number of

interaction reaches pre-set maximum number oftiters.

3.9.2 Direct texture fitting by Rietveld refinement
Rietveld refinement has been widely used in ODFemeination from powder
diffraction patterns. It regards a diffraction insgty function in any direction fully described

by Eqg. 2.10 (section 2.4.3), in whigh is pole intensity function that is equivalent twet

experimental pole figure in section 3.8. The refeat is aiming to minimize the difference
between experimental diffraction patterns and ttegligted Rietveld profiles. In contrast the
difference between experimental pole figure angbiegliction are minimized in conventional
ODF conversion. The accuracy of ODF determinatiroboth approaches are dictated by the

difference between the input data and it prediction
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Rietveld refinement software packages usually hevexture refinement module in

which harmonics method or direct algorithm is usedefine the pole intensity function.

For example, GSAS [18] only uses harmonics method IAUD [16] allows users to

choose any algorithms among harmonics method, Wady Extended-WIMV algorithms.

MAUD has been widely used for texture data analysifiterature. Lutterotti el al
[66]used MAUD to study texture from multi anglejoissive diffraction data measured by x-
ray pole figure goniometer. In this work both texet@nd residual stress in a thin film were
evaluated simultaneously, since residual stresaslss considered in Rietveld refinement.
Lonardelli et al [67] studied dinosaur tendon’stteg by using MAUD software to perform
Rietveld analysis to the Debye-Scherrer diffractpaiterns. MAUD is also able to analyse

diffraction data collected from HIPPO TOF neutrafirdctometer [68].

When performing texture analysis in MAUD, it is Bssary to ensure good quality
fitting for the background, scale factor, temperattactor and peak profile functions, etc...,
before switching on the texture refinement moduléis step is necessary and takes
considerable time, even though these parameteraadreclated to the texture information.
One of minor imperfections of this MAUD (or Rietd@lanalysis is that it is sometimes
difficult to achieve a decent fitting as too marayrgmeters have to be accurately determined.
In addition to that, most of time it needs manwuatment thus it is not easy to automate the
process in order to batch-process a large amoutat®. Therefore, MAUD is used as a

reference tool to validate the texture results gikg MTEX in the thesis.

66



Chapter 4 Texture modelling methods

4.1 Single crystal plasticity theory

The concept of crystal plasticity dates back to ¢lagly qualitative observation of
lattice slip in aluminium single crystal by Taylet al [69] and Schmid et al [70]. The
principal postulate of the crystal plasticity thgaos that the total deformation of a grain
consists of the superposition of the elastic detdrom of crystal lattice and the permanent
(plastic) deformation caused by dislocation slipaitice twinning. The difference between
two plastic deformation modes (dislocation slip datice twinning) is shown in Fig. 4.1, in
which a FCC single crystal subjected to tensileodwétion is illustrated. After dislocation
slip, the FCC crystal lattice retains its oriergatiwhereas the twinned lattice clearly shows a

different orientation to the undeformed lattice.

Slip in an fcc crystal structure

a Slip in an fcc :zs:al)strucmre — @
Slip Plane %%% (111)

(111) 1

JIT

slip
direction )

slip
direction '1
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—0—6—©-©
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b Twinning in an fcc crystal structure Twinning in an fcc crystal structure

Twinning Plane

Twinning Plane
(111)

(111)

Twinning
Direction
(112)

(110) planes (110) planes

Fig. 4.1 Schematic of lattice slip (a) and twirgiib) [71].
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Dislocation slip is the dominant plastic deformatimechanism in cubic phase crystal.
In contrast, deformation twinning is more prevalentcrystals with lower symmetry than
cubic symmetry [72]. Some exceptions for cubic talgsare known when twinning becomes
the more facile mode of plastic deformation. Fostamce, in twinning induced plasticity
(TWIP) steels [73], deformation twinning is inteartally introduced by manganese doping in
order to encourage easy plastic deformation and #ilow large strains to failure to be
reached. In the present thesis, the motivatiorufing crystal plasticity is to model texture
evolution due to dislocation slip in cubic phasdats(since lattice twinning is rare in these

systems).

4.1.1 Lattice reorientation in plastic deformation

Dislocations will glide in a particular slip diréeah on a particular lattice plane if the
resolved shear stress on this particular slip systdefined by the plane and direction)
exceeds a critical value known as slip resistanc&lso as the critical resolved shear stress
(CRSS). Purely plastic deformation of crystal ttis illustrated in Fig. 4.2.a for a crystal
under applied shear stress. It can be seen initterg that the crystal coordinates basis
vectors K; and Xx,) remain unchanged before and after dislocatiop. $fi contrast, under
purely elastic deformation the crystal's verticalsls vector X,) is changed tox(»), as
illustrated in Fig. 4.2.b. Apart from the elastiefdrmation within a single grain, rigid body
rotation of grains also contributes to the reoa#inh of the crystal lattice. Both these effects
must be taken into account when we consider a pgtalline aggregate subjected to large
deformation. In the introduction to the kinematafscrystal plasticity given below (section
4.1.2), the rigid body rotation of a material poistireated as part of elastic deformation of

that point for the purposes of simplicity.
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shear stress
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Fig. 4.2 Crystal lattice under the applicatioracthear stress: (a) purely plastic deformation;

(b) purely elastic deformation.

4.1.2 Kinematics of single crystal plasticity
The foundations of the kinematical theory of thechamics of crystals were laid
down by Taylor [74], and the mathematical desaniptivas later completed by Hill [75], Rice

[76] and Hill and Rice [77]. This section givestaodg summary of the theory, and is mainly

based on the formulations given by Asaro and Ri& &nd Asaro [79].

Deformed state

Qe

y(l
-
Undeformed state / AN

Intermediate state

Fig. 4.3 Schematic of the transformation from adeformed lattice to a deformed lattice by
the application of a deformation gradient.
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We use, (i=1,2,3) coordinates to represent the positiora ehaterial particle in the
undeformed single crystal in Fig. 4.3. If a cryssasubjected to a displacement figldk ), a
point inside this crystal moves to a new positign The relationship betweegq and y, is

written as,

Y =% +y (Eq. 4.1)

The deformation gradient associated with this psintefined as,

- +g% (Eq. 4.2)

The Jacobian defined astF) will also be useful in later derivation. The total

deformation gradienF in Eq. 4.2 can be decomposed into the producthef elastic

(including rigid body rotation) and plastic parshown in Fig. 4.3),

|:ij = |:“e|;J P (Eq. 4.3)
Here the superscriptsandp stand for elastic and plastic, respectively.

The velocity gradient of this point is given by,

(Eq. 4.4)

Substituting Eq. 4.3 into Eq. 4.4, the velocitydjemt can be rewritten as,

(Eq. 4.5)

. e . P e . P
L, =F F'= [Fik FP+Fe Fklj(ﬁmﬁFmﬁ‘l) = Fi F + FFu By Fy

The velocity gradient is decomposed into an elgsitL ® and a plastic patt®,
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=L +L° (EqQ. 4.6)
Lt =Fu R

P =FeFu RPIRS!

Plastic flow in a crystal occurs only by shearingeioa few slip systems (see the

intermediate state in Fig. 4.3). As indicated ahavslip system is characterized by two unit

vectors: the slip directios” and the slip plane normal in reference to the undeformed

solid. The velocity gradient due to the shearingsea by slip activity is written as

L a (Eq. 4.7)
Fix FkJPl:Zy S rf’

Here y is plastic shear strain rate on th# slip system

As shown in Fig. 4.3, the slip directiasi and slip plane normai?in the undeformed
state remain unchanged after the application ofplastic deformation gradieRt. Hence
these vectors are only changed by the action otlagtic deformation gradieRt. The slip

directions™ and the slip plane normal™ in the deformed crystal can be written as

§ =R

N =R

=

s"=F
n”

(Eq. 4.8)
. =FK

=

Here the star symbol (*) stands for deformed state,

Substituting Egs. 4.7-4.8 into Eq. 4.6, the plasgtocity gradient_P can be written
as,

(Eq. 4.9)
P =R Fu R R = .XZV §) = ZV $

The velocity gradient. can also be decomposed into a pure stretch pararn(d a
pure skew partq)),
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D; =(L +L;)/2 (Eq. 4.10)
Qp=(L -L)/2

Both D and Q are decomposed into elastic and plastic part,

D, =D +D° (Eq. 4.11)
Q, =Qy +Qf
The elastic and plastic parts of stretch ten®fa(id D) and spin tensor(§*and Q°)

can be expressed as,

e e Eqg. 4.12
Dif:(l-if"'l—j?)/zz(':ikijel"":jkﬁiel)/z (54 )

DY =(Lf+L))/2= Xy $7 "+ Xy §7 )12

. €

Q =(Le-Le)/2= (Fu R, - F i F,*) /2

Qf =(L7-LP)/2=(Xy $"i -2y §i7)/2

4.1.3 Constitutive law

A simple introduction of stress-strain relationsfop a single crystal has been given
in section 3.2.3. However, this simple formulationtlod stress-strain relationship was given
with respect to static global coordinates and besonmvalid if the local system of
coordinates of a crystal (i.e. related to the @lyakes) is rotated during crystal deformation.
The rate form (constitutive law) of the stress-straelationship in the rotated crystal

coordinates is presented below.

De
The Jaumann ratey() of Kirchhoff stress { ) at a material point is related to the

point’s elastic stretch tensor by a fourth ordesstt stiffness tensdt [79],
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ne ) (Eq. 4.13)
¢; =Cy 1Dy

De
This Jaumann ratg is also the corotational rate of Kirchhoff stresstloa axis that rotates

with the crystal lattice,

e L ) (Eq. 4.14)
Uy = = Qg

Later in section 4.3 we present a time-integrattcheme using crystal plasticity
theory implemented in a UMAT subroutine of ABAUQS [80jite element software. In

UMAT, stresses are defined in terms of the Cauclesst@) rather than Kirchoff stressy().

The relationship between the two stress tensors is:

(/jij =detF p“ (Eq. 4.15)

The change rate of the Jacobiaet€)) is given [81] by,

: ddet . Eqg. 4.16
dei)=19E) = et p,, = e py, (59 4.16)

The logarithm of the Jacobian is given [82] by,
In(det( ))=As, (Eq. 4.17)

Here, A¢ is strain increment that could be assumed to bdl.sitee Taylor expansion for Eq.

4.17 is then written as,

In(det(F ))= detf ) }% (def ¥ D+ .0 def( )

Thus,

detf)= 1+As, O (Eq. 4.18)
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Similar to Eq. 4.14, the corotational rate of Caustress on the axis that rotates with

crystal lattice is written as,

ne . (Eq. 4.19)
Ojj = 0j _Qi(lia-kl +0-ikQIfl

Using Eqs. 4.13-4.19, the Jaumann raDte) (of Cauchy stress is finally written as,

e (Eq. 4.20)
oj+0;D;,=C,, : Dg

ij —~mm

4.1.4 Rate dependent plasticity and hardening laws
Either Kirchoff stress ) or Cauchy stresss) can be projected onto theh slip

system to obtain the Schmid stress (the resolvedrsiressy“ [82],

Eq. 4.21
r":%(ﬁa%"]a*rif% P) =Y :[_;(igjﬁ+iﬁj§] A

= detF ), <L 1F + 1 §)]

Schmid law states dislocations begin to glide onatheslip system when the Schmid
stresst* on this system becomes larger than the criticablved shear stregs g« (also
called the initial shear resistance). The sheadifg)) strain rate for this slip system is
approximated by the power law [83],

' o ey I/m a0 . |z'”| 1 (Eq422)

v =osignt) (52) "y =y, sign( ()"

wherey“~ is the shear rate on theslip systemy, is the initial shear rate® is the resolved
shear (Schmid) stresgy is the initial slip resistance (CRSS) is the rate sensitivity
parameter. This equation gives a rate-independespgonse to the shear stress winen

reachesnfinity.
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Strain hardening is often observed in plastic defidron, and is modelled by the

increase of the initial slip resistance (SR§Sjhrough time increments,

.a .B (Eq. 4.23)
g = ; hys ¥

Hereh,g are the so-called hardening moduli suggested bgd?é\saro and Needleman [84]

and Asaro [85] in the following forms:

(Eq. 4.24)
h,, =h(y) = hsecit

hyy
P

S 0

h,z = ah(y)
whereh, is initial hardening modulus, is yield slip resistance and equals to the in{tiahe
zero) value of slip resistangg, t, is the initial (stagel) critical resolved shear stress
(material constant)) is a constant, angdis Taylor cumulative shear strain (the sum ovér al

slip systems of time integrals ).

4.1.5 Slip systems in cubic crystals

Inside a crystal dislocations are favoured to glictecertain slip planes and along
certain directions, and a group of a particulgr pliane and particular slip direction is called
a slip system The rules of slip system determination in FCC &QIC structure crystal are
presented here as only cubic crystals are discusseithe thesis. Each dislocation is
characterised by the Burgers vector (deficit irtidat displacement obtained over a loop
around the dislocation core) and the dislocatioe.liThe energy associated with a straight
dislocation segment is proportional@d, whereG is the shear modulus, abds the Burgers
vectormagnitude. The probability of slip decreases exptiakty with the distance by which
individual atoms need to jump in order to acconiplan elementary act of dislocation

segment displacement in the slip plane. Therefaxgured slip planes must be the ones with
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the shortest interatomic distanioe. the highest planar atoms’ density. These plane®fen
close-packed planes. On a certain slip plane,aweured slip direction of dislocations should

also be the one with the shortest atomic distaecthe highest linear atoms’ density.

In the FCC structure, all close packed planes atheotype {111}, and these are the

slip planes in the slip systems in this structéme.example of such slip systems in the FCC
structure is shown in Fig. 3.4: crystal pla41é1)and direction [011]. Due to cubic crystal
symmetry three other crystal planes are equivatentystal planelil), and they are (111),
(11i) and(ill). Since Miller indices has been introduced in gec8.1, here we use {111}
to represent all 4 crystal planes equivalent tcstaiyplane(lil). Crystal direction [011] on

the crystal plan€111) has two other equivalent directions: [110] 4ndl1]. The same type

of direction is written as <011>. Therefore, thare 12 (three times four) {111}<011> slip

systems in FCC structure.

For a BCC structure, which is not a close-packeactire, one of its slip systems is:

crystal pIane(iOl)With the highest planar atomic density and crydta}ction[lil] with the

highest linear atomic density are also plotted iotn B.4. There are also 12 (six times two)

{101}<111> slip systems in BCC crystals.

[011]

[001] [001] [111]

(101)

- a : a
[010] iy [010]

a [100] a [100]
a a

FCC unit cell BCC unit cell

Fig. 4.4 Slip planes and slip directions in theCF&hd BCC structure
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Slips can also occur on other planes apart frormtbst favoured planes, especially at
elevated temperatures. In the BCC structure thmiatdensity on the {110} planes (not truly
close-packed planes) is only slightly higher thanother planes. Therefore, it is relatively
easy to see other slip systems in the BCC strutteireg activated. For instaneefe has up
to 48 slip systems at room temperature. Thesesstipems are: 12 {101}<1> (common
slip systems in BCC structure), 24 {123}<111> arti{112}<111>. Although {111}<011>
is the dominant slip system in the FCC structun@ain temperature, other slip systems may
be activated at higher temperatures. In order ltestiate the temperature effect on the
activation of slip systems in FCC structures mareveniently, we define two temperatures
in FCC metals: Tand T. Below Ty, slip will exclusively occur on the {111} planegtween
T1and T, slips are seen on both {111} and {110} planesy\abT,, slip is only seen on {110}
planes. Table 4.1 [86] lists the two temperatucgsséveral FCC single crystals whose lattice

slip behaviour at different temperatures has bd&seiwed experimentally.

Table 4.1 temperatures corresponding to {111} sliplusively () and {110} slip
exclusively (T).
Metal | T1(K) | T2(K)

Al 350 | 540

Ni 700 1225

Au 650 | 900

Cu 820 >1270

Ag |870 |>1185

Some works have discussed the effect of dislocaips on non-favoured slip system
on texture simulation in some simple deformatidnset al [87] considered that there are 12
{111}<110> and 6 {100}<011> slip systems in an f@ectal FCC structure crystal. Plane

strain deformation was applied to the FCC polyalgstaggregate beginning with random
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texture. The results show that a slight differeegests in the final texture between models
considering the 18 slip systems and 12 {111}<11l» $ystems. Boogaard et al [88] used a
visco-plastic self-consistent model to study testavolution of Al-Mg-Si sheet in a thermo-
mechanical forming process. The temperature irfahming was at 25%C. They considered
that four types of slip systems {111}<110>, {110}1>, {100}<110> and {112}<110> are

activated owing to the high temperature, and tireesponding CRSSg( g*) ratios for the

four types of slip system are 0.9:1:1.1:1 respetyivAs a result of this CRSS ratio setting,
the slip system {111}<110> remains the most favdwsip system. By comparing the model
considering 4 types of slip systems with the madeisidering only the {111}<110> slip
system, it has been concluded that only a sligferéince exists between their texture results.
Since slip on non-favoured slip systems only hasrg minor effect on the texture evolution

in cubic polycrystals during deformation, we ongneider slips on favoured slip systems.

4.2 Polycrystal plasticity modelling techniques

In section 4.1, a mathematical description sirfigle crystal plasticity has been
presented. In order to model the plastic deformatid a polycrystal, it is necessary to
combine the appropriate numerical implementatiornthef constitutive equations introduced
above with a model that is informed about the pglytal geometry and enforces at least
some of the following conditions: displacement aumty between grains, strain
compatibility within each grain, and force equilion both locally (at the level of stresses)
and globally (at the level of the entire structoreparts of it). The vital step is to use the
known deformations (boundary conditions, exterwoad, etc...) applied to the polycrystal
aggregate to determine deformation gradidntfor each constitutive single grain. Three
types of modelling techniques have been proposeddéaling with this question in the
literature: 1) Taylor type model; 2) self-consistgolycrystal plasticity model; 3) crystal

plasticity finite element method.

78



The first approach was proposed by Taylor [74].ddsumed that each single grain
inside a polycrystalline aggregate experiencestgxde same strain as the entire aggregate.
This ensures continuity of displacements and coiiigt of strains, and also allows easy
calculation of stresses from known strains. Taglariodel is an example of a so-called full
constraint theory. Another famous full constraippeach was proposed by Sachs [89], who
assumed that each grain inside a polycrystal agtgegxperiences the same stress as the
entire aggregate. Taylor and Sachs’ models correspm the upper bound and lower bound
deformation to the single grains respectively. Heosve these two models have distinct
drawbacks: stress equilibrium within a polycrystalggregate is violated under Taylor’s
assumption and strain compatibility is violated @ndachs’s assumption. Furthermore,

grain’s interaction within the aggregate is ignomeall the full constraint approaches.

Self-Consistent (SC) framework [90-92] is a moralistic modelling approach
compared to Taylor type models. In a SC polycrgstabdel, a single grain is separated from
a polycrystal aggregate and treated as an inclugibe rest of the grains are treated as an
average medium. The key assumption is made thedssequilibrium is satisfied between the
inclusion (single grain) and the average mediune ¢dst of grains) under deformation. By
this assumption, a single grain is considered terawt with all the rest of grains in an

aggregate. However, in reality a grain should emigract with the neighbouring grains.

Finite element (FE) framework gives a better dgsiam of the interaction between
grains than SC frameworks. In FE analysis, theig@algrain interactions are achieved
through the construction of shape functions (sec#02.2). In addition to that, stress
equilibrium over an entire polycrystals aggregaeraalized through a weak form of the
principle of virtual work (section 4.2.2). The firgxtroduction of Crystal Plasticity Finite
Element (CPFE) modelling was made by Peirce €84], and now it evolves to have very

broad applications [93].
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4.2.1 CPFE modelling for texture evolution analysis

Kalidindi et al [94] proposed a CPFE model dedidatepolycrystal texture evolution
analysis, and this model has been widely acceptedh anature texture analysis tool.
Commercial FE analysis software ABAQUS [80] wasduge this model, and the single
crystal plasticity theory (section 4.1) based ofully-implicit time-integration scheme was
implemented through UMAT subroutine in ABAQUS. Tapd evolution was modelled for
an isotropic copper sample under simple compressgmple tension, plane strain
compression and simple shear deformations [95].eEnpental measurements and Taylor
model results were compared to this CPFE modeljtamds reported that Taylor model gave
a first order estimation to the experimental resblit the CPFE model is much more similar

to the experimental results.

Below we use this CPFE model as an example taridtestwo distinct characteristics
in popular CPFE models: 1) grain-to-IP assignmed}; the usage of polycrystals

representative volume element (RVE).

Firstly, materials properties (orientation, elastiodulus, plasticity parameters, etc...)
of a single grain are directly assigned to eachdration Point (IP) of a finite element such
that a finite element mesh is associated with yqogétal aggregate. As a result, a large
numbers (more than 1,000) of finite elements amgallys needed to model a polycrystal
aggregate consisting of thousands of grains. Siheecomputation time in a FE analysis
increases significantly as the number of IPs irsesatexture evolution modelling for a large
scale polycrystals aggregate will be impossible usyng such a grain-to-IP assignment

strategy.

The second characteristic and also a solutionderaio save computation time is that

a cubic polycrystals Representative Volume Elem{@\E) is often idealized from a full
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scale object and used for CPFE modelling. This R¥E to include hundreds of grains in
order to represent a specific location at a polstatiine object. Consequently, the
deformations (boundary conditions) of that specification are also idealized in order to
apply to the RVE. However, it is sometimes impolestib simplify deformations (boundary
conditions) for a complicated deformation process.a consequence, main stream CPFE
models are often used to model texture change glurimonotonic “simple plastic
deformation” , such as sheet rolling [96] —plamaist compression; wire drawing —uniaxial

tension [97]; torsion — simple shear [98] etc...

4.2.2 Finite element analysis basis [99]

Time=0

Fig. 4.5 Schematic diagram showing the finite eetidiscretization of a body by 3D
tetrahedral elements [99].

In the FE analysis an object is discretized intalselements (an example is shown in
Fig. 4.5). A particular tetrahedral element corssddt vertices P1, P2, P3 and P4 is shown in
the picture. The corresponding deformed elemensistsof vertices pl, p2, p3 and p4. A
tetrahedral element with arbitrary shape represgrany element in Fig. 4.5 under reference
coordinates is shown Fig. 4.6.a. This arbitrarypghalement can be transformed into a

regular tetragonal element (Fig. 4.6.b) referrethlocal coordinates.
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(b)

Fig. 4.6 Four-noded tetrahedral element shown wigipect to (a) the current configuration
and (b) the local element reference frame [99].

A Jacobian matrix @) is used to associate the coordinates of any pointreference
coordinates X,,) and local coordinateﬁ{), and it is written as a differential format:
_ox, (Eq. 4.25)
p a&p
The key assumption made in FE analysis is thatlisffdacement of any point P inside

an element can be interpolated by the displacenoéts vertices.

0, =3 Ny, (@) (Eq. 4.26)

Where,up(é) is a 3x1 displacement vector of P under local divates;N, (z) is a 3x3
matrix; u, (¢) is a 3x1 displacement vector of tth node (vertex). A more general matrix

format of Eq. 4.26 is written as,

u(g) = Nu, (%) (EqQ. 4.27)

Here u(g)is still a 3x1 vectory , becomes a 12x1 vector for tetrahedral elemenis cassist

of 3 displacements of 4 verticedl is a 3x12 matrix accordingly and is callsiape

function. Displacement compatibility over the element ifoered by the equation.
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The strain of any point in the element is théedéntiation with respect to the point’s

displacement:

_ou(g) _oN _ (Eq. 4.28)
£(8) oc oz u, (&) =Bu, (8)
According to Hooke’s law, stress at the point igten as,
¢ =Csg° (Eqg. 4.29)

Here Voigt notation is used; is 6x1 stress vectolC is 6x6 stiffness matrixg©is 6x1

elastic strain vector.

The Lagrangian L of the element is defined as,

L=T-U+W (Eqg. 4.30)
HereT is the total energy of elemend;is the total potential energyy is the work done by

non-conservative forcd, U andW are given by,

LT Eqg. 4.31
T:E.[pu udv (Eq )
ZQ
:ijaTch
ZQ
W:juTtdv
0Q

Hereyand uare the displacement and velocity vector respdgtiveand s are stain and stress
vector respectivelyf is the external stress vector applied on the eign@ and 0Q

represent the volume and the surface of the elerespectively.
Substituting Eq. 4.27-4.29 and 4.31 into Eq. 430 iabecomes,

.T . Eq. 4.32
Lz%u. (J INTNdV)u, —%uI(]pBTCBdV)u, +ul [NTtdA (Bg )
Q Q 0Q

For simplicity we define,
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m= [ PN"NdV (Eq. 4.33)
Q

k= j PBTCBdV
Q

f=[N'tdA
0Q
Then the Lagrangian becomes,

T (Eq. 4.34)
:%w mu ——;u,Tku| +u/f

The virtual work over a time period betweemnd § is written as,

t, t, A+ T . (Eq. 4.35)
J :I Ldt:J'(}u. mu ——1u,TkuI +u/f) dt
; © 2 2

The Hamilton principle states that the variationvatual work in any time period

must to be zero:

t t LT . (Eq 436)
51=| Ldt:I(%J(u| mu )——;J(U,Tku, )+ 3(ut))dt
t t,

t -
= [oul (-mui~ku, +f)dt=0

]

Since dJ,T stands for any possible displacement, Eq. 4.36ires)

“m i —ku, +f =0 (Eq. 4.37)

Eq. 4.37 is the finite element equilibrium equatitmthe absence of inertia force, it

becomes,

ku| =f (Eq. 4.38)

Above gives a simple introduction to achieve dispfaent (strain) compatibility and

stress equilibrium within an element. All the vestand tensors are in local coordinatep (
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In FE analysis an object has N number of such edsnand all the variables should be under
reference coordinateg)( Therefore, the displacement interpolation (E§63 of any point in

an object can be rewritten as,

4N Eqg. 4.39
uE) =D Ny ©) (=6 439)

Here, A stands folN number of tetrahedral element with 4 vertices.

The derivatives of the shape function under refegaaoordinates can be written as,
ON(E) _IN(©) o (Eq. 4.40)
NG = (&) 8 %
05 ox

Apply the Jacobian matrix (Eqg. 4.25) and it becomes

0NE =28 ) (Fa- 440

Accordingly the strain vector (Eg. 4.28) is writtas (It should be noted here that this
strain vector is not the one really used in a FBlyamis and is an just approximation for

illustration purpose),

au(g) (Eq. 4.42)

g(x) = =[ONE©)]u, @)

The other steps for deducing stress equilibriumagqgao in an object are similar to
that for Eq. 4.37. In summary, the key steps ineaegal FE analysis are two: 1) The
formation of shape functioN ; 2) using Jocabian matrix (Eq. 4.25) to transfalththe
variables from local coordinates to reference coat@és. These steps can be automatically

achieved in commercial FE analysis software suchBSQUS.
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4.3 An implicit time-integration scheme of single
crystal plasticity

In this thesis, single crystal plasticity theorgggon 4.1) is implemented into UMAT
Fortran subroutine of ABAQUS through an implicimg-integration proposed by Huang
[100]. This scheme has been used in many CPFE tmaglglorks for instance, mechanical
performance of cardiovascular stent [101], direwiodependence of crack growth along a
copper/sapphire bicrystal interface [102]. Moreowerlso has been used intensively in
texture evolution studies of polycryatals aggregateder plastic deformation. For instance,
the scheme was modified to incorporate deformaiignning into plastic mechanisms, and
used to model both lattice strain and texture exaiuin Zircaloy-2 [103]. Texture evolution
in a tungsten wire drawing processing was also mhemldoy a modified version of the
scheme [97]. This well established scheme is dlightodified in the present thesis for

texture evolution modelling in Chapter 8. Below present the key equations of the scheme.

This scheme is followed by the tangent modulus oektfor rate dependent solid
developed by Peirce et al [104]. Due to the incretalenature of an implicit FE analysis in
ABAQUS, all the variables presented in section ¢hdbuld be given in incremental format.
Below we give their incremental formats startingthwincremental shear strain. The

increment of shear straipr on theath slip system within time incremedt is written as,

A =y (t+0) - (b) (Eq. 4.43)

A linear interpolation is used to link the sheaaist increment with shear rates:

e (Eq. 4.44)
Ay"zAt[(l—H)yt+6yt+m]

86



Here the parameted ranges from O to 1, with O corresponding to simplaler time
integration scheme. It [104] suggests thatould be chosen between 0.5 and hietais set

to 0.5 exclusively for all the simulations in theesis.
The Taylor expansion of the shear strain rate 4E2R) is given by,

.° . (Eq. 4.45)
a}/t ATU + a}/t Aga
or’ og“

a

Vi =W T

Where A7 and ag“ are the resolved shear (Schmid) stress and cuslgntresistance

increment front to t+At time period.
Substitute Eq. 4.45 into Eq. 4.44, and it can beiteen as,

. ‘ ‘ (Eq. 4.46)

Ay =AMy, 02V pre +9%Ag”]
or’ og“

Recall that the Schmid stresS$is given by Eq.4.21. In order to express the equati

(Eq. 4.21) more concisely, we define two tensors:

P“":[%($’rf’+ €] (Eq. 4.47)
W7 =[5 1 - 1 8)

Then Eq. 4.21 can be rewritten as,

La =%(S."¢/ij A (Eq. 4.48)

The rate change af’ is given by [82],

a o (Eq. 4.49)
r =[Cy R +W o, +\M<70ik]: [?

And in incremental format,
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AT =[Cy, R +Woo, +W o, ]:[ g, ‘Z N (Eq. 4.50)

NS
Here > P’Ay” represent the sum &°A)” overN® (all) slip systems.
=

From the general hardening equation of lattice §ig. 4.23), the increments of

current hardening functiong are given by,

AgT = hAp (Eq. 4.51)
B

Using Egs. 4.51 and 4.5@,7 (Eqg.4.6) for next time increment can be determined.

Here we present the corotational stress increméd;selated to shear increment

(AU“- can be deduced from Eq. 4.20 but the deducing $83) are omitted here):

Agy =Cy Mgy — g Mg, _Z[Cu‘kl R +V¥aajk +V}£Q& 187 (Eq. 4.52)

So far, most important variables’ (shear straihrdid stress, hardening functions and
Cauchy stress) incremental formats are presenovBele present the increment formal of

lattice distortion (slip directios, slip plane normah and rotation matrix of a grai).

By differentiating Eq. 4.8, one gets,

,Sitn (0F+02) g (Eq. 4.53)
n=-1f"(Df +Q)

And in incremental format, they are given by,

AST ={Ag +QAt=-DT PP+ WAy} & (EQ. 4.54)
B
7= {Dg +Q A3 B+ WAy
B
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The rate of rotation matrix (orientation of a smgtrystal) is obtained by only

considering the elastic skew p&¢t (including rigid body rotation) in Eq. 4.53,

R=0%R,, (Eq. 4.55)

The resulting rotation at tim&) + At is given by,

Ry =Rio +RAL = (I + QAR (Eq. 4.56)

:(5'1 +Q, _AV]ZVW] R
7

In summary, the implicit time-integration schemer fsingle crystal plasticity
presented above can be incorporated into a poldrysodel to represent time-dependent
inelastic deformation that leads to grain rotataord the associated texture evolution. The
approach to predicting texture evolution in polytays that was preferred in the present
study involved simulating the deformation of RVEden given loading, by creating a simple
model geometry using ABAQUS CAE, and prescribing boundary conditions and external

loading accordingly.
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Chapter 5 The interpretation of strain
measurement by x-ray powder diffraction

The governing equation of diffraction (Bragg’'s lawélates the beam energy (or
wavelength), diffraction angle and the interplagpacing of the crystal. Whenever a powder
diffraction experiment is carried out for the puspoof lattice parameter determination, this
equation is applied to the data collected from diqdar gauge volume. If it is assumed that
the two of the parameters that enter Bragg's lasvkawown, then the value of the third one
(the lattice parameter) can be found. In practiee wavelength (energy) and the scattering
angle are in fact known with a degree of uncenainthich leads to peak broadening once
the collected intensity are plotted as a functibthe lattice spacing. However, it is important
to note that the interplanar spacing itself thateshg determined also has a variation within
the sampling volume. Sometimes this variation cangmored, and the value obtained from
the application of Bragg’s law assigned to therersampling volume. In other situations the
variation of interplanar spacing is in fact of pam interest to the researcher. So what is
actually determined by the application of Braggiw lto a particular diffraction peak? How is
the value determined from a diffraction experimdérgal or simulated) relate to the
distribution (and the average) of the lattice pagten (or interplanar spacing) within the

gauge volume?

This question is answered in the first half of tblsapter by means of simulated
diffraction experiments. The first part of this pher focuses on the analysis of how the strain
distribution within the diffraction volume affectbe lattice parameter determination. This
provides solid basis for the key postulate thdaisr used in the strain tomography method
(first presented in [105] without proof). Recenthis strain tomography method has been

applied to reconstruct the strain distribution witla cross-section of a zirconia ceramic
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dental bridge that was subjectednasitu bending (to simulate chewing) and characterised by

powder synchrotron X-ray powder diffraction [28].

In the second part of this chapter (section 5.B§ attention is focused on the
variation of the strain measured from a particujauge volume as a function of the
azimuthal (in plane) angle. As illustrated in sectB.4, strain averaging over larger number
of grains in a polycrystal volume can effectivatygrove the accuracy of strain determination
at the mesoscopic level. The strain average maibiod) Debye-Scherrer diffraction patterns
presented in section 3.4.2 is used to evaluate2iheresidual strain tensor from multi-
directional energy-dispersive X-ray diffraction {gahs. The measured samples are a non-
textured Ti-6Al-4V four-point-bent bar and a strongextured Aluminium AA2024 alloy
linear friction weld, whose diffraction patterns neecollected at beamline 112, Diamond

Light Source, UK.

5.1 A strain tomography experiment

5.1.1 Background of the experiment

A dental bridge made of Yttria-stabilized-zircoif¥6SZ) (shown in the insert picture
of Fig. 5.1.a) was subjected to situ three-point bending loading to imitate the loading
during mastication. Owing to the loading, a chagdastic bending distribution of longitudinal
strain is expected to be found in a cross-sectepgndicular to the longitudinal direction, as
shown in the insert picture of Fig. 5.1.a). Deby#Srer diffraction patterns of this sample
were collected at beamline ID15B (ESRF, Grenoblan€e) in order to characterize the

longitudinal strain distribution on the cross-seuti

The dental bridge was mounted on a sample stageialj three axis translation (x, y
and z) and rotation (around the z axis). The side view of Debye-Scherrer diffraction
setup as well as the sample is illustrated scheaibtiin Fig. 5.1.a. The incident beam was
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monochromated to have photon energy of 86.93 keW,cllimated to have a cross-section
size of 0.1X 0.1 mnf. The beam traversed the entire thickness of thepks and scattered
from the zirconia bridge framework to form Debyei8wer patterns recorded by a two-
dimensional Pixium detector with pixel matrix of 2{H) X 2640(V) and pixel size of 154
X 154 1 m?. Sample-to-detector distancepj@alibration was made using a Gesress-free
powder sample, and its value was precisely detethito 731.93 mm. The sample was
rotated around the vertical axis (z axis) betweerafid 180 in steps of 3.6i.e. through a

total of 51 rotation angles. At each rotation angte sample was scanned across the beam in

steps equal to the beam spot on the sample (0.1 mm)

Diffraction pattern line profiles referring to loigdinal strains were obtained by
“caking” the Debye-Scherrer patterns with® H¥imuthal width along the vertical direction
(the caking procedure is seen at section 2.4.1¢ ©©uthe high energy (86.93 keV) of the
beam and the consequent small diffraction angles,lattice parameter determined from

those line profiles were closely approximated tusthalong the longitudinal direction.
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Fig. 5.1 (a) Scattering plane view of the diffiantsetup, (insert) schematic of the zirconia

dental bridge under 3-point bending, (b) the mesbeross-section of the dental bridge and (c) the
Gaussian peaks (blue curves) of many cells and ¢hei (red curve) refereeing to the whole gauge
volume.

5.1.2 Average lattice parameter approximation

Owing to the average nature of powder diffractithe lattice parameter determined
from a diffraction pattern via Bragg's law is commhp accepted as thaverage lattice
parameter over the gauge volume. This approximai®nsuitable for instances of
characterization when the accuracy of lattice patams not required to be very high, e.g. in
quantitative phase analysis. However, in strairemeination the error of lattice parameter
determination has to be less than 0.01% (equivateDd®0 microstrain). When a strong lattice
parameter variation is present in a gauge volumns,donceivable that the lattice parameter
measured by powder diffraction may turn out to leeyvsignificantly different from the
average lattice parameter (e.g. up to 1%, i.e.aDyAicrostrain). It is important to carry out
careful error analysis to test this commonly aceéptypothesis by assuming the presence of

strain variation within a gauge volume.
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Furthermore, this approximation is used as thegdastulate in the strain tomography
experiment (section 5.1.1). In Fig. 5.1.b, theidatparameter determined for eackcan is
assumed to be the averaged lattice parameter afltbée gauge volume. Then thdegral
of lattice parameter along the incident beam dioecover the gauge volume is obtained by
multiplying the determined (average) lattice pareanavith the length of the gauge volume.
This integral is analogous to tirtegral of materials density (in conventional tomography)
along the x-ray beam path recorded by a pixel @ aletector. Once a fud andy scan is
performed in Fig. 5.1.b, a lattice parameter siaogrreferring to lattice parameter
distribution on the cross-section is readily obedin By using the same reconstruction
algorithms as in conventional tomography, this gnam is converted to the lattice parameter

distribution on the cross-section and can be laged for strain analysis.

In order to support the hypothesis of averageckfparameter, a numerical simulation
was performed to compute &Rl diffraction peak from a gauge volume, by disciatjsthe
volume into many small equally sized cells, eaclthwa constant strain inside. Several
different types of strain variations between celeye considered to study the extent to which
this affects the difference between the averag&daparameter and the “measured” lattice

parameter (referring to the centre of the simul&tddliffraction peak).

5.1.2.1 Diffraction peak simulation
Three key postulates are used to carry out theenigal simulation of diffraction peak

formation in the dental bridge experiment:

1) The measured sample-to-detector distafg (h the experiment is assumed to
correspond to the distance from the centre of theyg volume to the detector (see

Fig. 5.1.a).
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2) A particularhkl peak identified in the “caked” diffraction pattdme profile is the
sum of manyGaussian peaks produced by discrete cells within the diticn
volume (see Fig. 5.1.c, where the blue peaks amgs$tn peaks of individual
cells and the red peak is the sum total peak).CElle have the same size (see Fig.
5.1.b) and are assumed to produdd diffraction peaks fully described by
Gaussian functions with different peak centrestige®.1.2.2), but identical peak

shape (section 5.1.2.3).

3) Themeasured lattice parameterof a gauge volume is assumed to be computed
from the centre of ahkl peak (the red peak in Fig. 5.1.c) determined bysSian

peak fitting (section 2.4.2) via Bragg's law.

For quantitative evaluation of the difference betwé¢heaverage(ag) andmeasured
(asimy lattice parameters, an error measure is defindde form of relative strain difference

between them,

e= a'0 B asimu (Eq 51)

5.1.2.2 Peak centre of a cell
Based on the second postulate, the gauge voluradeftigth is about 5.0 mm) shown
in Fig. 5.2.b along the incident beam directioiscretised into 0.1 mm equal length cells.

There are fifty 0.1 x 0.1 x 0.1 nfroubic cells inside such a gauge volume.

Let a strain variatior(y) exist along the incident beam direction withie tolume.
Let the left end of the diffraction volume in Fig.2.b be defined as zero, and the incident
beam direction correspond to the positivalirection. Owing to the strain distribution, a

lattice parameter distribution present in the gaumame is given by:
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a(y)=(e(y)+1)a (Eq.5.2)
= (6(y) +1)x 4.01A

Hereay (4.01A) is the strain-free lattice parameter dicwirconia.

The diffraction angle6 of hkl peaks of cells are obtained from Eq. 5.2 through

Bragg’s law:

20(y) = 2arcsin—2:(° h® + k> + 17 (Eq.5.3)

On a 1-D diffraction pattern directly “caked” from Debye-Scherrer pattern, the
horizontal axis is the distances between pixels thedcentre of the rings (this distance is

denoted ag) rather than diffraction anglef2 According to Eq. 2.7 (section 2.4.1), the

distance is defined by both sample-detector-distabcand diffraction angle @,

r(y) =D(y)tan 22 (y) (Eq. 5.4)

Based on the first postulatey (731.93 mm) refers to the centre of the gaugemelu

(y=2.5 mm). Therefore, the sample-detector-distdhoé a cell at positiory is given by,

D(y)=D,+25-y (Eq. 5.5)
Substituting Eq.5.5 and Eq. 5.3 into Eq. 5.4, tligadtion peak centre for a cell at

positiony is given by,

Eqg. 5.6
r(y) =(D,+2.5- y)ta{ 2arcsin/]L h + K2+ IZ} (Ea.5.6)
2a(y)

5.1.2.3 Peak shape of a cell

The shape of a Gaussian peak is defined by twonmeas: peak widtlx and peak
heightlnax In section 5.1.3.1 it will be shown that the pemskith of constitutive cells has
very significant impact on the difference betwedre taverage and measured lattice

parameters.
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The rule to determine the peak shape of a singllascto find the best pair af and
Imax Which give the closest match between simulatkd $um of Gaussian peaks produced
by constitutive cells) and experimentddl peak. An experimental 1-D diffraction pattern of
zirconia is shown in Fig. 5.2.a, and it$1 peak is shown in Fig. 5.2.b. Three pairsaind
Imax (for a single cel) were used to simulatEl 1difraction peak (thsum of many Gaussian
peaks, shown in Fig. 5.2.c). In order to ensuresisd@ncy in the three simulated peaks, their
integrated intensity are intentionally chosen teeqeal (the product of andlyaxis 150). The
peak widths of constitutive Gaussian peaks in tineet simulated peaks are 0.1, 0.3 and 0.5
for green, blue and black curves respectively. Bymparing the three simulated peaks with
the experimental peak (Fig. 5.2.b), it is foundt tthe one withy=0.3 is the most similar one
to the experimental observation. Therefore, in tbgults and discussion section (section
5.1.3), the peak width is used to perform erroiymis between average and simulated lattice

parameters.
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Fig. 5.2 (a) A diffraction pattern line profile girconia in vertical (longitudinal) direction at a

particularx and ¢ position, (b) 111 diffraction peak of the pattéra and (c) the simulated 111 peaks
corresponding to three peak widths of a cell (ré&g-Blue-0.3 and black 0.1).

5.1.3 Resultsand discussion

5.1.3.1 Error analysis results

Four different types of strain (lattice parameteajiation (shown in Fig. 5.3) were
considered: 1) constant, 2) linear, 3) quadratid 4nstep. The simulation parameters and
results of these four types of distribution arespre in Table 5.1. The strain range (second
column in the table) is defined as the variationattice parameter from the average lattice

parameter in terms of strain (Eq. 5.1). The elastti@in limit for cubic zirconia is about = 600
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microstrain (units of 1) so that the strain range for any lattice parameistribution is

intentionally chosen to correspond to the elasters limit.

1000 r
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Fig. 5.3 (a) Linear and constant strain variatidg;quadratic and step strain variation.
Table 5.1 Simulation results.
Error (microstain)

Distribution | strain range range 0=0.1 0=0.3 0=0.5
Constant [0,0] 0| 5.05x10”| 5.81x10°®| 2.40x10"
Linear [-623.44,623.44] 1246.88 -0.239 -0.7779 -0.8414
Quadratic [0, 623.4414] 1090.61 -217.94 -26.875 -10.1009
Step [349.13,349.13] 698.11 123.92 15.12 5.34

The first two distributions (constant and linea ased to test whether the numerical
simulation is reasonable because in principle tegwrs should be rather small. From Table
5.1, it shows that the errors for both constant lmelr strain distributions are negligible

(less than 1 microstrain) in strain analysis.
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The last two distributions are introduced to ingtabme extreme situations, where
steep strain gradient is present in a gauge volmdemay result in a large error between the
average and measured lattice parameters. It iglfthat forc=0.3 (the most appropriate peak
width for the experimental conditions used) theesrare less than 30 microstrains (-26.875
for quadratic and 15.12 for step), so that thesereiare still acceptable for the purposes of
strain evaluation (less than 100 microstrain).hibidd be noted that, far=0.1 the absolute
errors become larger than 100 microstrains (217@4quadratic and 123.92 for step
variation). This level of error may not be accepgah engineering strain analysis. However,
as discussed in section 5.1.2.3, the low widthO(1) version of the single cell peak does
correspond well to the experimental conditionsthad using that value is not thought to be

suitable in this particular simulation.

In summary, based on the simulation results, éoiscluded that the lattice parameter
determined by single peak fitting to a diffractipeak can be regarded as the average lattice

parameter of the entire volume to within acceptaiter.

5.1.3.2 Lattice parameter sinogram

An experimental diffraction pattern line profile nifconia is shown in Fig. 5.2.a. On
close examination it is found that most diffractippaks are split. This peak splitting is
caused by many factors such as the strain variatitnmn the gauge volume, geometry of the
gauge volume (length) and additional peak broadgdure to the beam bandwidth. To our
knowledge, it is impossible in all cases, withoutvaking additional information, to
deconvolve precisely the peak splitting to findtidist lattice parameters corresponding to
each peak. In the data analysis of the dental eredgeriment, single peak fitting rather than
multi-peak fitting was used to extract lattice paeder (d-spacing) from 111 (non-split)

diffraction peaks. Translation and rotation scarsrewvperformed in the experiment that
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spanned the full width of the specimen at evergtroh angle, and angular range fromt0
18C°. The lattice parameter sinograme( its variation with the sample rotation angle) is
shown in Fig. 5.4. This is the form of data thanhdae used for strain tomography

reconstruction [28].

4045 A

404 A

lacs A

Translation step (0. 1mm)

Rotation angle step (one step=3.6°)

Fig. 5.4 Lattice parameter (determined by singlakfitting) sinogram of the cross-section
shown in Fig. 5.1.b

5.2 Measurements of 2D elastic strain tensor

5.2.1 Introduction

The synchrotron x-ray diffraction experiments reépdr here were carried out at
beamline 112, Diamond light source, UK. The mulgraent energy-dispersive detector (see
Fig. 5.5) (sometimes referred to as the “horseskie#dctor) is installed on this beamline. Its
design and data collection procedures allow inqgipie the investigation 2D elastic strain
tensor in test samples. However, until the presamy such analysis has not been presented.
The principle of the determination of a strain amBom normal strains at different radial

directions on a 2D plane was illustrated in secB8ah2. Since shear strain cannot be directly
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measured by any diffraction techniques, this sttamsor determination technique offers an
indirect way to evaluate residual shear strairamgles (within the plane perpendicular to the
incident X-ray beam). Diffraction patterns collettby this detector can also be used for
guantitative texture analysis using interpretagpoocedures that will be presented in Chapter

7.

For the first investigation of the 2D strain tensming the “horseshoe” detector, a
non-textured titanium alloy bar sample was selecié® sample was subjected to four-point
bending, giving rise to the known principal straiirections. This simplifies the data
processing algorithm, and allows ready validatiérihe interpretation procedures. For the
second example, a more challenging problem wagteeleof mapping the residual strain
tensors in several linear friction welds (LFW’s)tween Al alloy bars. This process is
characterised by strong shear strain gradientdenvicinity of bond line, accompanied by
significant shortening of the assembly and the ciaged formation of flash as described

below.

Linear Friction welding (LFW) is a relatively noveblid state joining technique
offering unique advantages over conventional mghuelding techniques. The major stages
of deformation that occur in the LFW process can dascribed as follows: 1) two
components are brought into contact and then siggjdo reciprocal motion parallel to the
interface between them under normal pressure (tlear friction element of the process).
The direction of reciprocal movement is shown bg trertical arrow in Fig. 5.6.b. 2) A
forging force is applied along the longitudinaletition of the two components (horizontal
direction in Fig. 5.6.b). The linear friction geats a large amount of heat, such that the
material lying close to the interface is soften€de forging force then causes the expulsion

of the softened material from the near-interfaceez@nd the forging of the two components

! materials forced out during the welding

102



into one. Linear friction welding process is likely result in strong shear residual strain
gradients in the final welded product. It is welidwn that shear strain cannot be directly
measured by diffraction techniques, since the uyithgy Bragg equation relates the peak shift
to the change in the interplanar lattice spacirg thoes not change under shear. To our
knowledge, diffraction measurement of the residinaar strain distribution in linear friction
welds has not been reported in the literature. $train tensor determination method
presented below allows the study of the residuahsitrain distribution in a LFW weld and

other engineering assemblies.

5.2.2 Experimental

5.2.2.1 Multi-directional energy-dispersive x-ray dfraction setup

The multi-directional energy-dispersive x-ray difftion experimental setup at
beamline 112 (Diamond Light Source, Harwell Oxf@dmpus, UK) is shown in Fig. 5.5.a.
The front view of the “horseshoe” detector is shawirig. 5.5.b. The multi-element detector
consists of 23 elements, or cells. Each detecemeht can record an energy-dispersive
diffraction line profile. The azimuthal angular féifence between two neighbouring detector-

elements is 8.18°.

The diffraction geometry of one detector-elementiligstrated in Fig. 5.5.c by
showing a diffraction plane view. Two slits1(8nd $) are used to collimate the incident
beam to define the beam cross-section of the sBerx0.8um. Two other slits (Sand )
are placed downstream of the sample to collimage diffracted beam to a cross-section
typically less than 1 dmx1.Qum. Owing to the intersection of incident beam arftratted
beam, a diamond-shaped diffraction gauge volunuefimed (see Fig. 5.5.c). The diffraction
angle for each element-detector is aroufycafid this angle is precisely determined through a

calibration process by using a powder standard itcisely known lattice parameters
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(NIST Si or LaB). Since the diffraction angle 9is very small, strain measurement
direction for each detector element lays only°2dut of the sample plane (that is
perpendicular to the incident beam). It is safadsume that each detector registers the strain
along the radial direction defined by the azimutpasition of each detector-element: error

analysis demonstrates that tiedative error that arises from this assumption does noéec

0.1%.
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Fig. 5.5 (a) High energy multi-element energy-dispve x-ray powder diffraction setup, (b)

front view of multi-element detector and (c) difftean geometry for a detector element

5.2.2.2 A Ti-6Al-4V alloy four-point bent beam
A Ti-6Al-4V alloy bar with a size of 1.7 x 4.5 x 9n7 (shown in Fig. 5.6.a) was
machined from the middle of a Ti-6Al-4V alloy platghich was produced by vacuum arc

melting above the phase transus temperature fotlolae cross-rolling and annealing to
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minimize the crystallographic texture. The micrasture and texture in this material have
been studied before and reported elsewhere [10@].cFientation distributions within both
phasesd phase-hexagonal close packed structurefapidase-BCC structure) were found to

be close to random.

The sample was plastically deformed in the foumpdiending configuration and
unloaded prior to diffraction measurement, creatirigcked-in residual stress—strain state. In
the diffraction experiment, the sample was scarawdss the beam with a step of 0.1 mm

along the middle line of the four point bend configtion (see Fig. 5.6.a).

I Linear friction direction

a) b) Scanning lines Welding zone
Scanning line \ I_I
v
36 mm :l -
16 mm A
y Forging force | | Forging force
545 mm Interface 590 mm
nterface
0.0mm 45mm
z
Fig. 5.6 (a) A four-point bent beam and (b) adinfiction welding assembly.

5.2.2.3 Aluminium alloy AA2024 Linear Friction Welding (LFW)
assembly

LFW joints were made at TWI (The Welding Institugdyington, Cambridge, UK) by
using different welding parameters bonding togethaars of aluminium alloy AA2024 bars
[107] that were manufactured by Hot Isostatic Rres§HIP) followed by extrusion, which

introduced strong textures into the bar material.

At room temperature, the AA2024 alloy has the na@h@lastic modulus of 75 GPa

and Poisson's ratio of 0.33, and the tensile ystldss of 320 MPa. A welded assembly has
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dimensions of ~155x36x15 nirand its geometry is shown in Fig. 5.6.b. Five keans with

the step of 0.333 mm were conducted for each saraptkthe scanning lines are illustrated
in Fig. 5.6.b. Three LFW samples were measured.cbmemon welding parameters for the
three samples were the amplitude and frequendyeofeciprocal motion of 2 mm and 50 Hz,
respectively. The manufacturing parameters thaewdferent between samples are listed in
Table 5.2. The upset in the third column of thddab defined as the total length loss of the

two components before and after welding.

Table 5.2 LFW manufacturing parameters.

Sample name| Forging Force (kN) | Upset (mm)

w4 90/90 13.49
W5 77077 9.51
W7 77177 12.28

5.2.3 Data processing

5.2.3.1 Pattern fitting and the strain-free latticeparameter

The diffraction patterns from a single detectomedat and their Pawley fitting by
GSAS of the Ti-6Al-4V bent beam and an aluminiumALBample are shown in Fig. 5.7.a
and b respectively. It is clear thaphase (marked as phase 1 in Fig. 5.7.a) in islon@nant
phase in this titanium alloy. The unit cell of trghase (hexagonal) titanium has two lattice
parametersa andc. Since this titanium sample is used as a validatibthe strain tensor
determination technique, only the strains relatedattice parametea will be discussed
below for the reason of simplicity. A detailed dission [108] about lattice strain in such a
Ti-6Al-4V alloy shows that the difference betweattite strains calculated fromandc are
minor, and an average of them would be more reptaSee to the real strain of the gauge
volume. There is only one lattice parametdor FCC structure aluminium, and it is used for

strain calculation for all the LFW samples.
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Fig. 5.7 Energy-dispersive X-ray diffraction pati® of the Ti—-6Al-4V alloy bent beam (a)

and the Aluminium alloy AA2024 LFW sample (b).

It is vital to define a strain-free lattice parasrewhile using lattice parameters to
calculate lattice strains. Two different methodsevemployed to determine strain-free lattice
parameters for the bent beam and LFW samples. @hiecof the scanning line of the bent
beam is on the neutral axis of the bent beam. Times|attice parameters measured at this
point are regarded as a close approximation tatiiess (strain) free parameter. For the LFW
samples, since the far field (the left or right eiodl a sample has experienced the least
deformation from the welding processing, it is ased the measured lattice parameters at the
left and right ends of a sample are the strainfattece parameters for the left and right half

of scanning lines, respectively.
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5.2.3.2 Weighted least squared fitting

For all the diffraction pattern line profiles, Play refinement, and the outputs were:
the lattice parametex and the relative fitting erra¥ (expressed in units of microstrain and
has the same format of Eq. 5.1). Therefore, theee\23 groups of lattice parameters and

fitting errors for each particular scanning point.

The radial strain £__ ) of a scanning point corresponding to each detexttament is

written as,

(Eq. 5.7)

5

au_
&,

E =

aa

Here a is the azimuthal angle of a particular detectemaint, a, andagare the lattice

parameters measured by this detector-element asdfening point, and at the strain-free

point respectively.

In section 3.4.2 it was shown how the 2D princigtahins within a plane are related to

the radial strairg__ via Eq. 3.26. Considering the fact that the fgtierrors of diffraction

patterns from different detector-elements can bterdint, a weighted least square fitting
method was used to optimize the fit for the unkng@anameters in Eq. 3.26. The purpose of
weighting was to ensure that the interpretationofeed the measurements with smaller

fitting errors. The error estimat&rin this weighted least square fitting is definad a

E= Z(f (P -¢,, (Eq.5.8)

Heref, is a weighting factor corresponding to the radtedin at azimuthal angte &), is the

radial strain from Eq. 3.26, and , is the measured radial strain.

We definef, to have the following form:
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¢ = 1 (Eq. 5.9)
T x4,

Hereég and s, are the fitting errors (uncertainties) of the striiee and the measured point

obtained from the detector-element located at amgliethe fitting error for a measured point
is large {.e. the measured strain has low accuracy), its weightactor becomes small, so
that the measurement contributes less to the wesghiit than other more accurate

measurements in the optimization dataset.

In order to judge the goodness of the optimizateomormalized quality function is

defined as,

i(f (-5 (Eq. 5.10)

R, == 23
2 (1.’

P
This quality function allows the evaluation of theedibility of the principal strains

and directions (the complete strain tensor) deteedhiby the optimization of Eq. 3.26: the

bigger theR, value, the less accurate is the result for theesponding strain tensor.

5.2.3.3 Strain tensor analysis for the Ti alloy berbeam

Owing to the isotropic diffraction of x-rays fronmé non-textured bent beam, the
diffraction patterns recorded by the 23 detecterrants have very similar intensity and
signal-to-noise ratio. The fitting errors for difésmt detector-elements are almost the same,

and the weighting factors defined by Eq. 5.8 cataken to be equal to unity.

A result of fitting Eq. 3.26 to the measured stsairi at a scanning point of the bent
beam is shown in Fig. 5.8. It is clear that thenfif quality is very good and this suggests that

this strain tensor determination method is weltexlito this sample.
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5.2.3.4 Strain tensor fitting for linear friction welds

Strong textures are expected to exist in the LFWhpdes owing to their
manufacturing history. The presence of textureha gamples is evident from the diffraction
intensity azimuthal inhomogeneity at a single saagmoint (see Fig. 5.9). The picture
shows that the intensity of amkl diffraction peak (at the same energy) is not unif@long
the azimuthal direction. As a result of the diffran patterns inhomogeneity, the lattice
parameters determined from different directionaffraition patterns have different

associated fitting errors.
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Fig. 5.9 Azimuthal diffraction patterns from a g scanning point on a LFW sample.

Therefore, one should not consider the lattice rpatars to contribute equally to the

principal strain fitting. The weighted least squafiting method (section 5.3.2.2) was used
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to determine the 2D elastic strain tensors fordhsssmples. Fig. 5.10 shows several weighted
fitting examples with differen®, values. The length of red bar in the figure ispartional to

the weighting factor defined by Eq. 5.8. It is clé&aat in the figure the fitting curve (blue line)
has a tendency to be closer to the data points haiiber bars (bigger weighting factors).
Although the fitting quality of this sample is na good as that of the bent beam (Fig. 5.8),

the fitting curves do capture the most accuratesoeanents.

It should be noticed that in Fig. 5.10.c, a sindabtrend among the measurements is
captured by the fitting curve even with tRgvalue of 80.84%, suggesting that this weighted
fitting method helps extract useful information Bvieom very noisy data. In subsequent
analysis, any scanning point witR, value higher than 80% was excluded from the
interpretation of strain and stress distributioromer to ensure the accuracy. Most of such
points with highR, values are located within the welding zone of @&V sample. The
reason for the presence of highin the welding zone is due to the strong distortod the
microstructure by high shear during the weldingcpss, causing grain refinement, rotation

and alignment [109].
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Fig. 5.10 Weighted least squares fitting curve@pR,=9.97%, (b)R,=60.64% and (c)
R,=80.84%. These three scanning points are fromahield, intermediate and welding zone in
section 8.3.1.1 respectively.
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5.2.4 Results and discussion

5.2.4.1 Ti-6Al-4V four point bent beam

The measured principal strain direction of thensargg line of the bent beam is shown
in Fig. 5.11.a in terms of principal azimuthal ang$ defined by Eq. 3.26. It is clear in the
figure thatop is always close to 90 corresponding to the fact that the principle istra
directions are along Y and X axes in the laboratoogrdinates. This principal direction
distribution also agrees with the classical bendimgory. Since the scanning line is the
middle (symmetry) line of the four-point bend capifiation, the bending stress along the

longitudinal direction should dominate the prindigtain orientation.

We denote the principal strains referring to tvanse (X) direction and longitudinal
(Y) direction through least square fitting as E11E22' respectively. Since the principal
strain directions are known by Fig. 5.11.a to lmnglY and X directions, the strains directly
measured by the f2letector-element (the strain is denoted as E22) Fig. 5.5.b) and by*1
and 2% detector-elements (strains are denoted as E1h@)E41(180)) correspond to the

principal strains E22 and E11 respectively. However, it should be noted thatghecipal
strains E22 and E11 determined by the optimization are actually therages through all

the radial strains measured by detector-elemeattha they should be more representative
(accurate and robust) than the direct measurens@#sE11(0) and E11(180) as discussed in
section 3.4.2. Fig. 5.11.b plots the distributidrtieese five strains (E11(0), E22, E11(180),

E11’ and E22 ) along the scanning line. Very minor differencewsen the principal

strains and direct measurements is seen.

The strain distribution shown in Fig. 5.41b and c agrees well with the strain
distribution on the middle line of a similar fouoipt bent beam reported by Korsunsky at al
[108]. In Fig. 5.11d, the theoretical strain distribution on the lirseillustrated before and
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after the bending load removed. Using the plarnesstdeformation assumption and Hooke’s
law (Eqg. 3.11), the elastic strain distribution thie scanning line shown in Fig. 5.11.b are
converted into stress distribution shown in Fid.15c, in which S11 and S22 are the stresses

calculated from the direct strain measurements ®ldifd E22, and S11, S22 and S12
refers to the calculation based on the optimizemhcgpal strains E11 and E22'

respectively. It is clear that only one stress congmt (S22 or S22) along the Y axis exists
on the scanning line, and the remaining stress ooems are almost zero. This stress
distribution again agrees with the fact the scagiime is the symmetry line of the four-point
bending configuration, meaning that the principeiess on the middle line can only be

associated with the longitudinal (Y) direction.

In summary, the principal strain distribution iretfii-alloy bent beam sample was
successfully identified using the strain tensoredmination method, and the results agree

with the predictions of the beam bending theory.
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Fig. 5.11 (a) The variation of the principal difeat (b) Comparison of strain values between
directly measured (E11(0), E22 and E11(180) ) acltated (E11 and E22 ) strains (c)
Comparison of stress values between calculatesssisdrom directly measured strain (S11 and S22)
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and fitting strain (S11 , S22 and S12 ). (d) The schematic of the (total, plastic and#da strain
distribution on the scanning line before and afenoving the bending load [33].

5.2.4.2 LFW samples

Principal strain mapping

The diffraction patterns of the five scanning linek all three specimens were
processed (i.e. Pawley-refined and sine-wave jittedccompute their principal strains. The
resulting principal strains mappings are plotte&ig 5.12. Some conventions are introduced
in order to allow the presentation of two princigalains in Fig. 5.12: the green and blue

vectors refer to the principal strain (within the second and fourth quadrant) and the
principal straing, (within the first and third quadrant), respectivedy strain vector within

either the third or fourth quadrant refers to negafcompressive) strains.

Two symmetries are clearly present in the princigtahin mapping. The first and
second symmetries are with respect to the sampés along the Y and X directions,
respectively. These principal strain symmetrieeeagrith the fact that the deformation that
took place during the welding process had the ssmenetries: 1) the friction deformation’s
symmetric line is the central axis along the X dii@n; 2) the forging deformation symmetric

line is the central axis along the Y direction.

It is worth noting that in all three mappings thenpipal strain magnitude on the
central scanning line (Y=26mm) is the smallest #mel on the edge (Y=16 and 36 mm)
scanning lines, the biggest. However, in convemtiaiffraction characterization [109] of
normal strain of LFW samples, often only scans @ltme central line in the longitudinal
direction (X axis) are reported. The new principaain mappings reveal the fact that the
residual strain magnitude is the smallest on taigral line, and that more attention should be

paid to other locations on the sample.
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It is apparent from visual examination that sanM® appears to have the greatest
strain magnitudes. At first sight, this appearscdontradict the fact that sample W5 should
have experienced the smallest deformation undesrialest forging force (77KN) and upset

(9.51 mm).
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Fig. 5.12 Principal strain mappings samples (a) WAW5 and (c) W7.
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Maps of strain components under lab coordinate (&, E; and E;))

In the welding process, each side of a LFW sam@@iy experiences two kinds of
mechanical loading: one is compression by the fgrdiorce along the longitudinal (X)
direction, and the other one is frictional (shedeformation along the transverse (Y)
direction under the friction force acting along thterface. Therefore, it is worth studying the
normal strains (B and k) along the main deformation directions (X and Yjdathe
corresponding shear strains;fEdistribution on a sample. The normal straing @d E»)
are directly computed by Eg. 3.26 from the printiptains (Fig. 5.12) by setting the
orientation angle: (relative to the most positive principal strainedition) equal to Dand 90,
respectively. For the calculation of the shearist(g;2), Eq. 3.26 can be rewritten in below

format,
£

o = (6, - &) xcos@-a,)x sin@ -a,) (Eq. 5.11)

Here ¢, is the shear strain between a radial directiorhvézimuthal anglexn and its
transverse directions, and ¢, are two principal straing is the corresponding azimuthal

angles for this pair of principal strains. In ordercalculate b, « is set to 0,
It is well known that, for a 2D strain tensor tmax shear strain&;ﬂ) can be found

when the rotation angle between the chosen codelirad the principal coordinate £ «,)

equals to+45° . According to Eq. 5.11’,4“7%is given as,

@zi%x(gz_gl) (Eq. 5.12)

2

In below analysis, the max shear strain will be pared to the shear strains under lab

coordinatesk;,).
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The two normal components under lab coordinateglpfelastic strain tensdE;y,

E2) and the shear component under lab coordingteg) aswell asthe max shear strain

(VLZaX) of the five scanning lines of the samples are ptbts contours and shown in Fig. 5.13,

Fig. 5.14 and Fig. 5.15 respectively.
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Fig. 5.13 k& strain mappings of LFW samples (a) W4, (b) W5 an)dN7.

From the E11 strain maps (Fig. 5.13) it is appatbat the E11 strain intensity on the
central scanning line (Y=26 mm) along X axis is mdgher than the values on the other

scanning lines. This observation is different fréme principal strain mapping (Fig. 5.12)
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where the strain magnitudes on the central scarimeg(Y=26 mm) are the smallest. Two

tensile residual strains localization zones appethe left and right sides of all the mappings,
and the in terms of sizes of strain localizatiomesy ranking of the three samples is
W7>W5>W4. However, in terms of strain magnitude Wéks to be the strongest, which is

consistent with the observation in the principedist mappings.
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Fig. 5.14 k&, strain map of LFW samples (a) W4, (b) W5 and (&).W

In Fig. 5.14, two k& strains localization belts exist at the regiomsrX=553 mm to

X=563 mm on the left side and from X=573mm to X=58 on the right side. The ranking
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of the three samples in terms of the strain madeiia W4>W5>W?7, which is different from

the principal strain mapping ranking.
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Fig. 5.15 E> (left column) andym7aX (right column) strain mapping of LFW samples.

In Fig. 5.15, the distributions ofi1f shear strain and max shear straiﬁvzﬁ() are

almost identical. Shear localization zones appeéowa corners on the edges at X=554 mm
and X=580 mm on each side. This shear strain loathin may be related to fact that in the
welding process a lot of material was pushed otd the regions next to these corners to
form the ear-shaped ‘flash’. It is clear that seen@5 contains much greater shear strain

magnitude than both samples W7 and W4.
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It should be noted here that there is almost zkhearsstrain on the central scanning
line along the X direction (Y=26 mm). However, tkbBear strain distribution in LFW
samples should not be ignored, since the magnitddehear can reach 800 microstrains
(equivalent to the maximum strain imjEand B, maps) at the localization zones (four

corners).

Stress (plane von Mise and Tresca mapping)

Owing to the fact that the Z dimension (16 mm) biL&W samples is smaller than
the other two (X and Y) dimensions, and that thenntkeformation in the welding process
occur along either X or Y directions, we assumet tHaoke’'s law in the plane stress
approximation can be used for this particular pgobl In addition, the elastic properties of
the aluminium alloy can be treated as isotropids Tidue to the fact that its Zener factor is
1.33, which is close to unity (Table 3.2). TherefoEq. 3.11 is written as shown below to

compute the principal stress from the principaiss,

ol E [1 v]e (Eq. 5.13)
{Jj_(l—vz){v 1}[52}

The plane stresson Misesstress approximation is computed from the priricipa

stresses by,

SN CETAIRE R4 (Eq. 5.14)
mise 2

For theTrescastress calculation, we only consider the streskinviX-Y plane, and

the Trescastress is given as,

(Eq. 5.15)

0,-0,
2

STresca =
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Von Mise stress Tresca stress
Under plane stress assumption Under plane stress assumption
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Fig. 5.16 Stress mapping of LFW samples (left emiuvon Misestress; right column
Tresca stress).

Thevon Misesstress andrescamaps for the three samples are shown in Fig. 5It16.
is evident that the distributions ofon Misesstress andliresca stress are quite similar

although the magnitude dtescastress is smaller than thatvafin Misesstress.

The four corners with largest strain magnitudehim $hear strain mappings (Fig. 5.15)
also have the highest stress magnitude. The foessstocalized corners in sample W5 have
the strongest stress magnitude. Since the nongnall¢ yield stress for this aluminium alloy

is 320 MPa, the proximity of the stress state &siit due to the presence of residual stress
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should be taken into account in any engineeringgdassing these joints in real engineering

application.

In

summary, the main findings of the 2D elasticaistrtensor characterization

programme applied to the three LFW samples are:

1)

2)

The weighted least square fitting method (sectidh354) can effectively extract
the 2D elastic strain tensor from the multi-elememergy-dispersive x-ray

diffraction patterns collected from the LFW samples

Sample W5 has the strongest principal strain, Bi®ars strain andron Mise
stresses magnitude, although its forging force igrskt are smaller than the other
two (W4 and W7) samples. However, the E11 and B2insmaps show that
sample W5 does not have the strongest magnituds.diffierence suggests that
pure E11 and E22 strain analysis may not be reptatsee enough to show the
real residual stress distribution in weld sampdasce the E12 shear strain plays a

dominant role in determining the principal straimdatress maps.
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Chapter 6 Texture interpretation from
single exposure monochromatic
synchrotron X-ray diffraction

6.1 Introduction

Preferred crystal orientations are almost invayigdsesent in engineering components
as a consequence of manufacturing history. In aeharacterize the structural anisotropy
and the associated anisotropy of mechanical priegerand also to clarify the underlying
deformation mechanisms responsible for their foromatit is of particular interest for
engineering researchers to analyse the texturelbdisons and their evolution within the
engineering components with high spatial resolutiGeologists, archaeologists, forensic
scientists may also gain helpful information froexture characterization to improve their
understanding of the history and provenance ofstmples. A particular challenge that
remains outstanding in the texture characterizdimld is to develop a fast single-exposure
technique to allow efficient texture scanning andpping, and to streamline the data

interpretation.

The key question that often arises in texture sidind that we wish to address here
is whether an accurate Orientation Distribution ¢tiom (ODF) of a sample can be extracted
from a single exposure diffraction pattern obtaingth a fixed area detector and without
sample tilting. The fundamental significance ofgdn exposure (with fixed sample and
detector positions) is the diffraction volume thamains uniquely defined, fixed during
measurement. As a consequence, the ultimate spadi@ution achievable by this technique
is unaffected by the imprecision of sample positignn the beam associated with translation
and rotation (tilting) stages. In contrast, as difeiaction gauge volume is made smaller by

beam focusing or collimation, it becomes inevitalbljurred or smeared during sample
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rotation and detector scanning. Furthermore, tealtiag measurement represents the effect
of an aberration over different diffraction volumd$e challenge of using a single exposure
X-ray diffraction pattern is associated with thetfthat it covers only a small portion of the
pole orientation space, putting the accuracy afidhiéty of the calculated (reconstructed)
ODF in question. However, if multipl@ékl crystal plane reflections are present in the
diffraction pattern and are considered togetheguantitative texture analysis, the fact that
different hkl reflections are linked by the ODF may be useddodgadvantage, so that the
effective pole figure coverage is significantly imped. The present investigation focuses on
guantitative texture analysis in engineering samspleith high crystal symmetries,
specifically, cubic phases. The complexity of teatunformation contained in the ODF of
such high symmetry materials is considerably smalan for samples with low crystal
symmetry. It is worth pointing out, however, thaivl symmetry materials have a larger
number of non-redundant diffraction lines thatallprobing different portions of their ODFs.
Thus the inversion of textures for low symmetry enails may in some cases turn out to be

just as well-constrained as in the case of cubiteras.

Recently, experimental procedures for the evalnatibODF on the basis of single
exposure were reported using monochromatic X-rayd Rebye-Scherrer 2D diffraction
patterns collected using an area detector [110], 4id energy dispersive X-ray with a multi-
element detector [112]. A small number of samplations were used on the time-of-flight
(TOF) neutron HIPPO diffractometer (LANL, USA) fguantitative texture studies [113] .
The key uncertainty is however that, as mentioned1l4], a single Debye-Scherrer
diffraction patternmay be sufficient to determine an ODF only in sorsgecial cases. A
more systematic approach is needed aimed at viakiptite texture determination procedures

from single exposure.
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Due to the large amount of raw diffraction patteimmgolved, another challenge in
texture analysis is the automation and speed oODE calculation. In many popular texture
software packages, for instance, Beartex [65], MAWD6] and GSAS [116], the iteration of
ODF calculation has to be performed manually, mgkinis difficult to implement the
calculation as an automatic process. Besides, l&ietyeld refinement (the core algorithm in
those texture software packages) requires usdrave considerable experience and demands
considerable time and effort to achieve good fithe patterns. Recently, a Matlab toolbox
MTEX [58] has been developed that allows direcinestion of ODF from raw pole figures.
The accuracy (quality) of estimated ODF by MTEXasgely dependent on the quality of
raw pole figures, because the match is soughtttiirexc the raw pole figures. In contrast, in
Rietveld refinement raw diffraction patterns are tfitting objects. MTEX is based on
harmonics method (see Section 3.8), but the undegrl®@DF approximation is by non-
negative bell-shaped functions. Hence, the famoligrited “ghost” problem often associated
with the harmonics approach is minimised. The Mattaplementation is flexible and can be
run repeatedly and algorithmically for many ODHRrastions in a relatively short period of

time.

The present Chapter introduces a routine that estreaw pole figures from the
single-exposure Debye-Scherrer diffraction pattend calculates the ODF based on these
raw pole figures. Firstly, a numerical simulatia presented to discuss the possibility of
ODF estimation from the raw pole figures with senghg pole figure coverage (equivalent to
single exposure Debye-Scherrer pattern) for cubasp polycrytstals. Secondly, we illustrate
the entire sequence of steps involved in the noethod, from raw pole figure production to

ODF estimation, on the example of two real appiores.

The experimental data were collected using a higgrgy (providing energies up to

150 KeV) monochromatic X-ray powder diffraction getin transmission geometry at
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beamline 112, Diamond Light Source. Debye-Schediffraction patterns were recorded
using an area (2D) detector. The main advantagesiof) high energy X-rays here are the
low absorption and very small (less than 10 degrdeggaction angles, making X-ray path
length correction in the raw pole figure productiomecessary. The ODFs derived from the
single-exposure pattern are compared with thosairdd from multiple exposures with
sample rotation. Besides, the comparison of ODknesibn between MTEX and MAUD
(Riteveld refinement) from single exposure datalgo made. Both MTEX and MAUD can
extract ODFs from multiple exposure Debye-Schepegterns, but it takes an extremely long
time for MAUD to process data (further discussicaan doe found in section 6.4.2). The
comparison of the ODF analysis of multiple expostiféaction patterns between MTEX
and MAUD is not present. The results presentethisy¢hapter provide solid evidence of the
validity of ODF estimation from single exposure fdittion pattern. On this basis the
approach is introduced to processing large datadets arise from spatially resolved

experimentsi.e. texture scanning or mapping.

6.2 Texture simulation

A important concept of the minimal pole figure coage for determining a single
preferred orientation was discussed in Helmingseps [117, 118]. In contrast, the situation
addressed in this chapter is such that the poledigoverage of the single exposure Debye-
Scherrer diffraction pattern is fixed by the expental geometry and monochromatic beam
energy. The question becomes modified to the folgwWith given fixed pole figure
coverage, carany single preferred orientation in the fundamental ezdre determined
accurately? Furthermore, assuming that the prefementation considered is simple enough
to be mathematically represented as a linear caatibim of single preferred orientations, can

the linear combination coefficients be determined?
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Although the provision of a “pure” mathematical igadn to the problem in the form
of a theorem or an analytical formula is extrenafigllenging, alternative routes of obtaining
a satisfactory answer to the question exist, amdbeapursued. In the present study a set of
carefully designed numerical experiments (simutet)ovas employed to tackle the questions.
The simulations were carried out for FCC polycrigstaut they should be applicable to all
cubic structure phases, since all cubic phasetstesare represented in a similar way in the

MTEX algorithm used for ODF.

6.2.1 Probing an arbitrary single preferred orientaion

The aim of this section is as follows. By searchihgpugh the entire fundamental
zone of cubic crystals, single preferred orientagiare sought for which the error of ODF
reconstruction from the single-exposure Debye-Sehatiffraction pattern is greatest. To
ensure the complete coverage, the fundamental aoogbic crystals (0g;<360, 0<d<9(,
0<,<90) is discretised into cubic cells with the dimemsi@x 5°x 5° in the Euler space
(Euler angles are given in the Bunge conventiorije Entire fundamental zone contains
72x18%18=23,328 equally sized cells. A distinctgnpreferred orientation is associated

with each of the cells.

In the Bunge-Euler convention, the three Euler engl,, ®, ¢,) refer to the rotations
aroundZ, X andZ’ axes associated with the laboratory system ofdinates (see Fig. 6.8).
The incident beam directio @xis) is the central axis of the Debye-Schermy gystem and
is also the rotation axis for Euler angle Therefore, any two sample orientations that have
different ¢, but identical other two anglesb( ¢,), their experimental pole figures are
“identical” but for a rotation around th& axis. The errors of their reconstruction by MTEX
are therefore equal. Therefore, for the purposeartgwering the question posed above,

probing any single &-¢,) cross-section plane in the orientation space uiiceent to
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represent the entire orientation space. This redtioe number of “square” cells needed to
provide complete coverage of the entire fundamezdak (and hence the entire orientation
space) is given by 18x18= 324 single preferredntaigons. This reasoning step reduces the
computational expense very significantly, but does detract from the generality of the

result.

The simulation is performed mainly with the helptloé MTEX package. In MTEX, a
single preferred orientation is defined as a be#lged function characterised by the
orientation centre (the centre of the cubic celEuer space) and a half-width (orientation
broadening). In this simulation, “de la Vallee-Psin bell-shaped function is used and the
half-width is assumed to be either’dr 5. Some special cases of extremely sharp texture
(yet nevertheless polycrystalline!) with orientatibroadening smaller thar? fnay exist in
nature. However, the techniques for analysing sinarp textures are likely to be more akin
to the approach to the study of single crystals. rAost samples of common relevance to
applications, the Sbroadening appears to be a good representatiogabétic texture half-
width. It is worth noting that%is also corresponds to the standard angular vpidtAmeter in
texture analysis. The simulated ODFs all correspimnBCC crystal structure (space group
“m-3m”). No texture symmetry (sample symmetry) wassumed in the simulation. The

lattice parameter was set equal to &,8.e. the mean value over many cubic phase metals.

The simulated ODFs were “probed” by simulating thigh energy X-ray Debye-
Scherrer diffraction (the schematic of the setuphiswn in Fig. 6.8). Fig. 6.1 illustrates the
“numerical experimentation” and the reconstructmnocedures for the simulated ODFs. A
single preferred orientation with the orientati@nte at ¢;:=32.5°,=2.5°,¢,=5.0°) and 10°
orientation broadening is shown in Fig. 6.1.a. Sixmerical-experimental” pole figures of
the simulated single preferred orientation refgyrito single exposure Debye-Scherrer

diffraction pattern were extracted from Fig. 6.;had plotted in Fig. 6.1.b. Next, these
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“numerical-experimental” pole figures were importedo MTEX to reconstruct the ODF
(Fig. 6.1.c). As shown in the figure, the differermetween a simulated ODF (Fig. 6.1.a) and

the reconstructed ODF (Fig. 6.1.c) appear mindhéoeye.

In order to quantify the difference between the t@BFs, a normalized square

variance sum is (called the “I2 error” in MTEX) wdsfined as:

Z(fl(gi)_ f,(g ))? (Eq. 6.1)
PRACHS

Here, fl and f2 are the crystallite volume fractions correspondim@ particular orientation

g, of the ODFs. It is evident that the normalizedasgd variance (called the ODF difference)

is proportional to the difference between two ODiFes the largef€ is, the bigger difference
exists between two ODFs), but is normalised witspeet to the strength of texture being

considered.
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C
Fig. 6.1 (a) Simulated pole figures referring ittgge preferred orientation ap{=32.5°,
D=2.5°,¢,=5.0°), (b) the corresponding “experimental” patgufes and (c) the reconstructed pole

figures.

Fig. 6.2 shows the errors (Eq. 6.1) between theilsited and reconstructed ODFs on
two different®-¢, cross-sections and with two different values adémtation broadening (20
and 5). The twogp; angles are randomly chosen to eliminate the effégteriodicity. It is
evident that the error contour maps appear to b gimilar at two differentp; angles,
which conforms with the argument employed for redgdhe 3D orientation space to a 2D

orientation plane.

It has to be noted that, although the error vaineBig. 6.2a andb appears to be
much larger than it andd, it does not mean that the reconstruction qualitifig. 6.2a and

b is worse than that far andd. Since different orientation broadening paramefg@Sand 5)
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were used in the two groups of simulation, comparisf the errors between analyses with
different orientation broadening values should bedenwith care. It might be possible to
“normalize” the contour maps with the orientatiomoddening parameter, but the
normalization is not discussed here because thgarship between the error and broadening
parameter is not linear. For example, in termshefdbove measure the difference between
the simulated single preferred orientation ODF wliff and 5 orientation broadening and a
uniform (random) ODF are equal to 4.6406 and 1344&spectively. These two values may

help interpret the error contours for differententiation broadening parameters.
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Fig. 6.2 Error mapsa(andb) on ®- ¢, cross-section with T®rientation broadening of

01=32.5 and withp,=232.5, respectively; error maps &ndd) on ®- ¢, cross-section with
orientation broadening @f;=32.5 and withp,;=232.5, respectively. The Euler angles are in Bunge
conventions, and eaah ¢, cross-section represents one slice of the fundaheoe in orientation
space for cubic crystal.

131



The most meaningful information revealed by Fi@ ®. that the maximum error of
the ODF reconstruction for®5roadening and f0broadening are found to be 0.8926 and
0.4854, respectively, and the corresponding oriems were ¢;=32.5, ®=57.5, ¢,=87.5)
and (1=232.5, ®=52.5, ¢,=47.5), respectively. It appears that the ODF reconsitbos at
those two orientations were the least accuratéehénentire orientation space. If the ODF
reconstruction quality is acceptable for these woases, one may conclude that it is safe to

probe any single preferred orientation by such thote

Fig. 6.3 shows the pole figures of the simulated wetonstructed ODFs at these two
orientations. It is evident that, for ABroadening the difference between the two polerég
is negligible. For the % broadening the reconstructed pole figures showomesow
noticeable difference to the simulated pole figukhough in Fig. 6.3.d the pole figure
maxima (PFM) are captured, in Fig. 6.3.c the PFlgsear somewhat elongated. This may
lead to confusion in the texture interpretatiomeal applications. If a similar simulation were
to be performed for the case of smaller orientatimadening (for instance, 2.&nd £), one
may expect the difference between the simulated randnstructed pole figures with the
highest reconstruction error to be even larger thase with the Sbroadening. Therefore, a
conservative recommendation is to restrict theaigbe present method to the estimation of
ODFs from samples that do not possess very shamprés, i.e. have orientation broadening

less than %
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Fig. 6.3 Pole figuresa(andb) of simulated ODF generated by MTEX with oriergatcentre

at (1=32.5, ®=57.5, 9,=87.5) and with 10 orientation broadening, and the recalculated OPF b
single exposure Debye-Scherrer pole coverage, cteply; Pole figuresq andd) of simulated ODF
generated by MTEX with orientation centre @=232.5, ®=52.5, ¢,=47.5) and with 5 orientation
broadening, and the recalculated ODF by single sx@oDebye-Scherrer pole coverage, respectively.

Fig. 6.4 shows 111 pole figure coverage of thentaittons contained in the twb-¢,
cross-sections considered above. The two instaoicpsle figure coverage are found to be
related by a 200rotation around the&Z axis that corresponds to the angle difference
between them. The markers are densely distribgiade the dimension of the cell was set to
only 5°. It appears that the chosen discretisation ofihdamental zone into®x5°x5° cells

should lead to a good representation of all possiihgle textures. Although finer
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discretisation is possible, it would only increadee computational expense without

improving the accuracy of the result.

Fig. 6.4 Poles figure coveragedndb) of ®-g,cross-section witkp;=32.5 and with
91=232.5, respectively.

In summary, we conclude that single exposure D&uleerrer diffraction dataset can
effectively capture all single preferred orientagowith orientation broadening larger thah 5

within the fundamental zone of FCC crystals.

6.2.2 Simulated ODF with three preferred orientatians
combined

We consider that a realistic ODF that may be tcbatea linear combination of single
orientations. In this section an artificial ODF g¢seated by adding four single preferred
orientation ODFspdf, is a uniform function referring to a random textuthe other three
ODFs have the same orientation broadening 8f 48d the orientation centres a@<10",
=20, 9,=100), (p1=70", =14, 9,=50) and (=141, ®=43, ¢,=6() for odf;, odf,, and

odf; respectively. The simulated ODF is mathematicadjyresented by the equation:

ODF=0.2¢odf, + 0.3 odf+ 0.% odf+ 08 odf (Ed.6.2)
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The pole figures of the 111, 200 and 220 reflectiabtained by projecting the
simulated ODF are shown in Fig. @5The three orientation centresdf, odf;, andodf3)
are intentionally chosen to place the two PFM spothe 200 pole figure close to each other,

in order to assess the resolution of the ODF recoctson.

The “ring” pole figures (shown in Fig. 61§.similar to those obtained from the six
Debye-Scherrer rings (cf. Fig. 6.1.b) were extrdcteom the simulated ODF. Fig. 6.6
illustrates the ODFs reconstructed from the rawedaures in two different ways. Firstly,
the firstfour reflections (111, 200, 220 and 311) were useddalcelate the ODF. Secondly,
the reconstruction was performed usingsatlraw pole figures (111, 200, 220, 311, 331, and
420). This approach offers a means of evaluatirg itifluence of the number dikl
reflections on the accuracy of ODF determinatiohe Tull sets of pole figures for the two
ODF reconstructions are shown in Fig. 6.6. By conmgaFig. 6.6a andb with the original
pole figures (Fig. 6.5.a), it appears that Fig.ldgives closer similarity to Fig. 6.5.a than Fig.
6.6a. This observation is also confirmed using the remetric of Eqg. 6.1: the differences of
each of the two reconstructed ODFs from the origidBF are found to be 0.6228 and
0.4159, respectively. Therefore, including mdrd reflections into the ODF estimation

processes is likely to improve the accuracy of @&donstruction significantly.

135



Fig. 6.5 a) Full set of pole figures of the simtathODF with three preferred orientations; b)
six raw pole figures extracted from the full palgufres.

Fig. 6.6 a) Full pole figures projected from tleeonstructed ODF using raw pole figufes

four reflections (111, 200, 220, 311); b) full pole figa projected from the ODF reconstructed using

six raw pole figures (111,200,220,311,331,420). Thessponding starting pole figures are shown in
Fig. 6.5.
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6.2.3 Simulated ODF obtained from CP-FEM

The ODF presented in the previous section was maréhear combination of single
preferred orientations. This may not be represemtatf realistic textures present in practical
engineering samples. In order to generate an OBFgtsuitably complex and yet realistic, a
crystal plasticity finite element model (CP-FEMPR]iwvas employed to simulate sheet rolling
texture formed in FCC materials. [100][101](Huan§91)In the CP-FEM analysis, a
representative volume element (RVE) was given teehanical properties of coppek. the
elastic moduli c11=168400MPa, c12=121400MPa, and=¢8400MPa. The plastic
deformation at the crystal level was regarded dg loging due to crystal slip. The set of 12
octahedral slip systems, {111} <110> was considexeiive for the FCC phase. There were
512 elementsi.g. single orientations) introduced into the RVE ine@rdo represent random
sample texture before deformation. The final textaf the RVE is illustrated in Fig. 6.7.a.
Thus, the simulated ODF in this section may stél tegarded as arising from a linear
combination of many single preferred orientationthwertain broadening. However, in the
CP-FEM simulation this initial ODF undergoes evaatconsistent with that experienced by

FCC polycrystals during sheet rolling.

The procedures for ODF probing and reconstructescdbed in the previous section
was again employed here. Fig. 6.@andc are the full pole figures of the reconstructed GDF
based on four reflections and six reflections respely. It is clear that botb andc capture
the key features @, butc is much closer ta. The errors between the two recalculated ODFs
and the original ODF were 0.4418 and 0.2801 forrfefiection and six-reflection
reconstructions, respectively. From the preseniyaisathe conclusions is drawn that in order
to achieve good accuracy, ODFs should be reconsttuzy including the data for as many

reflections as possible, and no fewer than fougny case.
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Fig. 6.7 a) Typical pole figures from rolled copjpy CPFEM; b) the recalculated pole
figures by 111, 200, 220, 311 raw pole figureghe)recalculated pole figures by on all six (1100,2
220, 311, 331 and 420) raw pole figures.

6.3 Experimental validation

6.3.1 Samples and experiment setup

Two samples with different deformation historiesrevehosen to carry out texture
analysis. The first sample was an extruded tungsies with the diameter 0.1 mm The
second sample was a cylinder machined from a ailder copper plate. The diameter of the
copper cylinder wa® mm. The data collection was performed at beamline (12EP),
Diamond Light Source. The experimental arrangenoemtesponds to the Debye-Scherrer
diffraction setup shown in Fig. 6.8. The sample weminted on a 5-axis sample stage which
allows multiple axis translation and rotation. Amea detector (Thales Pixium RF4343) was
placed downstream of the sample to collect diffeacpatterns. The detector characteristics
were: pixel size 148 x 14@m? active area 2880 x 2881 pixels. The beam size was
controlled by slits to define a square cross-sadti®0 x 10Qum?). For the tungsten wire, the
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X-ray beam energy was set at 100 KeV, and the satopletector distance was 1178.41 mm.
For the copper cylinder, the beam energy was 80, kel the sample to detector distance

was 1178.40 mm.

Fig. 6.8 Schematic diagram of the monochromatray)powder diffraction setup
(transmission mode).

6.3.2 Raw pole figure production

6.3.2.1 Pole figure coverage at multiple sample @mtations

The pole figure coverage for a single exposure {he sample placed at a particular
rotation angle) has been illustrated in Fig. 3.%eétion 3.8.2.2. In order to determine the
pole figure coverage for diffraction patterns obe&al with multiple sample orientation, the
mathematical relationship is derived here betwden Debye-Scherrer rings at different
sample rotation angles, and the raw pole figure. To assist the derivatkig. 3.9 is shown

again as Fig. 6.9.

In Fig. 6.9.a, a pole ring corresponding to the y@eBcherrer ring associated with the
sample rotation anglev=0° is plotted on the surface of a unit sphere. Thenab vector to
the <hkl> crystal plane that connects the centre of the aptiere to the pole ring having the

azimuthal angledp) on the area detector (X-Y plane) can be writtgn a
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cosf cosr, (Eq. 6.3)
k(8,a,)=| cosd sin,
sind

Hered is the half of the diffraction angle)2

The sample rotation around Y axi® (otation) is introduced in the experiment in
order to increase the pole coverage. The matrixdtation by angle» is multiplied by the

plane normal vector, so that a rotated vector taiobd:

K'(6,a5,w) =R, (wk (8,a,) (Eq. 6.4)
cosw 0 siw| coé cas,

=l 0 1 0 || cog sim,
-sinw 0 cosw sirg

The spherical coordinates of vectof6,a;,,4) are,

r=1 (Eq. 6.5)
g = JKZ+K?
Inc k‘3
K
waz, right = k_i

Here, the standard notation convention for sphedoardinates is used, as already

shown in section 3.7.2:is the length of the vectofi,cis the inclination angle with respect to
the positiveZ axis; ¢, 4iS the azimuthal angle on the X-Y plane (wh@&hequals to zero,

this angle equals t@p).

Finally, the equal area projection method (sectdon.2.2) is used to project this

rotated unit vector onto the X-Y plane:
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p=+2x sin(%)x 90 (Eqg. 6.6)

ap = waz, right

a The projection of pole ring b
Pole ring

Fig. 6.9 a) The circle mapped out on the unit splserface by the points corresponding to a
particular Debye-Scherrer ring; b) the equal aregeption of rings on the equatorial circle in tke
Y plane.

6.3.2.2 Diffraction intensity correction

The above procedure allows determining the locatiotthe pole figure of the ends of
lattice normal vectors that are in the diffractioondition for scattering into points on the
Debye-Scherrer rings at different sample rotatiogles cu In order to produce raw pole
figures, the diffraction patterns are processetivim steps: 1) Gaussian peak fitting (section
2.4.2) to determine the integrated intensity fochealiffraction peak; 2) the integrated

intensity is placed into the corresponding cellshef pole figure.

A step of diffraction intensity correction is oftereeded in the assembly of raw pole
figures. This is due to the differential attenuatassociated with path length difference for
the incident and scattered x-rays. However, forghdicular diffraction geometry used in
this experiment, the path lengths of the diffractethys are almost identical for all the

azimuthal binning portions on a particular Deby&&cer ring. The path length ratio
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between the longest one and the shortest one @1 divl/cos(® . Since the diffraction

angles 20) for all the diffraction peaks of interest do notceed 10, the length ratio can

only vary between 1.015 and 1.0, i.e. can be censdinegligible.

6.4 Results and discussion

6.4.1 Texture of extruded tungsten wire

Fig. 6.10.a shows the “raw” pole figures of thegsiten wire based on four reflections:
110, 200, 211 and 310. These reflections havertadleast diffraction angles (so there is no
need for diffraction intensity correction) and &ne strongest among the visible rings (high
signal-to-noise ratio). Although the diffractiongd@ of the 220 ring is smaller than that of the
310 ring, the 220 ring is ignored in ODF calculatibecause the texture information
contained in it is identical to the 110 ring alrgatsed. It was verified that including the 220

reflection made no apparent difference to the d¢ated ODF.

The raw pole figures were then imported into MTEXdaODF computed by the
function “calcODF”. There are several key inputs tbe function: 1) Sample texture
symmetry (see section 3.7.3). For this experimeatiexture symmetry was assumed so as
not to miss any texture information in the calcethODF. 2) Crystal symmetry. Tungsten is
a BCC structure material, so that cubic space gfoum” is used here. 3) The uni-modal
bell-shaped function used to approximate the OD& @nrepresent its half-width, “de la

Vallee-Poussin” function was used and the half-widtrientation broadening) was set fo 5

The projections of the calculated ODF of tungstere\are shown in Fig. 6.10.Due
to the fact that the pole densities (Radon transédion of the ODF) in MTEX are
approximated by harmonic functions, the pole figuappear smooth in plots. The full pole

figures capture all PFMs present in the raw palaris. It can be concluded that the wire has
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a typical “fibre” texture [119]: the normal of therystal planes {110} is aligned with the
extrusion direction of the wire (Y direction in l@ilobordinates). The normals of other crystal
planes appear to be randomly distributed arouncextireision direction. This was evident in
the experiment, since the diffraction patterns appge be identical at any sample rotation
angle o. The fibre texture is well-known to arise commorily engineering samples
manufactured by extrusion. This suggests that th& @alculation carried out in the current

study was successful.

The fibre texture is characterised by the presaiamn axis of symmetry, such that
the single exposure diffraction pattern of the wirevides the full texture information, even
though the pole figure coverage corresponds to onky/ ring (see Fig. 6.10.a). It should be
kept in mind, however, that no sample texture syinyneas assumed in the ODF calculation.
This stands in contrast with evidence from theditiere, where this symmetry assumption is

often used in order to simplify the ODF calculation

X31W

()

anvin

Fig. 6.10 Pole figures of tungsten wire. a) Raledigures from a single 2D
diffraction pattern; b) the full pole figures calated by MTEX; c) the full pole figures calculateg
MAUD. The maximum intensity in the (110) pole figunc is 15.087, but the maximum limit for
colour bar is set to 6 to show more details ofdatieer pole figures.
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Fig. 6.10.c shows the full pole figures of the waia@culated by MAUD. No sample
texture assumption was made for Rietveld fittinge pole figures appear very close to those
obtained by MTEX, with the pole figure intensity thle PFMs also very similar. Compared
with the plots in Fig. 6.10.b, the smoothness ef MMAUD pole figures is not as good as of
the MTEX ones. This is because the pole figures reoke approximated by continuous
mathematical functions. There is a general recondiaigon for the ODFs calculated by
MAUD to be smoothed with a Gaussian filter, as thisoothing also helps in removing
artefacts from ODF cells. Fig. 6.11 shows the tssaf Rietveld fitting of the diffraction
patterns in MAUD. The fitting is seen to capture tfiffraction intensity distribution along
the vertical (azimuthal) direction of the raw patt¢apart from the background noise in the

lower region), suggesting that the fitting exeraises successful.

Spectrum # (data | fit)

3.0 4.0 5.0 6.0 7.0
2-Theta (degrees)

E— I : I _am——
10 30 50 70
Intensity{*1/2} [Count{*1/2}]
Fig. 6.11 Rietveld fitting of 2D diffraction patteof tungsten wire by MAUD: lower

half of figure: raw diffraction patterns; upper haf figure: fitted patterns.

6.4.2 Texture of copper cylinder machined from a ribed
plate

The copper cylinder that was machined from a rotleplper plate so that its axis was
aligned with the short transverse direction hadspssed texture that displayed no axial

symmetry. This case was studied as being reprdsentd the generic texture situation with
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a view to compare the accuracy of ODF determindbietween the techniques based on the
analysis of Debye-Scherrer patterns from singleos@e and multiple exposures (i.e.
involving sample rotation). The cylinder was mouhtgith its axis aligned parallel to the
vertical sample stage rotation a¥dhat was used to change the sample rotation anghe
steps of 8from 0° to 186. Diffraction patterns were collected at each inuzat of rotation.

Four diffraction rings (111, 200, 220, 311) werealgsed for ODF evaluation.

Fig. 6.12.a shows the raw pole figures of the singkposure diffraction pattern
obtained atv=0°. Fig. 6.12.b shows the raw pole figures ofdifraction patterns assembled
from all ®=0° to 180 with a step of 5 (i.e. the assembly of 36 diffraction patterns). Fig.
6.12.c shows the pole figures displayed on thedsta@h%x5° grid, with the pole intensity of
each cell averaged by the correspondent pole iyems Fig. 6.12.b. The averaging
procedures are follows: 1) count how many datatpdl into a 5x5° cell and denote the
number as\N; 2) sum the intensity of thid data points and denote the summed intensity as
3) assign the averaged intenditil to represent this cell. This standard grid averggs a
common data pre-possessing step in the ODF calwulasing WIMV algorithm. It should
be noted here that both Fig. 6.12.b and 6.12.c lage pole figure coverage (more than 80%
of the entire pole figure area), so that they canused as a comparative reference for
evaluating the quality of full pole figure reconsttion by MTEX from the single exposure
diffraction pattern. These three groups of raw plideres were imported into MTEX to
calculate ODFs, and the corresponding full poleiriégg calculated by MTEX are shown in

Fig. 6.13a, b andc respectively.
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Fig. 6.12 Raw pole figures of the copper cylinda):From single exposure diffraction
pattern ato=0% b) From multiple diffraction patterns andcoverage from0to 18CF; ¢) From
multiple diffraction patterns and coverage from Oto 180, and the intensity averaged within each
5°x5° cell.

By comparing the full pole figures (Fig. 6.43.of the single exposure diffraction
pattern and the raw pole figure (Fig. 6d)2it is found that all the PFMs in the raw pole
figure are captured well by the single-exposurelyamma The raw pole figures with futh
rotations (Fig. 6.12.b and c) and the full poleufes (Fig. 6.13.b and c) also agree well.
These agreements confirm that the approach proguseds able to capture all basic texture

information.

The pole intensities in Fig. 6.18are much higher than in Fig. 6.¢3even though the
raw pole figures intensities are almost identiddlis means that the texture represented by
Fig. 6.13b is sharper than that represented by Fig. 6.he latteraw pole figures are the
averages of the former pole figures, so that thergness” of the texture is smoothed by the
average operation. The pole intensities of Fig3@&..are much smaller than both in Fig.
6.13b andc, and the shapes of the PFM regions are slightfferéint. The PFM regions in

Fig. 6.13b andc appear to be rotated around the Z axis comparddthose in Fig. 6.13.

146



These differences may be associated with the reldpoecision of single exposure texture
analysis compared to the multi-exposure approadweder, another possible explanation
must be considered, namely, the fact that theadiffon gauge volume is changing whilst the
sample is rotated around tAeaxis. As illustrated in Fig. 6.14, the textureamhation probed
by the X-ray diffraction setup while rotating thansple refers to different gauge volumes of
which only a small portion represents an overlaghke classical raw pole figure analysis it is
assumed implicitly that, despite the change ingaege volume, all diffraction patterns can
be combined into a single pole figure. This assumnptemains true only when the texture
remains identical (or at least strongly similaraihthose gauge volumeisg. that the texture
gradient in the sample is not very strong. In vieithe above argument it is difficult to
conclude whether the full pole figure reconstructicom a single exposure (Fig. 6.4Bis
more or less reliable than that obtained with mbeltter pole figure coverage, but with
changes in the underlying gauge volume (Fig. ®.88dc). The problem of gauge volume
change in texture measurement was the main maivétir the author’s search for a reliable

rotation-free (single exposure) technique for textmeasurement.
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Fig. 6.13 Full pole figures of the copper cylind&y Calculated from the=0° set of
raw pole figures by MTEX; b) calculated from the (° to 180 sets of raw pole figures by MTEX; c)
calculated from the= 0° to 180 set of raw pole figures with standard grid by MT,EX full pole
figures by Rietveld fitting (MAUD) fromw=0° (single exposure) diffraction pattern.

(0]

i R
ulfhctwn volume

Fig. 6.14 Schematic diagram of the gauge volunaagé in copper cylinder during
sample rotation.
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In order to investigate the relationship between dlscuracy of ODF determination
and the number of sample exposures at differeatioot angles, ODF errors were computed
according to Eq. 6.1 between the reference ODFta@dDDFs reconstructed based on the
different number and range of rotation angles. &itiee raw pole figures plotted in Fig.
6.12b and c have very large pole figure coverage, their calimd ODFs were taken as
reference. The errors computed with respect to tivene denoted by, ande,, respectively.
The plot showing the dependence of the error vadses function of the rotation angle ranges
is shown in Fig. 6.15. The two curves show thatdhers decrease as more rotation angles
are included, suggesting that, as a rule of thutind,greater number of sample rotations

(better pole figure coverage) gives rise to moetmate” ODF determination.

o)

O

m

®

S

=

c

0 i i i i H i i HEEAN
0 20 40 60 80 100 120 140 160 180
Rotation angle (w) [°]

Fig. 6.15 The measure of difference between ODHsdifferent rotation ranges with

respect to the reference ODFs fram0° to 180 raw pole figures without grid (upper curve) a0’
to 180 raw pole figures with standard 5°x5° grid (lowena).

It appears that for the copper cylinder the singig@osure diffraction pattern is
sufficient to extract full preferred orientationfanmation. However, better pole figure
coverage improves the accuracy of the ODF analy$is. pole figures in Fig. 6.13 show a

typical “cube” texture [119] present in the sample.Fig. 6.13d, the full pole figures
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calculated from MAUD by analysing the=0° diffraction pattern are shown. The PFM
regions mostly agree with the ones in the othee ggures in Fig. 6.13, and the minor
difference might be associated with the “ghost’dpgart of harmonic functions or the
difference in the ODF representation and calcutatdgorithms. The Rietveld fitting in
MAUD is shown in Fig. 6.16. Similar to the casetofgsten wire, the fitting captures most
features of the diffraction patterns, but the matemains imperfect. Diffraction patterns
representing multiple rotations were also imporitgd MAUD, and full pole figures were
calculated. The full pole figures are similar tagk shown in Fig. 6.1& The MAUD
calculation was found to be time-consuming (appr@tely one hour on an Intel Core 2 Duo
3.32 GHz CPU and 3.25 GB RAM machine) when 3 roteti(=0° to 1) were involved.
The calculation became practically impossible whelarger number of input patterns was
used. In comparison, MTEX only takes 25 seconds g&6onds for raw pole figure
production and 15 seconds for ODF calculation)uto & full ODF estimation process for the

same dataset.
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Fig. 6.16 Rietveld fitting of onenE0) 2D diffraction of copper cylinder by MAUD:

lower part of the figure: raw diffraction patterngper part of the figure: fitted patterns.
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6.5 Conclusion

A high energy monochromatic X-ray texture measurgnsetup and the associated
data processing routines for pole figure productaovd ODF estimation using MTEX
package have been presented. The ODFs calculatedTisX agree well with the ones
calculated by MAUD. For cubic phase polycrystald aglatively simple textures (those that
can be treated as linear combinations of singldemexl orientations with more thar? 5
orientation broadening), the ODFs extracted fronglei exposure Debye-Scherrer diffraction
pattern were found to be largely representativéhéofull texture. Since this approach does
not require any sample rotation and the data ceieis readily performed in Matlab, it is
particularly suitable for texture measurements imwng with large amount of data, such as
texture area mapping and situ texture evolution studies.€. local analysis with texture
change). However, it is also important to note it accuracy of the “single exposure”
approach is directly connected with many factoos: dxample, the beamline arrangement
(beam energy and sample to detector distance, #te.rrystal symmetry, the sample shape

and the texture level (the texture cannot be t@wmh
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Chapter 7 The application of texture
analysis by single-exposure multi-
directional energy-dispersive XRD and
TOF neutron diffraction

The previous chapter presented the introductimtudsion and assessment of the use
of monochromatic Debye-Scherrer setup for singlposyre evaluation of the full texture
information. The present chapter is devoted taaghy@ication of the single exposure approach
to interpret energy dispersive diffraction pattecwlected by a multi-directional X-ray

detector, and a multi-directional TOF neutron ditec

The first part of this chapter focuses on the texiaterpretation of multi-directional
X-ray energy-dispersive diffraction patterns of thEW sample was used for 2D strain
analysis in section 5.2. The second part deals Wh¢htexture analysis from the neutron
diffraction patterns collected by the TOF neutromltrdetector instrument GEM, ISIS

spallation neutron source, UK.

7.1 Single exposure texture analysis in a LFW
sample using multi-directional X-ray diffraction
detector

7.1.1 Experimental

The collection of diffraction patterns of LFW samplwas presented in section 5.2.
Texure analysis was carried out only the diffractmatterns of the central scanning line of
the sample W7. The sample coordinates with redpettte lab coordinates are illustrated in

Fig. 7.1.a. Diffraction patterns in the far fieicg( the right and left end of the sample) display
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strong anisotropy along the azimuthal directiore($€g. 7.1.b) due to the strong texture

caused by the manufacturing history.

Projection of
a D Y detector-elements

111 220 200311 222

b s ey
,S 5 ;;U =]
X-ray energy (KeV)
Fig. 7.1 a) Sample coordinates; b) Multi-direcibanergy-dispersive x-ray diffraction

pattern from the location indicated on the sample.

The equal area projection of the pole figure regamvered by the “horseshoe”
detector is shown in Fig. 7.1.a. The azimuthal englithin X-Y plane) of each detector
element unchanged after the projection. The poistadcep of each detector element is
calculated by substituting=2.5° (half of the scattering angle of 5°) into B36 of section

3.7.2, giving the polar distance of 88° (as showhRig. 7.1.a).

Fig. 7.2.a shows the experimental (incomplete) figieres processed from the single
exposure diffraction patterns collected at the reenf the sample (bond line). Fig. 7.2.b
shows the full pole figures reconstructed by MTHXe reconstructed pole figures capture
all pole figure maxima (PFM) spots present in tkpezgimental pole figures, although the

intensities do not match because of the differend¢ke normalization (done by MTEX to the
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full pole figure). It should be noted that the den@xposure pole figure coverage of this
“horseshoe” detector is only half that of a Deby#@&rer ring (see Chapter 6), and the
azimuthal resolution is only 8.2° (worse than thening resolution 5° for the diffraction

patterns derived from the Debye-Scherrer rings),tts® “horseshoe” detector may be
expected to provide less accurate texture infonatihhan the monochromatic area detector

setup when only single exposure diffraction datasisd for texture analysis.
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Fig. 7.2 (a) the experimental pole figures attibad line; (b) full pole figures reconstructed
from (a). There are 23 data points in ebhkhexperiental pole figures (a). However, only a fiata
points are displayed with color becuase the intgwnsirioation among the data points are huge.

7.1.2 Results and discussion

Fig. 7.3 shows 111 full pole figures for severatdtions on the scanning line. It is
evident that the pole figures are symmetric abloetdtond line. This texture symmetry is also
consistent with the mechanical loading symmetryirduthe manufacturing process of the

LFW joint.

In Fig. 7.3, the pole figures at the far field (disce=-4mm) appear to have features
corresponding to rolling deformation and the ralidirection is along the longitudinal
direction of the LFW joint. This agrees with the magacturing history that the two parts of
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the LFW joints are manufactured by bar rolling. @&mparing the pole figures at positions of
-3mm and -2mm, it is evident that a rotation issprég between the two about the Z aixs
(along the incident beam direction). The pole feguobtained at the location -1mm (close to
the bond line) show typical features of extrusitiibér”) texture in the longitudinal (X)
direction. At the centre of the weldment (positiOmam), the pole figure shows a 6-fold
symmetry that is a common feature in 111 pole Bguof cubic polycrystals subjected to a
simple shear deformation on X-Y plane. The sheatute feature suggests that the main
driving force for the texture change at the vergtee of LFW joint is the shear deformation

during linear friction welding.
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Fig. 7.3 The 111 pole figures at different locati@n the scanning line of the sample.
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In Fig. 7.3, the appearances (pole intensity distion) of pole figures change
significantly across the welding zone, suggestingt tthe degree of preferred orientation
changes significantly, i.e. a steep texture gradepresent along the longitudinal direction
in the sample. In an attempt to quantify this textuariation, we compute the so-called

texture index, defined as

ti =j f (g)2dg (Eq. 7.1)

Hereg stands for orientation and is expressed in terfrteeothree Euler angles, af@) is

the MRD {.e. ODF intensity) at a particular orientation.

This texture index can be used to describe quangty the severity of texture. For
instance, a random orientation distribution wittifarm f(g) corresponds to the texture index
of unity. In contrast, the texture index of singleentation can approach to a large number.
Therefore, the bigger the texture index of an OME, stronger the corresponding texture is.
Fig. 7.4 shows the variation of the texture indeng the scanning line. Most of the texture
index values lie around 2, except for the scanpioigt at position = 2mm. This point with a
much larger texture index is regarded as an outlies expected to be similar to that at

position = -2mm owing to the symmetry about thedbne.

Therefore, in terms of the texture index, most ion the scanning line appear
“equally severely” textured. The appearance of puode figures changes significantly,
however, suggesting that texture index definitiolona does not provide sufficient
guantitative and qualitative differentiation betwetextures at different locations in this
particular sample. A further analysis of textureletion on the central scanning line of this
LFW sample will be presented in section 8.3 basedhe use of EBSD, Debye-Scherrer

diffraction and CPFEM modelling.
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Fig. 7.4 Texture index variation along the scagrine.

7.2 Texture analysis of single exposure TOF neutron
powder diffraction patterns

7.2.1 Introduction

Owing to the large solid angle coverage, Morden é@f-Flight (TOF) neutron
multi-detectors have attracted significant attemtio crystallographic texture studies. For
instance, the NSHR diffractometer at IBR-2 in DubRassia [51] and HIPPO at LANSCE,
USA [13] (section 3.8.2.3) are two pioneering ex&apf such detectors used for texture
studies. The main advantage of using this typestdator in texture measurement is the large
pole figure coverage achieved with a single sanopientation (single exposure). This is a
manifestation of the same principle as in the DeBlerrer (chapter 6) and the white beam
“horseshoe” x-ray detector (section 7.1) setupss ltherefore worthwhile considering the
feasibility of using the diffraction patterns calted from only a few (or even single) sample

orientations for full evaluation of the sample teet

GEneral Materials (GEM) diffractometer at ISIS $p@bn neutron source, UK is
designed for the total scattering signal collectiom both crystalline and non-crystalline
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materials. The detector module has a very largel soigle coverage, and the resolution in
reciprocal-space is also excellent [120]. The figlere coverage of this GEM diffractometer

under single sample orientation is even greater ftbathe TOF neutron detectors mentioned
above. These characteristics make it ideal for tjiaéive texture studies. The diffraction data
collected under two sample orientations (two expesuhave been used successfully to
perform quantitative texture analysis using Rialveefinement [121]. Besides, the

diffractometer also allows high temperature studeeg. texture evolution under creep, at

temperatures up to 130 [122].

This section presents the quantitative texturerpmégation (by MTEX) of diffraction
patterns collected at GEM diffractometer. The ainthe present study is to provide a novel
texture interpretation method to supplement thestayd approach based on Rietveld
refinement. Unlike the texture interpretation usRigtveld refinement, MTEX requires the
input in the form of raw pole figures (rather thramv diffraction patterns). Therefore, in order
to ensure the accuracy of texture interpretatiorukipg MTEX, careful attention has to be
paid on the conversion from raw diffraction pattetio raw pole figures. As it has been
pointed out the chapter 6, the raw pole figure gatien consists of two steps: 1) the
determination of pole figure coverage and 2) thiembeination of the integrated intensity of
diffraction peaks. The pole figure coverage of GH®ector can be precisely determined, as
the position of each detector element is alreadywkn However, it is important to correct
the integrated intensity of diffraction peaks besmof 1) the attenuation anisotropy caused
by the sample geometry, and 2) the difference | ¢bunting efficiency of individual

detector channels.

In GEM, the raw diffraction pattern of any sampdeoiften divided (normalized) by
the diffraction pattern of a solid vanadium rodisTtlata operation can effectively eliminate

the influence of detector efficiency variation, lmample geometry correction must still be
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done. Neutrons interact rather weakly with metahmaterials, so that the attenuation
difference might not be very strong for the sampgEometry that is close to sphere.
Nevertheless, it is important to study the influeraf sample geometry on the accuracy of
ODF determination by MTEX from the diffraction patts collected at GEM. For this

purpose, texture measurement was carried out oopaec cylinder with the length to

diameter ratio of 3:1. The reason for choosing tlgisdrical shape was that the maximum to
the minimum neutron path length ratio is equatsdength to diameter ratio (3:1). Moreover,
it is relatively easy to prepare other samples whi#thsame geometry. Thus, it would be very
meaningful for the guidance of sample preparatidha geometry of the copper cylinder is

found to only have a minor influence on the accui@cdhe ODF determination.

The pole figure coverage of the GEM multi-detectig. 7.5.b) is close to the X axis,
but large gaps are present in the direction ardbady axis. It may be anticipated therefore
that the accuracy of ODF determination may dropaifsample is placed for texture
measurement so that the preferred orientations aligsely with the Y axis. In order to
address this concern, an aluminium alloy bar witlorgy axial preferred orientation was
studied. In addition, samples with weak texturemfpresent problems to ODF determination,
for instance, the “ghost” problem may arise. Inasrtb study the influence of weak texture
on the accuracy of ODF determination, a nickelingtblade manufactured by Direct Laser
Deposition (DLD) was studied that had already bekaracterized by X-rays revealing a

weak texture.

7.2.2 Experimental

7.2.2.1 The GEM diffractometer and its pole figurecoverage
A brief introduction of GEM diffractometer pertang specifically to texture studies

is given here, more details for this instrument banfound in [120]. An overview of the
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multi-detector of the GEM diffractometer is shownHRig. 7.5.a. A vacuum sample chamber
is placed at the centre of the diffractometer. &ith four-axis (three translations and one
rotation) sample stage or an automatic sample @racen be installed in the chamber for
diffraction pattern collection at ambient temperatu For low and high temperature texture
studies various cryostats and furnaces are avaitabtover the temperature range between 1
and 2000 K. The studies at non-ambient conditicrestypically restricted to acquisitions
with a single sample orientation only. The detectardule can be subdivided into seven
banks with the overall number of detector elementdalled reaching about 7000. The
forward scattering banks (bank 1, 2 and 3) haveydorpath length, but the d-spacing
resolution of these forward banks is much lowentbéthe 90-degree and back-scattering

banks due to the divergence term in the resoldtiontion [120].

Y Sample Tank Barks 6 &7 b —~_  6m
it 142°-171°*

,,,,
5
<3

Barkl Bank2 Bank3 Bark4 BarkS BarkSX ¢ S8 BT
5° =120 13°-21° 24°-45° s0°—4*  79°-106" 106°-114° i e

Fig. 7.5 (a) Overview of GEM diffractometer; (e figure coverage of GEM diffraction
data for acquisition in a single orientation; (o)efigure coverage of GEM diffraction data for
acquisition in two orientations related throughi Bftation about the Z-axis

As mentioned the introduction, the raw diffractipatterns are normalized by the
diffraction patterns of a solid vanadium rod in @rdo minimize the influence caused by
detector elements efficiency variation. The norgeli spectra of all 7000 detector elements

are binned into 164 groups of diffraction pattemsrder to improve the signal-to-noise ratio.
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The binning operation forms 164 virtual “detectaoyps”. The azimuthal angles of the
detector elements within the same detector groapghs same, but the diffraction angl®)(2
coverage of detector groups varies between 5° fo TBe pole figure coverage of these
detector groups with single sample orientationheven in Fig. 7.5.b. In order to increase
pole figure coverage, the sample can be rotategharthe beam direction (Z axis) by°a0
take another measurement. The pole figure coverage these two sample orientations (0
and 90) is shown in Fig. 7.5.c. In this way, the accurafyODF determination can be

significantly improved compared to that for singlemple orientation.

7.2.2.2 Split-Gaussian single peak fitting

A diffraction pattern from a single binned detectwoup is shown in Fig. 7.6. The
diffraction peaks are found to be asymmetric. Ideorto obtain the integrated intensities of
the peaks, the so-called split-Gaussian functiak geofile is used to fit the peaks. Although
many other advanced peak profile functions havenbesed to describe precisely the
asymmetric TOF neutron diffraction peaks, sucthase proposed by Von Dreele et al. [123]
and lkeda-Carpenter [124], the simple split Gaus$imction ensures rapid convergence of
peak fitting and is relatively easy to implementitatch job. The “split-Gaussian” function
can capture effectively the peak shape of diffractpeaks collected at GEM (a fitting is

shown in the inset of Fig. 7.6).

The split-Gaussian peak function is given by,

x—d,)? . (Eq. 7.2)
fie = AeXp(_—( 20120) ) ifx<d,
f = pexp X %) ify s g
= — >
left 202 X2 G

2
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HereA is the peak intensity, is thed-spacing at maximum intensity; agdand o, are the

peak half-widths for the left and right part of theak, respectively. The integrated intensity

for the split Gaussian function is given by,

Eqg. 7.3
o :gAn(aﬁaz) = )

This peak function however does not cope well vatterlapped peaks, for instance
the peaks in the low d-spacing rangeX.0) in Fig. 7.6. In order to tackle those ovepagp
peaks, full pattern analysis, such as Pawley mefh@for LeBail method [123, 125] have
been suggested, but those fitting methods are diffreult to carry out in a batch processing
mode compared to the split-Gaussian method. Inptiesent study, only those individual
peaks rather than overlapped peaks are analysedthfor experimental pole figure

constructions.

Texture analysis by Rietveld refinement of the sadifraction data set was
conducted using MAUD to provide a comparison wite MTEX texture analysis approach.
A texture analysis wizard feature available in MAUi2rforms an automatic fit to the

diffraction patterns. No further manual adjustmeas used in MUAD fitting procedure.
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Fig. 7.6 Diffraction pattern from a group of dat@celements. (Inset) “split-Gaussian”

function single peak fitting for one of the difftamn peaks.

7.2.2.3 Sample details

Three samples (see Fig. 7.7) were measured in ¢odaddress the challenges for

ODF determination by MTEX of TOF neutron diffractipatterns collected at GEM.

1) A cylinder of 5 mm diameter and 15 mm length wasfrom a rolled copper plate (with
the cylinder axis in the through-thickness direg}ito ensure strong texture. The beam size
was set to 15 x 15 nfo envelop the entire sample. A can made of vamadoil with the
same dimension as the copper cylinder was alscapgdp The can was filled with copper
powder and put into the GEM diffractometer to ccllthe diffraction patterns, to be used to

eliminate the cylindrical shape influence on theFad&termination of the copper cylinder.

2) A rolled aluminium alloy bar characterised byra§ diffraction with the known fibre
texture was also studied. The normals of the {1dristal plane is preferentially aligned with

the rolling direction. The neutron beam size wag®8 x 3 mm.
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3) A laser sintering system (EOSINT M 270; EOS GmHBlrailling, Germany) was used to
produce a small nickel turbine blade. The neutreanb size for the nickel DLD blade

measurement was set to 10 x 10mm

The exposure time for each diffraction patternexibn was 1 hour in order to ensure good
statistics. In addition, the texture informationr fall samples was obtained by using
monochromatic synchrotron X-ray diffraction withngale rotation at beamline 112 (JEEP),

Diamond Light Source, UK [126].

RD (Y)

ND () TD (X)

Fig. 7.7 Samples and their orientations with respelaboratory coordinates. (a) copper
cylinder; (b) aluminium rolled bar; (c) nickel DLBlade. The beam sizes are illustrated by the red
squared box, and are 15x15 m@x3 mni and 10x10 mrfor a, b andc respectively.

7.2.3 Results and discussion

7.2.3.1 Copper cylinder

The copper cylinder was measured in two orientatidl) the0° orientation (as
shown in the centre of the 111 pole figure of Fig8.a) and 2) rotated from th@f
orientation around the Z axis by 9@called thed0® orientation). Four groups of incomplete
pole figures with a single orientation of the cyén are shown in Fig. 7.8, in which
corresponds to the raw diffraction pattern of thepper cylinder at O orientation, b
corresponds to the diffraction patterns of the esgmowder-filled vanadium container &t 0
orientation,c corresponds to the diffraction patterns of thepespcylinder at 9 orientation
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after shape correction (i.e. calculatedcaa / b), andd corresponds to the raw diffraction
pattern of the copper cylinder at®@rientation. It should be noted that for the cgén filled

with copper powder (non-textured) in Fig. 7.8.bmgominor intensity variation still exists
(for instance, the ratio between the maximum (0)G&l minimum (0.0088) is found to be

about 2 in the 100 pole figure).
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Fig. 7.8

Experimental pole figures (a) of the capgylinder at Borientation, (b) of the
vanadium cylinder can filled by copper d@ientation, (c) of the copper cylinder dibientation

after the cylindrical shape correction, and (d)hef copper cylinder at 8@rientation. The copper
cylinder was drawn in the centre of the pole figuieillustrate the sample orientation with respect
the pole figure coverage.
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The full pole figures calculated by MTEX from Fig.8a, c andd are shown in Fig.
7.9a, b and c respectively. The full pole figure calculated byAMD from the same
diffraction patterns as used in Fig. 2% shown in Fig. 7.9. The results of synchrotron X-
ray diffraction measurement for the copper cylindex shown in Fig. 7.8. All pole figures
in Fig. 7.9 appear to be very similar, suggestimgt the results of TOF diffraction patterns

collected at GEM by MTEX processing are consisteitt other standard methods.
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Fig. 7.9 Full pole figures after MTEX calculatiofithe raw diffraction pattern (a) of the
copper cylinder atrientation, (b) of the diffraction pattern of tbepper cylinder atWrientation

after the shape effect correction, and (c) thed#fraction patterns of the copper cylinder af 90
orientation. The preferred orientations are maded1, O2 and O3 i), (b) and €) respectively.
Figure ¢) shows pole figures after MAUD fitting of the raliffraction pattern of the copper cylinder
at @ orientation, andg) shows the pole figures of the copper cylinder snead by X-ray diffraction.
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Some minor differences between pole figures alledstiectable in Fig. 7.9. Since Fig.
7.9a, b and c have been obtained using the same method, it ierbet compare the
difference between them quantitatively rather thaalitatively. The preferred orientations of
the three groups of pole figures are identifiedibgling the maxima of intensity in the ODFs.
Only one single preferred orientation, which isseldo the classical “Goss” texture [119], is
present in the three groups of pole figures. “Gaesture is marked as O1, O2 and O3 in Fig.
7.9a, b andc, respectively. As pointed out in previous chaptarsingle preferred orientation
can be characterized by an orientation centre dtlfeller angles) and an orientation
broadening parameter. Since only “Goss” textupgésent in all three groups of pole figures,
the difference between them can be discussed beloterms of the difference in the

orientation centre and orientation broadening.

Table 7.1 lists the orientation centres (column)_2#he smallest rotation angle
between the orientation centres and the O2 orientétolumn 5), the volume fraction of the
ODF intensity within 20 orientation broadening from the orientation cen{@lumn 6) and
the volume fraction compared to that of O2 (colun Here, since the diffraction data
associated with orientation O2 is free from therayiical shape effect, the orientation is used
as the reference to show the ODF determination racguwithout diffraction intensity
correction. Diffraction data associated with orain O1 corresponds to a situation in which
TOF neutrons were scattered approximately alongdldel directions of the cylinder, and
the one associated with O3 were scattered approedynaround the longitudinal direction of
the cylinder. Thus the O1 preferred orientatiofikisly to be more eweakly affected by the
cylindrical shape effect than the O3 orientatidnis|found in Table 7.1 that the smallest
rotation angle (column 5) between O1 and O2 is tleas that between O3 and O2. In terms
of orientation broadening, the O1 shows a biggeFOmensity volume fraction percentage

(79.4 %) than the O2 (71.8%). The volume fractiéra garticular orientation is defined as
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the ratio of the sum of ODF intensity (MRD) with2® degree neighbourhood from a chosen
orientation to the sum (which is unity if an ODFisrmalized) of MRD over the entire Euler
angle space. These quantitative comparisons re¢ketlthe orientation O1 is closer to the
reference orientation O2 than O3, confirming the diffraction data associated with O1
suffers smaller aberration caused by the cylintirstepe effect. It is evident that these
aberrations are likely to affect slightly the qutative interpretation of texture, but present no
problem to the qualitative identification of thextiere type as a clear “Goss” texture seen in
all pole figures. Therefore, we suggest that ith® necessarily to perform diffraction
intensity correction caused by the sample geometrthe diffraction patterns collected at
GEM that are intended for general texture analy®isly when precise quantitative texture

information is needed, the shape correction ougbetome a concern.

Table 7.1 Details of the characteristics of the¢h(O1, O2 and O3) preferred
orientations: orientation centre, misorienationiagfa02, volume fraction of the orientation, the
percentage of O2.

Orientation centre in Bunge
convention (degree)
angle against| Volume fraction| percentage
phil Phi phi2 | O2 (degree) | within 20 degree of 02
Ol | 267.571] 36.1877| 88.96 4.0766 0.2331 79.4
02 | 268.757 33.6774| 91.1278 0 0.2933 100
O3 | 90.417| 44.4821273.152| 12.5365 0.2107 71.8

7.2.3.2 Aluminium rolled bar

The diffraction pattern collection of the aluminiuwiled bar was also carried out for
two sample orientations {Gnd 96). Fig. 7.10a, b andc show the three sets of full pole
figures after the MTEX calculation: sample orieittas are 8 9¢° and the assembly of the
two orientations, respectively. Fig. 7.dGshows the full pole figures derived from X-ray
measurements, in which the normal of crystal plajidd} display two strong preferred

directions close to the rolling direction (RD).
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When the sample is mounted &tdientation, the diffraction patterns of GEM can
only cover the texture information around the tkamse direction (TD) in Fig. 7.10.d. Thus,
the main texture information is not captured, namébe preferred directions around the
rolling direction (RD) in the 111 pole figure ofd=i7.10.d. In contrast, when the sample is
mounted in the J0orientation the main texture information is effeety probed by GEM.
As expected, the data assembly from bdtartd 9¢° orientations gives a superior coverage.
The conclusions are further confirmed by Fig. 7Hi@. 7.10.a does not show the normals of
crystal planes {111} having preferred directionsward the RD, because the diffraction data
does not effectively probe that scattering rangeo8dly, Fig. 7.10.b clearly shows that the
normal of crystal planes {111} preferentially align the RD and much closer to the
reference pole figure (Fig. 7.10.d). Thirdly, Frgl0.c has the closest similarity to Fig. 7.10.d
among Fig. 7.10.a b and c, because it has thepoéstfigure coverage. It should be noted
that, owing the poor pole figure coverage at thepbery region, 111 pole figures in netierh
Fig. 7.10.a, b and c can resolve the fact thatnibwenal of crystal planes {111} has two
preferred orientations next to the RD, but at I@salution may present an average effect

(two preferred direction are averaged into one).

It follows that owing to the orientation of the poligure coverage of GEM multi-
detector under a single sample orientation, for gamwith strong “fibre” texture it is
recommended to obtain the ODF using the diffracpatterns collected from two sample

orientations (0° and 90°).
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RD

Fig. 7.10 Full pole figures by MTEX of aluminiuralied bar (a) at Qorientation, (b)
at 90 orientation, and (c) the combination of two sampientations. (d) Full pole figures derived
from X-ray measurements of aluminium rolled bar.
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7.2.3.3 Nickel DLD blade

Diffraction pattern collection from the Ni alloy dide was conducted only af 0
orientation (Fig. 7.7.c). During direct laser defios (DLD) manufacturing the blade was
build up along the RD, so that it is reasonable the preferred direction of a particular type
of crystal plane normal should be aligned with RB. This is confirmed by the X-ray
measurements: a weak preferred orientation coriskee normal of the crystal planesQQ
being aligned with the RD (Fig. 7.11.c). The sampbdure is clearly not as strong (sharp) as
the previous two samples. Such weak texture may tiearrors in the texture interpretation
using harmonics method. Fig. 7.11.a and b showfuheole figures calculated by MTEX
(using a harmonics-based approach) and MAUD (a-esHblished Rietveld approach),
respectively. The dominant preferred orientationttod sample as revealed by the X-ray
measurementd Q00 poles aligned to the RD) is present in both theBMTand MAUD results.
From the author’s subjective point of view, thkl pole figure from MAUD analysis appears
more similar to the X-ray results than the MTEXules However, it is difficult to conclude
which result matches the X-ray result better, beeal) the differences and similarities are
vague owing to low intensities, and 2) the poleufegs are processed and displayed using
different methods. Therefore, in order capturenalaningful texture information, especially
in samples believed to have weak texture, it iomaonended that both ODF determination

techniques (MAUD and MTEX) be used to process iffeadtion patterns.
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Fig. 7.11 (a) Full pole figures calculated by MTBKthe nickel DLD blade at’0
orientation; (b) full pole figures calculated by MI® from the nickel DLD blade at’®@rientation,
and (c) full pole figures from X-ray measuremerftthe nickel DLD blade.

7.2.3 Conclusion

MTEX processing for the estimation of ODF from esipeental pole figures derived
from diffraction patterns collected at GEM diffraoteter was presented. The results
calculated by MTEX show good agreement with MAUDalgsis and X-ray measurements.
This approach may be thought to be not as powadWAUD, because: 1) it does not have

any build-in diffraction intensity correction feaéuand 2) overlapping diffraction peaks
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present a challenge currently. However, the reahathge of this MTEX approach is the

batch-processing capability of large datasets.

The main findings of the present study are:

1)

2)

3)

After the study of the influence of sample geometry the accuracy of ODF
determination of the copper cylinder, it is fouhatthe cylindrical shape effect gives
rise only to very minor aberrations in the quanitra texture information, but does

not affect the qualitative identification of the 66s” texture in the sample.

From the study of aluminium alloy bar with strongedtional preferred orientation, it
is found that when the sample is mounted at aqudati orientation (0° orientation)
the calculated ODF contains very large errors capgpéo the reference ODF. These
errors arise due to the unsuitable pole figure @y for a single sample position
within GEM diffractometer. It is recommended that & sample with possible strong
directional preferred orientation, diffraction patis used for ODF calculation be

collected at least with two sample orientationsgd 90°).

MTEX approach is capable of reliable interpretatadrdiffraction patterns collected

from samples with weak texture.
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Chapter 8 The modelling of texture
evolution by the Crystal Plasticity Finite
Element Method

In this chapter, the Crystal Plasticity Finite falent (CPFE) framework presented in
chapter 4 is used to model the texture evolutiometal forming processes. The principal
aims of the chapter are twofold: 1) to find a reléacharacteristic of the ODF that would
allow making quantitative comparisons between ti@© obtained from experiments and
modelling, and 2) to assess the feasibility ofaralie the parameters of the model (especially

the boundary conditions) in order to trace backd#®rmation history of the sample.

The first task is to model the extrusion of a ®teg wire. Experimental texture
interpretation of this material has already beessented in Chapter 6. In the first instance,
the ODF normalized error measure defined by Eq.cérlbe used for comparison between
modelling and experiment. The wire was measurethé as-received condition, so that
comparison can only be made between the final sthtee model and the experiment (rather

than the processing history).

In another study carried out in addition to thegsten wire analysis, the evolution of
texture within a sample was modelled and determieguerimentally. The sample was a
copper cylinder subjected &x situuniaxial compression. The volume fraction of predd
orientations described in section 7.2 was usedelate the experimental results with the

model.

One of the most significant practical purposes ofielling texture evolution is trying
to understand the deformation history of a samplennown provenance by matching the

texture prediction from the model to the observexfgsred orientation. It is important to note
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that texture changes are strongly dependent ostthan path. Therfore it is not possible to
understand the texture evolution within a sampléhwiomplicated deformation history
merely by considering the texture measured in theeaeived condition. It is precisely for
this reason that most texture modelling studieonted in literature are only applied to
proportional loading deformation, e.g. uniaxial braxial tension, uniaixal or biaxial

compression, and simple shear.

In the third section of the chapter we presentedt@mpt to determine the strain path
experienced by the material within an LFW joint idgr manufacturing by matching the
model to experimentally determined ODF obtainedthe as-received condition. The
approach is based on the hypothesis that the LFWeps may be treated as the combination
of cyclic shear deformation (linear friction) witmiaxial compression (forging). Several of
texture characterization techniques, namely EBSDonanhromatic Debye-Scherrer
diffraction, and TOF neutron diffraction are apdli® the sample to ensure the most accurate
and detailed texture information is obtained. Thiee boundary conditions of the CPFE

model are carefully adjusted to match the expertai@bservations.

8.1 Texture evolution modelling of the extrusion o&
tungsten wire extrusion

8.1.1 Boundary conditions and other initial conditons

Fig. 8.1.a illustrates a typical extrusioongess: a wire of initial diametéds is pushed
through a hard die. The diameter of the wire isuced tod, after extrusion. From the
modelling point of view, the extrusion process ¢@nthought equivalent to either uniaxial
tension with Z axis being the tensile axis (theaistrate matrix is given in Eq. 8.1), or biaxial

compression in X-Y plane (the strain rate matrigiigen in Eq.8.2). It is found in the course
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of simulation that Eq. 8.2 is more suitable, ani$igantly larger overall deformation can be

achieved than using Eq. 8.1.

1 7 (Eq. 8.1)
—-1 0 0
1+A
E= 0 i—1 0
1+A
0 0 +A
i ] (Eq. 8.2)
-A O 0
E=| 0 -A 0
0 %_1
@-4)y

Any material point within the wire undergoes apgnoately uniform deformation
during the extrusion process. A cubic Represergdtislume Element (RVE) is used in the
CPFE model to represent a material point. The RUBSIsting of 12x12x12=1728 C3D8R
elements (8-noded linear cubic) is created in ABAUAE. As the element has only one
Integration Point (IP), enhanced hourglass corttied to be used in the model in order to
ensure quadratic element behaviour under bendifgrrdation. Elements with more IPs
(quadratic elements) can also be used but thatases significantly the computational

expense.

The crystal plasticity equations presented in afragtare implemented in a UMAT
subroutine within ABAQUS [100]. Before applying defhation to the RVE, each IP is
assigned an orientation belonging to a randomGaiemt Distribution (OD). The RVE

represents a polycrystalline aggregate of 1728viddal grains with initial random texture.
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Fig. 8.1.b shows the shape change of the RVE beafiodeafter biaxial compression in which

the tensile strain along the Z axigequals 1.0.

Tungsten has a BCC structure. The common BCC géifesn {110}<111> was used
as the vehicle for plastic deformation. Some otharameters used in the model are

summarized below:

1) Elastic constants for tungsten are;;€ 522390 MPa, ¢=204730 MPa,

C4=160830 MPa [7].

2) In Eq. 4.22, the initial shear ratg,j] was set to 0.001’s andm was given the

value of 10.

3) In Eq.4.24, the initial hardening modulug)) was set to 1000 MPa, and saturation

stress €5) and the initial critical resolved shear stressevget to 400 MPa and

200 MPa respectively. The constgnivas chosen to be equal to 1.4.

Fig. 8.1 (a) Hlustration of wire extrusion angd RVE shape change before and after
deformation subjected to a extension along Z axis ay; of unity.

8.1.2 ODF estimation from discrete orientations
The orientations of all the IPs at any deformastage can be used to form a discrete

orientation distribution (OD). The scattering pdigures of the OD corresponding tes; of
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unity are shown in Fig. 8.2.a. Since experimergallts are in the form of continuous ODF,
discrete ODs extracted from the CPFE model havieet@onverted into continuous ODFs
using MTEX in order to perform quantitative compan. The same angular parametefs (5
orientation broadening, and for the ODF resolution) as in the experimentahdabcessing

were used as input in MTEX to ensure the consigtdrig. 8.2.b shows the projections of the
calculated continuous ODF from discrete OD refeyiim Fig. 8.2.a, and it clearly shows that

Fig. 8.2.b captures all the PFM present in Fig.a8.2

Fig. 8.2 (a) Scatter plots and (b) continuous @enplots of pole figures afy; =1.0,

8.1.3 Comparison between experiment and modelling
The ODF differences defined by Eqg. 6.1 (in cha@erare computed between the
simulated and experimental ODFs in order to perfagoantitative comparison. The

comparison is illustrated in Fig. 8.3.

At 55 = 0, the RVE has initial random texture such thatgbke figures do not show
any PFM. When the tensile straigy was increased to 1.8758, the pole figures began to
display features corresponding to the typical esttnu characteristics in BCC metals: the

normals of the {110} crystal planes are found taedrae parallel with the extrusion direction.
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However, at this strain value it is also worth ngtithat the normals of the {210} crystal
planes also became aligned with the extrusion timecwhich is not seen in the experimental
data. Tensile straie;; was further increased to 49 (the convergence lioritthe bi-axial
compression deformation modelling approach). Theukited pole figures obtained at this
strain appear to be more similar to the experimalat, compared to thoseaf, = 1.8785.
Note that the PFM in the 210 pole figuresgs = 49 is no longer completely aligned with the

extrusion direction, shows the trend towards the j2dle figure from the experiment.

One may argue that the simulated ODFegt= 49 still largely differ from the
experimental ODF, as the ODF error (0.5) is far yfram zero compared with the ODF
error (0.89) at;; = 0. It should been pointed out that, even for twougoof very similar
pole figure the ODF error between them can be denably “large”. For example, the pole
figures of Fig. 6.13.b and Fig. 6.13.c (Chaptelo6ks almost identical by eye, the ODF error

between them is 0.14 as shown in Fig. 6.15.

The ODF error curve indicates that the mismatchwéeeh the experimental and
simulated ODFs decreases monotonically as theléestsain increases. It would be ideal if
this curve had a simple shape (e.g. parabolic)thsd the minimum ODF error would
correspond to the real strain applied to the sampieng manufacturing. However, the finite
element calculation reaches the convergence limit this one-step extrusion process

simulation.

Further improvement on the CPFE model would bedtasitler a two-step extrusion
process: 1) to deform the RVE to the convergenodt lin the first step and 2) assign the
deformed ODF into a new cubic RVE to deform ithe second step. Much higher values of
tensile strain can be applied to the RVE can theerelached. We note that very high values of

tensile strain are expected for the real extrugoocess, as indicated by the as-received
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sample diameter of 0.1 mm. Moreover, it should b&ced that, huge temperature change
(annealing effect) often happens in wire productmwacess and the annealing effect may
modify the texture caused by pure extrusion. Adrsethiodel should consider the temperate

effect on texture change.

€5;=4

—

Error between simulated ODF and
experimental ODF

€33 experimental

Fig. 8.3 Texture and ODF mismatch evolution witbreasing tensile strain.

8.1.4 Conclusion

The results reported represent the attempt to lidggther, in a systematic way, the
experimental and modelling approaches to texturyars. It is described how the data

obtained from CPFE modelling can be post-procegsederive continuous ODF. Also
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introduced is the use of quantitative measure ofFQlifference that allows quantitative

assessment of the “goodness of fit” between sinmiand measurement.

8.2 Texture evolution modelling of an aluminium
cylinder subjected toex situ uniaxial compression

8.2.1. Introduction

In this section,ex situ texture measurement experiments on an aluminidoy al
cylinder under uniaxial compression weer used tmate the texture evolution prediction by
a CPFE model. In comparison to the tungsten wirghi previous section, the texture
evolution history of the aluminium cylinder duringhe deformation is obtained
experimentally, allowing the model to be validatesing many data points rather a single one.
Texture characterization aftezx situ deformation was successfully made using GEM
diffractometer. A logical further step would be ¢onductin situ texture evolution study.
Doing this using GEM diffractometer presents a ficat challenge. The other aim is to use
the volume fraction of preferred orientation, amuthuantitative measure that is distinct from

the ODF difference, to correlate the results ol@diftom modelling and experiment.

8.2.2. Samples

Five cylinders (6 mm length, 6 mm diameter) werechi@ed from a rolled bar of
aluminium alloy HE30 (British specification equieak to AA6082). The cylindrical axis was
aligned with the rolling direction, with the sampleaving identical “fibre” texture inherited
from the bar. Four cylinders were compressed atbegrolling direction to different strain
values, whilst one cylinder was left undeformedaagference. The definition of coordinate
axes with respect to the five sample studied isvshio Fig. 8.4.a. The deformation details of

the samples are listed in Table 8.1.
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Texture characterization of the samples was peddrat GEM. Diffraction patterns
at two sample orientations (0° and 90°) are taKée. texture information was obtained from

the diffraction patterns using the method describezhapter 7.

ND (Y) . « [ND(Y)

Fig. 8.4 (@) Aluminium alloy HE30 cylinders (No. 4, 3, 4 and 5 from left to right). The lab

Cartesian coordinates is also shown on the right?¢le figure coverage of single exposure GEM

diffraction data and (c) pole figure coverage of exposures GEM diffraction data. The projection
of the cylinder is drawn as a red circle in bbtandc.

Table 8.1 Details of five aluminium sampl&ss the original length of a samples
the deformed length of a sampi#};is length reduction during uniaxial compressigns
compressive strain using sample 1 as referendg compressive strain using sample 2 as reference.

Sample| lo (mm) | [(mm) | Al (mm) €1 €
1 6 6 0 0
2 5.94 5.17 -0.77 | 0.12963 0
3 5.95 4.67 -1.28 | 0.21513 -0.08p
4 5.98 3.95 -2.03| 0.33946 -0.21
5 6.08 3.53 -2.55| 0.41941 0.29667

8.2.3 Results and discussion

8.2.3.1 Experimental results
The full pole figures obtained from the raw diffi@n patterns under two sample

orientations (0° and 90°) are shown in Fig. 8.5e Tirst three groups (sample 1 to 3) of pole

184



figures clearly show that a strong 111 fibre teatand a weak 100 fibre texture exist along
the rolling direction (Z direction). As describedsection 7.2, preferred orientation can be
characterized by the orientation centre and themel fraction of the preferred orientation
within certain orientation broadening. Here theuwé fraction of 111 fibre texture is defined
as the sum of the ODF intensity of the orientatisith the normal of the crystal plane {111}
that has less than 1@nisorientation with respect to the rolling directi(RD). The volume
fraction of 100 fibre texture is defined in the samay. The changes of the volume fractions

of the fibre textures as a function of compressivains are shown in Fig. 8.6.

As shown in Fig. 8.6.a, sample &=0.0) has a much smaller 111 fibre texture volume
fraction compared to sample 2=¢0.13), suggesting that the fibre texture=0.0 is weaker
than that at=-0.13. However, the pole figures (Fig. 8.5) shbattthe maximum intensity on
the 111 pole figures are almost identical, sugggdtie fibre textures of the two samples are
equally strong. This is probably because during ieasurement the rolling direction of
sample 1 was not aligned as well with the Z axitis misalignment can also be seen from
the pole figures of sample 1, in which the maximuatensity of the 111 pole figure is not at
the centre (Z direction). It is evident that tmgsalignment was only present in texture
results for sample 1. Because of this anomalouavetr, sample 1 (strain=0.0) was ignored

in the further discussion of texture evolution.

Fig. 8.6.a also shows that the volume fraction hed 111 fibre texture decreases
monotonically as the compressive load increaseggesiing thathe 111 fibere texture is
being supressed by the increasing uniaxial comjgrest contrast, the volume fraction of
the initially weak 100 fibre texture is seen torggse slightly with increasing load (see Fig.
8.6.b). It is well-known that the 111 fibre textuakong RD arises as the result of extrusion.
Fig. 8.6 reveals that the effect is reversible, il@t uniaxial compression along RD can

effectively shift sample texture closer to random.
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Fig. 8.7 shows pole figures of samples 1 and 2utatied from the diffraction patterns
collected at sample orientation§ 0, and the assembly of the two sample orientatitnis.
clear that the rolling direction of sample No.1 wax aligned well with the Z axis at 90
sample orientations, so that the 111 pole figuretred assembly of the two sample
orientations displays the same misalignment. Itukhde noted here that this kind of
misalignment may happen during texture characteoiza especially when changing the
sample’s position. This highlights the argumentfarour of the single exposure (single
sample orientation) texture characterization tegh@i in order to prevent sample
misalignment effects. In contrast, the rolling diten of sample 2 was always well-aligned
with the Z axis at both sample orientation§ éhd 90). Sample 1 was ignored in the

subsequent discussion of texture evolution.

Sample 3 Sample 4 Sample 5

Fig. 8.5 Pole figures of five samples calculateaf GEM diffraction data with two sample
orientations.
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Fig. 8.6 (a) 111 and (b) 100 fibre texture volumaetion changes as a function of

compression strains. Results obtained from threepy of diffraction patterns: 0° sample orientation
(blue dash line), 90° sample orientation (black)iand two sample orientations (red line).

0 degree 90 degree Two orientations

Sample 1

Sample 2 .

Fig. 8.7 Pole figures of samples 1 and 2.

8.2.3.2 ODF discretization and OD estimation

While implementing a CPFE model to simulate the&tuee evolution of the
aluminium alloy cylinder under uniaxial compressianshould be noted that the starting
texture of the RVE is not random (unlike in theeca$ tungsten wire in section 8.1, where
the starting texture of the RVE was assumed randdm}his case of texture evolution

modelling, the initial texture of the RVE should beven by the ODF of the nominally
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undeformed sample. Since the RVE consists of gefimimber of elements, the texture of
the RVE is described by a discrete Orientation rikigtion (OD), rather than a continuous
ODF output from the experiment interpretation amalgsis. Therefore, it is necessary to
develop and apply a systematic way of convertignfding) a continuous ODF to obtain a
discrete OD without losing much orientation infotroa, and vice versa. In section 8.1 the
conversion from discrete OD to continuous ODF hesnbshown, but the reverse conversion
(ODF discretization) is a more challenging probléfhere are several ODF discretization
techniques summarized in literature [127]. Herapael ODF discretization technique using
MTEX is proposed and described below. The techngsges some common principles with

other ODF discretization techniques.

A 3D grid is created in orientation space by MT&XhaveM cubic cells of equal size.
The continuous ODF is sampled by this 3D grid,rsd the sampling data is obtained in four
columns: three columns are Euler angles and thehfotolumn is the volume fraction
referring to a particular orientation given by thekree Euler angles. The volume fractions in
the fourth columnf() are not integer, so that the sampling result®eahe directly assigned
to RVE. In order to convert the non-integer valugs integers without losing information or
distorting the ODF representation, a thresholdeisks/ choosing a small volume fraction
value (o) that is set to be a unit orientation. Any volufmaction f; below the threshold is
ignored. Any volume fractiofy above the threshold is divided by the volume foacbf the
thresholdfy, and the rounding (floor) of the division is udedrepresent the original volume

fraction. This process is summarized below in tvenfof the following equations:
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(Eqg. 8.3)
if f, <f, then

R=0

if f.=f,, then

o

R = floor(t)

Here,f; is an arbitrary cell volume fractiofy, is the threshold volume fractiofy,is the ratio

betweerf; andfy, andR is the integer division df.

In order to assess the goodness of this ODF dizatein, a ratio €) between the sum

of t; and that oRR can be defined:

Z R (Eq. 8.4)

7 value of unity corresponds to good fidelity of ditization. The more differs from
unity, the more texture information is likely touygabeen lost. This ratiois dictated by three
factors:N, M and the ratio between them. For all ODF discrabna described in this
chapter,r is set to be larger than 0.9, so that only a wengll amount texture information
may be lost in ODF sampling. The scatter representaf the 111 pole figure of the discrete
OD consisting of 2353 individual orientations cepending to sample 2 is shown in Fig.
8.8.a. The discrete OD is converted back to a onantis ODF in order to compare the
modelling results with experimental ODFs. It is fiduthat the orientation broadening can
affect strongly the intensity of the re-calcula@BF, so that careful attention has to be paid
to choosing the suitable value of the orientatiooadening parameter. The rule used is to
ensure that the re-estimated ODF is as similaroasiple to the original ODFe. the error

between the two ODFs is as small as possible. Thepble figure of the re-estimated ODF
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from the discrete OD referring to Fig. 8.8.a iswhan Fig. 8.8.b. It is clear that this pole

figure is very similar to the original one (see gé&? in Fig. 8.8).

Fig. 8.8 (a) 111 scattering pole figure of diser®D sampled from the ODF of sample No.2
(only display randomly 416 orientations rathertlaf 2353 orientations) and (b) the recalculated 111
pole figure ofa.

8.2.3.3 A full scale CPFE model

A full scale model (shown in Fig. 8.9) was set itowdate the texture evolution of the
aluminium alloy cylinder under uniaxial compressidie cylinder in the model consists of
2353 finite elements (grains). In order to studywhthe sample misalignment in the
experiment can affect the simulation results, twitecent staring textures were assigned to

the model: 1) sample No. 1 (misaligned); 2) sanNde?2 (well aligned).

Using sample No.1l's measurement as the initialutextthe pole figures from
modelling are shown in Fig. 8.10. It is evidenttthatrong intensity (preferred direction) still
exists in the region next to the centre of the pble figures, indicating that the uniaxial
compression fails to suppress the 111 fiber textliheis, this simulation is in conflict with

the experimental results (Fig. 8.5).

Using sample No.2’s measurement as the initialurexbof another simulation, the

results are shown in Fig. 8.11. It clearly showat th) both the 111 and 100 fibre texture
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remain aligned with the Z axis (the centre of tléepfigure) throughout the compression
process, and 2) the 111 fiber texture is suppreskethg compression. Therefore, it is
concluded that even a slight misalignment of corsgike load with respect to the preferred

orientation direction may have very significant iroation of subsequent deformation.

Fig. 8.12 shows the simulated changes in the 14l 100 fibre texture volume
fraction in comparison with experiments, using skniyo.2 as initial texture. The 111 fibre
texture volume fraction curves of the two agreeyweell, and the 100 curves are a little
different. Nevertheless, the intensity of 100 fima@ume fraction is very small compared to
the 111 fibre texture, making it difficult to captu precisely its change during the
deformation. In summary, the full scale CPFE maxgdtured well the evolution of the main

texture (111 fibre texture) in an aluminium allogicder under uniaxial compression.

Fig. 8.9 Shape change of a cylinder due to urli@eiapression.
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Strain refers to sample 3 Strain refers to sample 4 Strain refers to sample 5

Fig. 8.10 Simulated pole figures by using sampieitial texture.

Strain refers to sample 4 Strain refers to sample 5

Fig. 8.11 Simulated pole figures by using sampieitial texture.
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Fig. 8.12 (a) (111) and (b) (100) fibre texturduwne fraction change as a function of
compression strain in the simulation and experiment

8.2.3.4 CPFE model VS Taylor model

The difference of texture evolution between CPFHE dmaylor models are often
compared qualitatively in literature. In this seati texture simulations between the two types
of models are compared quantitatively using theuwa fraction of the fibre texture as a

guantitative measure.

In order to make a fair comparison between the tvaalels, a cubic RVE (see Fig.
8.13) was created in ABAQUS (cubic RVE is oftenduge the literature for the purpose of
comparing the two types of models). For the CPFHEehothe RVE is meshed into 1000
C3D8R elements (1000 grains) and the deformatimulgition was only carried out once. In
contrast, for the Taylor model the RVE was meshed a single C3D8R element (single
orientation), but the deformation was simulatedO8QLtimes, with a different orientation
assigned to the model every time). The simulatesuits of the CPFE and the Taylor models
are shown in Fig. 8.14 and Fig. 8.15 respectivBlyth results show the trend that the 111
fibre texture decreases as the compressive stiaredases. Fig. 8.16 shows the 111 and 100
fibre texture volume fraction changes in the coweompression. It is clear that the CPFE

model offers closer results to the experiments thanraylor model.
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Fig. 8.14 Simulated pole figures from the CPFE etaing sample No.2 texture as
initial texture.
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Strain refers to sample 4 Strain refers to sample 5

Fig. 8.15 Simulated pole figures of the Taylor midoly using sample No.2’s texture as
initial texture.
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Fig. 8.16 (a) (111) and (b) (100) fibre texturdumoe fraction change as a function of
compression strain in the simulation and experiment

8.2.3 Conclusion

In summary, the main findings of section 8.2 are:
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1) The texture evolution of an aluminium alloy cylimdender uniaxial compression
is modelled successfully using the CPEM approadte tExture results between
the CPFE model and the experimental measuremeonts &mex situ neutron
diffraction experiment of aluminium alloy cylindemder uniaxial compression
were correlated quantitatively using the volumeticmn of 111 fibre texture as a

measure.

2) A systematic way is presented for convert forward backward from continuous
ODF to discrete OD, in order to allow direct conmgan between models and

experiment.

8.3 Texture evolution modelling of a LFW joint

Texture characterization results for a few poarighe central scanning line of sample
W7 (section 5.2) have already been presented trogset.1 by processing the single exposure
multi-directional energy-dispersive diffraction anhs. The mechanical deformation during
the linear friction welding process is more comgled than the uni-axial tension and
compression cases considered in the previous twborse As revealed in the previous
section, the accuracy of ODF determination in textmeasurement is crucial to the texture
evolution simulation. In this section the textutats in the LFW joint sample W7 is carefully
characterised by Debye-Scherrer diffraction and BEBS order to obtain further, more
accurate results than those presented in sectibfo? the modelling calibration. Then, the
possibility of using the CPFE approach to modeltéwure evolution in the LFW process is

explored.
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8.3.1 Texture characterization results

8.3.1.1 Debye-Scherrer diffraction

The LFW sample W7 was measured using the Debyer&chsetup to scan the
central line along the longitudinal direction (te@me scanning line as in section 7.1). The
diffraction pattern from a particular scanning gas shown in Fig. 8.17.a. The pole figure
coverage for a 111 Debye-Scherrer ring is showfign 8.17.b. The changes in the total
intensity of Debye-Scherrer patterns (the sum fifatition intensity over the 2D area) act as
the signs of texture change. . The total intenattyeach scanning point is plotted in Fig.
8.17.c. According to the total intensity curve, t@anning line can be divided into three
distinct zones inbond line zone (from position No.5 to No. 7)jntermediate zone (from

position No. 3 to No. 5), anfadr field zone (from position No.1 to No. 3).

The pole figures of several representative poiriteimwthe three zones are shown in
Fig. 8.18. Since in FCC structure crystal the ®iprimary on the {111} crystal planes, only
the change in the 111 pole figures will be discdsselow. Besides, it is evident that the
texture distribution on the scanning line is symmgedabout the bond line of the sample, so

that only the texture change on the left half & sisanning line is discussed below.
Far field

The pole figures of position No.1 show a typicatpl rolling texture in aluminium
alloys [128, 129]. The raw pole figures directlyngerted from the diffraction patterns are
shown in Fig. 8.18.a. It is evident that the fullgpfigures match well all the PFM in the raw
pole figures. The far field pole figures are simila the ones shown in section 7.1 (see Fig.
7.3). The main difference between them is thatlthk pole figure obtained using the Debye-
Scherrer setup presents more detailed featuresttieaone in section 7.1. For instance, two

separate PFM spots next to RD are seen in the dlelfigure here, but they appear to be a
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single spot on RD in Fig. 7.3. This is becaus€'tiogeseshoe” detector used in section 7.1 has

a lower azimuthal resolution (8.2°) than the présetup (5°).

Intermediate zone

From the consideration of patterns No.4 to 12~1¢ dlear that:

1) The two PFM spots next to RD in 111 the polefég get closer and merge into a

single spot as the scanning point moves closdradond line;

2) The two spots next to TD are moving away frorcheather.

In general, the 111 pole figures considered in #ieistion are significantly different
from those measured by the “horseshoe” detecterKgg 7.3). The difference mainly comes

from two reasons:

1) The pole figure coverage of the “horseshoe” d@ets is only half of the Debye-
Scherrer setup, so that the ODF calculated by usiaghorseshoe detector is less accurate

than that using the Debye-Scherrer setup.

2) The shapes of the diffraction gauge volume$iantivo setups are largely different,
so that the pole figures difference might be thaifeatation of the strong texture gradient in

the intermediate zone.

Welding zone

Inside the bond line region (No.5 & 6), the polgufies show a typical shear type
texture,i.e. a “6-fold” symmetry present in both the 111 and Jible figures. It is evident
that the distribution of PFM in the 110 pole figwan be rotated around ND (the Z axis) by

the rotation angles that are multiples of 30 degteehave the same distribution as in 111
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pole figure. The same 6-fold symmetry and PFM itigtron are

measured by the “horseshoe” detector.

Fig. 8.17
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The Debye-Scherrer diffraction patterns of positibo.1 (the far field), No.13 (the
intermediate zone) and No.6 (the bond line) are ptecessed by MAUD and the results are
shown in Fig. 8.19. It is clear that the pole figgirin Fig. 8.19 and Fig. 8.18 are quite

consistent, although different ODF calculation ailignons have been used.
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Fig. 8.19 Pole figures calculated by MAUD for thngositions of sample W7.

8.3.1.2 EBSD measurement
The textures of the central scanning line of sariplewere also measured by EBSD,
and the results are shown in Fig. 8.20, in whictlifeerent position numbering is used to

define several representative regions.

Far field (position No. 3-6 and 9)

The sample was polished and measured on the Xéptaich that the corresponding
grain maps and scattering pole figures correspaogto the X-Y plane (2D). In contrast, the
powder diffraction techniques (Debye-Sherrer, rdiltectional energy-dispersive X-ray and
TOF neutron diffractions) measure the texture enliblk (3D).
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From position No.3 to 6, the grain maps have tlevieang common characteristics: 1)
the grains are elongated along RD; 2) the scatjgrote figures are similar, so that only the
scattering pole figures of position No.6 are shawrig. 8.20 . In contrast, position No. 9
that also represents the far field, was polishetraaasured on the Y-Z plane. The grain map
shows that grain sizes are almost uniform on the pdane. It is concluded that the grains in

far field have a “needle” shape (i.e. the grairselongated along the rolling direction).

It should be noted that the textures are diffebattveen positions No.6 and No.9. In
order to a make a fair comparison between the figiees in the two positions, the pole
figures of position N0.9 are re-plotted on the XpMne and shown in Fig. 8.21. Fig. 8.21.a
and c are the original pole figures of positionsNand No.6, respectively. Now Fig. 8.21.b
and c are plotted in the same coordinates, soatltitect comparison can be made between
them. Fig. 8.21.b indicates that position No.9 hasombination of the 111 and 100 fibre
textures with the extrusion directions along the @Ddirection) [130], whereas Fig. 8.21.b
suggests that position No. 6 is more similar tdageprolling texture with the rolling direction
along RD (X direction). This difference seems remdxe, since during bar rolling the X-Y
plane of the sample approximately experiences @xial tension (fibre texture) and the Y-Z
plane mainly experiences plane strain compresspate( rolling texture). However, it
remains difficult to decide which texture shouldused in the validation of CPFE modelling.

In the end, X-ray rather than EBSD results wereldsemodel validation.

Intermediate (position No.2)

In position No. 2 the grain sizes are clearly seeibe smaller than in the far field
(position No.6), but significantly larger than dretbond line (position No.1), suggesting that
it is really an “intermediate” region in terms ofagh morphology. It is evident that from

position No.3 to No. 2 the grain width (Y dimensjgamains the same but the grain lengths
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(X dimension) is reduced. This is probably beceanfsthe shear deformation between X and
Y axes during welding process that shears the gralang the Y axis. The scatter pole
figures show a slight deviation from the far fietdit are not similar to the pole figures within
intermediate zone measured by both the “horsestieector (Fig. 7.3) and Debye-Scherrer
setup (Fig. 8.18). The disagreement might be cabgeatie fact that the diffraction volumes
of these diffraction techniques are very differesu, that the texture measurements from
nominally the same region are different when theéute gradient within the region is very

strong.

Welding zone (position No.1 and 7-8)

In position No. 1 and 7-8, the grains turn to becmwsmaller than both the
intermediate and far field regions. The collecteifu€hi patterns for this region are very
noisy, making the indexing error rather high. Tisathe reason the grain map to appear as a
mosaic. This high indexing error is also noticedtiher EBSD studies of LFW samples [109],
where it was concluded that the grains in weldiogezwere severely distorted during LFW
process, making the Kikuchi patterns difficult te mdexed. The scatter pole figures are
consistent with those measured by both the “homs'sdetector and the Debye-Scherrer

setup, with the shear type texture clearly seen.
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Fig. 8.21 Scattering pole figures of position NorBY-Z plane (a) and X-Y plane;
scattering pole figures of position No.6 on X-Y mea

8.3.2 Grain orientation assignment in the CPFE mode

The texture information measured by the Debye-Sehesetup corresponds to the
material bulk rather than the material suface meaksby EBSD. Hence, the pole figures
shown in Fig. 8.18 were used as the referencelidata the CPFE model using a cubic RVE.

The cubic RVE consisted of 4096 C3D8R elementsesaprting 4096 grains.

In the far field (position No.1), texture is assgnto the RVE as the initial texture
setting. Two different grain assignment methods loarused here: 1) randomly assign the
discrete OD to the RVE (as shown in Fig. 8.22.3)assign the OD to the RVE in a way to
ensure that the “needle” shape of grains observemh fthe EBSD characterization is

preserved (shown in Fig. 8.22.b).
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It is evident that the second grain assignment atethould result in a RVE with a
more realistic microstructure. Interestingly, siatidn reveals that using the two grain
assignment methods leads to very similar resulispagh the textures results by using the
first method are slightly sharper (stronger) thdrew using the second one. In the discussion

below only the results of the second grain assigrimethod are presented.

Fig. 8.22 In (a) grains are randomly assignethéocubic RVE, and in (b) grains
appear to have “needle” shape in the cubic RVE.

8.3.4 Boundary conditions and simulation results

8.3.4.1 Possible boundary conditions

LFW is a complicated thermal-mechanical coupleddehtion process compared to
the wire extrusion (section 8.1) or uniaxial congsien (section 8.2), for which texture
evolution appears better understood in the liteeatthe most difficult part in the texture
evolution modelling for linear friction welding is0 determine (idealize) the boundary
conditions of the RVE. The most faithful boundapndition implementation is impractical
because of the complexity of the LFW process. Sqmssible boundary conditions

idealizations are discussed below.
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The effect from the temperature on the texture wian is ignored because: 1) the
temperature in the welding process remains mucleddiaan the melting point of the sample;
2) as discussed in chapter 4, even though in th€ [EGstal slip systems other than
{111}<110> may be activated owing to the high temspere, the texture evolution is

captured well even considering only the slip sysf&fi}<110>

Fig. 8.23 shows a schematic of the two mechaniefdrchation steps during a linear
friction welding. Fig. 8.23.b states that a matepi@int experiences cyclic shear deformation
(reciprocal sliding). The magnitude of shear isuaction of the distance from the bond line
(the interface). Fig. 8.23.c states that for altenial points, the uniaxial compression owing
to the forging force. This deformation is non-unifodue to the dependence of the flow
stress on temperature, and hence on the distaocetfre heat source (the bond interface).
Since the two main deformation modes are confiredhe X-Y plane, in the simulation

below plane deformation in the X-Y plane is appliedhe RVE.

cyclic shear

TD(Y)
b \
ND (2) RD (X) |

c Compression

bl =

Fig. 8.23 (a) half of a LFW sample and three nialiepoints referring to welding zone
(red), intermediate zone (yellow) and far fielda@k), (b) illustration of cyclic shear deformation
owing to the linear friction and (c) illustratior eniaxial compression owing to the forging force.
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8.2.4.2 Simple shear

A typical shear texture (i.e. the 6-fold symmetrythe 111 and pole figures) is
observed in the welding zone of the sample frometkigerimental measurements by EBSD,
the “horseshoe” detector and Debye-Scherrer sefbs texture often arises in texture
simulations after applying a planar simple shedomieation to an RVE starting with random
texture. On the texture characterization side,tddsure has also been observed in other types
of friction welding, for instance Friction Stir WiBhg (FSW) [131, 132]. The main difference
in terms of process between FSW and LFW is that ftieion in the FSW can be
approximated as monotonic shear (simple shearhansame direction, whereas reciprocal

shear (cyclically reversed shear) takes place WLF

Therefore, although simple shear is not a perfeealization of the boundary
conditions, it is still worth considering the amaliion of shear boundary condition to the
RVE to check whether simple shear may be the mairses for the formation of shear type
texture in the welding zone. A simple shear defdiomacorresponding to a shear strain

can be written in terms of strain increment as

0 +A O (Eq. 8.5)
E=/0 0 0
0 0 0

It has been reported that while simulating textex®lution during simple shear
deformation, the starting texture of the RVE cafe@fthe simulation results significantly
[133, 134]. For the simulation of the LFW case, shaating texture of the RVE is assigned by
the ODF of position No. 1 in Fig. 8.18. Thus thettee evolution of the RVE obtained is
different from models starting with random texturesorder to understand how the starting
texture and the direction of simple shear affec texture evolution of RVE, three

simulations were carried out: 1) starting with ramdtexture and the total shear strain of
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v12=1.5; 2) starting with the texture of the far fiedlsample W7 and the total strain also of
v12=1.5; 3) starting with the texture of the far fielflsample W7 with the total strain pf,=-
1.5. The simulation results of the three cases @l ag the results from the experiments
within far field, intermediate and welding zone gietted in Fig. 8.24 in order to make

comparisons.
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Fig. 8.24 Texture evolutions of RVE started wigimndom texture ang,=1.5 (first row), RVE started with the texture bétfar field of sample
W7 andy,,=1.5 (second row), RVE started with the texturénheffar field of sample W7 ang,=-1.5 (third row) and the corresponding experimergsults
by Debye-Scherrer setup (fourth row).
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Some axillary lines are drawn in the pole figuresllustrate the “orientation” change
of 111 pole figures. The orientation of a 111 pigerre is highlighted by the symmetric axis
of the PFMs. The red line in 111 pole figure refershe current orientation of the pole figure.
The vyellow line refers to the orientation of a stard simple shear texture, which
corresponds to a RVE starting with random textureé subjected to @,,=1.5 simple shear
deformation. The rotation angle around ND (Z dii@cy from TD (Y direction) to the current

orientation (red line) is marked on the top of eath pole figure.

In the first row of Fig. 8.24 (starting with randaexture), the orientations of the 111
pole figures are gradually changed from 45° td &)shear strain is increased from 0.3 to 1.5.

This change is in agreement with the simulatiomltesn the literature [135].

In the second row of Fig. 8.24 (starting with tlae field texture), the orientations of
the 111 pole figures are changed from -13° to -88°the shear strain increases. The
orientation of the final 111 pole figure has a 6&ation angle difference to its counterpart in
the first row. The differences between these twoutations are only due to the starting
textures! This confirms that the starting textureleed affects significantly the texture

evolution simulation.

In the third row of Fig. 8.24 (starting with faefd texture but with the negative shear
direction applied), the orientation of the 111 pbbre is changed from 13° to 30° as the
shear strain is increased. The orientation of it fL11 pole figure is the same as the one in

the first row, although the starting texture andastdirection between them are different.

It is easy to notice that the difference betwedéiioalr rows of the 111 pole figures is
only in the rotation angle around ND (Z directioRlowever, neither row of simulated pole

figures matches fully the experimental results.

211



8.2.4.3 Plane strain compression (pure shear defoation)

A noticeable feature in the experimental results ¢he fourth row in Fig. 8.24) is that
the orientations of 111 pole figures (red lines)xo change from the far field to the welding
zone. It is well known that a simple shear deforamatan be mathematically decomposed
into a pure shear deformation and a rigid bodytimtearound the axis out of the plane of the
object. Thus, if pure shear deformation were t@pglied to the RVE, the orientation of the
111 pole figures may remain unchanged. A planenstfeformation can also be decomposed
into a rigid body rotation and a pure shear deféiwna such that plane strain deformation is
commonly accepted as a case of pure shear deformaibting the compression caused by
uniaxial forging during LFW, a possible idealizatiof plane strain compression may be
taken for the boundary condition of the RVE. Theresponding compression direction and

deformation plane should be X direction (RD) and X{ane respectively.

The mathematical relationship of the plane straampressions along Y and X

direction with the corresponding pure shear defdiona are shown below,

i o] i a1 (Eq.8.6)
. cos@) smg) cost ) — si
—sm(z) cos%)_ i sm{Z ) co%

[_A o} _cos(’ZT) sing)[o _A]Cosg)—sing_ (Eq. 8.7)

—sin(lzr) cosg) sin{l—:) co%)

Four simulations were carried out:

1) A RVE with initial random texture subjected tlape strain compression along the

X direction (RD);
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2) RVE with initial random texture subjected tolang strain compression along the

Y direction (TD);

3) RVE with initial texure of the far field of sadgpW?7 subjected to plane strain

compression along the X direction (RD);

4) RVE with initial texture of the far field of sgte W7 subjected to a plane strain

compression along the Y direction (TD).

The four rows of simulation results as well as fifihn row corresponding to the

experimental results are presented in Fig. 8.25.

It is evident that the initial texture of the RVIBab not affect significantly the final
texture in this case, taking the first (or secoan)l third (or fourth) rows of pole figures at
straineg of 0.7. This is different from the simulation inet previous section in which initial

texture strongly affected the final texture of R¥ilbjected to a simple shear deformation.

It is evident that the fourth row offers the bestam to the experimental results (the
fifth row) from the far field to the welding zonklowever, the texture changes in the fourth
row corresponds to plane strain compression alodgeéttion (TD), which is in conflict with
the fact that the forging direction is along X dtien (RD) during the LFW process. The
compression direction for the third row is along K direction. It may be expected that it
ought to offer the best similarity to the experinamesults. The pole figures of the third row
are indeed similar to the experimental results,thay have to be rotated around the Z axis

(ND) by 9Cto have the same orientations as the experimesgalts.

In summary, very similar results compared to thpeexnents have been obtained by

applying plane strain compression to the RVE. Havethe compression direction of the
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best simulation is not consistent with the LFW @x; so that the judgement of these

simulation outcomes remains critical.
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Fig. 8.25 Texture evolutions of RVE started wisimadom texture and the compressive direction isggRD (first row), RVE started with
random texture and the compressive direction isgaltD (second row), RVE started with the textureéhef far field of sample W7 and the compressive
direction is along RD (third row), RVE started witke texture of the far field of sample W7 andd¢benpressive direction is along TD (fourth row) dhe
corresponding experimental results by Debye-Schegateip (fifth row).
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8.2.4.4 Shear deformations in sequence

In the two previous sections, twaonotonic shear deformations have been applied to
the RVE to model the texture change. None of thelly match the experimental result of
the texture evolution on the central scanning liesample W7 measured by the Debye-
Scherrer setup. Therefore, in this section the ipitisg of applying a sequence of

deformation steps to the RVE is explored in ordematch the experimental results.

It is well known that in plastic flow the sequenaiedeformation steps (strain path)
has huge impact on the final mechanical charatiesisf the object, such as residual strain
and texture. Thus, any proposed sequential loadiegd for the CPFE modelling without the
validation throughin situ experimental results are highly likely to be wrofgr the LFW
sample W7 only the texture characterization ateagived condition was available. The
boundary conditions proposed below should not garded as reflections of what happened
during linear friction welding, but should rathee lused as guidance for future texture

evolution studies on LFW processes or any simhaas type deformation.
Below we present the texture simulation by consndethe LFW process as
1) a series of reciprocal simple shear deformatiarrder;
2) a three-step sequential deformation in order.
Pure cyclic shear

The reciprocal friction deformation (as shown ig.F8.23.b) in the welding zone can
be regarded as a cyclic simple shear deformatidhelforging deformation in LFW process
is ignored, the LFW process can be simplified asir@ cyclic simple shear deformation. The
Route C deformation in Equal Channel Angular ExtmgECAE) [136, 137] is also a type

of cyclic shear deformation, and the texture evoiuthas been well studied from both
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experimental and modelling points of view. ECAEoise of the advanced techniques for
ultra-fine grain materials manufacturing. The keytpn an ECAE setup is a hard die with a
90° bent channel inside. When using the die, a mellak is pushed through the channel in
many passes. Each pass can be idealized as a siimgde deformation owing to shear
deformation at the 90corner. Thus, multi-pass deformation refers to ynaimple shear
deformations in a certain order. A so-called Ratifd 38] deformation in ECAE is a process
with even number of passes in which the billebisited around the longitudinal axis by 180
before each subsequent pass. Therefore, the sheatiah of the even-numbered passes is
reversed compared with that of the odd-numberedgsasSuch cyclic shear deformation is
identical to the linear friction deformation in thelding zone of the LFW process. However,
it is found in literature that, while applying tlegclic shear deformation to either a 2D [139]
or 3D [137] RVE started with random texture, thetiee becomes a typical shear type (i.e.
the pole figures has 6-fold symmetry) after the addhber of passes, but is reversed back to
random texture after the even shear. The findimgs fthe simulations are in conflict with
most experimental results, as a typical shear textalwaysfound in ECAE samples after

Route C deformation, no matter whether odd pagven pass was last.

The results of applying cyclic simple shear simolatto the cubic RVE using the
CPFE approach are shown in Fig. 8.26. It showssé#ime phenomenon as in the modelling
literature: after even (2 and 4) shear cyclesstiear type texture is reversed back to random

texture.

In summary, the attempt by approximating the bomdanditions of the RVE as

cyclic shear deformation failed.
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Fig. 8.26 Texture evolution of RVE during 4 stesyclic simple shear deformation.
Cyclic number and the 2D shape of the RVE are shuoslow the pole figures.

Three-step sequential shear deformation

In the LFW process, apart from the cyclic sheaodeétion corresponding to the
reciprocal friction, the contribution of the forgjriorce should not be ignored in the texture
simulation. The forging can be approximated aseeith uni-axial compression, or a plane
strain compression, or a simple shear deformatiomgathe X direction (consistent with the
forging direction). Thus, a three-step deformatiam be used to approximate the full LFW
process: the first step is to apply a simple sliedwrmation along positive Y direction, the
second step is to apply the forging deformatior @re third step is to apply a simple shear
deformation along the negative Y direction. It védent that without the second forging step,

the three-step deformation is equivalent to théicyhear deformation with one period.

Unfortunately, the simulation results by assumihg forging deformation in the
second step as either uni-axial compression orepsérain compression give the pole figures

without any regular features. It suggests thatassumptions are not valid in the simulation.
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Only by assuming the forging step to correspondimaple shear deformation along the X
direction, the final pole figures of the RVE sholet6-fold symmetry consistent with the

experimental results.

Therefore, the LFW process can be successfully cxopated as a three-step

sequential shear deformation:
1) Applying the first simple shear deformationygf=1.5 to the RVE;

2) Applying ayyx simple shear deformation (with the magnitude thahuch smaller

than in the first step) to the RVE (referring te florging force);
3) Applying ayy,=-1.5 shear deformation to the RVE.

The simulation results are shown in Fig. 8.27. Ting simple shear deformation
rotates the 111 pole figure around ND (the Z afisin 9C to -30°. In the secongx shear
deformation, texture changes caused by five diffegrain magnitudes are modelled. It
shows that, the higher the strain magnitude isiagpb the RVE in the second step, the more
the orientation of the 111 pole figure approacA @ In the third step of shear deformation,
two noticeable outcomes are observed: 1) the pgleds by considering a simple shear in
the step clearly display the shear type texturgeas in the experimental results; 2) the higher
shear strain is applied in the second step, thgpsh#he final shear texture is observed after

the third step.

This three-step simple shear deformation simulagimvides a possible explanation
to the presence of the shear type texture in timel tioe of a LFW sample. It mainly reveals
that, by inserting a simple deformation along th#ecent direction into a cyclic shear
deformation, the final shear type texture is olgdinThe simulation may also help explain

the shear texture formation in the Route C defoionatof the ECAE process.
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Fig. 8.27 Texture evolution of the RVE during theee-step shear deformation. The shape of the R¥btted in each step in order to

illustrate the shear direction. Five different sh&teain magnitudes are applied in the second &t&gfirst row), 0.3 (second row), 0.2 (third roWw)1 (fourth
row) and 0.0 (fifth row).
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8.3.5 Conclusion

The main findings of this section are:

1) While modelling the texture change during a LFW gass, the mechanical
deformation cannot be regarded as a monotonic dtypar deformation (either a

simple shear or a pure shear deformation).

2) A three-step sequential shear deformation is preghds model the texture formation
at the very bond line of the LFW sample. The simiokaresults are consistent with
the experimental results as both of the pole figutisplay a 6-fold symmetry (shear

type texture).
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Chapter 9 Conclusions and future work

9.1 Conclusions

The purpose of the present thesis was to makeilsotibns to the advancement of

knowledge and practice in three principal areas:

1) Improving the accuracy of strain measurementh@tmeso-scale by carrying out data
analysis of the diffraction patterns obtained framulti-directional energy-dispersive

synchrotron X-ray powder diffraction;

2) Developing texture characterization techniquesed on the single-exposure powder
diffraction with monochromatic and polychromaticabes and the correspondent detectors

with large pole figure coverage;

3) Improving the understanding of texture evolutiom polycrystalline samples during

manufacturing processes by matching CPFE modeasgerimental results.

In order to address the challenges that remainandsg in these areas, in Chapters 5 to 8
alongside fundamental technique developments, geraforiginal experimental studies were

presented.

Based on the obtained results, the main conclusibtis thesis are summarized below.

9.1.1 Strain measurement

Section 5.1 presented a “numerical experimentalysaimed at validating the claim
that the lattice parameter derived from an expermtadediffraction pattern via the application
of Gaussian peak fitting and Bragg’s law correspotadthe average lattice parameter within
the diffraction gauge volume. In the numerical demtion, several different cases of strain

distribution in the gauge volume were assumed, thedformation of the diffraction peak
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from this volume was simulated. The peak centre determined by Gaussian peak fitting

and converted into lattice parameter, which was tbempared with the average lattice

parameter within the gauge volume. It was found,tiva the presence of steep strain

gradients or discontinuities of the lattice paranen the gauge volume, e.g. step-wise and
quadratic distributions, the difference between tiie values of the lattice parameter was
much greater than in the case of linear or constsitibutions. Nevertheless, in all cases the
differences remained within a range acceptablexperimental strain analysisg. less than

10*, or 100 microstrain.

Section 5.2 presented a method for processingi-aitdictional energy-dispersive x-
ray diffraction patterns in order to determine find 2D strain tensor and improve the
averaging of strain at the mesoscopic level. Thisthmd provides an indirect way of
evaluating the shear strain in polycrystalline mats. The weighted least square fitting was
implemented in order to extract robust strain tensfmrmation from noisy diffraction data
that often arises when the sample has strong &xfime method is applied to study the strain
distribution in several LFW samples expected toehawnigh level of residual shear strains. It
is found that the residual shear strains are Histied symmetrically and concentrated at the
four corners of the LFW samples. The shear stratrildution is closely related to then
Misesresidual stresses, since the region these twe tgpstress reach maximum values are

closely correlated.

9.1.2 Texture measurement

Chapter 6 presented a thorough numerical and erpatal study aimed at the
validation of the single exposure Debye-Scherrragition pattern analysis as a quantitative

tool for extracting texture information in cubiclperystals. The texture processing package
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called MTEX is the principal tool used in both tlsmulation and analysis of the

experimental data.

The numerical analysis was performed to supportgosiulates:

1) That an arbitrary single preferred orientatiortubic polycrystals can be determined using

single exposure Debye-Sherrer diffraction pattern;

2) That texture given by a linear combination déw single preferred orientations can also

be determined from a single exposure Debye-Shdiffeaction pattern.

Regarding to the first postulate, the single prefrorientations functions are assumed to

have either 5° or 10° orientation broadening. IsviGund that:

1) the highest reconstruction error of the singtefgrred orientation function with 5°
broadening is significantly higher than that with® Ibroadening, suggesting that the single
exposure method may give results with higher emdren it is used to analyse samples with

sharp texturei(e. with small orientation broadening);

2) the reconstruction quality is acceptable forgimgle preferred orientation with either 5° or
10° broadening. Regarding to the second postulatetypes of linear combination of single
preferred orientations can be successfully recootd using the single exposure Debye-

Scherrer diffraction data.

To provide experimental validation, experimentsevearried out for a tungsten wire
and a copper cylinder to determine their ODFs usdliffgrent methods. For the tungsten wire,
it was found that the ODF obtained from the singk@osure diffraction method shows a
typical 110 fibre texture that is in good agreemetith the deformation history. For the
copper cylinder, it is found that 1) the pole figsircalculated by using the single exposure

diffraction patterns are quite similar to that framultiple exposure analysis with sample
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rotation; 2) the more sample rotations (exposuees)included in the ODF analysis, the

smaller is the quantitative difference between@¥ and the reference (“correct”) ODF.

Chapter 7 applies the single exposure texture aisalmethod to process the single
exposure diffraction data collected by the “horeeshenergy-dispersive X-ray detector at
beamline 112, Diamond Light Source and the TOF moeudiffractometer at beamline GEM,
ISIS Spallation Neutron Source. The texture vasiathlong the longitudinal direction of a
linear friction welded sample was characterizedubing the “horseshoe” detector. It was
found that the sample’s far field shows texturadgpof plate rolling in cubic crystals. Near
the bond line, a typical shear texture was fourgttiSn 7.2 presents the data processing
routine used to determine ODF from the diffractidata collected by GEM neutron
diffractometer. Several possible challenges astatiwith the data processing approach are
discussed. It was found that: 1) sample geometsynmiaor influence on the accuracy of the
ODF determination of the copper cylinder; 2) foe tduminium bar with pre-characterized
fibre texture, the reconstructed ODF has largererrompared to the accurate ODF when the
GEM diffraction data does not cover key textureoinfation; 3) possible “ghost” problem
associated with the harmonics method was examiryedtidying the nickel DLD blade
whose texture known to be weak from pre-charactois. The problem was found to be
insignificant, as both MTEX and MAUD (Rietveld reément based approach) gave similar

results.

9.1.3 Texture evolution modelling
Chapter 8 presents the CPFE models to simulatareegvolution of polycrystalline
samples during three metal forming processes: fg wxtrusion (bi-axial compression); 2)

uni-axial compression; 3) linear friction weldinge@uential shear).
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In section 8.1, the CPFE model was used to simukatture evolution of tungsten
wire during extrusion process by matching the OD&asured in the as-received condition.
ODF error was used quantitatively to relate the ©Dbtained from the experiment and
modelling. It is found that the ODF error decreasszhotonically as the compressive strain
was increased. The CPFE model could only achievewergence until strain reached 49.

Simulated pole figures were most similar to theezkpental ones at this last step.

In section 8.2, the CPFE model was used to simutakture evolution of an
aluminium cylinder subjected to uniaxial compreassidexture analysis of cylinders aftex
situ uniaxial compression was used to validate the modledystematic way allowing the
conversion between continuous ODF and discrete @B developed to allow quantitative
comparison of texture results. It was found thdindgrs always have 111 fibre textures
during uniaxial compression, so that the volumetfoa of 111 fibre texture was used make
comparison between the experiments and the motel.CPFE model was found to capture

well the texture change in aluminium cylinders dgruniaxial compression.

In section 8.3, the possibility of modelling tesduevolution during linear friction
welding was explored. The texture data for the LB¥¥nple W7 was collected by many
diffraction techniques in order to obtain the masturate texture characterization for the
model validation. The texture results measured Hey Debye-Scherrer setup were finally
chosen for model validation. Three different typédoundary conditions were applied to the
RVE in order to match experimental results, and ibandary conditions were: 1) single
simple shear deformation; 2) single pure shearrdedftion (plane strain compression); 3)
sequential shear deformation. It was found thaukation results obtained by applying either
single simple shear or plane strain compressior wery similar to the experimental results.
However, there was a mismatch in the rotation aagtaut theZ axis of pole figures between

the experimental and simulated pole figures. Wheguential shear deformation (three-step
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shear deformation) was applied to the RVE, polergg at the final stage of deformation
appeared to acquire 6-fold symmetry (classical isteedure in cubic crystals) which was also
observed in the experimental pole figures in thé&limg zone of the sample. This suggests a
possible mechanism of deformation during LFW. Hogrevurther experimental results are

required for validation, particularly collectadsituin the course of linear friction welding.

9.2 Directions for future work

The research presented in this thesis represemsignd#icant advancement in the
experimental and analysis methodologies for steess texture evaluation, and in texture
evolution modelling by the CPFE approach. The mdthdeveloped in the thesis can be
improved further in order to solve practical engineg problems. In particular, further

studies may be directed fruitfully at the followisgecific areas.

9.2.1. 3D strain tensor measurement

The diffraction patterns collected by the GEM hititometer correspond to scattering
vectors from different planes and in different ataions. These diffraction patterns can be
used to determine the 3D strain tensor in a samgleg the algorithm presented in section
5.2. The current limitation for using GEM diffracteter to study 3D strain tensors is the fact
that diffraction gauge volume is not well-defindmicause no effective collimation systems
are installed. GEM beamline scientists are curyantrking on designing and manufacturing
the collimation system. Once the collimation systé&nin service, the possibility of

evaluating 3D strain tensor from the GEM diffraatjgattern can be explored.

9.2.21n situ texture evolution study
The single exposure texture characterisation fgolen presented in this thesis,

especially the Debye-Scherrer setup and the “hbosgssetup, can be readily used to study
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texture evolution duringn situ deformation experiments, such as equal channellang
extrusion (ECAE) and linear friction welding (LFWAs mentioned in section 8.3, the
characterisation of texture evolution duringsitu deformation is crucial for the validation of
the texture evolution model. To the author's knalgle, the analysis of texture evolution
during eitherin situ ECAE or LFW is not found in literature, mainly dteethe limitations of
currently available texture characterisation teghes. The results of this thesis provide

several significant steps towards that goal.
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