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Surface observations are used to elucidate the deformation mechanisms responsible for the superplastic
effect in Tie6Ale4V. High-temperature in-situ tests for tensile and shear deformation modes are per-
formed in the scanning electron microscope at temperatures in excess of 700+ C. Grain boundary sliding
is predominant; the micro-mechanics of accommodation are consistent with the dislocation-based
Rachinger theory. The volume fraction of b plays a crucial role. For temperatures greater than 850 �C,
the a grains remain unaffected; cavitation is minimal and slip bands needed for dislocation-based ac-
commodation are detected in the b phase but are absent in a. At this temperature, grain neighbour
switching is observed directly under shear deformation. At a temperature lower than 850+ C, the b

volume fraction is lower and a different mechanism is observed: slip bands in a and cavitation are found
to accommodate grain boundary sliding. In addition, an increase in the a phase intragranular dislocation
activity triggers the formation of subgrains and dynamic recrystallisation, consistent with the Rachinger
dislocation creep effect. For temperatures lower than 700+ C, superplasticity is absent; classical creep
behaviour controlled by dislocation climb persists. A numerical treatment is presented which accounts
for the Rachinger effect. The computational results are used to deconvolute the contributions of each of
the competing mechanisms to the total strain accumulated.

© 2015 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY
license (http://creativecommons.org/licenses/by/4.0/).
1. Introduction

The mechanisms of superplasticity [1,2]e as observed in
metallic systems based upon titanium, aluminium or iron e are
controversial. Why? One reason may be that great emphasis has
been placed e at least traditionally e on post-mortem analyses of
microstructures at ambient temperature, or else deductions made
via the analysis of the temperature- or stress-dependence of the
strain rate. Clearly, this introduces a degree of uncertainty, since
one cannot be completely sure of the underlying physical mecha-
nisms which are operative on the critical scales: that of the grain
size, the grain boundaries and the dislocations. Time-resolved in-
situ observations would be invaluable in circumventing this diffi-
culty and in elucidating the physical processes giving rise to the
superplastic effect.

In particular, unequivocal proof concerning the precise details of
the grain boundary sliding accommodation process e whether it is
).

lsevier Ltd. This is an open access
(i) diffusion-accommodated [3e5], (ii) dislocation-accommodated
[6e8], (iii) a combination of both these [9,10] or (iv) some short
of cooperative grain boundary sliding [11] e is still a matter of
debate, in particular for the Tie6Ale4V studied here. Experimen-
talists have developed methods to gather evidence for the under-
lying mechanisms, with mixed success. Surface studies are often
used for this purpose. The first examinations used scratches to
detect offsets of grain boundaries, using scanning electron micro-
scopy. The latest studies use focused ion beammicromilled grids to
study superplasticity in aluminium alloys [12]. However, all such
studies rely on observations at ambient temperature. Alternatively,
in-situ testing techniques [13e15] are expected to be significantly
more powerful for the study of deformation mechanisms, partic-
ularly in cases where the volume fractions of the phases and their
variation with temperature play a critical role.

Here, a new experimental method for the study of superplasti-
city is exploited. First, the mechanical behaviour of the titanium
alloy is quantified using stress-relaxation tests at different tem-
peratures. Second, surface studies are performed by in-situ testing
e both in tension and shear e the material inside a scanning
electron microscope. These observations of superplasticity are
article under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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Fig. 1. Electron backscattered inverse pole figure map for a titanium and grain size
distribution for the Tie6Ale4V alloy.

E. Alabort et al. / Acta Materialia 105 (2016) 449e463450
carried out at different deformation regimes, pinpointed using an
experimentally-derived strain-rate sensitivity map. Third, this new
understanding of superplasticity is modelled analytically. This has
allowed a deep appreciation of the factors causing superplasticity
in Tie6Ale4V to be gained.
2. Background

Superplasticity was discovered more than 80 years ago. Nowa-
days, it is widelye although not unanimously e believed that grain
boundary sliding is the main deformation mechanism. But a
question remains: how is this process accommodated? There are
two main theories: Rachinger sliding [16] and Lifshitz sliding [17].
The former assumes that sliding is accommodated by dislocations
in the lattice, whilst the latter that boundary mobility is a conse-
quence of stress-driven diffusion. Unfortunately, these phenome-
nological descriptions do not include any details of the necessary
accommodation mechanism which allows for continuity, e.g. at
grain boundaries and triple points. Despite this uncertainty, most
researchers [10,18,19] agree that a range of possible deformation
mechanisms is likely, with the dominant one dependent upon
temperature, strain rate and microstructural features.

Observations on deformed and initially plane-polished sections
have been used to study superplastic deformation on the micro-
structural scale. Traditionally, such research has employed surface
features such as fiducial markers to assess the micromechanics
which are applicable [7,20e25]. However, it has not been until
recentlyewhenmodernmethodologies such as focussed ion beam
micromilling and high-resolution electron backscattered diffrac-
tion (EBSD) have become widely available e that a number of
studies have emerged providing direct and strong evidence of su-
perplasticity in a number of different metals. For example, in the
aluminium alloys AA5000, Rust and Todd [12,26] and Sotoudeh and
Bate [27] have used sub-micron micro-milled markers to confirm
that diffusion creep e and not dislocation activity e causes super-
plasticity. In contrast, Bate et al. [8,28,29] showed that dislocation
slip rather than grain boundary sliding is the main deformation
mechanism in the aluminium alloy AA8000. In iron-based alloys,
surface analysis has been used to highlight the importance of
dislocation activity, dynamic recrystallisation and grain boundary
sliding in superplastic steels [30e32]. In magnesium alloys, texture
Table 1
Chemical composition for the Tie6Ale4V alloy (wt. %) used in this study.

Al V Fe O C N H

5.5e6.5 3.5e4.5 0.25 0.13 0.08 0.05 0.0125
analysis and marker observations have revealed that grain
boundary sliding with no apparent intragranular dislocation creep
controls the deformation [33]. Other studies suggest that disloca-
tion slip and dynamic recrystallisation are active at large strains
[34,35]. In zinc alloys, Xun and Mohamed [36,37] have used
transmission electron microscopy to directly observe dislocations,
proving that superplastic flow in Zne22%Al is accommodated by
slip. In titanium, surface scratches have been used to measure the
amount of grain boundary sliding in Tie6Ale4V with equiaxed [38]
and lamellar microstructures [39]. Transmission electron micro-
scopy has proven that dislocation activity is occurring within the a

phase [40,41]. In addition, Lee et al. [42] have shown an effect of
grain size on the amount of a phase dislocations present in
superplastically deformed material. Since many distinct conclu-
sions have been reported, it seems reasonable to believe that the
mechanism of superplasticity may depend upon important alloy
characteristics such as phase architecture and grain morphology. In
general, one can conclude that more direct evidence is necessary
before convincing answers can be given.

It follows that a difficult challenge arises when the material
under scrutiny is a two-phase alloy, particularly when the volume
fractions are highly sensitive to temperature. In these cases, post-
mortem analyses may be insufficient; moreover, in-situ tech-
niques offer significant advantages. Although the use of in-situ
observations is not new e research applying these techniques has
been reported for the study of superplastic deformation
[43,44,9,21,45,25]e studies have yet to be reported on the use of in-
situ scanning electron microscope testing for the study of high-
temperature superplasticity. In Tie6Ale4V, for which the volume
fraction of b phase at optimal superplastic temperature is four
times the volume fraction at room temperature, in-situ tools are
indispensable. Due to differences in the basic crystallography e

HCP for a and BCC for b phase respectively e the deformation
behaviour of each phase is substantially dissimilar. Thus, it has been
shown that at elevated temperatures b is considerably softer than a

[46,47]. This effect is generally attributed to a higher diffusivity and
more active slip systems in b than its a counterpart. Therefore, in
either diffusion- or dislocation-controlled superplasticity, it would
be reasonable to assume that it is the volume fraction of b which
plays the critical role in determining the dominant mechanism.

Why is this important? One of the main challenges of super-
plastic forming is to improve the efficiency of manufacturing, but
also to expand its range of applicability [48]. This generally means
lowering the forming temperature [49] and reducing the forming
time [50]. In titanium alloys, this is accomplished in two different
ways: (i) by optimising the microstructure to enhance super-
plasticity e i.e. by refining the grain size [51] and/or by increasing
the b fraction [52] or (ii) by pushing the processing conditions
outside the optimal window of superplastic formability e thus
processing at lower m values. One way or the other, practitioners
would benefit from a better understanding of the underlying
physics and the microstructural consequences of deformation in
different regimes.

With the above in mind, the purpose of the present paper is to
carry out detailed observations with the aim of confirming un-
equivocably the mechanisms of superplastic deformation in
Tie6Ale4V at different forming regimes. In the first part of this
work, the superplastic effect in Tie6Ale4V is quantified using
stress-relaxation tests. The results are used to propose a matrix of
experimentation across which different micro-mechanisms are
expected e i.e. different strain rates and temperatures. Second,
surface observations are performed at temperature using a newly-
developed in-situ scanning electron microscope testing module. To
study the relative motion and deformation of grains, microgrids are
milled into the sample surface. Finally, a numerical representation



Fig. 2. (a) Tensile testing stage positioned inside the SEM chamber. (b) Design of the
tensile testing experiment showing the arrangement of the grip-heater-sample. (c)
Arrangement of the shear testing rig. Image shows the geometry of the arrangement
which translates the uniaxial movement of the grips into a state of simple shear in the
specimen. (d) Deformation state during tensile testing and (e) tension and compres-
sion stresses during shear testing.
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of the mechanics of deformation is proposed. The results are used
to elucidate the deformation mechanisms causing superplastic and
close-to-superplastic deformation in this alloy.

3. Method

The titanium alloy Tie6Ale4V studied exhibits a microstructure
typical of the material used for superplastic processing: equiaxed a

phase grains with small amounts of intergranular b phase. The
mean grain size was approximately 6.1 mm, as verified using elec-
tron backscattered diffraction (EBSD) analysis. Fig. 1 shows an in-
verse pole figure map of a representative area and the grain size
distribution. The mean grain size was estimated according to [53]
as

d ¼
P

AP
dceq

(1)

where A is the grain area and dceq is the grain diameter. Its chemical
composition is given in Table 1.

3.1. In-situ observations

A series of superplasticity tests were performed using a high-
temperature micro-tensile testing stage, placed inside the cham-
ber of a high-resolution scanning electron microscope (SEM). The
module was fitted with a resistance heater capable of reaching
temperatures up to 1000+ C. The temperature of each specimenwas
monitored using thermocouples fitted between the sample and the
heater; a further thermocouple wire spot-welded on the sample
surface was used in each case for verification purposes. Tungsten
wire springs were used on each side of the furnace to ensure an
appropriate contact between the specimen and the heater surface.
To improve the thermal conductivity, gold leaves were strategically
positioned between heater and specimen. The experimental
arrangement is illustrated in Fig. 2.

Tensile tests were performed at 700, 800 and 900+ C at strain
rates of 3�10�3/s and 2�10�4/s. Samples were paused every 10%
increment in tensile strain to perform SEM imaging. Shear tests
were performed at temperatures of 750 and 850+ C and a shear
strain rate of 2�10�4/s. Shear conditions were limited in both
temperature and strain rates due to risk of buckling. Image peri-
odicity was decreased to every 25% increment in shear strain to
reduce any influence on the superplastic deformation. Imaging
setting was optimised in order to keep each interruption below
90 s: 30 s holding period e where load-relaxation occurred e and
60 s for imaging. After image acquisition, the test was resumed
using identical displacement-controlled conditions: the same level
of stress prior interruption was observed.

For tensile deformation, double dog-boned samples were
extracted from Tie6Ale4V sheet; samples were designed with a
small gauge portion of dimensions 5 mm length � 2 mm width �
0.75mm thick. For shear tests, samples were designed with a gauge
volume of 10mm length� 1.5mmwidth� 0.75mm thickness. This
ensured that the main deformation could be captured by scanning
electron microscopy without compromising significantly the min-
imum representative volume of the material. The sample surface
was then prepared for metallographic examination in the usual
way. In order to facilitate the assessment of the sample surface
during shear deformation tests, microgrids were milled using a
focused ion beam instrument. A regular grid of dimensions 100 �
100 mm with a pitch of 5 mm and 1 mm deep was chosen.
3.2. Load relaxation tests

Load-relaxation tests are performed using an electro-thermal
mechanical testing (ETMT) machine at temperature range be-
tween 700 and 950 +C with 50 +C intervals. This technique is able to
quantify the strain rate sensitivity parameter, m, and has advan-
tages over conventional methods such as strain-rate jump tests
[42,54e56]. Here, testing involved the loading of the material at
constant strain-rate until a predefined strain (4%) was reached e

this was enough to achieve steady-state stress behaviour. Then, the
cross-head displacement was stopped e and maintained in that
exact position e while the load relaxation was recorded as a
function of time. Since the displacement is blocked, the strain-rate
of the system must be in equilibrium according to

_εp þ _εe þ _εm ¼ 0 (2)

where _εp is the sample plastic strain-rate, _εe is the sample elastic
strain-rate and _εm is the elastic strain-rate of different parts of the
testing apparatus. The plastic strain-rate can be expressed as

_εp ¼ � _s

E
� A _s
Lkm

(3)

where A is the sample cross-sectional area, E is the sample elastic
modulus, km is the stiffness of the machine, _s is the change of stress
with time (ds/dt) and A _s is an approximation of the change in the
applied force (dP/dt). One can see that the plastic strain-rate is
proportional to the slope of the stress-relaxation curve consistent
with

_εp ¼ �M _s (4)

whereM is the apparent elastic modulus of the material previously



Fig. 3. Representation of the methodology followed to derive the stress-strain rate
response and the strain-rate sensitivity parameter m from the series of load-relaxation
tests.

Fig. 4. (a) Stress dependence of strain rate of Tie6Ale4V at temperatures between
650 +C and 950 +C obtained by stress relaxation techniques. (b) Contour map of the
strain rate sensitivity exponent m as a function of temperature and strain rate. Derived
using the slope from the curves presented in Fig. 4(a).
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expressed as

M ¼ 1
E
þ A
Lkm

: (5)

Unfortunately, the stiffness of the machine km is not known. For
its estimation, one can introduce the following assumption: when
the specimen is still under elastic deformation, the apparent elastic
modulus of the material is described by

M ¼ X
Ls

(6)

where X (X¼XeþXM) is the displacement of the cross-head; in
practice this includes a contribution from both the elastic
displacement of the specimen (Xe) and the elastic displacement of
different parts of the machine (XM). The apparent elastic modulus
M decreases with increasing plastic strain, hence some error can be
introduced in the derivation of the strain-rate sensitivity m due to
the estimation ofM, but since E≪km, this effect is likely to be small.

For stress-relaxation testing, specimens of geometry 40�2�1
mm were machined using electro-discharge machining (EDM). To
remove the effects of any damaged layer induced by EDM
machining, care was taken to grind the appropriate surfaces using
600 grit SiC abrasive paper.

4. Results

4.1. Stress relaxation in superplasticity

In the first instance, the regime of superplasticity was deter-
mined by deducing the strain-rate sensitivity parameter m using
stress-relaxation tests by following the procedure shown in Fig. 3.
The processed stress-strain rate data for temperatures between 700
and 950+ C at strain rates between 1�10�2 and 1�10�6/s are shown
in Fig. 4 (a), covering the anticipated range of conditions at which
superplasticity might be operative.

The stress-strain rate curves were then analysed to measure the
strain rate sensitivity parametermwhich is defined as a function of
the logarithmic values of stress and strain rate as

m ¼ vlns
vln _ε

���
ε;T

(7)

where s and _ε are the stress and the strain rate for a given value of
strain ε and temperature T. The derived strain rate sensitivity map is
presented in Fig. 4(b) for a value of strain of 0.04. An optimal strain
rate sensitivity is found at temperatures higher than 800+ C and
strain rates slower than 1�10�3/s. For these conditions, m is
consistent with values characteristic of Region II superplasticity. A
maximum value, m¼0.51, is found at 900+ C and 1�10�4/s. It is
widely accepted that above the optimum strain rate e around
1�10�3/s for the material studiede the parameterm decreases due
to dislocation creep being the dominant mechanism.

With the above, one can define an experimental testing pro-
gramme which targets different behavioural regimes. Here, a series
of in-situ tensile and shear tests were carried out at different
deformation conditions with aim of providing time-resolved



Fig. 5. Micrographs of a Tie6Ale4V sample tested at 700 +C applying strain rates of 3�10�3/s and 2�10�4/s and paused for levels of strain of: (a) initial state; (b) 10% strain; (c) 30%
strain. An estimate of maximum normal strain, determined using digital image correlation, is provided next to each relevant SEM micrograph.
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observations of the different mechanisms which are operating.

4.2. Tensile mode surface observations

Results at 700+ C and strain rates of 3�10�3 and 2�10�4/s are
given in Fig. 5. Grain boundary sliding is observed under both rates
of deformation. At this temperature, there is little b phase present
and this seems to facilitate the sliding of a grains by pinching off at
critical grain boundaries as appreciated in Fig. 5(b). For a strain-rate
of 3�10�3/s, the motion of grains is accommodated by the opening
of cavities and intragranular deformation; slip bands are evident
and elongation along the tensile direction is found. For the lower
strain rate (2�10�4/s), the material response is distinct; slip bands
are absent.

Digital image correlation (DIC) was used to measure intra-
granular strains. DIC is able to quantify the accumulation of strain
surrounding the slip bands, showing that the majority of the strain
contribution at 700+ C and 3�10�3/s comes from intragranular
deformation of a grains. At lower strain rates, the decrease in a-
lattice deformation is compensated by an increase in grain
boundary sliding. This change in mechanism is also found in the
derived strain rate sensitivity map presented in Fig. 4(b). The
parameter m is shown to increase from Ref. m¼0.18 (climb
controlled creep in region III) when deforming at a strain rate of
3�10�3/s, to m¼0.3 (a relatively low value for superplasticity in
region II) when a strain rate of 2�10�4/s is imposed.

The material response at 900+ C and 2� 10�4/s is different, see
Fig. 6. Whilst in some ways similar to that at 700+ C, it is repre-
sentative of a true superplastic effect (m>0.4). At this temperature,
the volume fraction of b phase is higher, 45% of the total volume
[57]. In terms of phase growth kinetics, the small amount b present
at ambient temperature seem to grow in an analogous way to that
described by Seward et al. [58]; there is a competitive growth be-
tween intragranular plates and grain boundary b that expands to-
wards the interior of a grains. The microstructure at 900+ C is
clearly revealed once deformation begins, see Fig. 6(b) and (c). At
this point, the b phase is no longer a grain boundary phase exclu-
sively and although it seems to behave similarly to a phase, certain
differences are found.

Contrary to the observations reported at 700+ C, a grains retain
their initial shape even after high levels of strain. Relative grain
translation and grain realignment along the tensile direction is
clear. This translation is mainly accommodated by the deformation
of b grains. Although slip deformation within b phase is observed,
significant elongation is not and grain boundary sliding can be
accommodated by dislocation activity while the microstructure
stays equiaxed. In Fig. 6(c) and (d) grains have appeared beneath
the surface around the set of a grains that were initially together in
Fig. 6(a), three-dimensional rotation and translation of grains play
an important role at this temperature. Surface observations show
that grain boundary sliding is accommodated by the creation and
annihilation of b-filled cavities, grain boundary mobility and
intragranular slip deformation of b grains.

At 650+ C and 10�3/s, the superplastic effect is absent. SEM
micrographs at two different time/strain points are presented in
Fig. 7(a) and (b), showing the microstructure at 0 and 30% strain
respectively. For strains higher than 30%, grain elongation is clear.
Intragranular plastic deformation (in the form of slip bands) is
observed directly and no relative grain sliding is evident. Fig. 7
shows that A-B-C-D grain boundaries remain unchanged. The
bulk of deformation can be attributed to dislocation activity in the a
phase. Since each grain has different crystallographic orientation
and hence a limited number of slip systems, grains tend to reor-
ientate along the testing direction. Rotation is conferred by the
motion of dislocations confined in the interior of the grains. The
dislocation density and therefore, the number of visible slip bands,
tend to increasewith deformation as appreciated in themicrograph
series. This behaviour is typical of classical warm plasticity.

4.3. Shear mode surface observations

Surface observations obtained in shear are in agreement with



Fig. 6. Micrographs of a Tie6Ale4V sample tested at 900 +C applying a strain rate of
2�10�4/s. The SEM micrographs were taken at levels of strain of: (a) initial state; (b)
10% strain; (c) 50% strain and (d) 80% strain.
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those in tension. But, a more constrained surface in the plane of
view allows the observation of phenomena unattainable otherwise
e for example, the switching of grain boundary neighbours. How-
ever, shear deformation involves a more complex state of stresses.
In order to facilitate the optical assessment of the surface at high
strains, grids were micromilled onto the specimen surface.

Fig. 8 shows the surface of a sheared sample before and after
being deformed. The macroscopic strain derived from the machine
crosshead displacement (g¼0.5) is in close agreement with the
microscopic strain measured from the grid shearing (g¼0.4). The
internal FIB milled grids show unequivocal signs that grain
boundary sliding occurs. The offset of grid lines in the boundaries of
grains proves that relative grain translation and rotation are part of
the mechanism of deformation. Small amounts of intragranular
deformation are also present e grains elongate following the stress
state introduced during shearing, see grains C and F in Fig. 8. Grains
with an area larger than the mean grain size tend to deform the
most; smaller grains minimise intragranular creep and enhance
grain boundary sliding. Out-of-plane grain sliding is also observed.
For instance, grains A and D have reduced their exposed area. For
grain A, 3 complete grids (C) were visible in Fig. 8(a), after 0.5
shear strain, only one and a half grids (B) are recognizable, the rest
of grain A has slid under grain B. Similar conclusions can be
drawn from the reduction of vertical grids among the pair of grains
D and E.

At this temperature, there is not enough b phase to accommo-
date the sliding of grains; as a result, dynamic recrystallisation
(DRX) occurs. Its mechanics of accommodation are illustrated in the
series of micrographs shown in Fig. 9. During DRX, subgrains
develop due to the conversion of dislocation cell walls into sec-
ondary grain boundaries [35]. For grain A, subgrain boundaries
begin to form when a 10% shear strain is reached e Fig. 9(b). Then,
subgrains such as those labelled a1-a2-a3-a4-a5 begin to recrystal-
lise and separate. Fig. 9(c) and (d) show these new grains sliding
and rotating in different directions as the deformation continues.

At 750+ C, the switching process of grain neighbours is observed
directly in Fig. 10. The switching is found in the first place among
the group of grain A-B-C-D and it is assisted by out-of-plane sliding:
grain A slides over grain B, closing the distance to grain C. When a
shear strain of 0.75 is reached, grains A and C are in contact e the
neighbour switching process is completed. For a shear strain larger
than 1, half of grain B has slid under grain A, the switching process
continues. When a shear strain of 1.5 is attained, grain A is in
contact with grain a and this is assisted by the appearance of cav-
ities between grains A-C-D. Identical mechanics are found between
grains C-c-b-e, but in this case, grain b slides over grain C until it
reaches a sharing position with grain e.

Results obtained in shear at 850+ C are similar. Fig. 11 illustrates
the gridded surface before and after a shear strain of g¼1.5 is
reached. A series of micrographs show details of the grain rear-
rangement between grains A-B-C-D. At low strains, the sliding of
these grains is accommodated by slip deformation of b; see
Fig. 11(b) and (d). At higher strain, b cannot fully accommodate the
process and a grains begin to distorte particularly around the grain
boundaries e in order to complete the switching of grain neigh-
bours. This effect is illustrated with grains B and D in Fig. 11(e) and
(f). At this temperature and deformation rate, dynamic recrystalli-
sation is not found.

5. Rationalisation of the observations

Historically, the use of surface observations for the study of
superplasticity has been criticised: is the material surface truly
representative of the bulk behaviour? What are the limitations?
First, it is important to note that observations are performed on a
free-surface e i.e. there are different boundary conditions than in
the bulk. For deformation in tension, this means that grains can
shear freely in the out-of-plane direction. When grains move to-
wards the outer plane, the so-called ‘floating grain’ effect can occur
[9]. Grains no longer deform in harmony with the bulk; they retain
their initial shapes and drift as the movement of inner material
layers dictates. This means that any artefacts due to deformation in
tension might be presented as an absence of deformation; any
conclusion extracted from grains being deformed must, therefore,
be valid. Nonetheless, careful consideration should be given to the
amount of cavitation and grain translation reported under tension,
for in shear, out-of-plane displacement is minimised [59]. The
combination of both deformation modes should give a global and
valid view of the deformation mechanisms of superplasticity.

Second, even though tests are performed under vacuum,
oxidation occurs. Previous studies have highlighted the kind of
misinterpretation that thin layers of oxide can induce [12]: (i) oxide
can leave ghosts of prior grain positions and (ii) striated surfaces or
ligament formation can appear close to triple point boundaries. In



Fig. 7. Micrographs of Tie6Ale4V sample tested at 650 +C at a strain rate of 10�3/s and
levels of strain of: (a) initial state and (b) >30% strain.
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our study, reduced amounts of oxide pile-up at the grain bound-
aries can be found in shear e but none in tension. It seems unlikely
that such an effect would be large enough to invalidate the con-
clusions here reported. However, the oxide layer affects the quality
of the microgrid, limiting the optimal pitch size to approximately
4 mm.With the above inmind, one can carefully begin to rationalise
the results with possible artefacts and other effects taken in
consideration.

5.1. On the deformation mechanisms of superplasticity

The main findings of the results given above are to our best
knowledge the first high-temperature in-situ observations of this
phenomenon in Tie6Ale4V. The surface observations prove that
dislocation activity e either a or b e is the phenomenon account-
able for the accommodation process of grain boundary sliding
responsible for superplasticity in Tie6Ale4V e and possibly other
superplastic systems.

For low-temperature superplasticity (700e800+ C), a grains
behave as a skeleton, carrying out the main deformation with b

playing a secondary role in the grain boundaries. Intragranular
creep of a phase is shown to accommodate the grain boundary
sliding aided by the appearance of cavities and voids [60]. As the
deformation continues, accumulation of dislocations activate the
formation of subgrain boundaries which leads to dynamic recrys-
tallisation. At intermediate temperatures (800e850+ C), a slight
increase in the volume fraction of b facilitates the rearrangement
and sliding of a grains. At these temperatures, the intragranular
deformation of a is reduced, no slip deformation bands are found,
but a certain amount of cavitation and distortion around a pe-
ripheral mantle are still present. For high-temperature super-
plasticity (> 850+ C), the a phase becomes less important as the
proportion of the soft deformable b increases. In this regime, the
rate-controlling process is the intragranular slip of b. Cavitation is
minimised and recrystallisation does not occur.

As per the traditional definition of superplasticity, the
switching of grain boundaries needs to occur. But the micro-
mechanisms of switching here elucidated are different to those
found in superplastic aluminium [12,27] e intragranular slip is
observed directly and diffusion of matter seems unlikely. The
process has been observed both in shear and in tension, but
distinct mechanics are operative. For in shear, grain boundaries
forming a 45+ angle with the shear direction and parallel to the
local state of compression are found more likely to switch
neighbours; see Fig. 12(a). Two examples are discussed: (i) at
750+ C (Fig. 10), the switching of grains A-B-C-D seems to follow
the kind of process illustrated in Fig. 12(a): grains move towards
the directions imposed by the local state of stress. The accom-
modation is assisted by out-of-plane sliding, with grains that fold
three-dimensionally in an origami fashion. (ii) At 850+ C (Fig. 11),
no out-of-plane sliding is perceived, but the grain lattice deforms
to allow continuity during the switching process. It seems that
the local boundary orientation angle q is critical. If q is close to
90+, out-of-plane sliding is restricted e intragranular slip is more
likely. For in tension, grain neighbour switching also occurs. In
this case, the switching is found in the shearing planes created by
the tensile stress. These shearing planes are located perpendic-
ular to the plane of observation so that the process cannot be
observed directly. However, the emergence of inner-plane grains
e which is a consequence of this internal switching e is reported
in Fig. 6.
5.2. Rachinger grain boundary sliding

Many theoretical explanations of the micromechanics of su-
perplasticity are available in the literature. Unsurprisingly, a com-
mon resemblance is found: the Rachinger grain boundary sliding
(GBS) effect [61]. Rachinger GBS is characterised by a particular set
of features. First, the net number of grains along the tensile axis
must increase with deformation. In Fig. 6, a grains realign along the
tensile axis, accommodated by the appearance of sub-surface b

grains. Second, intragranular strains must be small in order to keep
grain equiaxiality. Fig. 5 shows that, at optimal strain rates, intra-
granular strain is severely reduced. In shear, a slip deformation
bands are not observed, but minor grain elongation is necessary.
Third, for this to happen at high strains, grain neighbour switching
is needed. This process has been discussed in Figs. 10e12, showing
direct and precise details of the mechanism. Fourth, a disappear-
ance of texture must be found. This has been proven previously [62]
in the same Tie6Ale4V alloy for the exact range of deformation
conditions studied here.

Rachinger sliding requires lattice dislocations to move in order
to accommodate the sliding of grains. It is well-established that the
details of this process are controlled by the equilibrium subgrain
size parameter l which can be expressed as [63]:

l

b
¼ z

�
s

m

��1

(8)

where b is the magnitude of the Burgers' vector, s is the stress, m is
the shear modulus and z is a constant. Here, the mean grain size is
constant, but the parameter l is dependent upon the applied stress
and hence, a function of the processing conditions. Fig. 4(a) is used
to construct an equilibrium subgrain size contour map for
Tie6Ale4V; results are presented in Fig. 13 for a value of z¼35. The
superimposition of Figs. 13 and 4(b) highlights a clear effect: a
subgrain size parameter l greater than the mean grain size d is
needed so that a superplastic strain rate sensitivity parameter can
be achieved (m>0.36). Theory says: (i) for a grain size greater than
the subgrain size, intragranular dislocations will form subgrains
[64]. This means that lattice slip dislocations pile up in the grain
lattice forming intragranular subgrain boundaries; (ii) for a grain
size below the subgrain size l, superplasticity will be active [61]. In
this case, no subgrains form; the intragranular dislocations travel
along the lattice until the opposing grain boundary is found.

Direct observations which prove each one of these cases were
found. Fig. 14(a) shows how the accumulation of stress in the triple
point grain boundary of a given a blocking grain triggers the



E. Alabort et al. / Acta Materialia 105 (2016) 449e463456
formation of subgrains which leads to dynamic recrystallisation.
As straining continues, the subgrains recrystallise forming new a

grains. This behaviour is typical of the close-to-superplastic high-
strain-rate regime. However, when the equilibrium subgrain size
exceeds a critical value, d<l, no subgrain formation is observed
and the optimal superplastic regime is found. In this case, the
stress induced by grain boundary sliding into blocking grains is
translated into dislocations fully travelling through the softer b

grain lattice, leading to intragranular slip as shown in Fig. 14(b).
Fig. 8. Microgridded surface of Tie6Ale4V tested in shear at 750 +C at a shear strain-rate of 2
(B) are used to identify the number of visible grids on grains A and D after and before de
The b volume fraction is believed responsible for the transition
from high-temperature dislocation creep to superplastic grain
boundary sliding. Furthermore, both regimes have been observed
active under the same conditions due to a wide distribution of the
local grain size as illustrated in Fig. 15. With this in mind, one can
find two ways to improve the superplastic efficiency in titanium
alloys: (i) the mean grain size can be reduced, enlarging the area in
which the constraint d<l is satisfied or (ii) the volume fraction of b
can be increased by b-stabilising the alloy. Both options are known
�10�4/s at: (a) initial configuration and (b) shear strain of 0.5. Areas marked as (C) and
formation respectively.



Fig. 9. Detail of the subgrain formation process during a shear test at 750 +C in the area
marked A in Fig. 8. Micrographs are shown at shear strains of: (a) g¼0, (b) gz0.1, (c)
gz0.25 and (d) gz0.5.
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to improve superplasticity in titanium alloys, but here, a method
that physically explains and measures the transition has been
provided e see Fig. 13.
6. Numerical treatment of superplasticity in Tie6Ale4V

6.1. A representation of Rachinger grain boundary sliding

High-temperature deformation e or creep e is generally a
thermally-activated process for which the rate of deformation is
Fig. 10. Detail of the grain neighbour switching process during a shear test at 750 +C in the
gz0.25, (c) gz0.5, (d) gz0.75, (e) gz1.0 and (f) gz1.5.
controlled by the speed of a diffusional mechanism. Thus, the
steady-state strain rate, _ε, is commonly expressed as [63].

_ε ¼ ADmb
kT

�
b
d

�p�
s

m

�n

(9)

where D is the diffusion coefficient, m is the shear modulus, b is the
magnitude of the Burgers' vector, k is the Boltzmann constant, T is
the temperature, s is the stress, d is the grain size, A is a material
constant and p and n are the grain size and stress exponents
respectively.

Considering the regimes studied here, it has been found that
superplastic deformation in Tie6Ale4V needs to be rationalised by
considering dislocation creep accommodated grain boundary
sliding by both a and b phases but also superplastic grain boundary
sliding [65]. Equations for each one of these processes are now
proposed and assumed to compete for the role of dominant
mechanism [66]. Then, material parameter optimisation tech-
niques can be used to empirically determine the values of each set
of equations with the aim of establishing and quantifying the
contribution of each micromechanism.

Regarding the deformationmode, controversy exists concerning
whether the iso-stress [67,38], the iso-strain mode or a combina-
tion of both [46] is the most appropriate representation of the
multi-phase behaviour in Tie6Ale4V. Even though both deforma-
tion modes have been shown to deliver good results at the
macroscopic level, one must note that both assumption are inad-
equate at the microstructure level e in mesoscopically heteroge-
neous microstructures neither the stress nor the strain can be
homogeneous. Limitations considered and caution advised, a ho-
mogenisation approach is used for simplification: the total
macroscopic strain-rate is decomposed following the iso-stress
assumption as

_εt ¼ _εa 1� fb
� �þ _εbfb þ _εgbs (10)

where _εgbs is the rate of strain due to grain boundary sliding, _εa and
_εb are the rate of intragranular creep deformation for a and b phases
respectively and fb is the volume fraction of b phase as a function of
temperature.

The strain rate contributed by each phase can be expressed as
area marked B in Fig. 8. SEM micrographs are shown at shear strains of: (a) g¼0, (b)
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_εa;b ¼ Aa;bDa;bma;bb
kT

�
b
d

�pa;b

 
s

ma;b

!na;b

(11)

where the effective diffusion Da,b can be expressed in the Arrhenius
form

Da;b ¼ Da;b
0 exp

�
� Qa;b

RT

�
(12)

where Qa,b is the apparent activation energy of each phase, Da;b
0 is

the diffusion pre-exponential and p is the inverse grain size
parameter. The shear modulus is expressed as a function of tem-
perature according to [68] as

ma;b ¼ m0a;b

 
1þ

�
T � 300

TM

� 
TM
m0a;b

dma;b
dT

!!
(13)

where m0 is the shear modulus at 300 K and TM/m0dm/dT is its
Fig. 11. Gridded region at different points during a shear test at 850 +C and a shear strain ra
g¼1.5. A series of magnified illustrations detailing the grain neighbour switching process
showing the lattice deformation of b phase for a shear strain of 0.3.
temperature dependent factor. The material parameters employed
for both a and b phases are listed in Table 2.

The strain rate contributed by grain boundary sliding is gener-
ally expressed as [69].

_εgbs ¼
Agbsf

q
bDgbsGb

kT

�
b
d

�pgbs
�
s

m

�ngbs

: (14)

where ngbs is the stress exponent due to superplastic grain
boundary sliding, pgbs is the inverse grain size parameter and q is a
material parameter introduced to compensate the effect of the
volume fraction of b-phase (q¼0.44). Physical properties which
depend on a uniformly dispersed aggregate of a and b phases are
averaged following the rule of mixtures as

Pc ¼ Pafa þ Pbfb (15)

where P is the physical property and f is the volume fraction of each
phase.
te of 2�10�4/s. Micrographs are presented at shear strain values of (a) g¼0.05 and (c)
are presented at shear strains of: (d) g¼0.3, (e) g¼1.0 and (f) g¼1.5; (b) micrograph



Fig. 12. Details of the grain neighbour switching process: (a) shear deformation
switching with out-of-plane grain boundary sliding and (b) tensile deformation
switching during emergence of interior grains [9].
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The volume fraction of b phase can be expressed as [70]:

fb ¼ 1� expf�qng (16)

where f is the transformed b fraction, n is the Avrami constant and

q ¼
Zt
0

k Tf gdt (17)

kðTÞ ¼ k0exp
��Q
RT

�
(18)

where k0 is a constant, Q is the activation energy, R is the gas
constant and T is the temperature in Kelvin. The volume fraction of
three different titanium alloys are represented using this equation,
the parameters are listed in Table 3, its determination will be dis-
cussed in a further publication.

This set of equations has been calibrated to the experimentally
obtained stress-strain rate data for three different alloys e

Tie6Ale4V, Ti54M and VST2K e following the same load-
relaxation procedure. Two grain sizes were considered for each
alloy, obtained through different heat-treatment conditions as
Fig. 13. Contour plot of the equilibrium subgrain size (l) as function of temperature
and strain rate for high temperature deformation of Tie6Ale4V.

Fig. 14. Representative images showing the accommodation mechanism of Rachinger
grain boundary sliding as a function of the subgrain size parameter l: (a) equilibrium
subgrain size less or equal than the mean grain size (l<d) for a temperature of 800 +C
and a strain rate of 3�10�3/s. (b) equilibrium subgrain size greater than the mean grain
size (l>d) for a temperature of 900 +C and a strain rate of 5�10�4/s.



Fig. 15. Representation of the combination of possible accommodation mechanisms in
Tie6Ale4V as function of the grain size and equilibrium subgrain size parameter l.

Table 3
Material parameters used to represent the transformed fraction of b-phase as
function of temperature for three titanium alloys assuming a heating rate of 1 �C/s.

k0 n Q (J/mol)

Tie6Ale4V 4.56 � 104 1.547 1.145 � 105

Ti54M 2.88 � 104 1.517 1.028 � 105

VST2K 2.99 � 104 1.384 1.018 � 105
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shown in Fig. 16. The parameter calibration was carried out using
genetic-algorithm optimisation techniques [71]. The material pa-
rameters were fitted to the prior heat-treatment conditions e after
heat-treatment experimental data were then used to assess the
prediction capabilities of the model.

The results are shown in Fig. 17. It is found that the stress-strain
rate response of the material is well explained by a combination of
dislocation-creep accommodated grain boundary sliding and su-
perplastic grain boundary sliding e the possible regimes for the
Rachinger effect. In particular, the model is able to capture the
change in the strain rate sensitivity parameter m as a function of
strain-rate, temperature, grain size and b volume fraction by
combining the strain contribution of each proposed mechanism.
The optimised parameters are given in Table 4. The obtained stress
exponents for intragranular creep in a and b phases are 5.21 and
4.07, consistently with climb-controlled dislocation creep. For grain
boundary sliding, a stress exponent of 2.03 is found, close to the
typical value for GBS-controlled superplasticity [1]. The activation
energies for a and b intragranular mechanisms are 306 and 317 kJ/
mol respectively. These estimates are higher than self-diffusion
values for a and b phases, however, previous studies have shown
that dynamic recrystallisation can increase the apparent activation
energy in Tie6Ale4V [46,52,72]. The activation energy for grain
boundary sliding is 174 kJ/mol, in agreement with the values of
grain boundary diffusion [68]. The results suggest that at high
strain-rates (Region III), superplasticity is controlled by thermally-
activated dislocation-climb processes followed by dynamic
recrystallisation and at slower strain rates (Region II), superplastic
grain boundary sliding dominates the deformation process.

6.2. Elucidation of the dominant deformation mechanism

A thermodynamic model based on the minimisation of energy
dissipated by the system formed by each considered deformation
mechanisms is proposed. The power balance of a system with
constant temperature and balanced heat transfer (input
heat ¼ transmitted heat) can be expressed as

_j ¼ We þ _dp (19)
Table 2
Physical parameters for a and b titanium [68].

b (m) m0 (MN/m2) Tm/m0dm/dT Tm (K)

a-phase 2.95�10�10 4.36�104 �1.2 1933
b-phase 2.87�10�10 2.05�104 �0.5 1933
where j is the free energy stored in the system per unit volume
(elastic and internal energy) and We is the external mechanical
power supplied to the system per unit volume e i.e. external forces
through the boundary and internal body forces (negligible). The
term _dp represents the energy dissipated by the system per unit of
time and volume and is considered purely plastic. Here, the dissi-
pation of energy is assumed to be a combination of each one of the
present deformation mechanisms following

_dp ¼ _daðεa; faÞ þ _db
�
εb; fb

�þ _dgbs

	
εgbs



(20)

where the dissipation terms are equal to the internal plastic work
dissipated by each one of the three mechanisms causing plasticity.
Thus

d ¼
Z
Va

s$εa dVa þ
Z
Vb

s$εb dVb þ
Z
V

s$εgbs dV : (21)

Assuming homogeneous deformation of each phase and
considering the energy per unit volume of material, the energy
dissipated can be written as
Fig. 16. Electron backscattered inverse pole figure maps for a titanium and mean grain
size estimations for Ti54M, VST2K and Tie6Ale4V titanium alloys before and after heat
treatment.



Fig. 17. Stress versus strain rate response of Tie6Ale4V at: (a) 750 +C, (b) 800 +C, (c)
850 +C and (d) 900 +C. Graphs show the experimental data and results of the analytical
model. The model results are decomposed for each one of the deformation mecha-
nisms believed to be in operation.

E. Alabort et al. / Acta Materialia 105 (2016) 449e463 461
d ¼ s$εa
Va

Vt
þ s$εb

Vb

Vt
þ s$εgbs (22)

where the stress s of each operativemechanism can be extracted by
solving Equations (11) and (14). The strain contribution of each
Table 4
Optimised parameters for the proposed physically-based equations to represent the
Rachinger boundary sliding effect. Diffusion pre-exponential values from Ref. [68].

n p AD0 [m2 s�1] Q [kJ mol�1]

GBS superplasticity 2.03 1.91 1.85 � 104 174
GBS with a dislocation creep 5.21 2.13 1.20 � 1018 306
GBS with b dislocation creep 4.07 2.18 2.16 � 1018 317
mechanism is then non-dimensionalised to eliminate the depen-
dence on the total strain εt so

εa

εt
þ εb

εt
þ εgbs

εt
¼ 1 (23)

and the volume of each phase is assumed to vary as a function of
the volume fraction of each phase as

Va

Vt
¼ �1� fb

�
(24)

Vb

Vt
¼ fb (25)
Fig. 18. Fraction of total strain contributed by each one of the operative deformation
mechanisms as predicted by the equation of dissipated energy, for temperatures of: (a)
750 +C, (b) 800 +C, (c) 850 +C and (d) 900 +C.
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Vgbs ¼ 1: (26)

Vt

The terms εa/εt and εb/εt have been optimised using a gradient-
based function so that the energy dissipated by the proposed sys-
tem is minimised for each combination of strain rate and temper-
ature. The results presented in Fig. 18 confirm the total strain
contribution of each deformation mechanism. These are consistent
with the rationalisation extracted from the surface observations in
that: (i) there is a change from dislocation creep at high strain rates
to superplastic grain boundary sliding at lower strain rates, (ii) an
increase in temperature facilitates superplastic grain boundary
sliding, (iii) a reduction of the mean grain size critically enhances
superplastic grain boundary sliding and finally (iv) deformation of b
facilitates the accommodation at every considered temperature,
but only at high temperatures e when there is enough volume
fraction of b e can the grain boundary sliding be accommodated
without deformation of the a phase.
7. Conclusions

Novel, high-temperature in-situ SEM observations of super-
plasticity have provided conclusive insights into the mechanisms
responsible for the superplastic effect in Tie6Ale4V. The following
specific conclusions can be drawn:

1. Rachinger grain boundary sliding (GBS) is shown to be the
dominant accommodation process during the superplasticity of
Tie6Ale4V; thus the equilibrium subgrain size parameter l is of
profound importance.

2. When l is greater than the mean grain size, d, Rachinger GBS
occurs under superplastic conditions. If l is smaller than d,
dislocations pile-up in a forming subgrain boundaries eventu-
ally causing dynamic recrystallisation. This change in mecha-
nism is supported by the in-situ surface observations,
experimental measurement of the strain rate sensitivity
parameter m and analytical modelling.

3. Changes in the volume fraction of the b phase are responsible for
the transition from dislocation-creep to superplastic grain
boundary sliding. At 850 and 900+ C (m>0.45), the fraction of b
is optimal. Dislocation activity is confined to the interior of b
grains; a lattice dislocations and recrystallisation are not found
and cavitation is minimal.

4. The rate of deformation plays a similar role; even at low tem-
peratures (700+ C) e provided the rate is slow enough e intra-
granular deformation can be reduced to levels consistent with
superplasticity. However, in these cases e due to the lack of b
phase e cavitation is observed.

5. For temperatures below 700+ C, no superplasticity is found;
deformation is characterised by classical plasticity: grains
elongate proportionally to the macroscopic strain along the
tensile direction and no grain boundary sliding is observed.

6. Similar findings have emerged from surface observations at 750
and 850+ C made on shear specimens. In this case, the con-
strained conditions allow the direct observation of the grain
neighbour switching process. Use of FIB-milled microgrids
supports the conclusions: intragranular deformation in the a

phase decreases as temperature increases but intragranular b

deformation is always observed e regardless of the volume
fraction of b phase.

7. A model which captures the observed phenomena e based on
Rachinger boundary sliding and intragranular dislocation creep
e is formulated. Equations are calibrated to data obtained using
stress-relaxation tests. The set of equations captures accurately
the dependence of strain rate sensitivity on both strain rate and
temperature.

8. The contribution of each mechanism to the total fraction of
macroscopic strain has been elucidated using a thermodynam-
ically consistent approach, in which the total dissipated energy
for each possible deformation mode is minimised.
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