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Direct Imaging of Hydrogen-Driven Dislocation and Strain
Field Evolution in a Stainless Steel Grain

David Yang,* Mujan Seif, Guanze He, Kay Song, Adrien Morez, Benjamin de Jager,
Dmytro Nykypanchuk, Ross J. Harder, Wonsuk Cha, Edmund Tarleton, Ian K. Robinson,
and Felix Hofmann*

Hydrogen embrittlement (HE) poses a significant challenge to the durability
of materials used in hydrogen production and utilization. Disentangling the
competing nanoscale mechanisms driving HE often relies on simulations and
electron-transparent sample techniques, limiting experimental insights into
hydrogen-induced dislocation behavior in bulk materials. This study employs
in situ Bragg coherent X-ray diffraction imaging to track three-dimensional
(3D) dislocation and strain field evolution during hydrogen charging in a bulk
grain of austenitic 316 stainless steel. Tracking a single dislocation reveals
hydrogen-enhanced mobility and relaxation, consistent with dislocation
dynamics simulations. Subsequent observations reveal dislocation unpinning
and climb processes, likely driven by osmotic forces. Additionally, nanoscale
strain analysis around the dislocation core directly measures
hydrogen-induced elastic shielding. These findings experimentally validate
theoretical predictions and offer mechanistic insights into hydrogen-driven
dislocation behavior. The quantified nanoscale phenomena serve as critical
inputs for multiscale modeling frameworks to predict bulk material responses
and accelerate the development of HE-resistant alloys.

1. Introduction

Hydrogen is an attractive energy carrier that can be produced
through methods such as water electrolysis or photoelectro-
chemical technologies using renewable resources.[1] This green
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hydrogen can be used to decarbonize indus-
tries that rely heavily on fossil fuels such
as aviation,[2] heavy transportation,[3] indus-
trial production,[4] and power generation.[1]

As countries strive to reach their Net Zero
2050 sustainability targets, the global pro-
duction of green hydrogen is forecast to
rise annually, reaching 49 million tons per
year by 2030.[5] This necessitates the de-
sign of hydrogen fuel systems to store,
transport and distribute hydrogen. A long-
standing challenge is hydrogen embrittle-
ment (HE), which occurs when hydro-
gen atoms diffuse into metals, reducing
their ductility and strength, leading to pre-
mature failure.[6] Austenitic stainless steel
(SS), widely used due to its good corro-
sion resistance and strength, is not im-
mune to this phenomenon. Understand-
ing the mechanisms behind HE is es-
sential to designing the next generation
of HE-resistant materials. The study of
hydrogen–SS interactions at the nanoscale

can provide a mechanistic grounding for multiscale models that
seek to predict behavior at larger length scales.[7,8]

HE has been extensively studied at the macroscale through
mechanical testing, revealing how cracks initiate and propa-
gate in hydrogen-exposed material[9–12] and can lead to in-service
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failure. To explain macroscopic behavior, advances in character-
ization techniques have enabled the exploration of HE at sub-
micron length scales, which has been dominated by electron mi-
croscopy (EM) experiments and simulations.[13–15] This combi-
nation of experimental results and theory has led to multiple
proposed degradation mechanisms responsible for HE. Here,
we will briefly discuss the two most prominent mechanisms. In
hydrogen-enhanced localized plasticity (HELP),[9,10,16,17] hydro-
gen atoms in the metal lattice accumulate at and near the dis-
location cores[18] and reduce the elastic stress field, known as hy-
drogen elastic shielding.[19] This makes it easier for dislocations
to move, leading to a localization of deformation, which drives
premature material failure. The second mechanism is hydrogen-
enhanced decohesion (HEDE),[11,20] which states that hydrogen
atoms accumulate at locations of high triaxial stress, such as
grain boundaries or crack tips. The presence of hydrogen re-
duces the cohesive forces between atoms, weakening the atomic
bonds and causing intergranular fracture. The interplay between
HELP and HEDE is multifaceted and possibly synergistic,[16,21,22]

though there are still many different proposed theories about the
mechanisms involved in HE.[16,23,24]

Explaining these complex mechanisms requires insights at
the nanoscale. Hydrogen can be trapped by vacancies, intersti-
tial sites, solutes, and precipitates, as revealed by thermal des-
orption spectroscopy (TDS) studies.[25] Hydrogen has been re-
ported to decrease the formation energy of vacancies, leading
to an increased vacancy concentration, known as the super-
abundant vacancies (SAV) model.[26] Vacancies can trap multi-
ple interstitial hydrogen atoms, revealed by positron annihila-
tion spectroscopy (PAS)[27] and density functional theory (DFT)
calculations.[28] Though less energetically favored, hydrogen also
occupies octahedral interstitial sites in face-centered cubic (FCC)
metals.[29] Similarly, hydrogen binds to interstitial and substitu-
tional solutes,[27] but this trapping is small compared to vacancy-
solute defects.[30] Precipitates such as carbides are also strong
hydrogen traps, revealed locally using cryogenic atom probe
tomography,[18] and some have been shown to increase hydrogen
embrittlement resistance by absorbing hydrogen.[31]

The ability to detect hydrogen has greatly enhanced our
understanding of these mechanisms. Hydrogen microprint
techniques[32] and secondary ion mass spectroscopy[33] can pro-
vide a static visualization of hydrogen distribution. Scanning
Kelvin probe force microscopy,[34] neutron tomography,[35] and
electron-stimulated desorption[36] have been valuable for study-
ing time-resolved hydrogen movement in various microstruc-
tures. Despite the availability of these techniques, hydrogen is
still generally considered difficult to probe due to its small size,
high diffusion rate, and low level of interaction with electron
probes.
Consequently, there has been a push toward probing in situ re-

sponses to hydrogen diffusion to understand degradationmecha-
nisms. Recently, dislocation movement caused by hydrogen des-
orption has been reported by Koyama et al.,[37] where they visu-
alised micron-scale dislocation movements using electron chan-
nel contrast imaging (ECCI) on a Fe-Mn-based alloy. Huang
et al.[38] revealed bow-out motions of screw dislocations in 𝛼-Fe
pillars undergoing compression tests in a gaseous hydrogen envi-
ronment inside a transmission electron microscope (TEM). This
is an extension to the numerous TEM experiments done by the

Robertson group to study hydrogen-induced dislocation move-
ment in foil samples.[10,39–42] However, EM techniques only probe
relatively thin subsurface volumes of a material (⪅100 nm),[43]

and the question of how hydrogen interacts with a single dis-
location within the bulk in situ is still experimentally challeng-
ing, not well understood,[13,27] and primarily addressed using
simulations.[15] Furthermore, hydrogen elastic shielding has only
been inferred based on the observations of dislocation pileup,[44]

but the hydrogen-modified strain fields have not been directly
measured experimentally. This information would greatly en-
hance our understanding of dislocation-hydrogen interactions to
accelerate the development of HE-resistant alloys.
Here we address these shortcomings by using in situ Bragg co-

herent X-ray diffraction imaging (BCDI)[45] to probe the evolution
of a single dislocation and its associated strain field during hydro-
gen charging (Figure 1a), using a bespoke electrochemical flow
cell (Supporting Information and Figure S1, Supporting Infor-
mation). BCDI is a nondestructive technique that captures three-
dimensional (3D) nanoscale images of crystal defects and strain
fields[46–51] by inverting coherent X-ray diffraction patterns[52]

from a finite crystalline sample. To produce a sample with grains
suitable for BCDI, we use high pressure torsion (HPT)[53] to re-
fine the grain structure of a 316 SS disk (composition shown in
Table S1, Supporting Information). Powder X-ray diffraction data
shows that this leads to a deformation-inducedmartensitic phase
transition (Figure S2, Supporting Information). The austenitic
phase reappears after ex situ annealing, along with some con-
trolled grain growth and defect relaxation (Experimental Section).
The 111 Bragg peak from an austentitic, FCC grain is measured
before and during hydrogen charging at standard ambient tem-
perature and pressure (Experimental Section). The center of the
measured grain was close to the center of the disk and located
1.9 ± 0.2 μm beneath the surface (Figure S3, Supporting Infor-
mation). Phase retrieval algorithms are used to recover the real
space electron density and phase from the diffraction data (Exper-
imental Section), revealing information about the grainmorphol-
ogy, dislocations, and strain fields, ɛ111, along the [111] direction
associated with the scattering vector, Q111.

2. Results and Discussion

2.1. Bragg Peak Evolution

After initiating hydrogen charging at 0 h, we observe an increase
in the average lattice parameter, a0, (Figure 1b) determined us-
ing the center position of the Bragg peak (Experimental Section).
There are several mechanisms that could explain this increase
in a0. It is favorable for hydrogen to be trapped in vacancies.[27]

However, the relaxation volume for a vacancy in FCC iron is
negative and even with six hydrogen atoms per vacancy only be-
comes slightly positive.[28] Thus, the accumulation of hydrogen-
filled vacancies would not explain the substantial lattice swelling
we observe. Alternatively, a Frenkel mechanism could be envis-
aged, where hydrogen prevents Frenkel defects from recombin-
ing, and the interstitial of the Frenkel pair (which has large pos-
itive relaxation volume) causes the observed swelling. However,
this is unlikely because the formation energy of Frenkel defects is
large. An energetically favorable explanation would be hydrogen
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Figure 1. In situ hydrogen charging BCDI setup and evolution of the Bragg peak. a) The microcrystalline 316 SS disk is mounted in the electrochemical
flow cell (see Supporting Information and Figure S1, Supporting Information). An incoming coherent X-ray beam (red) illuminates a grain within the
SS disk, and a slice through the reflected 111 Bragg peak is captured on the detector. During in situ charging, a bias is applied to the SS (working
electrode). A Pt wire coil (counter electrode) sits inside the flow cell moat. The blue arrows indicate the flow of the hydrogen charging solution. b) The
lattice parameter and inferred hydrogen concentration before and during the experiment, with insets showing slices through the center of the Bragg peak
corresponding to different times. The shaded areas correspond to the uncertainty associated with the Bragg peak position. c) 3D Pearson correlation of
the Bragg peaks. Hydrogen charging starts at 0 h.

occupying octahedral interstitial sites, which has been reported to
cause lattice expansion.[29,54] Thus, we conclude that the homo-
geneous lattice strain observed, as a result of hydrogen charging,
is dominated by a volumetric strain due to hydrogen occupying
interstitial sites. Here, the homogeneous lattice strain, e111, is rel-
ative to a0 at –3.4 h before charging. Note that e111 differs from
ɛ111: the latter is relative to the average lattice parameter at time t,
a0, t (Experimental Section).[50] The volumetric strain is combined
with the relaxation volume of hydrogen in austenitic SS to esti-
mate the local hydrogen concentration (Experimental Section),
which increases during charging (Figure 1b).
Figure 1b also shows central slices of the Bragg peak at differ-

ent hydrogen concentrations as insets (see Figure S4, Supporting
Information, for all central Bragg peak slices during charging). To
quantify subtle changes, the 3D Pearson correlation coefficient
(Experimental Section) is computed between the Bragg peak at
different times, shown in Figure 1c. There is negligible change
before 0 h, prior to hydrogen charging. Once hydrogen charging
is applied at 0 h, the Bragg peak evolves until 3.2 h, after which it

changes little. The evolution of the Bragg peak directly correlates
to structural changes in the grain.

2.2. Strain at the Grain Surface

Figure 1b shows a large increase in average a0 with hydrogen,
leading to homogeneous strain. Does this homogeneous strain
drive an increase in intergranular strain that could drive plastic-
ity, or does hydrogen lead to a predominantly volumetric strain?
If there were a substantial increase of intergranular strain, we
would expect the surface strain of the grain of interest to increase
due to mismatch with its neighbors. Figure 2 shows the time
evolution of the heterogeneous surface strain, relative to the aver-
age lattice parameter at each time. We refer to the surface strain,
ɛ111, surf., as the ɛ111 value of the surface voxel of the reconstruc-
tion as determined using an amplitude threshold (Supporting
Information). Note the surface strain is limited by our estimate of
the 3D spatial resolution of 12 nm, determined using the phase
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Figure 2. Evolution of the heterogeneous strain field on the grain surface before and during hydrogen charging. a) Different views of the grain surface,
colored by ɛ111, surf., the strain relative to the average lattice parameter indicated at the bottom. See Figure S6 and Video S1 (Supporting Information)
for reconstructions from all time points. b) Histogram distribution of the surface strain for different time points during the hydrogen charging history.
c) Evolution of average surface strain. The shaded region corresponds to one standard deviation.

retrieval transfer function (Supporting Information and
Figure S5, Supporting Information).
BCDI reconstructions are very sensitive to strain (≈ 10−4) and

highly strained regions scatter outside the detector solid angle, so
they appear as missing amplitude in the reconstructions.[46] Rel-
atively disordered grain boundaries with crystal defects in their
vicinity appear rough in the reconstructions.[55] This can be seen
in Figure 2a, where themorphology is stable during the hydrogen
charging, however, a softening of the grain edges is noticeable af-
ter 1.9 h (Figure S6, Supporting Information). Grain boundaries
are strong hydrogen traps (≈17 kJmol−1),[25] so they are expected
accumulate hydrogen locally[56] as recently shown by Chen et al.
using cryogenic atom probe tomography.[18] As the grain bound-
aries becomes better organized, here facilitated by hydrogen, lat-
tice distortion near the boundary reduces and hence the apparent
surface reconstructed from BCDI evolves. We do not observe any
grain boundarymobility due to the presence of newphases, as no-
ticed in palladium thin film grains undergoing a phase transition
under hydrogen partial pressures in a previous BCDI study.[49]

The distribution of ɛ111, surf. in Figure 2a is shown in Figure 2b.
Themean ɛ111, surf. is slightly compressive at all times, and the dis-
tribution remains largely unchanged during hydrogen charging.
This shows that hydrogen has little effect on grain-grain misfit
and thus intragranular strains that could drive plasticity. Rather,
hydrogen predominantly leads to a large volumetric strain com-
pared to ɛ111, surf. The mean and standard deviation of ɛ111, surf. are
plotted in Figure 2c. The reduction in average ɛ111, surf. with in-
creasing charging time suggests a small average compression at

grain boundaries. This is consistent with the accumulation of
hydrogen at grain boundaries, leading to a slight compression
of near-boundary material. Another interpretation could be the
hydrogen-facilitated diffusion of chromium to the grain bound-
ary to replenish any chromium lost during the possible formation
of carbides during the annealing process, resulting in a reduction
of tensile strain.

2.3. Dislocation Dynamics

A phase vortex in a BCDI reconstruction indicates the spatial po-
sition of a dislocation core,[46] enabling the mapping of 3D dislo-
cations (Methods). Figure 3 shows the dislocation evolution dur-
ing hydrogen charging. Initially, the grain shows two small dis-
locations close to the surface, and one large bow-shaped dislo-
cation that extends across the grain, hereafter referred to as the
“large dislocation.” The large dislocation remains unchanged be-
fore hydrogen charging and up to 1.9 h after the start of charg-
ing. To determine its Burgers vector, we assume that it is a shear
loop and lies in the

(
1̄11

)
plane, as expected for FCC metals (we

confirm the angle between the dislocation glide plane normal
and Q111 is 68.9°, less than 2° from the angle between theoret-
ical 〈111〉 directions and within error). Thus, we determine the
orientation matrix, UB (Supporting Information). Glide disloca-
tions in the

(
1̄11

)
plane can have three different Burgers vectors

b = a0
2
[110], a0

2
[101] or a0

2
[01̄1]. However, Q111 · b ≠ 0 only for

a0
2
[110] and a0

2
[101], meaning that only dislocations with these
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Figure 3. Evolution of the dislocations before and during hydrogen charging. a,b,c), Columns represent a different orthogonal view of the grain and the
dislocations. The top row shows the initial morphology of the grain rendered as a grey isosurface. The subsequent rows have translucent renderings of
the same grain morphology (largely unchanged, see Figure 2) along with the dislocations at different states, with glide and climb events indicated. The
dislocation dynamics simulation of glide is indicated in green. Dislocations are colored according to the time of observation. The black arrow indicates
the Burgers vector. See Video S2 (Supporting Information) for the dislocations at each measurement time.
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Burgers vectors will be visible in a Q111 crystal reflection.
[51] By

comparing the measured strain field of the large dislocation to a
3D elastic model and discrete dislocation dynamics (DDD) simu-
lations, we determine that the large dislocation has Burgers vec-
tor b = a0

2
[110] (Supporting Information, Figures S7 and S8, and

Table S2, Supporting Information).
After 1.9 h of hydrogen charging, the large dislocation begins

to glide (Figure 3). This is remarkable, as Figure 2 shows little
change in surface strain, and hence externally applied stress that
could drive plasticity. It suggests that hydrogen either reduces
the Peierls barrier for dislocation glide, or unpins the disloca-
tion from obstacles such as alloying elements.[57] Either way, the
introduction of hydrogen enables the dislocation to relax, reduc-
ing its line length and thus strain energy (Supporting Informa-
tion and Figure S9, Supporting Information).[56] A DDD simu-
lation (Experimental Section) is setup with the large dislocation
in the position observed before hydrogen charging. The ends of
the dislocation are pinned at the grain boundary, consistent with
our experimental observation, and the system was then allowed
to relax under self-stress. The subsequent dislocation evolution,
shown in Figure 3, agrees well with that observed experimentally.
This confirms that the dislocation glide observed in experiments
is relaxation-driven, suggesting hydrogen-enhanced dislocation
mobility and/or depinning.
Following the glide motion, after 3.2 h of hydrogen charging,

one end of the large dislocation becomes unpinned and climbs
out of the glide plane. Subsequently, from 3.9 h onward, the dis-
location remains largely unchanged upon further charging. The
climb force on a mixed dislocation is the sum of an elastic in-
teraction force and an osmotic force.[57] Figure 2c shows that
the average strain on the grain surface changes little, indicat-
ing that the contribution of external stresses to dislocation climb
will be small. Furthermore, the unpinned dislocation segment is
≈200 nm from the nearest observable small dislocation,meaning
that any dislocation–dislocation forces will beminor.[19] Thus, the
climb force on the large dislocation will be dominated by the os-
motic force, Fos. Fos, per unit length of a dislocation line is,[57]

Fos
L

= −
kbTbe
𝜐a

ln c
c0

(1)

where 𝜐a is the atomic volume, c is the vacancy concentration,
c0 is equilibrium concentration of vacancies, and be is the edge
component of the Burgers vector, given by

be = |b × 𝜉| (2)

where 𝝃 is the unit dislocation line segment direction. Here, we
observe climbmobility to be much higher than expected for FCC
materials.[58] Climb requires diffusion of self-interstitial atoms or
vacancies to the dislocation line. Our results suggest hydrogen-
facilitated climb, driven by the formation andmigration of vacan-
cies as suggested by the SAVmodel.[26,59] Furthermore, hydrogen
has been demonstrated to enhance metal atom diffusion[26] and
lower the vacancymigration free energy barrier in FCCmetals,[60]

which would also drive hydrogen-facilitated climb.
Our observations suggest that once there is a sufficient hydro-

gen concentration within the grain, there will be enough vacan-

cies and sufficient reduction in vacancy and metal migration en-
ergy such that the osmotic force can facilitate climb. The equi-
librium concentration of vacancies along the length of the large
dislocation depends on the spatial variation of hydrogen concen-
tration. Based on themagnitudes of e111 (≈ 10−3) compared to ɛ111
(≈ 10−4), increasing hydrogen concentration dominates homo-
geneous lattice swelling. Therefore, any variations in hydrogen
concentration along the dislocation, and by extension, vacancy
concentration, are small by comparison. This suggests that dif-
ferences in be, i.e. the degree of edge character along the dislo-
cation line, will determine which parts of the dislocation climb.
Figure 4 shows a magnified view of the large dislocation before
and after the climb at 3.9 h. Each segment of the dislocation is
colored by edge character. The edge character is low at the end
of the dislocation that does not climb, making this segment less
likely to climb due to a lower Fos. Conversely, the segment of the
dislocation that climbs also has the greatest edge character. The
climb direction (magenta arrow in Figure 4) is nearly perpendic-
ular (89.4°) to the Burgers vector, as expected.
After climb, the climbing segment lies on the

(
111̄

)
plane.

However, since b = a0
2
[110] is not one of the Burgers vectors in

this plane, this segment is sessile, explaining the lack of further
evolution beyond 3.9 h. This sudden dislocation pinning may
result from a sufficiently high hydrogen concentration accumu-
lating at the dislocation core,[61] as recently observed in ferritic
steel using ECCI.[62] Alternatively, high concentrations of hydro-
genated vacancies could lead to dislocation immobilization, as
shown in other in situ TEM experiments on initially mobile dis-
locations in aluminum.[63]

Dislocation climb is surprising since dislocation cross-slip is
more energetically favored. Dislocation cross-slip requires dislo-
cation screw character. Here, the Burgers vector is b = a0

2
[110],

which is not parallel to the dislocation line segment that unpins,
thus the segment cannot cross-slip from the

(
1̄11

)
plane to the(

111̄
)
plane (Figure 4). Unfortunately, we do not know what the

dislocation looks like between 3.2 and 3.9 h, so we cannot rule out
cross-slip based on the absence of screw character alone. How-
ever, cross-slip also requires high stacking fault energy, which is
known to be reduced by hydrogen in austenitic SS.[64] It also re-
quires applied stress, which is minimal based on Figure 2. The
proximity of free surfaces can enable spontaneous cross-slip nu-
cleation in FCCmaterials,[65] however, based on the ≈2μm depth
of the embedded grain, this phenomenon is unlikely as image
stresses are small at this depth.[66] Thus, we propose that vacancy-
assisted climb is most plausible in the hydrogen environment.

2.4. Dislocation Strain Field Evolution

Based on observations of dislocation pileup evolution upon in-
troduction of hydrogen, it has been previously inferred that hy-
drogen reduces the interaction between dislocations by changing
their stress fields.[19,44] To quantify the changes in the strain field
surrounding the large dislocation, we compare slices though the
3D reconstructed volume where b and [1̄11] (the normal to the
initial glide plane of the large dislocation) are in plane and 𝜉 is
normal to the slice (i.e., where the large dislocation has predom-
inantly edge character). These slices are shown in Figure 5a,b.
A theoretical model, devoid of hydrogen, of the edge dislocation
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Figure 4. Dislocation unpinning and climb. A translucent isosurface of the grain showing only the large dislocation before (1, at 3.2 h) and after the climb
event (2, at 3.9 h). The dislocation is colored between two nodes based on the be (Equation 2), where be/|b| = 1 represents a pure edge dislocation and
be/|b| = 0 represents a pure screw dislocation. The black arrow indicates the Burgers vector direction. The magenta arrow, which is nearly perpendicular
to the Burgers vector direction, indicates the direction of climb. a) Orthogonal views based on sample coordinates. b) Crystallographic views based on
the dislocation loop plane, with the dislocation initially lying on the

(
1̄11

)
plane, and later one end unpins and climbs onto the

(
111̄

)
plane.

strain field projected along [111] is shown in Figure 5c (Exper-
imental Section), and compared to the experimental strain field
by considering circular line profiles drawn at a 30 nm radius from
the dislocation core (Figure 5d). Agreement between the theoret-
ical model and the experiment is initially good, but worsens as
the hydrogen concentration increases.
The evolution of strain along the circular line profiles during

charging is shown in Figure 5e,f. Figure 5g shows how the max-
imum and minimum values, averaged over ±𝜋/4 around each
maximum/minimum, evolve during charging. We observe a re-
duction of the elastic strain surrounding the dislocation by up to
35% between the start and end of hydrogen charging. This rela-
tive reduction agrees well with the computed reduction of edge
dislocation-carbon atom interaction energy in 𝛼-Fe upon the in-
troduction of hydrogen.[67]

At the nanoscale, we attribute this elastic strain reduction
to the formation of a hydrogen atmosphere in the vicinity of
the dislocation. Dislocations are relatively large and strong hy-
drogen trapping sites (≈27 kJmol−1),[25] so the hydrogen atoms
surrounding the dislocations are relatively immobile at room
temperature.[27] Therefore, the evolution of this localized ac-
cumulation can be probed using the heterogeneous strain.
Figure 5g also shows that the maximum ɛ111 deviates more from
the elastic hydrogen-free model than the minimum ɛ111. This
suggests that hydrogen prefers to reside in the tensile region of
the dislocation.[19] Alternatively, the reduction in tensile strain

could also be due to the hydrogen-facilitated diffusion of solutes,
resulting in solute segregation,[56] but this is unlikely since we
are at room temperature.
Our observations reveal hydrogen elastic shielding (Figure 5)

which has been predicted by simulations,[19] and indirectly in-
ferred from in situ TEM observations of dislocation pileup evo-
lution following the introduction of hydrogen.[44] These direct
BCDI measurements of subtle changes in dislocation strain
field are important, since they provide fundamental validation of
hydrogen-induced dislocation stress shielding, which is core to
the HELP mechanism.

2.5. Proposed Mechanisms

We now consider whether dislocationmobility can be introduced
by internal stresses induced by hydrogen concentration gradients
caused by cathodic hydrogen charging.[68] As hydrogen diffuses
into the SS disk from the top, lattice swelling ensues,[29,54] creat-
ing a hydrostatic internal stress. There is an in-plane boundary
constraint from the uncharged bulk that generates an in-plane
stress on the grain, such that the in-plane strain remains zero, as
required for compatibility.[69] We have modeled the experimental
conditions and predicted the hydrogen concentration as a func-
tion of time and depth below the surface of the disk (Supporting
Information and Figure S10a, Supporting Information). The re-
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Figure 5. Evolution of the internal strain field surrounding the large dislocation. Three time points are presented as rows in (a–d). a) Translucent
morphologies of the grain with dislocations. Slices through ɛ111 are in-plane to the Burgers vector and the normal to the

(
1̄11

)
plane. The average

lattice parameter is listed for each time. b) A ɛ111 slice capturing a section of the large dislocation with pure edge character. See Video S3 (Supporting
Information) for ɛ111 slices through the entire grain. c) Theoretical elastic model, ɛ111, model, of the large dislocation devoid of hydrogen (Experimental
Section). d) Circular line profiles, drawn at a 30 nm radius from each dislocation core, compared to the model. The shaded region is the standard
deviation of the experimental values in the neighboring 26 pixels. Line profiles start at the Burgers vector (horizontal) and run anticlockwise. e) Circular
line profiles drawn for each time point of the experiment, plotted as a surface indicating ɛ111 values. f) Top-down view of (e). g) Maximum and minimum
values of the line profiles, averaged over a range of 𝜋/4. The shaded region corresponds to one standard deviation of each value. To better highlight the
differences between the model and the experimental data at positive charging times, the model’s maximum and minimum values were slightly offset to
align with the experimental data at negative times.
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sulting strain distributions can be compared to the experimental
data. In Figure S11 (Supporting Information), we observe that
there is an additional background strain field in themeasured ɛ111
+ e111 data that is not directly captured by the hydrogen-induced
strain gradient combined with the large dislocation strain field
model, ɛ111, model + ɛ111, b.c. . We do note that this background
remains largely unchanged throughout the charging, suggest-
ing that stresses due to neighboring grains remain largely un-
changed during hydrogen uptake.
The hydrogen uptake creates a resolved shear stress that acts

on the dislocation. The in-plane stress has been applied in the
DDD model, which shows only a slight lift in part of the dislo-
cation toward the unpinning direction (orange arrows in Figure
S12, Supporting Information). Computation of the resulting
Peach–Koehler (PK) force on the large dislocation reveals a sig-
nificant component in the out-of-plane direction of dislocation
climb (purple arrows in Figure S13, Supporting Information). In-
terestingly, the PK force also has an in-plane component opposite
the direction of glide, which explains why the DDD model does
not exhibit gliding behavior in Figure S12 (Supporting Informa-
tion). This allows us to conclude that, while hydrogen gradient-
induced stresses are significant, they do not appear to be the pri-
mary factor controlling dislocation glide. Instead, the hydrogen
stress shielding effect[44] reduces the large dislocation’s effective
Burgers vector, lowering the PK force and creating an energeti-
cally favorable condition where the dislocation line straightens,
as we observe experimentally.
Our results capture the evolution of a single dislocation under-

going glide relaxation, followed by climb. We propose that this
sequence is initiated by the introduction of hydrogen into the lat-
tice, which greatly enhances dislocationmobility via several com-
plementary mechanisms. A hydrogen-induced reduction of lat-
tice friction, or Peierls stress, has been predicted by DFT studies
on pure metals using the Peierls–Nabarro model.[70] However, in
316 SS, this reduction is small compared to the pinning stress
from alloying elements, given that 316 SS’s yield stress is more
than twice that of pure iron. In addition, hydrogen accumulation
has been predicted to lower the dislocation core energy[71] and re-
duce the dislocation strain field,[67] as we have directly measured
(Figure 5). This reduces the elastic interactions of the dislocation
with the surrounding environment, such as other dislocations
and point defects, allowing easier dislocation glide. Furthermore,
our observation that hydrogen greatly enhances dislocation climb
mobility (Figure 4) suggests that also during glide, dislocations
will be able to “climb around” obstacles that would otherwise lead
to dislocation pinning. Together, these observations suggest that,
in the presence of hydrogen, the currently accepted view of glide-
dominated dislocation motion[16,19,44] may no longer hold.

3. Conclusion

Our findings showcase the unique capability of in situ BCDI to
monitor the evolution of nanoscale deformation and defects in a
grain exposed to hydrogen under bulk conditions. This advance-
ment is particularly timely as third-generation synchrotrons are
being upgraded to fourth-generation facilities, offering orders of
magnitude greater coherent flux for BCDI experiments that will
enhance spatial and temporal resolution. This could enable ex-
citing possibilities for exploring hydrogen-induced evolution in

adjacent grains or extended grains using Bragg ptychography.[72]

In situ BCDI is applicable to most alloy systems and perfectly
complements higher-resolution electronmicroscopy techniques,
computational models, and atomistic simulations to shed light
on HE degradation pathways. Using the example of 316 SS, our
results show the hydrogen-driven evolution of a single disloca-
tion undergoing glide, followed by climb. We propose that glide
is initiated by the diffusion of hydrogen into the lattice, where
it reduces pinning strength and thus enables the dislocation
to glide in-plane, reducing its line length and thus elastic en-
ergy. Our strain measurements also show that hydrogen shields
the elastic strain field associated with the dislocation. With in-
creasing hydrogen concentration, we observe rapid dislocation
climb that is not expected at room temperature. This suggests
that hydrogen alters the energy landscape, such that vacancies
and interstitials become more readily available at the disloca-
tion line, thus enabling climb motion. Understanding these in-
ternal mechanisms is key to designing alloys with enhanced re-
sistance to hydrogen-induced degradation, such as engineering
micro- and nano-structures to mitigate dislocation movement or
vacancy formation.[73] These hydrogen-resistant materials are ur-
gently needed to enable the green hydrogen economy to help
achieve decarbonization targets.

4. Experimental Section
Sample Preparation: The SS sample was produced using high pres-

sure torsion (HPT) to produce sub-micron grain sizes appropriate for
BCDI. A sheet of 316 A4 austenitic stainless steel (composition shown in
Table S1), 1 mm thick, was obtained from RS Components (stock number
264-7241) and cut into a 5 mm diameter disk. The disk then went through
HPT to refine the grain microstructure. HPT was performed in a quasi-
constrained set-up[53] on a Zwick Roell Z100 Materials Testing machine.
Using 5 mm diameter anvils, a compressive force of 80 kN was applied to
the face of the disk and maintained for 30 turns using a rotational speed
of 5° s−1. The final disk thickness after HPT was 300 μm. The disk was
then annealed in vacuum (5 × 10−6 mbar) at 700 °C for 1 h, ramping up
and down at 4 °C min−1. Following annealing, the disk was sequentially
ground with 800, 1200, and 2500 grit SiC paper, followed by polishing in
3 μm and 1 μm diamond suspension.

Powder X-ray diffraction (Figure S2, Supporting Information) showed
that after HPT, the sample was predominately composed of deformation-
induced martensite. The heat treatment removed macroscale residual
stresses and the sample underwent recovery and recrystallization to form
austenite.[74,75] The measured austenite grain was likely formed during
heat treatment due to the relatively low misorientation and very low ob-
served strain (relative to the average lattice parameter of the grain) near
the surface of the grain. It was noted that carbides could have formed dur-
ing the annealing, which could attract solutes that have become mobile
due to hydrogen.

BCDI Measurements: BCDI relies on inverting far-field, oversam-
pled,[76] 3D coherent X-ray diffraction patterns (CXDPs) for a particular
hkl reflection from a finite crystalline material. This was done using phase
retrieval algorithms[52] to obtain the grain morphology and associated
phase, 𝝍hkl(r). Dislocation line positions can be readily identified from
the positions of phase vortex loci,[46] thus making BCDI a valuable tool
to study in situ or in operando defect evolution.[46–49,77] The strain fields
associated with the dislocations can be obtained from the phase, 𝝍hkl(r),
since 𝝍hkl(r) is a projection of the lattice displacement field, uhkl(r), onto
the scattering vector, Qhkl.

[78]

BCDI was performed at beamline 34-ID-C at the Advanced Photon
Source (APS) at Argonne National Laboratory, USA. An in situ confocal
microscope was used to position the X-ray beam within the disk. The 111
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Bragg peak (2𝜃 = 34.7°) was measured for multiple grains to screen for
the best candidate grain. Although each candidate’s position perpendicu-
lar to the X-ray beam could be easily aligned, the position of the candidate
along the beam needs to be determined to ensure the grain is on the axis
of rotation. An approach presented by Shabalin et al.[79] was used to ac-
complish this.

For all BCDImeasurements, the grain was illuminated using a 10 keV (𝜆
= 0.124 nm) coherent X-ray beam, with a bandwidth of Δ𝜆/𝜆 ≈ 10−4 from
a Si(111)monochromator. The X-ray beamwas focused to a size of 810 nm
× 860 nm (h × v, full width at half-maximum) using Kirkpatrick–Baez (KB)
mirrors. Beam defining slits were used to select the coherent portion of the
beam at the entrance to the KB mirrors. CXDPs were collected on a 256 ×
256 pixel module of a 512 × 512 pixel Timepix area detector (Amsterdam
Scientific Instruments) with a GaAs sensor and pixel size of 55 μm× 55 μm
positioned at 1.4 m from the sample to ensure oversampling. The peak of
the CXDP was positioned at the center of the detector module before data
collection. CXDPs were recorded by rotating the crystal through an angular
range of 0.5° about the peak and recording an image every 0.005° with
0.5 s exposure time and 10 accumulations at each angle.

Hydrogen Charging: The disk was attached to the electrochemical flow
cell using chemically resistant insulating tape, with the bottom of the disk
in contact with a Pt wire, thereby forming the working electrode (WE). The
counter electrode (CE) was another Pt wire coiled into the well, or moat,
of the electrochemical cell. The cell was then sealed using an O-ring and
a thin kapton film. The flow cell was fixed to the sample stage using a
Thorlabs 1X1 kinematicmount and connected to a Cole-ParmerMasterflex
peristaltic pump and a SP-300 Biologic potentiostat. See Supporting Infor-
mation and Figure S1 (Supporting Information) for further details about
the electrochemical flow cell.

A 1 L hydrogen charging solution was prepared using 4 g of NaOH
(0.1 mol L−1) and 5 g thiourea (0.07 mol L−1) dissolved in deionized wa-
ter, yielding a pH of 13. After an appropriate grain was found, the hydrogen
charging solution was continuously pumped into the cell at 5 mL min−1.
Repeated 111 CXDPs from the grain were measured in solution, without
hydrogen charging, over three hours to verify that there were no X-ray ef-
fects on the sample. Furthermore, any X-ray induced changes to the strain
field are negligible (Supporting Information). Next, hydrogen charging was
performed using chronopotentiometry with a two electrode setup, keep-
ing the current fixed at 0.2 mA (0.5 mA cm−2). During the charging, two
repeated BCDI measurements for the 111 reflection were measured ap-
proximately every 40 min, with each scan requiring approximately 10 min
to complete. Bubbles were noticed to slowly form during charging.

Phase Retrieval: Before phase retrieval, the repeated CXDPs were cor-
rected for dead-time, darkfield, and whitefield before cross-correlation
alignment and summation. The minimum data threshold was 2. The re-
sulting CXDP was binned by a factor of two along each direction of the
detector plane, resulting in a size of 128 × 128 × 101 voxels.

The reconstructions were processed using a MATLAB phase retrieval
package.[46] The reconstructions for each time point were seeded using a
reconstruction from eight repeated CXDPs (combined following the same
procedure) of the grain before the charging solution was pumped into the
flow cell. This seed was reconstructed starting with a random guess. A
guided phasing approach[80] with 100 individuals and four generations
was used with a geometric average breeding mode and a low to high-
resolution scheme.[81] For each generation and population, a block of 20
error reduction (ER) and 180 hybrid input-output (HIO) iterations, with
𝛽 = 0.9, was repeated three times. This was followed by 20 ER iterations
to return the final object. The shrinkwrap algorithm[82] with a threshold of
0.08 was used to update the real-space support every iteration. The best re-
construction was determined using a sharpness criterion, appropriate for
crystals containing defects.[83] The seed reconstruction was then used as
the initial guess for the reconstructions at all time points, which followed
the same guided phase retrieval procedure as the seed.

BCDI Strain Calculations: The residual, or heterogeneous strain rela-
tive to the average lattice, ɛhkl, is calculated by,

𝜀hkl(r) =
𝜕uhkl(r)
𝜕xhkl

= ∇𝜓hkl(r) ⋅
Qhkl|Qhkl|2 (3)

This differs from the homogeneous strain, ehkl, associated with changes
of the average lattice parameter at time t, a0, t,

ehkl =
a0,t − a0,ref .

a0,ref .
(4)

where a0, ref. is the reference lattice parameter, determined at –3.4 h. a0
was calculated using Bragg’s law and the 2𝜃 angle determined from the
angular position of the diffractometer.

Hydrogen Concentration: The volumetric strain, ɛvol, associated with
the swelling of the grain due to hydrogen uptake can be written as [69],

𝜀vol =
∑
A

C(A)Ω(A)
R (5)

where C(A) is the defect concentration for defect type A, and Ω(A)
R is the

relaxation volume for the specific defect type. The FCC metal lattice has
two interstitial sites available for accommodating hydrogen atoms: octa-
hedral (O) and tetrahedral (T) sites. In transition metals with FCC lattice,
dissolved hydrogen atoms preferentially occupy the O site with larger free
space than the T site.[29] ΩR = 0.200 ± 0.005 was used for interstitial hy-
drogen in austenitic stainless steels.[54] For the calculation, this value was
assumed to be similar for FCC 316 SS, and that all the interstitial hydrogen
atoms reside in the O sites.

The volumetric strain relative to the initial volume at –3.4 h was calcu-
lated using the homogeneous strain, ehkl (Equation 4),

𝜀vol = (1 + ehkl)
3 − 1 (6)

Thus, the concentration of hydrogen was determined as,

C =
(1 + ehkl)

3 − 1
ΩR

(7)

The hydrogen concentrations presented in Figure 1b are reasonable
when compared to values obtained from charging hydrogen into 316L
SS.[84]

Pearson Correlation Coefficient: The Pearson correlation coefficient, r,
between two images was computed using Equation (8):

r(x, y) =

∑
n
(xn − x̄)(yn − ȳ)√∑

n
(xn − x̄)2

√∑
n
(yn − ȳ)2

(8)

where x and y are the Bragg peaks being compared, xn and yn are the values
for a single voxel, and x̄ and ȳ are the means of each array.

Dislocation Position Identification: The dislocation line is defined as the
spatial positions of the locus of the phase vortices, referred to as nodes.
Each dislocation was composed of many nodes, joined by edges based
on the MATLAB graph object. The nodes were determined automatically
by integrating the derivatives of the complex exponential of the phase
(ei𝜓hkl(r))[85] and then selecting themaximum value as the dislocation node
position if the value exceeded 0.75𝜋. The dislocation lines were found not
to overlap perfectly in the reconstructions, which were attributed to noise
and the limited spatial resolution. To increase overlap, the reconstructions
were subpixel-shifted,[86] on the order of a few pixels, or up to≈30 nm. The
dislocation lines terminated on the surface of the grain.

Dislocation Dynamics Modeling—Overview: DDD was used to simu-
late themotion of the dislocation structure and compare to the experimen-
tal result. The DDD simulations here are nodal, based on discrete straight
segments[87,88] presented by Yu et al.[89] Dislocation motion is calculated
by evaluating the velocity Vk of node k at position Xk through a mobility
law (shown in the following section), which describes mobility in various
modes like glide, climb, and cross-slip.
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Dislocation Dynamics Modeling—FCC Mobility Law: The nodal force,
Fk, of node k at position Xk is evaluated at each time increment for every
node, and the dislocation structure is updated using the nodal velocity
Vk, as computed through an FCC mobility law. The nodal force, F, has
contributions from the segment-segment interaction force, obtained from
the non-singular dislocation stress field, the dislocation core force, and
the forces due to the corrective (image) stress field. The total nodal force
can therefore be represented as

Fk =
∑
l

∑
i,j

f̃
kl
ij (X

k) +
∑
l

f klc (X
k) +

∑
l

f̂ kl(Xk) (9)

= F̃k + Fkc + F̂k (10)

where f̃
kl
ij (X

k) is the interaction force at node k, due to segment i → j in-
tegrated along segment k → l. This is summed over all segments i → j
within the domain, including the self force due to segment k → l. Finally
this is then summed over all nodes l which are connected to node k to give
the interaction force on node k, F̃k. The quantity Fkc is the dislocation core
force and F̂k is the corrective elastic force evaluated with the finite element
method using the superposition principle to account for the finite bound-
ary.

For each segment kl with Lkl, a drag tensor Bkl is determined according
to the segment character. The nodal velocity Vk at node k is then calculated
as[
1
2

∑
l

LklBkl
]−1

Fk = Vk (11)

where the sum is over all nodes l connected to node k, and Fk is the nodal
force determined by Equation (10).

All dislocation segments are constrained to the {111} slip planes in
FCC, and their respective drag tensor can be expressed as [90]

Bkl(lkl) = Bg(m
kl ⊗mkl) + Bc(n

kl ⊗ nkl) + Bl(l
kl ⊗ lkl) (12)

where Bg, Bc, and Bl are the drag coefficients for glide, climb, and motion
along the line direction, respectively. The unit vectors are the line direction
lkl, the slip plane normal nkl, and glide direction mkl.

Dislocation Dynamics Modeling—Incorporating Finite Boundary Condi-
tions: To evaluate the corrective force term F̂k in Equation (10), the su-
perposition principle is adopted. As described elsewhere,[91,92] the total
stress strain and displacement fields are expressed as

𝝈 = 𝝈̂ + 𝝈̃ (13)

𝜺 = 𝜺̂ + 𝜺̃ (14)

u = û + ũ (15)

respectively. The infinite-body fields are denoted as (̃) and the finite-
element correction fields as (̂). According to the following procedure,[93]

the image stress field may be evaluated. First, the elastic stress field due
to dislocations in an infinite body, 𝜎̃, is obtained. The tractions T̃ = 𝝈̃ ⋅ n
on the traction boundaries due to this stress are then calculated, and sub-
tracted from the desired boundary conditions T. These modified boundary
values, T̂ = T − T̃, in addition to the displacement conditionsU on the dis-
placement boundaries are used in an elastic finite element simulation to
determine the corrective fields. Finally, the corrective stress field, 𝝈̂, is used
to evaluate the corrective nodal force, f̂ .

Dislocation Dynamics Modeling—Calculation Details: The initial dislo-
cation structure used in the simulation is identical to the initial dislocation
structure measured by experiment before the start of hydrogen charging.
The following parameters were used to represent 𝛾-Fe: the lattice param-
eter, a0 = 3.602 Å, the shear modulus, G = 77 GPa, Poisson’s ratio, 𝜈 =
0.28, The dislocation structure was enclosed within a 0.6 μm × 0.6 μm ×
0.6 μm domain representing the experimentally observed grain. The finite
element (FE) mesh was 20 × 20 × 20. The drag coefficients for edge and
screw dislocations were both 1.0, essentially making the mobility of each
type of dislocation equivalent. In contrast, the drag coefficient for disloca-
tion segments attempting to move in the climb direction was 108, essen-
tially confining the segments to the glide plane. The two end points were
fixed for the entire simulation, while the internal nodes were free in all di-
rections (though as discussed, they were restricted in the climb direction).
No external mechanical load was applied to the domain.

Dislocation Strain Field Modeling: It was assumed that there were no
externally applied stresses. The ɛ111, model for the large dislocation was
created using the dislocation node positions determined from BCDI, the
Burgers vector (using the local lattice parameter, a0, t), and 𝜈 = 0.28. Each
dislocation node was joined by an edge, which was then connected to an-
other point to form a dislocation triangle. The displacement field for this
triangular dislocation loop was determined using the solution developed
by Barnett,[94,95] which was then numerically differentiated to determine
the lattice strain field, ɛmodel,

𝜀model =
⎡⎢⎢⎣
𝜀xx,model 𝜀xy,model 𝜀xz,model
𝜀yx,model 𝜀yy,model 𝜀yz,model
𝜀zx,model 𝜀zy,model 𝜀zz,model

⎤⎥⎥⎦ (16)

ɛmodel was projected to the [111] direction,

𝜀111,model =
[
a b c

] ⎡⎢⎢⎣
𝜀xx,model 𝜀xy,model 𝜀xz,model
𝜀yx,model 𝜀yy,model 𝜀yz,model
𝜀zx,model 𝜀zy,model 𝜀zz,model

⎤⎥⎥⎦
⎡⎢⎢⎣
a
b
c

⎤⎥⎥⎦ (17)

where a, b, c, transformed the Cartesian coordinate system for the the-
oretical edge dislocation, to the experimental sample space. These were
determined by,

⎡⎢⎢⎣
a
b
c

⎤⎥⎥⎦ =
[
x′ y′ z′

]−1 [
Q̂hkl, sam

]
(18)

where x̂′ is b̂sam, ŷ
′, is the dislocation loop plane normal vector (normal-

ized) at –3.4 h, and ẑ′ = x̂′ × ŷ′. All vectors in Equation (18) are column
vectors. The subscript, sam, corresponds to the the sample coordinates
relative to the standard unit vectors x̂, ŷ, and ẑ axes of a 3D Cartesian co-
ordinate system.
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Supporting Information is available from the Wiley Online Library or from
the author.

Acknowledgements
F.H. thanks Thomas D. Swinburne and Max Boleininger for insightful
comments. D.Y., G.H., and F.H. acknowledge funding from the European
Research Council under the European Union’s Horizon 2020 research
and innovation programme (grant agreement No 714697). K.S. acknowl-
edges funding from the General Sir John Monash Foundation. A.M. ac-
knowledges funding from EDF (Électricité de France). Work at Brookhaven
National Laboratory was supported by the U.S. Department of Energy,
Office of Science, Office of Basic Energy Sciences, under Contract No.

Adv. Mater. 2025, e00221 e00221 (11 of 13) © 2025 The Author(s). Advanced Materials published by Wiley-VCH GmbH

http://www.advancedsciencenews.com
http://www.advmat.de


www.advancedsciencenews.com www.advmat.de

DESC0012704. This research used the Materials Synthesis and Character-
ization Facility of the Center for Functional Nanomaterials (CFN), which is
a U.S. Department of Energy Office of Science User Facility, at Brookhaven
National Laboratory under Contract No. DE-SC0012704. Experiments were
performed at the Advanced Photon Source, a US Department of Energy
(DOE) Office of Science User Facility operated for the DOE Office of
Science by Argonne National Laboratory under Contract No. DE-AC02-
06CH11357. Work performed at UCL was supported by EPSRC. The au-
thors acknowledge the use of the Advanced Research Computing (ARC)
facility at the University of Oxford.[96]

Conflict of Interest
The authors declare no conflict of interest.

Author Contributions
D.Y. and F.H. conceptualized the study; D.Y. and M.S. curated the data;
D.Y., M.S., E.T., I.K.R., and F.H. performed formal analysis; E.T., I.K.R.,
and F.H. acquired funding; D.Y., G.H., K.S., R.J.H., W.C., and D.N. per-
formed investigation; D.Y., B.D., K.S., R.J.H., andW.C. were associatedwith
methodology; F.H. was associated with project administration; D.Y., G.H.,
K.S., A.M, and F.H. acquired resources; D.Y., M.S., E.T., and F.H. were as-
sociated with the software; E.T., I.K.R., and F.H. supervised the study; D.Y.
and M.S. performed validation; D.Y. and M.S. visualized the study; D.Y.,
M.S., and F.H. wrote the original draft; All authors reviewed and edited the
final manuscript.

Data Availability Statement
The data that support the findings of this study are openly available
in Zenodo at https://doi.org/10.5281/zenodo.14503567, reference num-
ber 14503567.

Keywords
Bragg coherent X-ray diffraction imaging, dislocations, hydrogen
embrittlement, stainless steel, strain field

Received: January 4, 2025
Revised: July 18, 2025

Published online:

[1] F. Dawood, M. Anda, G. M. Shafiullah, Int. J. Hydrogen Energy 2020,
45, 3847.

[2] S. Tiwari, M. J. Pekris, J. J. Doherty, Int. J. Hydrogen Energy 2024, 57,
1174.

[3] A. M. Oliveira, R. R. Beswick, Y. Yan, Curr. Opin. Chem. Eng. 2021, 33,
100701.

[4] S. Griffiths, B. K. Sovacool, J. Kim, M. Bazilian, J. M. Uratani, Energy
Res. Social Sci. 2021, 80, 102208.

[5] I. E. Agency, Global Hydrogen Review 2024, Technical Report, IEA,
Paris, France 2024.

[6] W. H. Johnson, Nature 1875, 11, 393.
[7] G. M. Castelluccio, C. B. Geller, D. L. McDowell, Int. J. Plast. 2018,

111, 72.
[8] S. Li, Y. Li, Y.-C. Lo, T. Neeraj, R. Srinivasan, X. Ding, J. Sun, L. Qi, P.

Gumbsch, J. Li, Int. J. Plast. 2015, 74, 175.
[9] C. D. Beachem,Metall. Trans. 1972, 3, 441.

[10] D. S. Shih, I. M. Robertson, H. K. Birnbaum, Acta Metall. 1988, 36,
111.

[11] R. A. Oriani, P. H. Josephic, Acta Metall. 1974, 22, 1065.
[12] S. P. Lynch, Acta Metall. 1988, 36, 2639.
[13] M. L. Martin, M. Dadfarnia, A. Nagao, S. Wang, P. Sofronis, Acta

Mater. 2019, 165, 734.
[14] Y.-S. Chen, C. Huang, P.-Y. Liu, H.-W. Yen, R. Niu, P. Burr, K. L. Moore,

E. Martínez-Pañeda, A. Atrens, J. M. Cairney, Int. J. Hydrogen Energy
2024.

[15] L. Dong, S. Wang, G. Wu, J. Gao, X. Zhou, H.-H. Wu, X. Mao, Int. J.
Hydrogen Energy 2022, 47, 20288.

[16] I. M. Robertson, P. Sofronis, A. Nagao, M. L. Martin, S. Wang, D. W.
Gross, K. E. Nygren,Metall. Mater. Trans. B 2015, 46, 1085.

[17] I. M. Robertson, H. K. Birnbaum, P. Sofronis, Dislocations in Solids,
vol. 15, Elsevier, Cham 2009, pp. 249–293.

[18] Y.-S. Chen, H. Lu, J. Liang, A. Rosenthal, H. Liu, G. Sneddon, I.
McCarroll, Z. Zhao, W. Li, A. Guo, J. M. Cairney, Science 2020, 367,
171.

[19] H. K. Birnbaum, P. Sofronis,Mater. Sci. Eng. A 1994, 176, 191.
[20] L. B. Pfeil, Proc. R. Soc. A: Math., Phys. Eng. Sci. 1926, 112, 182.
[21] M. B. Djukic, G. M. Bakic, V. S. Zeravcic, A. Sedmak, B. Rajicic, Eng.

Fract. Mech. 2019, 216, 106528.
[22] M. Koyama, C. C. Tasan, E. Akiyama, K. Tsuzaki, D. Raabe, ActaMater.

2014, 70, 174.
[23] S. Lynch, Corros. Rev. 2012, 30, 105.
[24] M. Nagumo,Mater. Sci. Technol. 2004, 20, 940.
[25] W. Y. Choo, J. Y. Lee,Metall. Trans. A 1982, 13, 135.
[26] Y. Fukai, J. Alloys Compd. 2003, 356-357, 263.
[27] S. M.Myers, M. I. Baskes, H. K. Birnbaum, J. W. Corbett, G. G. DeLeo,

S. K. Estreicher, E. E. Haller, P. Jena, N. M. Johnson, R. Kirchheim, S.
J. Pearton, M. J. Stavola, Rev. Mod. Phys. 1992, 64, 559.

[28] R. Nazarov, T. Hickel, J. Neugebauer, Phys. Rev. B 2010, 82, 224104.
[29] Y. Fukai, The Metal-Hydrogen System: Basic Bulk Properties, 2nd ed.,

Springer-Verlag, Berlin 2005.
[30] Y. Li, Q. Wang, H. Zhang, H. Zhu, M. Wang, H. Wang, Int. J. Hydrogen

Energy 2023, 48, 4516.
[31] H. K. D. H. Bhadeshia, ISIJ Int. 2016, 56, 24.
[32] J. Ovejero-García, J. Mater. Sci. 1985, 20, 2623.
[33] K. Takai, J. Seki, Y. Homma,Mater. Trans. JIM 1995, 36, 1134.
[34] C. S. S. Evers,M. Rohwerder, Sci. Technol. Adv.Mater. 2013, 14, 14201.
[35] A. Griesche, E. Dabah, T. Kannengiesser, N. Kardjilov, A. Hilger, I.

Manke, Acta Mater. 2014, 78, 14.
[36] N. Miyauchi, T. Iwasawa, Y. Murase, T. Yakabe, M. Kitajima, S. Takagi,

T. Akiyama, S. Aoyagi, A. N. Itakura, Appl. Surf. Sci. 2020, 527, 146710.
[37] M. Koyama, M. Taheri-Mousavi, H. Yan, J. Kim, B. C. Cameron, S.

Moeini-Ardakani, J. Li, C. C. Tasan, Sci. Adv. 2020, 6.
[38] L. Huang, D. Chen, D. Xie, S. Li, Y. Zhang, T. Zhu, D. Raabe, E. Ma, J.

Li, Z. Shan, Nat. Mater. 2023, 22, 710.
[39] I. M. Robertson, Eng. Fract. Mech. 2001, 68, 671.
[40] P. Sofronis, I. M. Robertson, Philos. Mag. A 2002, 82, 3405.
[41] I. M. Robertson, T. Tabata, W. Wei, F. Heubaum, H. K. Birnbaum, Scr.

Metall. 1984, 18, 841.
[42] S. Wang, M. L. Martin, P. Sofronis, S. Ohnuki, N. Hashimoto, I. M.

Robertson, Acta Mater. 2014, 69, 275.
[43] D. B. Williams, B. C. Carter, Transmission Electron Microscopy: A Text-

book for Materials Science, 2nd ed., Springer, Berlin 2009.
[44] P. J. Ferreira, I. M. Robertson, H. K. Birnbaum, Acta Mater. 1998, 46,

1749.
[45] M. A. Pfeifer, G. J. Williams, I. A. Vartanyants, R. Harder, I. K.

Robinson, Nature 2006, 442, 63.
[46] J. N. Clark, J. Ihli, A. S. Schenk, Y. Y. Kim, A. N. Kulak, J. M. Campbell,

G. Nisbet, F. C. Meldrum, I. K. Robinson, Nat. Mater. 2015, 14,
780.

[47] K. W. Orr, J. Diao, M. N. Lintangpradipto, D. J. Batey, A. N. Iqbal, S.
Kahmann, K. Frohna, M. Dubajic, S. J. Zelewski, A. E. Dearle, T. A.

Adv. Mater. 2025, e00221 e00221 (12 of 13) © 2025 The Author(s). Advanced Materials published by Wiley-VCH GmbH

http://www.advancedsciencenews.com
http://www.advmat.de
https://doi.org/10.5281/zenodo.14503567


www.advancedsciencenews.com www.advmat.de

Selby, P. Li, T. A. Doherty, S. Hofmann, O. M. Bakr, I. K. Robinson, S.
D. Stranks, Adv. Mater. 2023, 35, 2305549.

[48] A. Singer, M. Zhang, S. Hy, D. Cela, C. Fang, T. A. Wynn, B. Qiu, Y.
Xia, Z. Liu, A. Ulvestad, N. Hua, J. Wingert, H. Liu, M. Sprung, A. V.
Zozulya, E. Maxey, R. Harder, Y. S. Meng, O. G. Shpyrko, Nat. Energy
2018, 3, 641.

[49] A. Yau, R. J. Harder, M. W. Kanan, A. Ulvestad, ACS Nano 2017, 11,
10945.

[50] C. Atlan, C. Chatelier, I. Martens, M. Dupraz, A. Viola, N. Li, L. Gao,
S. J. Leake, T. U. Schülli, J. Eymery, F. Maillard, M. I. Richard, Nat.
Mater. 2023, 22, 754.

[51] F. Hofmann, N. W. Phillips, S. Das, P. Karamched, G. M. Hughes, J.
O. Douglas, W. Cha, W. Liu, Phys. Rev. Mater. 2020, 4, 013801.

[52] J. R. Fienup, Appl. Opt. 1982, 21, 2758.
[53] A. P. Zhilyaev, T. G. Langdon, Prog. Mater. Sci. 2008, 53, 893.
[54] D. G. Ulmer, C. J. Altstetter, Acta Metall. Mater. 1993, 41, 2235.
[55] D. Yang, N. W. Phillips, K. Song, R. J. Harder, W. Cha, F. Hofmann, J.

Synchrotron Radiat. 2021, 28, 550.
[56] R. Kirchheim, Acta Mater. 2007, 55, 5129.
[57] P. M. Anderson, J. P. Hirth, J. Lothe, Theory of Dislocations, 3rd ed.,

Cambridge University Press, Cambridge, MA 2017.
[58] A. Abu-Odeh, M. Cottura, M. Asta, Acta Mater. 2020, 193, 172.
[59] M. Nagumo, ISIJ Int. 2001, 41, 590.
[60] J.-P. Du, W. T. Geng, K. Arakawa, J. Li, S. Ogata, J. Phys. Chem. Lett.

2020, 11, 7015.
[61] Y. Murakami, T. Kanezaki, Y. Mine, Metall. Mater. Trans. A 2010, 41,

2548.
[62] K.-S. Kim, Q.-J. Li, J. Li, C. C. Tasan, Nat. Commun. 2025, 16, 3936.
[63] D. Xie, S. Li, M. Li, Z. Wang, P. Gumbsch, J. Sun, E. Ma, J. Li, Z. Shan,

Nat. Commun. 2016, 7, 13341.
[64] M. Hatano, M. Fujinami, K. Arai, H. Fujii, M. Nagumo, Acta Mater.

2014, 67, 342.
[65] S. I. Rao, D. M. Dimiduk, T. A. Parthasarathy, M. D. Uchic, C.

Woodward, Acta Mater. 2013, 61, 2500.
[66] E. H. Yoffe, Philos. Mag. 1961, 6, 1147.
[67] P. Sofronis, H. K. Birnbaum, J. Mech. Phys. Solids 1995, 43, 49.
[68] P. Rozenak, L. Zevin, D. Eliezer, J. Mater. Sci. Lett. 1983, 2, 63.
[69] F. Hofmann, D. Nguyen-Manh, M. R. Gilbert, C. E. Beck, J. K. Eliason,

A. A. Maznev, W. Liu, D. E. Armstrong, K. A. Nelson, S. L. Dudarev,
Acta Mater. 2015, 89, 352.

[70] P. Kumar, P. Garg, K. N. Solanki, I. Adlakha, Int. J. Hydrogen Energy
2021, 46, 25726.

[71] H. Yu, I. H. Katzarov, A. T. Paxton, A. C. Cocks, E. Tarleton, Phys. Rev.
Mater. 2020, 4.

[72] P. Godard, G. Carbone,M. Allain, F.Mastropietro, G. Chen, L. Capello,
A. Diaz, T. H. Metzger, J. Stangl, V. Chamard,Nat. Commun. 2011, 2,
568.

[73] X. Li, X. Ma, J. Zhang, E. Akiyama, Y. Wang, X. Song, Acta Metall. Sin.
2020, 33, 759.

[74] K. Bártová, M. Dománková, J. Bárta, P. Pastier,Materials 2022, 15.
[75] M. Naghizadeh, H. Mirzadeh,Metall. Mater. Trans. A 2018, 49, 2248.
[76] D. Sayre, Acta Crystallogr. 1952, 5, 843.
[77] O. Y. Gorobtsov, H. Hirsh, M. Zhang, D. Sheyfer, L. H. B. Nguyen,

S. D. Matson, D. Weinstock, R. Bouck, Z. Wang, W. Cha, J. Maser, R.
Harder, Y. S. Meng, A. Singer, Adv. Energy Mater. 2023.

[78] I. Robinson, R. Harder, Nat. Mater. 2009, 8, 291.
[79] A. G. Shabalin, M. Zhang, W. Yao, R. Rysov, Z. Ren, D. Lapkin, Y.-Y.

Kim, D. Assalauova, N. Mukharamova, M. Sprung, I. A. Vartanyants,
Y. S. Meng, O. G. Shpyrko, J. Synchrotron Radiat. 2023, 30, 445.

[80] C. C. Chen, J.Miao, C.W.Wang, T. K. Lee, Phys. Rev. B: Condens.Matter
Mater. Phys. 2007, 76, 064113.

[81] B. C. McCallum, R. H. Bates, J. Mod. Opt. 1989, 36, 619.
[82] S. Marchesini, H. He, N. Chapman, P. Hau-Riege, A. Noy, R. Howells,

U. Weierstall, H. Spence, Phys. Rev. B 2003, 68, 140101(R).
[83] A. Ulvestad, Y. Nashed, G. Beutier, M. Verdier, S. O. Hruszkewycz,

M. Dupraz, Sci. Rep. 2017, 7, 9920.
[84] A. M. Brass, J. Chêne, Corros. Sci. 2006, 48, 3222.
[85] D. Yang, M. T. Lapington, G. He, K. Song, M. Zhang, C. Barker, R. J.

Harder, W. Cha, W. Liu, N. W. Phillips, F. Hofmann, J. Appl. Crystallogr.
2022, 55, 1184.

[86] M. Guizar-Sicairos, S. T. Thurman, J. R. Fienup, Opt. Lett. 2008, 33,
156.

[87] A. Arsenlis, W. Cai, M. Tang, M. Rhee, T. Oppelstrup, G. Hommes, T.
G. Pierce, V. V. Bulatov,Mol. Simul. Mater. Sci. Eng. 2007, 15, 553.

[88] W. Cai, V. Bulatov,Mater. Sci. Eng. A 2004, 387–389, 277.
[89] H. Yu, A. Cocks, E. Tarleton, J. Mech. Phys. Solids 2019, 123, 41.
[90] V. Bulatov, W. Cai, Computer Simulations of Dislocations, OUP, Oxford,

UK 2006.
[91] E. V. der Giessen, A. Needleman,Modell. Simul. Mater. Sci. Eng. 1995,

3, 689.
[92] D.Weygand, L. H. Friedman, E. V. der Giessen, A.Needleman,Modell.

Simul. Mater. Sci. Eng. 2002, 10, 437.
[93] J. A. El-Awady, S. Bulent Biner, N. M. Ghoniem, J. Mech. Phys. Solids

2008, 56, 2019.
[94] D. M. Barnett, Philos. Mag. A 1985, 51, 383.
[95] D. M. Barnett, R. W. Balluffi, Philos. Mag. Lett. 2007, 87, 943.
[96] A. Richards, University of Oxford Advanced Research Computing,

2015, https://zenodo.org/record/22558 (accessed: December 2022).

Adv. Mater. 2025, e00221 e00221 (13 of 13) © 2025 The Author(s). Advanced Materials published by Wiley-VCH GmbH

http://www.advancedsciencenews.com
http://www.advmat.de
https://zenodo.org/record/22558

