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Abstract 

In this work, new reconstruction and analysis methods were developed for 3D field ion 

microscopy (FIM) data, motivated by the goal of atomic scale characterisation of radiation 

damage for fusion applications.  

A comparative FIM/ atom probe tomography (APT) study of radiation damage in self-implanted 

tungsten revealed FIM advantages in atomistic crystallographic characterisation, able to identify 

dislocations, large vacancy clusters, and single vacancies. While the latter is beyond the detection 

capabilities of APT, larger damage features were observed indirectly in APT data via trajectory 

aberrations and solute segregation.  

An automated 3DFIM reconstruction approach was developed to maintain reliable, atomistic, 3D 

insights into the atomic arrangements and vacancies distribution in ion-implanted tungsten. The 

new method was utilized for the automated ‘atom-by-atom’ reconstruction of thousands of 

tungsten atoms yielding highly accurate reconstructions of atomically resolved poles but also 

applied to larger microstructural features such as carbides and a grain boundary, extending 

across larger portions of the sample. Additional tools were developed to overcome 

reconstruction challenges arising from the presence of crystal defects and the intrinsic distortion 

of FIM data. Those were employed for the automated 3D mapping of vacancies in ion-implanted 

tungsten, analysing their distribution in a volume extending across 50nm into the depth of the 

sample.  

The new FIM reconstruction also opened the door for more advanced analyses on FIM data. It 

was applied to the preliminary studies of the distortion of the reconstructed planes, found to 

depend on crystallographic orientation, with an increased variance in atomic positions measured 

in a radial direction to the centre of the poles. Additional analyses followed the subtle 

displacements in atomic coordinates on consecutive FIM images, to find them affected by the 

evaporation of atoms from the same plane. The displacements were found to increase with size 

as the distance to the evaporated atom decreased, and are likely to be the result of a convolution 

between image gas effects, surface atoms relaxation, and charge re-distribution. These 

measurements show potential to probe the dynamic nature of the FIM experiment and possibly 

resolve contributions from the different processes effecting the final image. 

Finally, APT characterisation was performed on bulk and pre-sharpened needles to determine 

the effect of sample’s geometry on the resulting implantation profiles, and the extent to which 

pre-sharpened needles could be employed in radiation damage studies. While the ions depth 

profiles in needles were not found within a good match to SRIM simulations, the damage profiles 

exhibited closer agreement. Further, the concentration of implanted ions in bulk samples was 

found significantly higher than in the respective needle implanted samples, with excessive loss 

found for the light ion implantation. 
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1 Introduction 

Materials performance is intimately linked to microstructural architecture at the atomic-scale. 

The continued development of models to explain mechanical properties, and ultimately design 

new and improved materials is therefore critical for an increasing number of applications. 

However, directly imaging in 3D not only all constituent atoms within a material, but also 

vacancies and other types of defects, has proven to be beyond the resolution limit of most 

current conventional microscopy techniques, and remains a formidable challenge.     

Such atomic-scale characterisation capabilities are essential in radiation damage studies. A 

remaining hurdle in the development of nuclear fusion power generation is the lack of materials 

that can withstand the extreme operating conditions inside the reactor [1]. A thorough 

understanding of radiation-induced degradation mechanisms of the internal microstructure 

under such conditions is therefore of paramount importance. Bombardment by neutrons 

initializes atomic scale changes in the microstructures of materials inside the reactor in the form 

of displaced lattice atoms, along with chemical products of transmutation reactions. These initial 

atomic scale changes  further develop into a variety of chemical and structural features [2], [3] 

which can ultimately undermine critical mechanical properties through phenomena such as 

radiation induced embrittlement [4], radiation hardening [5] and radiation induced clustering [6]. 

It is therefore crucial to fully understand mechanisms that are in operation from even the earliest 

stages of atomic scale damage. Such knowledge will allow the accurate evaluation of operational 
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lifetime of the different components and the development of new, sustainable materials towards 

internal components of nuclear reactors.  

Recent efforts in electron microscopy have proposed complex solutions to atomic-scale 

tomographic imaging of materials [7], [8]. Field ion microscopy (FIM) however was the first 

microscopy technique to image individual atoms, lattice defects in metals including single 

vacancies[9], interstitials and extended dislocations [10], [11]. In contrast to other high-

resolution microscopy techniques, FIM relies on the ionization of inert gas atoms from prominent 

positions on the specimen surface exploiting an intense electric field. Although each FIM image 

is intrinsically 2D, pulsed evaporation of surface atoms results in a series of images, each 

representing a ‘snapshot’ of the surface during the field evaporation process. As the depth of the 

specimen is probed by the removal of the constituent atoms, the images progressively provide 

3D atomic information on the specimen.  FIM’s experimental procedures as well as data analysis 

are currently manual, laborious tasks. 

In recent years FIM has been somewhat overshadowed by the emergence of Atom Probe 

Tomography (APT). APT is similarly based on the concept of field evaporation of specimen atoms 

from the surface [12]. The evaporated ions strike a position-sensitive detector and their time-of-

flight is measured, informing as to their chemical identity. Ultimately, using the digitally-recorded 

detector coordinates and a reverse-projection model, a 3D atomistic reconstruction of the tip is 

obtained [13]. 

With the rise to prominence of APT, the potential of its forerunner, field ion microscopy (FIM), 

has largely been overlooked. While APT has proven capabilities for the study of small scale 
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radiation induced chemical changes [14], it lacks the necessary spatial resolution and detection 

efficiency to image individual sites on the crystal lattice and therefore struggles in the direct 

imaging of atomic scale crystal damage [15]. FIM, on the other hand, is comparatively more 

limited in terms of analytical capabilities, however it enables direct imaging of complete 

crystallographic arrangements of atoms on the surface of the sample, and can therefore 

constitute as a highly beneficial complementary technique to APT.  

This thesis aims to further establish FIM as a leading instrument to atomic scale crystallographic 

characterisation specifically focusing on applying FIM to radiation damage studies. In terms of 

materials tungsten is at the experimental focus of this work, as it is a leading candidate for future 

fusion reactors components, along with being a well-studied material in FIM.  

The background chapter will explore important terms in the fields of radiation damage and field 

emission microscopy (the term is used in this thesis to describe APT, FIM and similar techniques 

based on field induced processes). The role of tungsten in new fusion reactors is discussed as well 

as radiation damage mechanisms, and current practices in radiation damage experimental 

studies. Further, the operational mechanisms of FIM and APT will be explained. Since the FIM 

technique is at the centre of this thesis, a special emphasis is placed on the review of data analysis 

techniques for FIM.  Finally, FIM and APT studies of radiation damage in tungsten are reviewed, 

highlighting their past and potential contributions to the field. All experimental methods 

employed in this thesis are described in chapter 2.  



Introduction                                                                                                                             Michal Dagan  
 

4 
 

In chapter 3 a combined APT/FIM study of radiation-induced crystal damage in tungsten samples 

is demonstrated. The strengths and weaknesses of each technique are discussed and compared, 

and the complementary value of FIM to APT is proven.  

Chapters 4-8 are focused on expanding FIM capabilities in 3D and developing new tools to analyse 

and reconstruct 3DFIM data. In order to fully utilize the unique imaging capabilities of FIM and 

explore larger volumes accurately and consistently, chapter 4 introduces the first automated 

‘atom-by-atom’ approach to 3D FIM data reconstruction. Chapter 5 demonstrates advanced 

information extractable from the FIM experiment, as sub-angstrom displacements of atomic 

positions on FIM images are measured with the new technique. Chapter 6 utilizes the new 

method to analyse the reconstructed structure, quantifying its divergence from the expected 

crystallographic structure in cases of both damaged and un-damaged reconstructed volumes. 

Chapter 7 applies the technique to the reconstruction of microstructural features across a wider 

area of the sample than the previously analysed atomically-resolved poles, demonstrating how 

larger volumes can be reconstructed. Chapter 8 expands the reconstruction method to handle 

volumes of the lattice that contain defects. The vacancy distribution along the depth of an ion-

implanted tungsten sample is extracted with the new technique. Finally, chapter 9 addresses the 

unique sample geometry required to perform FIM/APT experiments, exploring its influence on 

the resulting radiation damage profiles.  

1.1 Tungsten in nuclear fusion - Introduction 

The continued rise of global population and living standards is creating a massive increase in 

energy consumption [16]. This has driven research into new energy production technologies with 
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an added emphasis on clean and safe energy production. Fossil fuels, nuclear fission, renewables 

will all contribute to fulfil some of the world's energy requirements in the foreseeable years to 

come [16], [17] . Fusion based energy is being increasingly recognized as a potential alternative 

that could offer a secure source of energy with no production of greenhouse gases, no long-lived 

radioactive waste and almost unlimited fuel supplies. 

The fuels used in fusion reactors are deuterium and tritium mixes, found to produce the highest 

energetic gain at the lowest temperatures. In a chemical reaction, the D-T or D-D particles are 

fused together to create heavier elements. The easiest reaction to initiate is given by: 

D + T   𝟒He (3.5 MeV) +  n (14.1 MeV) 

For the fusion reaction to occur, extreme temperatures (millions of Celsius) have to be achieved 

for the nuclei to overcome the repulsive coulomb barrier between them, therefore they are 

heated to a plasma state [18]. The DT fusion reaction releases a large amount of energy, mostly 

in the form of high energy (14 MeV) neutrons that can be harvested, nearly 4 million times more 

energy than the equivalent burning of coal, oil or gas [19].   

The unlimited supply of fuels is another advantage to fusion energy.  Deuterium can be extracted 

from sea water and tritium is produced inside the fusion reactor as free neutrons interact with 

lithium (which in turn exists in the earth crust and sea reserves in quantities sufficient to last 

millions of years) [19]. 

The sustainability of the fusion reactor has been instigated in the Joint European Torus (JET) 

project [18], soon to be followed by the 'International Thermonuclear Experimental Reactor' 

(ITER) [19], [20] and the 'Demonstration' power plant (DEMO) [21], the next significant stages 
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towards a self-sustaining, energetically profitable fusion reactor [22], [23]. While the goal of ITER 

is to demonstrate a large scale operable fusion reactor, DEMO will be the first demonstration of 

a fusion reactor power plant. 

JET, ITER and DEMO are all designed to operate a Tokamak based fusion reactor. In this approach, 

the heated plasma required to sustain the fusion reaction is confined magnetically within a 

Tokamak – a torus shaped device that is used to confine the plasma by creating magnetic fields 

travelling both around the torus, and in circles orthogonal to it [24]. However, materials selection 

for the plasma facing components of the Tokamak is a great challenge due to the extreme 

conditions they are expected to withstand. 

This section reviews tungsten’s potential role in new fusion reactors, the different damage 

mechanisms operating under irradiation conditions, and the methods currently used to simulate 

and study radiation damage.  

1.1.1 Tungsten for use in Tokamak 

 

The extreme conditions of high temperatures and highly energetic neutrons inside a fusion 

reactor make materials selection for construction of the Tokamak a true challenge. Candidate 

materials must have low activation energies to minimize radioactive waste production, high 

melting temperature, thermal fatigue resistance, strength, ductility in the range of working 

conditions and resistance to a range of different types of degradation damage [1], [25], [26].  

Since both face the plasma, the blanket and divertor are considered the most challenging 

components to design in ITER. Carbon fibre composites meet many of the requirements for 

plasma facing components (PFCs) and were studied intensively as an initial leading option [27]. 
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However, their extremely rapid erosion rate under neutron bombardment makes them 

unsuitable for use as long-term components in a fusion reactor [28]. Beryllium and tungsten are 

alternative candidate materials and their behaviour under suitable conditions is now the focus of 

significant research [29]–[31]. 

The divertor plays an important role in securing the steady operation of the fusion reactor by 

controlling the concentration of impurities and helium ash in the plasma. Impurities of first wall 

materials, as well as helium and hydrogen created from the fusion reaction along with excess 

heat, must be removed from the plasma in order to sustain the fusion reaction [19]. These 

impurity ions are magnetically directed towards the divertor plates, located at the bottom of the 

Tokamak, as can be seen in Figure 1.1a. As they strike, their kinetic energy turns to heat which is 

then removed by cooling water. As about 15% of the fusion generated heat as well as highly 

energetic plasma impurities are to be removed through the divertor [4], it stands to be the 

highest thermally loaded component in the reactor, with a peak load of 20 MW/m2 in the ITER 

design [19] (10 MW/m2  under normal operation conditions). Tungsten is currently the leading 

choice for the ITER divertor armour material. 

The blanket in ITER is designed to protect the inner walls of the vacuum vessels in which the 

fusion reaction takes place, and the magnet system from the heat and high energy neutrons. The 

plasma facing surface of these blankets is called the first wall and is illustrated in Figure 1.1b. The 

first wall is expected to experience heat flux of 0.5 𝑀𝑊/𝑚2 under standard operation conditions, 

peaking at 1.2 𝑀𝑊/𝑚2  [21]. While tungsten was considered for the first wall, and is still being 

investigated for the first wall in future designs, the current selection for ITER is beryllium [19]. 
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Figure 1.1 (adapted from [19]): Plasma facing components of the Tokamak for which tungsten is being considered 
(a) Divertor : extracts heat and ash to reduce plasma contamination. (b) The first wall/blanket: protects the vacuum 
vessels and magnets from heat and neutrons. 

Tungsten is the element with the highest melting temperature of 3422℃. It has high thermal 

conductivity, a low expansion coefficient and low erosion rate [32]. However, under irradiation 

conditions these qualities may change, and these changes are at the heart of extensive current 

investigations [4], [33]. The brittle-ductile transition temperature (BDTT) in tungsten lies in the 

range of 150-500℃ (depending on microstructure, loading method, strain rate) and can be 

shifted up by hundreds of degrees due to neutron damage [34],[4]. Tungsten’s embrittlement 

and high BDTT are a major limitation for tungsten use. The upper temperature limit for tungsten 
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use was shown to be restricted by thermal creep, helium embrittlement and corrosion, narrowing 

the operation temperature window further to 800-1300℃ [34]. 

1.1.2 Radiation damage mechanisms 

Radiation damage in fusion reactors is the result of the different elastic and in-elastic interaction 

routes component materials have with the free neutrons produced in the fusion reaction. The 

different interaction types are schematically described in Figure 1.2, and are detailed in the next 

sections. 

 

Figure 1.2 [1]: Schematic illustration of the different interaction types between the hitting neutrons and lattice 
atoms. The impacting particle (in orange) can cause primary displacements of lattice atoms (PKA) resulting in 
vacancies and self-interstitials. Neutrons can also cause transmutation of lattice atoms resulting the creation of 
helium atoms. 

1.1.2.1 Displacement damage 

For an atom to be displaced from its lattice position, a minimum value of energy needs to be 

transferred to the atom in the collision. This energy is termed the displacement energy, 𝐸𝑑, and 
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is a function of the crystallographic direction. It is found to be 42eV / 70eV  for [001] / [011] 

directions respectively in tungsten [35]. The first atom displaced by the interaction with the 

colliding neutron is called the primary knock on atom (PKA). PKAs with an energy larger than 𝐸𝑑 

go on to deflect other atoms in the lattice, causing a cascade of displacements in the atomic 

structure, resulting in Frenkel pairs of self-interstitial atoms and vacancies [36]. Defects in the 

cascade, and from different cascades will tend to agglomerate to form larger type defects that 

are more thermodynamically stable, where the agglomeration behaviour tightly depends on the 

temperature and defect concentration. Voids are found to be the more stable configuration in 

comparison to vacancy loops as their formation energy is smaller [37]. Vacancies are more 

facilitated in fusion environments as helium and hydrogen (by-products of the fusion reaction) 

form stable complexes with vacancies [38], [39].  Due to the large difference in migration energy 

of vacancies and self-interstitials (SIAs), 1.78eV for vacancies, vs 0.088-0.102eV  for SIAs in 

tungsten [40], [41], SIA’s are much harder to image, and require very low irradiation and 

observation temperatures to be detected in the field ion microscope (which is at the 

experimental focus of this research) [42]. 

1.1.2.1.1 Quantification of damage 

Several models exist to quantify the number of displaced atoms by one PKA. The most commonly 

used is the Kinchin and Pease (K-P) model [43], also employed by the SRIM software used in this 

thesis. The model assumes head-on elastic collisions, a threshold value 𝐸𝑑 for the energy required 

to displace a lattice atom, and an energy cutoff value 𝐸𝑐, for the energy transferred to an atom 

in a collision.  According to the model, below 𝐸𝑑 no displacements will be added, and any energy 

access above 𝐸𝑐 would be entirely dissipated in electronic excitation and ionization. Between 𝐸𝑐 
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and 𝐸𝑑 a linear relation between the number of displaced atoms and the energy of the PKA is 

assumed. It is important to note that the model does not take into account any relaxation and 

recombination processes that occur after the initial creation of defects and is effectively 

representative of the defects distribution at 0K. Figure 1.3 plots the predictions of the model for 

the number of displaced atoms as a function of the energy of the colliding ion. As can be seen, at 

an energy above the cutoff, 𝐸𝑐, the number of displaced atoms reaches saturation, while below 

𝐸𝑑 no displacement occurs. 

 

Figure 1.3 [44]: Predictions of the K-P model for the number of displaced atom in a single PKA event as a function of 
the impacting ion. Threshold energies are set such that below 𝐸𝑑  no displacemens occur and above 𝐸𝑐  the number 
of displaced atoms saturates. 

The NRT model [45] which is based on the K-P method incorporates a more detailed approach to 

the quantification of the dissipated energy in collisions and electronic loses. The NRT model 

assumes that only a fraction of the original PKA energy is available for elastic scattering, and that 

the number of displaced atoms is dependent on this fraction of PKA energy. According to the NRT 

model, which was adopted by the international community as the standard method for damage 

calculations, the number of stable Frenkel-pairs produced by a PKA is given by: 

𝜈𝑁𝑅𝑇 = 0.8𝑇𝑑𝑎𝑚(𝐸𝑃𝐾𝐴)/2𝐸𝑑 
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Where 𝐸𝑃𝐾𝐴 is the energy of the PKA and 𝑇𝑑𝑎𝑚 is the energy portion dissipated in elastic 

collisions.  Note that the factor ‘0.8’ was experimentally found to be a function 𝐸𝑃𝐾𝐴 [46]. Both 

low temperature measurements in metals [47] and elevated temperature segregation 

measurements in alloys [48], [49] showed a decrease in this factor associated with ‘ the damage 

efficiency’, with increasing PKA energy. This dependence is often disregarded by common 

radiation damage calculations, and should be remembered when comparing different energy 

implantation results. 

For the purpose of comparative discussion between different irradiation parameters, the notion 

of ‘dpa’ – displacements per atom, was introduced into the field, and is currently being used to 

replace the total number of displaced atoms. ‘dpa’ can be thought of as normalized 

displacements number, describing the number of displacements for a given volume, divided by 

the theoretical number of atoms expected within the material. Irradiations of particles with 

different energies, or at different doses, can potentially generate similar ‘dpa’ values, 

demonstrating that the ‘dpa’ measure is not representative of those, and allow comparison 

between experiments across a wide range of parameters. ‘dpa’ can be calculated from the SRIM 

software output for a set of ion/target and energy, as will be explained in chapter 2. While there 

is an ongoing discussion about the validity of the SRIM output, and its alignment with the NRT 

model, and in turn, the real number of created defects [50], [51] the true value of the ‘dpa’ 

quantity is the comparative approach to other systems, and even across radiation sources. It is 

therefore important, for the validity of the comparisons to use the standard ASTM guide for SRIM 

selection parameters [52].  
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It is important to note that the final defect distribution inside tungsten samples will greatly 

depend on the operating temperature, which is completely omitted from the calculations 

described above. Recovery stages can occur in tungsten, resulting in recombination of defects 

and clustering of defects at temperatures where they are mobile. Such recovery processes have  

mostly been measured by electrical resistivity changes [53], [54], FIM [55], [56], and TEM [57]. 

Five stages were identified in accordance with the recovery mechanism active in each stage, each 

operating within a different temperature range. The species migrating at each stage are still 

under debate, however three prominent stages are agreed upon, with stage 1 corresponding to 

the movement of free interstitials at temperatures below -170℃, Stage 3 at 350℃ corresponding 

with mono-vacancy mobility, and stage 5 at 1000℃ corresponding to the dissolution of small 

vacancy clusters.  

1.1.2.2 Transmutation damage 

Transmutation occurs as a result of slow neutrons being absorbed by the target material, 

changing its mass or atomic number (or both). As can be expected such reactions over time can 

lead to significant changes in the materials composition, microstructure, and in turn, mechanical 

properties. Transmutation also results in the formation of helium and hydrogen. These dissolved 

gases often cause considerable volume changes in the crystal lattice via swelling and blisters 

[58],[59]. They were also recently found to have a significant impact on tungsten’s hardness, as 

it was found to increase post helium implantation [5].  

According to simulations, the expected transmutation composition in the first wall of ITER after 

1 year is [98 at% W, 0.91 at% Re, 0.06 at% Os] , after 3 years: [96.3 at% W, 2.59 at% Re, 0.53 at% 

Os] and [94 at% W, 3.8 at% Re, 1.38 at% Os], after five years, along with helium and hydrogen 
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that make up the rest of the composition [2]. These new metal elements can lead to the 

formation of intermetallic phases, which will have an effect on the component’s mechanical 

properties. Tungsten transmutation into rhenium, combined with displacement damage was 

seen to result in the formation of WRe clusters and irradiation hardening that increased linearly 

with rhenium content when exposed to displacement damage above 1.5 dpa [6]. Further 

transmutation to osmium was found to suppress the clustering but significantly harden the 

material [60].  

 

Figure 1.4: [2] Predictions for transmutation products of tungsten after 5 years of operation under first wall 
conditions. 

1.1.3 Ion implantations  

Radiation damage studies require a controlled environment of experimental conditions 

characteristic of different stages in the life time of a fusion reactor. Current lab-scale fusion 

reactors do not operate in a continues mode as future fusion reactors are expected to, and 

control of irradiation dose, rate and temperature is very difficult to achieve. Accelerator based 

facilities can generate the necessary 14.1 MeV neutrons characteristic of fusion reaction [61], 
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however these operate at an order of magnitude lower flux than real time fusion reactors, and 

are expected to generate helium and hydrogen at levels 5-10 times above the fusion reactor 

predictions per dpa, as well as a variety of transmutation products  not expected in a fusion 

reactor. Fission reactors have also been utilized to study radiation damage. However, as the 

characteristic neutron energy is lower (<2MeV), the damage cascades caused by fission neutrons 

are smaller. Further, their operating temperatures are significantly lower than those expected 

for a fusion reactor, and less hydrogen and helium will be generated in a fission reactor [62].  

To this end the ‘international fusion materials irradiation facility’ (IFMIF) is in design stages and 

is expected to provide continuous high neutron flux tailored for future nuclear plants materials 

selection [63],[64],[1]. This project is based on two parallel deuteron accelerators and a Li screen 

and is expected to be operational by the middle of the next decade. 

Figure 1.5 compares the neutron spectrum and helium/dpa production in a number of different 

irradiation facilities. 

 

Figure 1.5:  (a) Neutron Spectrum of different irradiation facilities [64] (b) Helium/dpa expected in different 
irradiation facilities[65]. HFR,BOR-60 are fission reactors. ESS,XADS,MTS,SNS,SINQ are spallation sources. 
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Ion implantations are currently the most utilized technique to simulate radiation damage. These 

are readily available worldwide and can produce lattice displacements in much shorter time 

scales than fission reactors (several dpa per day, about 5 times faster than a fission facility). Ion 

implantations do not induce transmutation therefore their products are not radioactive and are 

easier to handle. The dose, temperature and energy spectrum are easy to control. However, the 

analogy to neutron radiation is not complete for these reasons precisely. The expedited dose rate 

of damage is a cause for concern to the validity of the simulation. Moreover, ion implantation 

damage is confined nearer to the surface in ion irradiations, while neutrons can penetrate much 

deeper into the lattice before they interact with an atom in a head-on collision. Transmutation 

effect will not occur in ion implantation and so a variety of W-Re-Os compositions will have to be 

produced and tested to simulate transmutation in tungsten. Finally, while reactor neutron 

radiation is characterised by a spectrum of energies, ion implantations are of a constant energy, 

and can only be combined sequentially to simulate a wide spectrum. Several works have 

investigated the damage profiles in tungsten implanted with tungsten ions in comparison to 

neutrons and were able to find combinations of implantation conditions where a good match 

was achieved [66], [67]. In spite of its shortcomings, self-ion implantations are commonly 

employed in tungsten to simulate displacement damage. These implantations can also be 

performed sequentially with helium and hydrogen implantation to closely simulate the situation 

in a fusion reactor [5].  

1.2 Field emission microscopy - Introduction 

Field emission microscopy is a term referring to several microscopy techniques that employ the 

phenomena of field ionization or field evaporation. By applying high voltage, thus generating high 
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electric fields in the direct vicinity of the needle-shaped specimen, atoms are removed from its 

surface to form an atomically-resolved image [12]. Two of the most prominent field emission 

techniques that are the focus of this thesis are field ion microscopy (FIM) and atom probe 

tomography (APT). 

With growing demand for the development of new nanostructured materials, APT has become 

an important, mainstream technique to characterise both structural and chemical nano-scale 

phenomena.  

Since the invention of the FIM in 1951 by E.W.Muller [68] , FIM has been employed to a variety 

of metallurgical systems [69], including  GP zones in steels [70], nitrides in Fe-Cr alloys [71] and 

fine scale precipitates in CuFeNi [72], as well as nickel and titanium aluminides [73]. It was also 

used to study the structure of grain boundaries [74], along with diffusion and adsorption 

behaviour in metal surfaces [75]. More recently, FIM has been uniquely employed to study real-

time chemical reaction behaviours of catalytic hydrogenation of NO and NO2 on platinum-group 

metals [76], and dopant clustering behaviour in ion-implanted silicon [77]. 

Ground-breaking research in the 1960’s and 1970’s demonstrated the unique insights FIM can 

bring into the study of radiation damage, in particular to primary stages of damage [56], [78]–

[80]. In this irradiation regime the dose of implantations is low such that damage cascades 

corresponding to different colliding ions are not interacting with each other. In particular, they 

are characterised by very small, sometimes atomic-sized defects, which remain unresolved by 

traditional microscopy techniques. In a series of experiments, Seidman et al. directly imaged the 

early stages of radiation damage, manifesting as very small, atomic-scale defects in the crystal 
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lattice by developing a novel 3D FIM approach, characterising spatial distributions and densities 

of vacancies [79]–[81]. 

Subsequent instrumental advances [82] such as the incorporation of laser pulsing [83] and the 

position sensitive detector [84] have led to the development of the atom probe in which chemical 

analysis and 3D reconstruction were also made possible. Atom probe has provided new insights 

into the microstructure of materials, and has been used in materials science to study crystal 

defects, phase compositions, solute/dopant clustering, precipitation and more. It has been 

extended  to study electronic materials [85], thin films and multilayers [86], amorphous materials 

[87], geological samples [88] and has also been greatly employed for the study of nuclear 

materials [14]. Among these, case studies include radiation-induced clustering in tungsten alloys 

[60], precipitation in thermally aged reactor pressure vessels (RPV) steels [89]–[92], particle 

stability and distribution of oxide particles in oxide dispersion strengthened steels (ODS) [93]–

[95], and surface oxidation processes of stainless steels [96] and zirconium alloys [97] in corrosive 

environment. 

In this chapter, the operational mechanisms of the two most prominent instruments of field 

emission microscopy, the field ion microscope and its successor the atom probe, will be discussed 

in detail. Special emphasis is given to FIM reconstruction methods, as these are a main objective 

of this thesis.  
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1.2.1 Field ion microscopy 

Field Ion Microscopy (FIM) is a 2-dimensional imaging technique based on the process of field 

ionization, which has the capacity to map the configuration of atoms on the surface of the 

specimen with atomic resolution.  

In this technique, the specimen takes the form of a very sharp needle, with a tip diameter size of 

several tens of nms. The sample is placed inside a vacuum chamber cooled to a cryogenic 

temperature, into which a small amount (~3×10−5𝑚𝑏𝑎𝑟) of inert imaging gas such as neon or 

helium is admitted. A high voltage (several kV) is then applied to the specimen. Due to the sharp 

geometry of the specimen this voltage generates an intense electric field at the apex of the tip, 

according to the field-radius relation: 

𝐸 =
𝑉

𝑘𝑓𝑅
 

where 𝑅 is the radius of the tip (approximated to be a perfect sphere), 𝑘𝑓 is the field factor 

accounting for the geometry deviation from the perfect sphere (evaluated in [98], [99] to be 2.5-

8 for tungsten)  and 𝑉 is the applied voltage. It is also according to this field-radius relation that 

regions of protruding atoms on the surface will generate higher fields, as those can be regarded 

as local regions of even smaller radius and larger charge density [12]. 

The small radius of the tip is therefore necessary to generate an intense electric field, causing 

polarized atoms of imaging gas to be attracted and absorbed to its surface in a process called 

field adsorption. Given a sufficiently high field, the gas atoms are subsequently ionized in a 

process termed field ionization, before being accelerated by the electric field away from the tip 
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towards a micro channel plate/ phosphor screen, creating a highly magnified image of its surface, 

as seen in Figure 1.7. 

Several models exist to describe the field adsorption and ionization mechanism of the gas and 

define the potential barrier for the process [100]–[104]. Gas atoms that reach the surface are 

thought to collide with the surface, and gradually lose their energy in a decaying series of jumps 

across the surface of the sample [102], [101]. As their velocity is reduced, the time spent on high 

field atomic sites is increased, increasing the probability for ionization. In the field ionization 

process an electron from the outer shell of a gas atom will tunnel through its field-distorted 

potential barrier to an empty energy level at the metallic surface of the sample [100]. On the one 

hand, the probability for tunnelling increases as the field is higher, therefore the probability is 

increased in the vicinity of high-field atomic positions. On the other hand, tunnelling requires the 

electron to have an energy higher than the lowest conduction band of the metal, therefore the 

probability for ionization is lowered right at the surface where gas atoms are slowed to an energy 

too low [103]. A critical distance can therefore be defined, 𝑋𝑐, for the optimal distance for 

ionization of gas atoms from the surface:  

𝑋𝑐 =
𝐼0 − ∅𝑒

𝑒𝐸
 

Where 𝐼0 is the first ionization energy, ∅𝑒 is the work function of the surface, 𝐸 is the electric 

field. 𝑋𝑐 is estimated at 0.4nm above the surface for FIM of a tungsten sample imaged with 

helium, with a very narrow 0.1𝑋𝑐 variation [105],[106]. Figure 1.6 demonstrates the dependence 

of 𝑋𝑐 on 𝐼0, ∅𝑒 and 𝐸. The figure plots the potential energy curve of an electron of a gas atom in 

the vicinity of the tip in the absence (a) and presence (b) of an electric field. The potential is 
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plotted as a function of the distance from the tip’s surface. As can be seen in (b), the electric field 

distorts the potential curve, such as to determine 𝑋𝑐, the closest distance from the surface where 

the electron’s energy is comparable with 𝐸𝐹 in the field distorted potential.  

 

Figure 1.6[12] : Potential energy diagram of an electron from a gas atom, as a function of distance, x, from the surface 
of the tip (a) in the absence of an electric field, (b) in the presence of an electric field, 𝐸. 𝐼0 is the first ionization 
energy, 𝐸𝐹  fermi energy, 𝜙𝑒 work function of the surface, and 𝑋𝑐  the critical distance for ionization. 

Once ionized, the charged image ion will move under the influence of the field away from the 

sample, to hit the FIM detector. The FIM image is constructed of bright points, each representing 

an atom on the surface of the tip. The intensity of the spots is influenced directly by the 

topography of the surface of the tip, as more protruding atoms will generate a higher field around 

them, causing more gas atoms to be absorbed in their proximity. Bearing in mind the highly 

curved surface of the specimen, the resulting image is in fact a stereographic projection of the 

crystal, resolving the atomic topography of the surface.  
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Figure 1.7 : FIM set up. Imaging gas atoms are absorbed on atomic sites on the sample’s surface, and get ionized by 
the strong electric field. They hit a phosphor screen, and create the FIM image where every bright spot represents 
an atom on the surface of the specimen.  

The magnification of the FIM image by the adaptation of a point projection model is given by: 

𝑀 =
𝐿

𝜀𝑅
 

where 𝐿 is the distance of the tip from the screen, 𝑅 is its radius, and 𝜀 is the image compression 

factor (ICF).  For typical values of the above, a magnification factor of 106 is achieved, sufficient to 

resolve individual atoms. The ICF compensates for the known phenomena of field line deflections 

towards the main axis of the sample, more prominent for atoms ionizing from the edges of the 

sample. Figure 1.8 demonstrates the geometrical definition of the ICF according to the point 

projection model: As field lines are distorted (due to the imperfect spherical nature of the tip as 

well as its electrostatic environment), the evaporated ions deviate from their straight radial 

trajectories, and hit the screen to create the angle 𝜃𝑜𝑏𝑠 on the FIM image.  A new centre to the 

tip can then be determined at point 𝑃 along the main tip axis and behind the true centre, such 

that ions hitting the screen at the same points as before could be considered as evaporated from 

a theoretical sphere centred at 𝑃, resulting in the expected crystallographic angle, 𝜃𝑐𝑟𝑦𝑠. The ICF 

can therefore be defined as 𝜀 =
𝜃𝑜𝑏𝑠

𝜃𝑐𝑟𝑦𝑠
. 
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Figure 1.8 [12]: Image compression factor as defined by the point projection model: a new centre is defined at point 
𝑃 for the tip such that evaporated ions trajectories are radial, and create the expected crystallographic angle, 𝜃𝑐𝑟𝑦𝑠, 

on the final FIM image, as opposed to the observed angle, 𝜃𝑜𝑏𝑠. 

The point projection model is widely utilized in the field of atom probe and field ion microscopy 

reconstruction however several studies reviewed different projections [107]–[109]. Other 

projections considered include the  stereographic projection , and the 𝐷 = 𝑘𝜃 projection 

assuming a constant relation between the distance of a pole on the projected image from the 

centre of the image , 𝐷, and its angle from the tip axis , 𝜃 [110]  .The ICF  is estimated to be 

between 1 (radial projection) and 2 (stereographic projection). 

1.2.1.1 3DFIM 

By sufficiently increasing the voltage applied on the tip during imaging it is possible to field 

evaporate constituent surface atoms from the specimen. In the field evaporation process, a 

surface atom is field-ionized and removed from the surface of the sample. The full details of the 

process are not fully understood [111], but it is believed to occur as an ion escapes a field-reduced 

potential barrier by either tunnelling or thermal agitation. Transformation from an atomic to an 

ionic state is thought to occur following either the one-step ionization ‘hump model’ or the 
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progressive charge drain model [111]–[113]. For recent reviews on the debate over the field 

evaporation process, the reader is referred to [114]–[116]. 

Removal of surface atoms enable FIM to operate in a mode such that the surface of the specimen 

is continually evolving as the next layer of atoms is progressively uncovered. This process is 

described in  Figure 1.9. Images a-d are time ordered. In the red circle in image a, outer terrace 

atoms of the upper (110) plane are imaged. Since these atomic positions develop a stronger field 

around them than central-plane atom, more imaging gas atoms are absorbed and ionized from 

these sites and thus they are preferentially imaged. As the voltage is increased and these atoms 

are evaporated, the inner atoms of the plane are imaged, and the ring seems to shrink, as seen 

in image b. The same process happens as the surface is evolved from image b to c, right before 

the plane is fully evaporated, and the plane beneath is exposed in image d.  

 
Figure 1.9: The evaporation process of a (110) plane as appears in FIM images. A-d are time ordered pictures of the 
(110) pole at different stages of the evaporation of one layer. The red circle marks the upper plane as it is evaporated. 

1.2.1.1.1 3DFIM reconstruction and analysis 

The output of a 3DFIM experiment is typically a large stack of time-ordered 2D images, tracking 

the surface as it is evolved by controlled field evaporation. This type of data poses several 

challenges in analysis. Firstly, the large number of images per experiment (typically thousands 

for the modest depths of several tens of crystallographic layers’ evaporation) yields difficult and 
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laborious data analysis. Secondly, information can exist in the data that is not visually clear on a 

single 2D image, and requires a wider, 3D analysis. The next section explores data analysis 

techniques previously employed to different materials explored by FIM. 

1.2.1.1.1.1 Atom-by-atom approach 

The first 3DFIM experiments were demonstrated by David Seidman’s research group in a series 

of papers investigating crystal defects in metals [56], including self-interstitials in BCC metals 

[117], post-irradiation defect distributions in Pt alloys [118],[81], [119], and radiation damage in 

tungsten [79],[80]. In these works, due to the lack in computational power and capacity for 

routine digitization of images, the data acquisition, analysis and reconstruction procedures were 

especially challenging. FIM images were recorded on film. The film later had to be developed, 

and was analysed using a motion analyser that helped switching between sequential images in a 

semi-automated way. Positions of atoms and vacancies were each identified by human eye, and 

their coordinates were recorded with an x-y cross hairs position reader and recorder. All 

coordinates were recorded in relative to a fiducial mark that had been set on the phosphor 

screen, to help avoid errors in coordinates measurements caused due to slippage of the film 

either in the recording or analysis stage. These studies resulted in important insights into atomic-

sized defects characterisation that were impossible by any other experimental technique. In 

particular, they significantly contributed to the study of primary stages of irradiation damage. 

The very high spatial resolution imaging provided by FIM makes it the leading, possibly only, tool 

to extract information on primary stages of damage, both then and still today. 

A characteristic case study is described in [119], where the vacancy structure of ion irradiated 

platinum-4 at.% gold alloy was studied as caused by a single 30keV W+ ion. Specifically, one 
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depleted zone found to contain 31 vacancies is reconstructed in 3D. This vacancy cluster was 

identified across 751 successive atomic planes, consisting of approximately 900 frames recorded 

over the total evaporation of the vacancy cluster. On each image, all atoms and vacant sites were 

identified manually as exemplified in Figure 1.10 . Next, a ball model was constructed and used 

for the assigning of the recorded coordinates to ‘theoretical’ atomic positions. In this procedure 

one atom (or vacancy) was chosen as the origin, and its neighbours were assigned theoretical 

coordinates according to their relative positions. Finally, this information was brought together 

by the ORTEP computer program to create the 3D reconstruction seen in Figure 1.10b. The ORTEP 

program was originally developed at the Oak Ridge National Laboratory to visualize large 

biological molecules [120]. The circles represent the positions of the detected vacancies only, 

with the connecting lines symbolizing vacancies that lie within nearest neighbour’s distance from 

each other. 

 

Figure 1.10: [119] (a) Selected images of planes 1-10 . The frame number is indicated by the number below each 
image. Atoms are identified on each image and are schematically plotted below. Full circles represent detected 
atoms; open circles represent missing atoms. (b) 3D reconstruction of manually recorded coordinates of a 32 
vacancies cluster in Pt-4% Au alloy. Lines represent nearest neighbour’s distance. 
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1.2.1.1.1.2 Stacking approach 

3DFIM was further advanced by the development of a procedure for the digital-stacking of time-

ordered FIM images [121].   In a series of experiments, 3DFIM data was recorded in movies 

describing the evolution of the specimen surface.  By keeping the voltage variation linear, a near-

constant evaporation rate was assumed, and the effective depth increment between two 

consecutive FIM images can be assumed constant. The sequence of images comprising the movie 

was then effectively stacked to create a tomographic reconstruction of the material. Slices of the 

3D data in different directions can be easily explored this way.  

This reconstruction scheme provided an intuitive, clear visualization of 3DFIM data. Due to 

contrast variations between different phases on FIM images and along the stack, this method 

was successfully applied to the imaging of a wide range of systems. Among first demonstrations 

were the imaging of chromium enriched regions in a FeCrCo alloy [122], followed by investigation 

of GP zones in steels [70], nitrides in Fe-Cr alloys [71] , carbides in steels [123] ,fine scale 

precipitates in CuFeNi [72]. It has enabled the detection of precipitates, grain boundaries and 

crystallographic planes [121]. Even dislocations that did not display clear contrast on the 2DFIM 

images were successfully identified using this method, whereby an appropriate directional slice 

was chosen which exposed contrast variations across the depth of the sample.  Selected 

examples of 3D reconstructed microstructural features are presented in Figure 1.11. 
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Figure 1.11 : Examples of 3DFIM reconstructed volumes by the image stacking procedure. (a) A grain boundary inside 
reconstructed Fe volume [121]. (b) 3DFIM reconstruction of a  brightly imaged GP zone in model steel [70]. (c) Fine-
scale precipitates in CuFeNi system [72].   

The resulting reconstruction can be better calibrated using prominent crystallographic features 

in the specimen. An example of this procedure is shown in Figure 1.12 for the reconstructed FIM 

analysis of an iron sample. In Figure 1.12b a longitudinal slice is shown from the reconstructed 

structure in a. Atoms are imaged and are recognized to comprise two sets of high index 

crystallographic planes: (113) and (112). The measured angle between the two does not match 

the theoretical one, and can be corrected by adjusting the depth increment corresponding to two 

consecutive images. As a result of this calibration, individual atoms appear in an ellipsoid shape 

in c, attesting to the resolution limits of the technique, estimated in this work to be 3Å laterally, 

and 0.5Å in depth.  

However, this simple approach will only yield correct results locally and will not necessarily reflect 

the true angular relation between planes detected on different parts of the tip. This is because 

remote planes can be influenced by the non-uniform curvature of the surface between them. 

The highly curved nature of the sample is also the reason why reconstructed planes may appear 

to be curved as seen in Figure 1.12d.  A more accurate procedure for the stacking of the images 
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was therefore proposed to account for the highly curved shape at the apex of the specimen, and 

the non-linear magnification. 

 

Figure 1.12: Adapted from [121]. (a) Stacking of FIM images of an iron sample. (b) Crystallographic planes are 
identified (c) The depth dimension of the stack is altered to generate the correct angle between the planes. Atoms 
appear as ellipsoids after the correction. (d) Planes appear to be curved as a result of the stacking procedure and 
the curved geometry of the tip. (e) Projection corrected stacking resulting in a bent stack, and un-bent planes. 

Using the same projection laws utilized in traditional atom probe reconstruction, the lateral 

transformation for the FIM images can be calculated, and a mapping between light intensities 

recorded on the images and the original (x,y) sample coordinates can be drawn. Considering the 

projection law: 
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𝐿 = 𝑘𝜃 

 where 𝐿 is the distance to the centre of the image, 𝑘 is the geometric compression factor 

estimated from the measured angle between indexed poles, and 𝜃 is the angle from the tip 

axis[110]. A connection between the coordinates of an arbitrary point on the surface 𝑃(𝑥, 𝑦, 𝑧) 

and its imaged position is then derived to be:  

𝜃 = 𝑎𝑟𝑐𝑜𝑠(
√𝑥2 + 𝑦2

𝑅
 ) 

where 𝑅 is the radius of the sample. 

A second adjustment is then made for the more accurate calculation of the z depth coordinates. 

It is assumed here that the z coordinates are given by the sum of two contributions. The first is a 

constant depth increment that is applied with each FIM image, given for 𝑖𝑡ℎ image to be 

∆𝑧𝑒 =
𝑍𝑇

𝑁𝑇
×𝑖 

𝑧𝑇 is the total depth of the analysed volume and 𝑁𝑇 is the total number of images. The second 

contribution is a depth shift caused by the hemispherical shape of the tip, given by 

∆𝑧𝑅 = 𝑅 − √𝑅2 − 𝑥2 − 𝑦2 

These corrections were shown to successfully reconstruct angles between planes across a large 

spatial range and eliminate un-desired artefacts. An example of a corrected volume can be seen 

in Figure 1.12e. It can be seen that the integration of the curvature of the sample into the 

calculation of reconstructed coordinates, effectively bends the stack of images, and eliminates 

un-desired artefacts of bent planes.   
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1.2.2 Atom probe tomography 

Atom probe tomography (APT) is based on the concept of field evaporation. Much like FIM, a 

needle shaped specimen is introduced to an ultra-high vacuum chamber, and a DC voltage is 

applied [12], [124]. The two methods firstly differ in the absence of the imaging gas from the 

atom probe system. Instead, a pulsed voltage is applied, resulting in an electric field that is high 

enough to ionize surface atoms of the sample itself. Alternatively, in the case of brittle or less 

conductive materials the voltage pulse can be replaced by laser pulse [12]. The ionized atoms of 

the specimen are then projected onto a position-sensitive detector. Since actual atoms are 

removed from the surface of the tip, every pulse allows a deeper look inside the bulk of the tip.  

The use of voltage/laser pulses for evaporation enables time-of-flight measurements of ions 

striking the detector. These are used to estimate mass-to-charge state ratios and enable chemical 

identification of the atoms. The conversion from time of flight to mass to charge ratios is done 

by considering the kinetic energy the ion is evaporated with. This is given by  

𝑞𝑉 =
1

2
𝑚𝑣2, 

 as all the electic potential energy 𝑞𝑉 is converted into the ion’s kinetic energy. By assuming the 

velocity of the atom stays constant through its journey to the detector, the mass to charge ratio 

is then simply given by:  

𝑞𝑉 =
1

2
𝑚𝑣2, 𝑣 =

𝑡

𝑑
→

𝑚

𝑞
= 2𝑉 (

𝑡

𝑑
)

2

 

 where 𝑞 is the charge of the ion, 𝑚 its mass, 𝑡 is the time of flight, 𝑉 the voltage, and 𝑑 the 

distance of the tip from the detector.    
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From the positions recorded on the detector, using reverse-projection protocols, an accurate 

estimation of the 3D coordinates of the impacting ions is achieved, resulting in a 3D atom-by-

atom reconstruction of the needle [125],[126]. The depth coordinate is determined by the atom 

evaporation order, and can be later rectified by calibrating the reconstructed volume to 

recognized crystallographic features within it [127], [128].  

Data analysis in the atom probe is routinely performed by using the IVAS software, to handle data 

from the commercially available Local Electrode Atom Probe system [129]. The reconstruction is 

not straight forward however as many geometrical and physical factors need to be taken into 

account. The complex field-evaporation process, and non-uniform sample geometry result in 

aberrations to the final reconstruction and composition measurements. For example, local 

magnification effects may distort the final reconstruction in a system where different phases 

have different evaporation fields. This can cause a precipitate to be either preferentially 

evaporated compared to the matrix, or retained on the surface [130]. Furthermore, particularly 

when molecular ions are evaporated (as opposed to single ions), multiple ions can reach the 

detector at the same instant, resulting in un-resolved events, therefore biasing composition 

measurements [131].  

Further limitation of atom probe data results from detection efficiency restrictions, originating 

from the instrument, detector and micro-channel plates design. Depending on the specific 

instrument design, a random loss of 30-70% of the evaporated atoms is expected [82]. Detection 

efficiency limitations of atom probe will be further discussed in chapter 3 as those limit the ability 

to identify atomic-scale defects in atom probe data. 
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1.3 APT/FIM radiation damage studies in tungsten 

This section aims to describe some of the noticeable FIM / APT studies of radiation damage in 

tungsten. The technique’s contribution to this field will be demonstrated across all types of 

radiation damage mechanisms, and placed in the context of studies performed with other 

techniques.  

Figure 1.13 shows the detection range and spatial resolution of APT in comparison to other 

commonly used microscopy techniques in materials science. As can be seen, atom probe (marked 

by APM- atom probe microscopy) provides depth profiling with a high detection range. Also 

apparent from the figure is the potential of combining TEM and APM analysis for the study of 

fine structured materials.  

 

Figure 1.13 [12]: Comparison of detection range and spatial resolutions between common characterisation 
techniques. 
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1.3.1 FIM/APT of displacement damage 

In the field of atomistic study of radiation damage, the most fundamental phenomena to study 

are the primary states of damage, resulting from a single projectile ion hit. The primary state of 

damage is a term used to describe the spatial distribution of point defects that are present in the 

lattice once all the kinetic energy of a hitting ion has been transferred into the PKA and dissipated. 

FIM's high resolution makes it the leading, if not only tool to extract such information in 3D. [78]–

[80] all employ 3DFIM to characterise the point-defects profile in tungsten under different 

temperature and energy conditions, resulting in a 3D map of vacancies distribution such as seen 

in Figure 1.14. Information such as the absolute number of vacancies within each depleted zone 

(DZ), the average diameter of the DZ and orientation with respect to the ion beam, the average 

vacancy concentration, nearest neighbour vacancies fraction estimate, average depth from the 

irradiated surface, and number and concentration of vacancies found near the surface of the 

specimen were collected in these cases and attest to the powerful detailed characterisation 

capabilities of the technique. This work also proved that dislocation loops commonly observed in 

TEM studies of tungsten are only a fraction of the vacancy population in the material. 
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Figure 1.14 [79]: Example of a depleted zone in tungsten created by a 30 keV W+ projectile ion. (a) Marking atoms 
coordinates on a series of FIM images during the evaporation of the depleted layers. The black dots indicate actual 
atoms; the blank circles represent vacancies. (b) 3D representation of the depleted zone.  The rods represent the 
nearest neighbours distance. 

Another FIM work was concerned with the influence of the impacting ion mass and energy on 

the resulting damage profile [78]. Different ions were implanted at 30keV, as well as Kr ions 

implanted at increasing energy levels from 15 to 70keV. In a detailed characterisation of DZs, 

results were compared between the different energies and different implanted ions. it was found 

that the average diameter of DZs increased as the mass of the implanted ion decreased, while 

the number of vacancies contained within each DZ was found to be independent of the ion’s 

mass. In accordance, the fraction of single vacancies within the DZs increased as the ion’s mass 

decreased. These conclusions are schematically demonstrated in Figure 1.15. It was also found 

that as the energy of the colliding ion increased, the resulting number of vacancies in each DZ 

increased linearly. The average diameter of DZs increased as well with increasing ion energy.  
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Figure 1.15 [78]:  Effect of mass of implanted ion on the resulting vacancy structure of depleted zones. As the mass 
increases the diameter of the DZ decreases, and less single vacancies are observed, as can be seen for the heavy W 
ion in comparison to the lighter Cr ion. 

The effects of irradiation dose were studied in [132] for tungsten implanted with 50keV W ions 

at room temperature between 0.01,0.1 and 5 dpa. In this study no interstitial clusters were 

reported, as those might have escaped to the surface, yielding vacancy concentrations of 80% of 

the original number of vacancies according to the authors estimate. Overlaps between damage 

cascades originating from different ions were reported at an initial dose of 0.1 but not in the 0.01 

case. Voids as small as 10Å were reported in all three doses, as well as vacancy clusters which 

increased both in size and total volume as the dose was raised, from 103𝑎3 to 1.5𝑥104𝑎3, where 

𝑎 is the lattice parameter. The total number of displacements as a result of one colliding ion was 

estimated at 300. For the two larger doses, vacancy clusters were reported to start at the surface 

of the sample and extend to 90 and 130Å into the bulk’s depth. This result is somewhat 

inconsistent with traditional SRIM analysis, according to which the expected maximal penetration 

depth of a 50keV tungsten ion into a tungsten matrix is at 68Å, with the total damage profile 

extending to approximately twice the depth, however the curved shape of the FIM samples is 

expected to influence the damage profile as discussed in depth in chapter 9.  
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Another FIM work followed the changes in damage distribution in fission experimental reactor-

irradiated tungsten through its annealing post irradiation up to 700℃ [55]. Samples here were 

irradiated as wires, and electropolished post-irradiation. This is not common practice when 

performing FIM of ion implanted samples because the penetration depth of ions into the sample 

is smaller than neutrons, and later electropolishing can remove any implanted layers. It was 

found that at temperatures higher than 400℃, vacancy migration takes place, to change the form 

of damage from single vacancies to di-vacancies and small clusters, while maintaining a constant 

overall concentration of vacancies.  

 

Figure 1.16: [55]: FIM measured histograms of vacancies number in cluster before and after annealing. After 
annealing at 400℃ for 3 hours, larger clusters are created, confirming vacancy migration 

Several TEM observations were made of defect distributions after irradiation, studying both 

neutron irradiation and ion implantations [57], [133]–[136]. Single vacancies and interstitials 

remain below the resolution limit of conventional TEM techniques and therefore the defects 

reported in these studies are mostly voids and dislocations. In a recent series of papers, a 

thorough study of the statistics of dislocations following self-ion implantations in tungsten was 

done using diffraction contrast imaging. In a temperature range of 300-750°𝐶, and doses 

equivalent to 0.4-3.6dpa, the types of defects identified were dislocation loops with a diameter 
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of 6-20nm [137]. It was found that larger loops were formed as the irradiation temperature 

increased, correlated with a lower loop density. Orientation of the implantation was also found 

to influence defects as implantation along low index directions resulted in a reduced number of 

observable defects. Characteristic results of the TEM study are shown in Figure 1.17. In a 

dislocations are shown on TEM micrographs, exhibiting a larger density at the higher 1.2 dpa dose 

in comparison to 0.4dpa. A similar statistical analysis to the vacancies distributions in FIM was 

done on the loop sizes observed in TEM. Characteristic results are seen in Figure 1.17b as a 

histogram of loop sizes at 750°𝐶, 1.2dpa. However, while the FIM analysis was done on defects 

of the size of single atoms, the TEM analysis was done on loops with a minimal size of 1-2nm. 

Here too, similarly to the FIM results on vacancy clusters, it was found that at a constant dose, 

an increase in temperature resulted in larger loop sizes. 

 

Figure 1.17[138]: (a) TEM micrographs of tungsten after tungsten ion implantations. Density of dislocation loops is 
higher as the dose is increased from 0.4 to 1.2 dpa in a steady 300 C° temperature. (b) Histogram of sizes of 
dislocation loops observed at 750 C°, 1.2 dpa. 



Introduction                                                                                                                             Michal Dagan                                                                       

39 
 

A second TEM study was focused on low energy, 150keV self-ion implantation of tungsten [136]. 

Implantations were done in-situ, and defect formation was tracked. The influence of irradiation 

temperature, dose, alloying elements and grain orientation on the resulting damage were all 

studied. Vacancy loops were identified at a low dose of 0.01 dpa, corresponding to primary stages 

of damage. The overall concentration of point defects retained in loops was found to decrease 

by a factor of 17 as temperature was raised from -240℃ to 800℃. This estimation was done by 

evaluation of the number of loops and their diameter, as a measure to evaluate vacancies 

number. At higher doses, damage cascades were found to interact and form complex networks. 

The displacement of loops was captured on TEM movies, revealing interactions with increasing 

dose. Loop densities were found to be larger in WRe5 and WTa5 alloys in comparison to bulk 

tungsten. 

TEM/FIM: From comparing the nature of FIM and TEM studies it is apparent that the detection 

of crystal defects by traditional TEM relies on the gathering of vacancies to form bigger structures 

with high strain regions around them such as dislocation loops or large clusters. In case small 

point defects do not collapse into such strained structures, they will not be visible in conventional 

TEM, but will easily detectable in 3D by FIM. Recent TEM work in [8] was able to produce the 

atomic coordinates of tungsten atoms from the tip of a tungsten needle, using advanced 

tomography reconstruction from a tilt series of an aberration corrected STEM. This work is a first 

proof of concept that higher resolution information than the one presented in the TEM studies 

above could be obtained by TEM. The detection of a vacancy however, could not be determined 

in this study with great certainty, as another tilt series would have to be performed to distinguish 

between the suspect vacant site and substitutional light atoms. 
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With a resolution limit of ~1.5nm, conventional diffraction-contrast TEM enables the study of 

larger volumes and provides better statistics than FIM on the densities of dislocation loops. 

Further, most of the observed loops in TEM are glissile and expected to be easily lost to the free 

needle surface, resulting in a much lower concentration observed in FIM samples. Combined, the 

two techniques are particularly powerful for successfully characterising a wide range of 

displacement crystal defects. 

1.3.1.1 Self-interstitials characterisation 

To capture self-interstitials, several FIM studies employed 20keV tungsten ion implantation at 

very low temperatures (-265℃-(-255℃)) [42], [56]. In-situ implantations of tungsten were 

employed where samples remained in vacuum after implantation and imaged with FIM 

immediately after. This method provided a clean sample surface by field evaporation 

immediately before implantation, greatly reducing contaminant issues. It also enabled 

implantation at very low temperatures, and observation of SIAs migration during the heating 

stage of the FIM chamber. Initial analysis at -258℃ showed a linear relation between the 

implanted dose and SIAs concentration (see Figure 1.18a), indicating that they are not mobile at 

-258℃, as well as that no field induced mobility is biasing the experiment. Isochronal heating was 

then performed while FIM images were continuously taken across -267℃-(-153℃). As interstitials 

became mobile and arrived to the surface they were easily detectable. SIAs were found to be 

immobile below -255℃. At -245℃, they were found to perform long range migration as distances 

of 200 Å were measured. The recovery FIM spectrum of the number of defects appearing on the 

surface as a function of temperature can be seen in Figure 1.18c. Further in this study impurities 

were found to delay recovery processes, by occupying SIAs in impurity-SIAs complexes.   
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Figure 1.18[42]: (a) Atomic fraction of SIAs as a function of dose, for implantation of tungsten 20keV tungsten ions, 
at -258℃. The linear relation indicates no mobility of SIAs at this temperature. (b) Contrast of SIAs in FIM image. (c) 
SIAs fraction as a function of temperature during heating. 

1.3.2 FIM/APT of tungsten alloys 

Radiation induced clustering had been recognized as a mechanism for increased hardness in 

irradiated W-Re alloys [6],[60], [139]. In a TEM study W-3Os, W-5Re-3Os, and W-5Re samples 

were neutron irradiated for a year in the fast test reactor to levels of 0.4-1.54 dpa, at irradiation 

temperatures of 400-750℃ [6]. Vickers hardness tests showed an increase in hardness after 

irradiation with a positive linear correlation between the increase in hardness and concentration 

of rhenium in the alloy, for dpa levels above 0.4 and temperatures above 740℃. TEM 

microstructure observations using thin foil specimens showed that in the W-Re alloy case the 

hardening mechanism was irradiation induced precipitations. It was concluded that the effect of 

precipitation on irradiation hardening increases proportionally to rhenium content in W-Re 

alloys. In the case of the ternary W-Re-Os, it was found that rhenium suppresses irradiation 

hardening in the presence of osmium when irradiated to less than 0.17 dpa at 400℃ or below, 

and when the mass percentage of osmium is less than 5. However, when irradiation conditions 
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are above 0.4 dpa and 740℃, osmium dominates the irradiation hardening, independent of 

rhenium presence. This TEM study shed light on irradiation hardening in tungsten alloys, 

identifying clustering behaviour, however the exact compositions of precipitates could not be 

identified in this work due their small size and TEM limitations.  

The complementary capabilities of APT and FIM have proven to be highly efficient in the study of 

radiation-induced precipitation in tungsten alloys. Detailed composition and structural study of 

such precipitates was performed using a combination of a FIM and a 1D atom probe device [140] 

(the 1D atom probe is an earlier version of the technique employing time of flight spectroscopy 

from a small selected region of a previously FIM imaged sample). FIM enables the easy detection 

of precipitates with sufficient difference in evaporation field from the bulk, particularly useful for 

very small precipitates (~1-3nm). Precipitates sizes, as well as density and spatial distribution 

inside the bulk can be measured. Also FIM can be used to determine the relative orientation, or 

coherence level between the precipitate and the matrix. Atom probe enables the exact chemical 

characterisation of the precipitates, as well as reveals details of the nucleation mechanism, by 

detecting correlations between precipitation sites and defects/impurities. 

In [141], [142] ,W-25at.%Re and W-10at.%Re alloys were implanted with tungsten ions to 

generate approximately 8.6 dpa damage level and then tested utilizing a combined atom probe 

FIM instrument. First, FIM images were taken (Figure 1.19). Once a precipitate was identified on 

the FIM image, the specimen was rotated to be aligned with the 1D atom probe detector. The 

chamber was then evacuated to remove the imaging gas for the purpose of an atom probe 

measurement. Time-of-flights measurements were performed, and the rhenium content of the 

precipitates was found to be 50% and 75% for the WRe10 and WRe25 alloys respectively. For the 
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10% alloy, FIM images revealed the precipitates to be disc-shaped, having a thickness of between 

1-2 atomic planes. The density of the precipitates was calculated from the FIM images to be ~1016 

cm-3, and it was found that coherent, semi-coherent and incoherent precipitates were all formed. 

Since no voids were detected this work supported the notion that the presence of rhenium 

suppresses void formation in irradiated tungsten.  

 

Figure 1.19 [142]: A precipitate in a W-10%(at)Re alloy as it appears on a FIM image before evaporation by atom 
probe. 

In a more recent work, the new generation 3D atom probe was employed to further investigate 

clustering behaviour in WRe and WReOs alloys in lower compositions of rhenium (1,2,5%) [60]. 

This was one of the first investigation of clustering after ion implantations (other similar studies 

can be found in [139], [143]). Precipitation of rhenium rich phases was investigated and was 

found to be similar to previous neutron irradiation results. Statistical cluster analysis 

incorporated in the APT reconstruction software was employed to accurately and consistently 

quantify cluster behaviour [144],[145]. This automated procedure enables characterisation of 

cluster size, density, and chemical compositions. Clusters as small as 1nm were detected. It was 

found that osmium significantly suppresses rhenium clustering in samples implanted to 33dpa. 

Comparison of cluster analysis between implantations performed at 300℃ and at 500℃, below 
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and above the stage 3 vacancy recovery temperature revealed larger, fewer rhenium clusters in 

the 500℃ case as can be seen in Figure 1.20.  

 

Figure 1.20 [60]: Atom probe distribution maps of tungsten rhenium and osmium post tungsten ion implantations 
at 33dpa (4nm think sections). (a) W-2Re implanted at 300℃ (b) W-2Re, 500℃ (c) W-1Re-1Os, 300℃ (d) W-1Re-1Os, 
500℃. 

1.3.3 FIM/APT of helium damage 

FIM and APT were also employed to study helium damage in tungsten. Helium effects on 

tungsten can be divided into two regimes. In the first case the tungsten lattice contains crystal 

defects either due to displacement damage originating from previous neutron/heavy ion 

bombardment, or as a result of the helium ions themselves, if implanted above the threshold 

energy for vacancy formation (42eV is the minimum energy required for the creation of a stable 

Frenkel pair [146]. This value was found to depend on the crystallographic direction in which the 

displacement occurs, and was measured to be 42 eV for the [001] direction, and 68-70 eV for the 

[011] direction in tungsten [35]). In the second regime, no crystal defects are present in the 

tungsten matrix, and the retention of helium in the lattice is therefore of a different nature.  
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While several TEM /SEM/XPS experiments have  shown the formation of helium bubbles 

[147],[148],[149], ‘fuzz’ (porous surface layer) [59],[150],[151], suggesting retention of helium in 

voids and dislocations [147], smaller retention sites were beyond the resolution limit to observe. 

In [5] nano-indentation tests showed increased hardness in tungsten implanted with helium. TEM 

micrographs showed no damage to explain the hardness change. 

Positron annihilation spectroscopy (PAS) and nuclear reaction analysis (NRA) were previously 

employed to study interaction of helium with small defects, as PAS is sensitive to the formation 

of small clusters of vacancies and even single vacancies, and NRA to the amount of retained 

helium in the sample and its distribution. In NRA experiments in [152], different helium 

desorption behaviours were found for samples implanted with helium at energies of 0.3keV and 

60keV (below and above the threshold required for defect creation in tungsten). The desorption 

in samples implanted to higher energies started at a higher temperature of 1277℃ in comparison 

to 127℃ at the low energy implantation case. This difference was attributed to the dissociation 

of helium-vacancy complexes in the high energy case. The 75% and 60% maximal desorption 

fractions for high and low energy implantation respectively indicated a second type of helium 

trapping site. In a complementary PAS study of the same implantation conditions in [153] it was 

suggested that the migration and release behaviour of helium during annealing of the samples is 

controlled by the concentration of defects and the ratio between helium atoms to trapping 

vacancies (high helium/vacancy ratio for low energy implantation). While the positron 

annihilation technique is sensitive to the existence of vacancies, its spatial resolution is limited in 

finding their exact location. Further, the assessment of the number of single vacancies, di-
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vacancies and larger structures depends on fitting the overall positron annihilation spectrum to 

contributions from all these configurations, which is of subjective nature.  

FIM/APT combination of atomic resolution and mass resolution enables the estimation of the 

vacancies structure in the material as well as the retained helium levels. In [146], an in-situ helium 

implantation APT/FIM study was able to demonstrate the retention of helium atoms in a defect 

free tungsten matrix, as isolated, immobile interstitials. This was the first demonstration of 

helium retention in a defect-free lattice (the ability to confirm a defect free matrix in FIM is 

straightforward) as the implantation energy was 300eV, below the threshold for defect creation1. 

𝐻𝑒4 ions were implanted in the sample. The 1D atom probe was used to determine the helium 

concentration profile from a region restricted to the centre of the (011) pole by an aperture. The 

depth coordinate was estimated by detecting the evaporation of (011) planes of tungsten, 

therefore depth resolution was limited by the interplanar spacing, equal to approximately 2 Å. 

The helium profile measured for the range of -213℃-(-183)℃ is seen in Figure 1.21,  was found 

to be the same within this temperature range. This fact confirmed the helium interstitial to be 

immobile within these temperatures as the helium profile only depended on the energy of the 

implantation. Complementary to the helium concentration measurements performed by the 1D 

APT, FIM mode was then utilized to study the defects distribution in the sample, and found it to 

be un-correlated with the helium distribution, further supporting the notion that helium is not 

trapped in vacancies but is retained as interstitials. 

                                                      
1 While the implantation energy, 300eV, is higher than the minimum Frenkel-pair creation energy in tungsten, 
reported previously to be 42 eV, some of the implantation energy will be lost to nuclear and electronic interactions, 
leaving less than the required energy for the collision to create a stable Frenkel-pair. Thus, a 300eV He atom will 
transfer a maximum energy of 25 eV to a tungsten atom in a head on elastic collision [146]. 
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Figure 1.21[146]: Helium depth profile as measured by 1D atom probe after 300 eV  helium implantation at -213℃. 
The profile was found to not change as temperature increased to -183℃, indicating helium retention is not related 
to crystal defects. 

In conclusion: FIM and APT were proven to be highly valuable tools in the study of all types of 

radiation damage in tungsten. In displacement damage studies traditionally performed with TEM, 

FIM’s superior resolution power allows the spatial characterisation and quantification of single 

vacancies and interstitials, un-resolved by conventional TEM. On the other hand, the analysed 

volume with FIM is much smaller, and the extended free surface provides easy escape for 

dislocations, making TEM and FIM highly complementary techniques. The obvious advantages of 

APT in comparison to TEM are the straight forward chemical analysis and 3D reconstruction, 

proven highly useful for the study of clustering behaviour in tungsten alloys post irradiation. 

While certain TEM systems might be comparable in spatial resolution power to APT, the 

information in TEM is obtained from the entire thickness of the sample, therefore restricting its 

depth resolution.  

Positron annihilation spectroscopy and FIM can also act as highly complementary techniques, 

both sensitive to single vacancies, proven to significantly influence helium retention in irradiated 

tungsten. In fact, since positron annihilation relies on fitting the resultant spectrum to the 

different contributions from single vacancies, di-vacancies etc., the direct quantification of those 

in FIM can actually help inform PAS studies. While FIM is mostly utilized for surface studies up to 
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10s of nm’s depth, PAS is very limited in analysing volumes close to the surface, however, with 

changing positron energies, can characterise samples up to several hundred microns in depth. 

Finally, it is important to note that in spite APT’s mass and spatial resolution, the quantitative 

characterisation of helium distribution is still a challenge in modern APT devices. The use of laser 

pulsing in brittle samples will cause helium atoms to move around on the surface of the sample 

before evaporation, resulting in false spatial characterisation, making it only possible to 

characterise in voltage mode pulsing. Further issues arise in cases where helium forms bubbles 

in the sample.  The evaporation behaviour of helium in these cases is un-determined and can be 

a cause for concern when measuring helium content in APT.  
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2 Experimental methods  
2.1 Materials 

Two forms of tungsten were used for this work: bulk tungsten and tungsten wire. For the bulk 

tungsten samples ultra-high purity tungsten was used, produced by Metals Crystals and Oxides 

(UK) at a declared purity level of 99.99%. The tungsten wire was produced by GoodFellow (GF) at 

a purity level of >99.95%. Typical mass spectra for both types of materials are shown in Figure 

2.1 and Figure 2.2,  measured by atom probe tomography in laser mode pulsing, as well as their 

resulting background corrected1 bulk composition measurements in Table 2-1-Table 2-2. 

 

Figure 2.1: Atom probe mass spectrum of the GF tungsten wire used for electropolished needles. 

 

Table 2-1: Background corrected bulk composition of the as received GF tungsten wire. 

                                                      
1 Background correction is an automated estimation of the background level performed by the IVAS software. Here 
the local range assisted background model was used, where contributions from both DC evaporated ions, and from 
the thermal tail of each peak are subtracted from the mass spectrum for bulk composition measurements. 
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Figure 2.2: Atom probe mass spectrum of the bulk tungsten used in this thesis. Gallium peaks are the result of FIB 
sample preparation. Tantalum is present after tantalum implantation. Iron is the only impurity found in the original 
bulk material. 

 

Table 2-2: Background corrected bulk composition of the as received bulk tungsten. Concentration % is given in 
relation to all ranged peaks excluding gallium and tantalum. 

2.2 Heat treatment 

Some of the samples studied in this thesis had been heat treated in order to anneal any pre-

existing defects prior to ion implantations. Wire samples that are specified to be annealed have 

been heat treated in vacuum, for 20 hours at 1400°C. Annealing of bulk samples was performed 

at 1800°C for 2 hours.  

2.3 APT and FIM sample preparation techniques 

The requirements for both APT and FIM samples are identical. Both require a needle shape with 

an apex of the order of magnitude of tens of nanometers in radius.  This unique shape can be 

achieved in two ways: needles can be made out of wires through an electropolishing procedure, 
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or can be lifted out and shaped out of bulk (or wire) in the focused ion beam (FIB) instrument. 

Both techniques have been utilized in the experiments described in this thesis, and will be 

described in the following section. Each technique carries its own advantages and dis-advantages, 

some which are specific to radiation damage studies and will be briefly discussed. 

2.3.1 Electropolishing 

 

Electropolishing is used in this research to produce most of the examined samples out of tungsten 

wires and is usually done in a standard procedure [124] illustrated in Figure 2.3.  In this work, the 

electrolyte utilized was 5 %wt NaOH solution, with the application of 5-8 V AC voltage between 

the specimen and electrolyte. Galden® was chosen as the inert layer, on top of which a 1 cm layer 

of the electrolyte was placed. This configuration allowed the formation of a bottleneck in the 

wire sample as voltage was applied, since only the part of the wire that was in contact with the 

solution was being polished. To create the preferred shank angle of the needle the sample was 

continuously moved up and down around the bottleneck formation point until finally broke into 

two very sharp needles. The samples were then cleaned with acetone followed by distilled water. 

 

Figure 2.3: Electropolishing setup  for the preparation of APT/FIM samples[12]. 5%wt NaOH water solution was used 
as the electrolyte and 5-8 AC voltage. 
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2.3.2 Focused ion beam (FIB) lift out 

Bulk tungsten samples have been shaped into FIM/APT needles using the lift out procedure [154]. 

The FIB used was a Zeiss ‘Auriga’ dual-beam SEM-FIB machine with a gallium source. The steps in 

the lift out process are illustrated in Figure 2.4 : First, a region of interest at a typical size of 

2𝑥20𝜇𝑚 is selected and coated with a platinum layer to protect from gallium beam damage 

during the milling process. Once a platinum layer is deposited the bulk material around it can be 

milled to create the cantilever shape seen in Figure 2.4b. Next, using a micromanipulator, the 

cantilever is lifted out of the bulk, and placed on the flat top of a pyramid shaped atom probe 

doped-silicon post, seen in c. It is then welded onto the post by platinum deposition, and the 

small volume directly on top of the post can be sliced free from the remaining cantilever. An atom 

probe coupon substrate, holding 36 such posts is seen in Figure 2.5a. A typical sized cantilever is 

long enough to produce 5-6 APT samples. 

Finally, the sample is sharpened using annular FIB milling to create the desired final apex of an 

atom probe tip as described in Figure 2.4e-f. The starting current for the sharpening procedure 

is usually 700pA, at a voltage of 30kV, and is gradually lowered as the tip shape gets thinner. The 

final shape is achieved after a low kV (10-5kV) polishing to remove most of the FIB-damaged layer 

of the sample. This limits the amount of gallium incorporated in the final specimen, as well as 

removing any remaining platinum. This step is done in ‘imaging’ mode as opposed to active 

milling mode to gain better control over the very gentle tip geometry. 
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Figure 2.4: FIB lift out stages. (a) Deposition of protective layer on region of interest. (b) Lifting out a cantilever. (c-
d) Mounting cantilever onto APT post. (e-f) Sharpening with annular milling. 

As seen in Figure 2.5a, the APT posts are pyramid shaped, and provide a tapered post for the lift 

out, such that it is not deposited straight onto a flat surface. This is done in order to increase the 

field generated at the top of the sample, reversely proportional to the radius and field factor, 𝑘𝑓.  

The field factor is dependent on the geometry of the specimen as well as the instrumental design 

of the atom probe itself. For example, the presence of a local electrode in the LEAP APT machines 

used in this work will lower 𝑘𝑓, therefore increase the field around the tip. On the other hand, 

the presence of a flat surface close to the tip will enhance the field factor and lower the resulting 

field. 

The 3DAP machine used for FIM experiments was not designed to accept specimens created on 

microtip array coupons. Therefore, in order to characterise bulk samples in the 3DAP, 

electropolished tungsten samples were used as ‘mounts’ for FIB liftouts. The needles are 
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prepared by a first-stage electropolishing procedure and are then inserted to the FIB where the 

apex of the needle is removed to create a 2 micron wide flat surface onto which the lift out is to 

be mounted. An example of a tungsten needle with a mounted lift out can be seen in Figure 2.5b. 

In the small window on the right its FIBed flat surface end is shown. 

 

Figure 2.5: (a) APT silicon posts for FIB liftouts. (b) Electropolished tungsten needle with a lift out on top. On the right 
side window, the needle is seen before the lift out was attached, as its tip removed in FIB to create a flat surface. 

2.3.3 Electropolishing vs FIB 

Electropolishing is often considered as the faster, easier way to produce samples in comparison 

to FIB lift outs. With a quick first stage procedure sharp samples can be produced within minutes. 

However, the electropolishing method can become limiting. Unlike FIB lift-outs, it requires an 

initial shape of a wired sample or matchsticks, and cannot produce samples out of any randomly 

shaped bulk. Moreover, it is important to note that it is not possible to perform electropolishing 

on a wire after it has been implanted, since the technique is not precise enough so as not to 

remove the entire damage layer in the sample. Therefore, ion implantations can be performed 

on the samples only after they had already been shaped into needles. This raises some questions 



Experimental methods                                                                                                           Michal Dagan                                                                       

55 
 

regarding the effect of sample geometry on the resulting implantation profile. This issue will be 

addressed in chapter 9. 

FIB lift outs in comparison offer a very high level of precision to incorporate very specific regions 

of the material in the final specimen and hence can be performed after ion implantation. In 

radiation damage studies this property is useful in order to select a specific depth out of the 

expected implantation profile for investigation. However, FIB itself can generate ion damage 

within the sample. While in APT the chemical identification helps to indicate regions of the data 

free of gallium implantation induced damage, it is more of a problem in FIM. Therefore, the FIM 

samples in this work are electropolished. 

2.4 Ion implantations 

All ‘irradiated’ specimens characterised in this thesis underwent ion implantations to simulate 

displacement damage caused by fast neutron irradiation. Self-ion implantations of tungsten in 

tungsten are considered as the most suitable proxy to simulate displacement damage, since no 

effects of the atomic-size difference are expected. Tantalum and vanadium implantations into 

tungsten were also performed, which will be explained in chapter 9.  

All ion implantations were performed at the University of Surrey Ion Beam Centre. Ions were 

electrostatically accelerated and focused into a  10−6𝑃𝑎 vacuum chamber. Inside the chamber 

there was a temperature controlled stage, where bulk samples were held perpendicular to the 

direction of the ion beam. Needle implantations were performed with the needles aligned 

parallel to the incoming ion beam. Figure 2.6 shows pictures of the set up. Needles are mounted 

on the rails in a. One needle is marked by a red circle as an example. The stage is then mounted 
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into the implanter as seen in b. Finally, as the door is closed, the stage is situated at 90° to the 

incident ion beam, schematically marked by red arrows on the right. 

 

Figure 2.6: Ion beam set up at the Surrey University Ion Beam Centre. (a) Needle samples are mounted on rails. One 
needle is marked in a red circle. (b) The stage holding the needles seen in a is mounted onto the implanter. (c) As 
the door onto which the stage had been mounted is closed, the stage is perpendicular to the incident ion beam. The 
direction of the ion beam is marked with red arrows. The needles are therefore aligned parallel to the incident beam. 

2.4.1 Implantation parameters 

SRIM-Stopping Range of Ions in Matter 2013 software [155] was used to determine the 

experimental parameters for the desired implantation. Firstly, the stopping range tables are 

employed for each ion/target couple tested, to select the energy for the incident ion according 

to the resulting projected range (highest probability penetration depth). For example, for a 

tungsten/tungsten pair, 2 MeV beam energy will result in a projected range of 200nm, which is 

well within the atom probe sampling capabilities.  
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Figure 2.7: Expected projected range (mean depth of implanted ions) for self-implantation of ions in tungsten as a 
function of the implanted ion energy. 

Once the energy of implantation is selected, a full cascade calculation is carried out, taking into 

account all displacements inside a collision cascade. The displacement ranges can then be plotted 

as presented in Figure 2.8, and used to extract the dose implantation parameter according to the 

desired dpa level. The relation between the two is given by:  

𝑑𝑝𝑎 =
𝑑𝑜𝑠𝑒×𝜑

𝑁𝑎𝑡
 

Where 𝜑 is the maximum number of collision events per penetrating ion, taken as the maximum 

value of the plot in Figure 2.8, and 𝑁𝑎𝑡 = 6.35×1028 𝑎𝑡𝑜𝑚𝑠

𝑚3  is the crystal atomic density for 

tungsten. Since  𝜑 is taken as the maximal value of collisions, the calculation yields the peak dpa 

value. 
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Figure 2.8: SRIM full cascade calculation profile of collision events as a result of a simulation of 10,000 2MeV tungsten 
ions implanted into a tungsten matrix. 

The full cascade model was used in the calculations here as opposed to the quick model. While 

the quick calculation only takes into account initial displacements caused by the original 

impacting ion, the full cascade computes the displacements originated from all recoil events of 

sample atoms initiated by the first ion. Neither take into account migration and recombination 

processes. The two models will result in a different number of peak displacements, and therefore 

in a different dpa to dose conversion [51]. However, since the importance of the dpa term is in 

the ability to assess radiation exposure in-dependent to the radiation environment and compare 

between different implantation experiments, this discrepancy is not very important for a 

comparative study as long as the same SRIM model is used between compared cases.  

The displacement energy used as SRIM input for the tungsten matrix is 68eV. This value was 

previously obtained by averaging the displacement energy across different crystallographic 

directions [35].  
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2.5 Atom probe 

2.5.1 Device and run parameters 

Two Local Electrode Atom Probe (LEAP) machines were utilized for the atom probe experiments; 

a LEAP 3000XHR and LEAP 5000XR. Both are reflectron [156] fitted instruments, with detection 

efficiencies estimated at 37% and 50% respectively. Both instruments are equipped with a laser 

pulsing system that allows the user to analyse brittle or poorly conductive samples. No change in 

the reported compositions measured is expected between the two machines, specifically in the 

samples studied in this thesis where no issues of complex molecular ions or overlapping mass 

spectrum peaks arose. Initial atom probe analyses were carried out at a specimen temperature 

of 50K. The run temperature was later increased to 55K to improve the yield of successful 

analyses of post-implantation brittle samples. The temperature was not raised by more than 5K 

to keep similar temperature conditions between the APT and the following FIM experiments 

performed at 50K. 

All APT experiments were performed in laser mode. While for the sake of the completeness of 

the analogy to the FIM experiments voltage choice might have been the ideal choice, in practice 

voltage mode experiments yielded poor results as the analyses were very short before the 

specimen failed. This is due to the fact that samples post annealing and post implantations 

become brittle and thus more difficult to run in the atom probe. Table 2-3 summarizes the run 

parameters on both LEAP devices used. 
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Table 2-3 : LEAP 3000 and 5000 machine and experiment parameters. 

Since the samples examined were either tungsten or tungsten alloys, free from overlapping peaks 

and complex mass spectra, no restrictions were imposed on the energy pulse as a result of 

different evaporation fields. The energy used was found to be high enough to reduce stress 

caused by high voltage on the sample, and low enough as to still maintain signal from 

crystallographic features like poles, needed to accurately calibrate the reconstruction. 

IVAS 3.6.12 software was used to reconstruct and interpret all APT data. 

2.5.2 Calibration of the 3D reconstructions 

Spatial distribution maps (SDMs) are commonly employed in atom probe data analysis to detect 

crystallographic information and use it to calibrate reconstruction parameters [127],[157]. Other 

Fourier based methods also exist for this purpose [128], [158], [159], however SDMs are 

employed within the IVAS software due to their  need for reduced computational resources [127].  

SDMs are used in this thesis for two purposes. The first is in the calibration of routine atom probe 

reconstructions. Each atom probe reconstruction presented in this thesis uses information 

derived from SDM analyses to assure that the z coordinates are reconstructed correctly, 

according to identified crystallographic planes. For the second application, SDMs are computed 

independently, outside of the IVAS software, to evaluate the distortion of reconstructed FIM 

data, similarly to previous APT work in [157]. 
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SDMs can be thought of as 3D histograms of inter-atomic distances. For each atom, the distance 

vector from all neighbouring atoms within a defined volume is calculated. For APT data, 

calculations are usually restricted to a 1-2 nm isotropic volume around each atom. The SDMs 

calculated for the FIM data in this thesis include the whole volume of the data. The resulting 

histogram is a 3D array, and by taking 2D slices equivalent to constants ∆𝑋, ∆𝑌, ∆𝑍 values, 

crystallographic information can be discovered. Since crystallographic information is limited in 

APT data and is usually observed in the direct vicinity of crystallographic poles, SDMs are usually 

calculated from a volume around visible pole patterns in the data. 

Figure 2.9 demonstrates how SDMs are employed in APT reconstructions. In this example, a 

tungsten sample is analysed. Already from the hit detector event histogram in a, the central pole 

is evident. This is the (011) pole, which corresponds to the direction of the drawn wire. The xz 

(∆𝑦 = 0) and yz (∆𝑥 = 0) SDMs in b,c exhibit an ordered pattern corresponding to the contrast 

from (011) planes. By taking an intensity profile of the SDMs along the z direction, the plot in d is 

maintained, such that the distance between intensity peaks corresponds to the plane-spacing of 

the detected planes. A combination of the correct radius of curvature, and the image 

compression factor will result in the correct spacing between the planes. 
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Figure 2.9: SDMs in APT reconstruction. (a) Detector hit events histogram. A crystallographic pole is evident in the 
centre. (b,c) yz and xz SDMs around the central pole. (d) 1D SDM along the z direction. The distance between 
consecutive peaks represents the plane spacing. 

2.6 Field ion microscope 

FIM experiments were performed on the ‘3 dimensional atom probe’ (3DAP) instrument. The 

machine has a dedicated phosphor screen to preform FIM experiments, and a digital camera (AVT 

Stingray) was used to record all images. The phosphor screen image is intensified by a multi-

channel plate, and the tip to screen distance is 56 mm. The device is not equipped with a local 

electrode. While imaging is performed by the application of a DC voltage on the sample, for the 

controlled evaporation of surface atoms a voltage pulser was additionally employed. The use of 

the voltage pulser allows setting of the DC voltage to the ‘best image voltage’ (BIV) for a specific 

combination of image gas and tip radius, whereby the resulting image contrast is then optimal. 

The BIV will be high enough to produce a suffice imaging gas ion current to produce sufficient 

intensity in the image, but low enough such that ionization does not occur uniformly over the tip 

surface which would decrease image contrast [124], [160]. This condition is usually achieved at a 

DC voltage that is slightly below the voltage required for the evaporation of sample surface 

atoms, and is assessed visually. The pulser then provides the needed additional voltage to 

evaporate constituent atoms from the surface, without compromising the quality of the image. 
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Unless stated otherwise, the DC voltage had been set manually by eye based on the quality of 

the resultant image, slightly below the voltage required for evaporation during FIM experiments. 

The voltage pulser was also changed manually and was increased as the surface evolved to a 

maximum of 30% of the base DC voltage. At this point, the DC voltage would be ramped up again, 

and the entire pulser range would be once again manually scanned. Experiments were performed 

with voltage pulses at a frequency of 100 kHz. Images were taken at SNR (signal to noise ratio) 

mode of either 8 or 4 image2 and a frame rate of 15 fps, resulting in approximately 2/4 images 

respectively per second. 

Experiments were performed at a specimen temperature of 50K. Helium was used as the imaging 

gas for all tungsten samples.  Figure 2.10 demonstrates the choice of temperature and imaging 

gas on the resulting FIM images. For the temperature of 80K, the best image voltage was 

determined to be at 7.6kV. The voltage was then kept constant, and the temperature was 

dropped to 50K before taking another image, then again at 20K. The change in image quality is 

evident, with the image appearing to be at its best at 20K.   

FIM’s lateral resolution had previously been defined as the size of the smallest spot on the FIM 

screen, and was estimated at 0.3nm at favourable conditions [121], [161] . An expression for 

FIM’s resolution, 𝛿 , was derived [12], [162], [163] and includes three major contributions: 

𝛿 = {𝛿0
2 + 16 (

𝜀2𝑘𝐵𝑇𝑅

𝑘𝑓𝑒𝐸
) + 4 (

𝜀2ℏ2𝑅

2𝑚𝑘𝑓𝑒𝐸
)

1
2

}
1
2  

                                                      
2 In this mode the camera grabs and averages a set number of images and out-puts one image to reduce noise. 
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Where 𝛿0 is the size of the ionization zone above surface atoms (dependent on the field and has 

a lower limit size of the order of magnitude as the size of an image gas atom), 𝜀 the image 

compression factor, 𝑘𝐵 the Boltzmann constant, 𝑇 the temperature of imaging gas, 𝑅 the tip 

radius, 𝑘𝑓 field factor, 𝑒 the elementary charge, 𝐸 the electric field, 𝑚 the mass of the imaging 

gas atom, and ℏ the Planck constant. 

The second term in the resolution equation describes the influence of the imaging gas atom’s 

lateral velocity on resolution. As the temperature of the tip is higher, the distribution of velocities 

of imaging gas atoms ionized from the same atomic site is larger. Imaging gas atoms ionized with 

different lateral velocities will follow different trajectories, creating a larger spot size on the final 

FIM image. However, as the temperature is lowered, the evaporation of sample atoms requires 

higher voltage, therefore the samples are harder to evolve, and are more prone to fracture. 50K 

was chosen for experiments in this thesis as the temperature that produces a good compromise 

between image quality and sample yield. Argon was not considered as an imaging gas since its 

condensation temperature is ~80K which is higher than the selected specimen temperature. 

Finally, neon was tested at 50K and found to produce lower quality images. The third term in the 

𝛿 equation expresses the inherent Heisenberg’s uncertainty. 
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Figure 2.10: FIM temperature and imaging gas selection. Image contrast is improved as the temperature is dropped, 
however evaporation requires higher voltage. 50K is chosen as optimal. 

Most of the analysis techniques used for FIM data are developed in this work and are presented 

at dedicated chapters. 

2.6.1 Evaluation of tip radius 

It is possible to estimate the radius of the sample from the FIM image by calibrating known 

theoretical angles between crystallographic poles observed to actual pixel distances on the image 

[12].  

As schematically shown in Figure 2.11, the n’th plane in depth from the surface of the sample 

corresponds to the n’th ring around the centre of the FIM image. if 𝜃𝑛 is the angle between the 

  [ℎ1𝑘1𝑙1] direction and the n’th ring around the pole, and each concentric ring around pole 1 

indicates a depth increment of the theoretical planar spacing between the  ( ℎ1𝑘1𝑙1) planes, 

𝑑ℎ1𝑘1𝑙1
, then the radius of curvature 𝑅0 of the tip is given by [164]    

𝑅0 ≈
𝑛𝑑ℎ1𝑘1𝑙1

1 − 𝑐𝑜𝑠𝜃𝑛
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where n is the number of concentric ring around pole 1 and 𝑑ℎ1𝑘1𝑙1
=

𝑎

√(ℎ1
2+𝑘1

2+𝑙1
2)

 , 𝑎 = 3.16Å , 

tungsten’s lattice parameter. 

 

Figure 2.11: Simplified schematic description of a tip apex. Each plane along the depth of the sample symbolizes a 
ring around the pole in the FIM image. 

To deduce 𝜃𝑛 from a given FIM image, a calibration is made between the theoretical angle 

between the   [ℎ1𝑘1𝑙1] 𝑎𝑛𝑑   [ℎ2𝑘2𝑙2] directions, and their separation distance in pixels. Once 

this calibration is in place, the image radius of the n’th ring around the( ℎ1𝑘1𝑙1) pole (in pixels) 

will be enough to estimate 𝜃𝑛 and in turn, the radius of curvature. 

A simple matlab code was written to perform these measurements and calculations for the digital 

FIM images, and is demonstrated in Figure 2.12. One of the tungsten samples is shown here, with 

two poles indexed. The theoretical angle between the [011] and the [121] directions is 30 

degrees. The centres of both poles are determined by the user’s input of four points around a 

concentric ring of each pole. The pixel size distance on the image between the two centres of the 

fitted circles is then measured (in this case found to be 308 pixels). Next, the user is asked to 

mark 4-8 points on one of the concentric rings of the central pole, and specify the ring number. 

In this case, the second ring is chosen. A circle is then fitted by the code to the ring, and its radius 



Experimental methods                                                                                                           Michal Dagan                                                                       

67 
 

found to be 148 pixels. From the measured radius of the second ring, 𝜃𝑛 is calculated: 308 →

30𝑜  ≫ 148 𝑝𝑖𝑥𝑒𝑙𝑠 →  𝜃𝑛 = 14.4 , and the radius of curvature of the tip is then found to 

be~14 𝑛𝑚. Variance in such radius measurements is expected and could be the result of 

measurement error in calibrating distances by fitting the poles to perfect circles. Further, as the 

tip is not a perfect sphere, calibration according to different poles might result in different ‘local’ 

radius of curvature. The procedure described above was repeated twice for the same poles, using 

the n=2 ring of the central pole, and the n=3 ring of the central pole the second time. Two more 

measurements were performed, calibrating angles to distances using a different {121} pole on 

the image, marked with a green circle. The average and error estimates for these 4 

measurements were found to be: 14.4 𝑛𝑚 ± 0.96 (the error estimate given here is the standard 

deviation from the 4 measurements). 

 

Figure 2.12: Demonstration of radius calculation procedure on a tungsten FIM image. The angle between the [011] 
and [121] directions is calibrated to the pixel distance between the two poles. This calibration is used to convert the 
measured radius of the n=2 ring around the (011) pole to an angle between the edge of the terrace and the [011] 
direction, which is in turn used to determine the radius of curvature, found here to be approximately 14 nm. A third 
pole marked in green is used to repeat the measurements using a different pole for calibration.
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3 Imaging of radiation damage using 

complementary field ion microscopy 

and atom probe tomography  
 

In this chapter potential complementary applications of FIM and APT are explored in the study 

of radiation damage in tungsten. A combined APT/FIM study of radiation-induced crystal damage 

is demonstrated to characterise the effects of self-ion implantations of increasing dose levels and 

explore limitations of both techniques. Contributions from both FIM and APT approaches are 

compared and discussed in relation to corresponding TEM and Nano indentation analysis. 

3.1 Experiment 

Table 3-1 summarizes the implantation parameters for all self-implantation experiments 

explored in this chapter. All samples were electro polished to the desired needle shape from a 

tungsten wire prior to the implantations.  

 

Table 3-1 : implantation parameters for samples examined in this chapter. 

All samples had been tested in both FIM and APT in order to characterise the types of 

microstructural changes that are visible in each of the techniques. Since these are destructive, 
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separate specimens had to be prepared for each. At least three specimens were analysed in each 

technique for each implantation condition to ensure the results were representative. 

Both APT and FIM experiments were performed at 50K, with helium used for FIM imaging. 

3.2 Results 

Figure 3.1 represents results from the FIM and APT analyses of the control un-irradiated tungsten 

samples. As expected, the reconstructed APT data in Figure 3.1a reveals a homogenous 

distribution of tungsten atoms. A clear crystal structure can be seen in the corresponding FIM 

image in Figure 3.1b, fully characteristic of an undamaged body-centred cubic (bcc) lattice.  

 

Figure 3.1: APT and FIM results obtained for the reference un-implanted tungsten sample. (a) Homogenous tungsten 
matrix in the APT reconstruction. For clarity, 0.3% of the atoms are imaged in a characteristic 300 nm long section 
of the reconstruction. (b) Characteristic bcc lattice imaged with FIM. Some of the main poles are indexed.  

It is only when comparing the results of the implanted samples to the reference samples that the 

differences in the relative strengths between the two techniques are made apparent. Figure 3.2 

presents results of APT analyses of the samples implanted to a level of 0.01 dpa. The tungsten 

distribution within the APT reconstruction again appears homogenous, very similar to that in 
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Figure 3.1, with no significant indication of crystal damage caused by the implantation. However, 

by carefully examining the complementary FIM images in Figure 3.2b-d, deviations from the 

perfect crystal structure can be detected. Very fine features of crystal damage in the form of 

single vacancies are observed throughout the evaporation process through the depth of the 

sample. These vacancies are straightforward to image with FIM, however are undetectable to 

APT analysis, due to it’s limited detection efficiency. 

 

Figure 3.2: Results from sample 2, tungsten implanted to a 0.01 dpa level. (a) Homogenous tungsten matrix seen in 
the APT reconstruction. 0.2% of the atoms are shown for clarity. (b-d) FIM images of sample 2. Single vacancies can 
be seen throughout the evaporation. 

Larger features of crystal damage are prominently visible via FIM analysis of the samples 

implanted to a higher damage level of 6 dpa, as shown in Figure 3.3d-e. The concentric ring 

structure defining the central (011) pole in Figure 3.1b has been replaced by a spiral (Figure 3.3d). 

This is clear evidence of a dislocation emerging at the surface from the (011) plane [11]. On 
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examining the complementary APT reconstruction, in Figure 3.3a, the homogeneous distribution 

of tungsten atoms is once again very similar to that observed for the previous irradiation 

conditions, and provides no direct evidence of damage to the crystal lattice. Interestingly, 

however, in this sample, small amounts of carbon were also detected (0.13 at. %) in the APT 

analysis. Much smaller traces of carbon (<0.01at %) were observed at the surface of the control 

specimen, whereas, the samples implanted to 6 and 33 dpa were found to contain increasing 

amounts of carbon (0.13-0.41 at % respectively). It is likely that this carbon is an unintentional 

impurity. If present in the implantation chamber, the beam itself, or on the surface of the needle 

samples, carbon atoms can be knocked into the depth of the sample during the implantation by 

the energetic tungsten ions. From the APT reconstruction of carbon atoms in the 6dpa sample 

(Figure 3.3b) it is apparent that this carbon impurity is in fact useful for revealing damage to the 

lattice that is not detectable from the examination of the tungsten atoms. Carbon will segregate 

to the implantation induced lattice defects, making them observable in the APT reconstruction 

as regions of high carbon concentration. Indeed, the decoration of solutes facilitating the 

observation of crystallographic dislocations is well-established in the APT investigation of a wide 

variety of material systems [165]–[170]. Looking more closely at the distribution of tungsten 

atoms of the 6 dpa sample, there are regions of the data where the in-depth spatial resolution of 

the APT reconstruction is high enough to resolve ordered (011) crystallographic planes, as 

demonstrated in Figure 3.3c. In such regions a departure from the well-ordered planes structure 

can be observed in the vicinity of carbon atoms (marked as red spheres). This further strengthens 

the notion that the observed distribution of carbon correlates to radiation induced lattice 

damage. The dislocations observed with the field ion microscope in the 6 dpa samples help to 
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identify the defects seen in Figure 3.3b,c as dislocations. Smaller damaged regions in the size of 

several vacancies were also observed with FIM, but these are apparently too small to be 

highlighted by carbon segregation in the APT data, either due to the small amount of carbon 

segregating to these locations, or due to no segregation occurring to such small size defects. 

 

 

Figure 3.3: Results from sample 3, tungsten implanted to a 6 dpa level (a) Tungsten APT reconstruction still appears 
to be homogenous For clarity, 1% of the atoms are shown here in a 200 nm long characteristic region. (b) APT 
reconstruction of carbon atoms present in the sample as a result of carbon contamination during tungsten ion 
implantation. (c) 2x2x20 nm3region of the tungsten matrix reveals (011) crystallographic planes. Carbon atoms are 
seen in red. (d-e) FIM images presenting larger features of crystallographic damage than in previous samples. The 
spiral in d is a dislocation emerging from a (011) plane.  

It is only in the case of the highly damaged, 33 dpa sample, that the spatial distribution of 

tungsten in the APT reconstruction appears to be different from that of the corresponding control 

sample. Figure 3.4a exhibits high density regions in the tungsten reconstruction of the 33 dpa 
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sample. These regions, highlighted by red circles, can be attributed to trajectory aberrations in 

the atom probe caused by local areas of lower curvature at the surface of the tip [130] [171]. 

Reports in the literature indicate that the field evaporation in defective areas, such as around 

dislocations [11], [172] or interstitials [173], occurs at lower electric field. Fortes an co-worker 

attribute a lower evaporation field to interstitial atoms due to the lattice strain [11]. The local 

neighbourhood of these atoms is also likely to be affected by the binding energy of surface atoms 

in these areas [174], [175]. In addition, this is supported by the carbon distribution in the sample, 

seen in Figure 3.4b. The carbon exhibits segregation behaviour similar to that observed in the 6 

dpa sample and in many other materials, as recently reviewed by Smith et al. [176]. In this case, 

as seen in Figure 3.4a-b, a correlation between carbon segregations and regions of tungsten high 

density is also revealed, further confirming the origin of the apparent high density tungsten 

regions as regions of extensive crystal damage. FIM images of sample 4 in Figure 3.4c-f reveal a 

considerably higher level of damage to the ordered lattice, with many dislocations, dislocation 

loops (d) and depleted zones appearing throughout the evaporation process.  

  

 
Figure 3.4: Results from sample 4, tungsten implanted to a damage level of 33 dpa. (a) Tungsten APT reconstruction 
reveals regions of high apparent density highlighted in red circles. For clarity, 80% of the atoms are shown in a 
3.5x50x69 nm3 slice of the data (b) Carbon segregation appear to spatially overlap with the high density tungsten 
regions. (c-f) FIM images presenting substantial degree of crystal damage.  
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3.3 Discussion: APT/FIM 

From the results presented in Figure 3.1-Figure 3.4 it is clear that crystallographic information 

pertaining to radiation induced lattice damage is readily available in the FIM data. The atom 

probe data requires more careful analysis approaches and may not be successful in cases of low 

implantation levels where small features of damage are expected. It was shown that from the 

APT reconstructions of the tungsten matrix, no crystal damage was apparent up to a damage 

level of 6 dpa. At 33 dpa, large crystal defects manifested in the APT data in the form of density 

variations that can be attributed to trajectory aberrations.  

The fundamental reason for this difference in resolution power lies with the use of imaging gas 

in FIM. In both FIM and APT, there is a random loss of 30-70% in detection efficiency due to the 

micro-channel plates (MCP) utilized at the entry of the detectors. In the case of a reflectron-fitted 

instrument such as the LEAP-3000HR used for experiments in this chapter, approximately 63% of 

the atoms evaporated from the specimen are stochastically omitted from the final analysis [82], 

[177] due to an additional reduction in detection efficiency originating from the design of the 

reflectron. Such limitations prevent the identification and characterisation of atomic scale 

crystallographic features such as vacancies, interstitials, and the direct imaging of dislocations by 

the atom probe. However, the FIM image is dynamic, and is in fact the result of a continuous 

stream of gas ions field evaporated from the tip. At any given time, each illuminated spot, 

representing an individual atom is made up from the contribution of thousands of gas ions 

striking the detector. Hence, even though a similar fraction of ions is detected in both devices, 

hundreds of imaging ions originating from each prominent surface site will still be detected in 

FIM, assuring the representation of every surface atom, while APT remains a single shot chance 
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for detection. In regions of high index planes effectively every atom is precisely imaged on the 

lattice and consequently crystal defects, including the smallest of them all, the single vacancy, 

can be directly observed. This difference in detection power is demonstrated in Figure 3.5. In 

Figure 3.5a, a simulation of the expected ion hit map around the main pole of APT data of a 

perfect bcc tip, aligned along the [011] direction. A concentric ring structure is obtained, 

representing the configuration of the kink sites, most prominent for evaporation, resulting from 

the intersection of the spherical shape of the tip with the crystal lattice. In Figure 3.5b, a real 

reconstructed tungsten dataset is shown, constructed of a 10nm (in depth) layer of ions that hit 

the detector in the region of the (011) pole. The reduced detection efficiency is immediately 

apparent. In comparison, Figure 3.5c shows a FIM image of a tungsten sample aligned at the same 

direction. The obvious concentric ring structure is very similar to the perfect crystal simulation, 

demonstrating the superior efficiency and resolution power of FIM vs the APT. 

 

Figure 3.5: FIM vs APT detection efficiency comparison. (a) Simulation of the surface ion hit map around the (011) 
pole assuming 100% detection efficiency. (b) Reconstructed Ions around the (011) pole of a real tungsten APT dataset 
analysed in voltage mode, constructed from a 10nm layer, 4-14 nms below the surface. (c) FIM image of the (011) 
pole of a tungsten tip. 

3.4 Discussion: complementary TEM/Nano-indentation 

As the Tokamak divertor is expected to experience doses of 20-30 dpa/year [178], it is important 

to understand how the microstructure changes observed in this work with FIM will effect 
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tungsten’s mechanical properties. Armstrong et al. have performed nano indentation tests on 

pure tungsten self-implanted to different doses corresponding to damage levels of 0, 0.07, 0.4, 

1.2, 13, 33 dpa at 300℃ [139]. The average hardness was measured for each of the samples at a 

depth of 125 nm indenter displacement corresponding to the peak damage depth predicted by 

SRIM, and a region free from both surface effects and the underlying un-damaged depth of the 

sample. Their findings are summarized in Table 3-2. It can be seen that hardness increases at 

0.07dpa, and increases again more drastically at 0.4 dpa, however saturates at higher doses. 

 

Table 3-2[139]:  Hardness results of tungsten implanted to increasing levels of dpa at 300℃. Saturation is observed 
past 0.4dpa 

 Corresponding TEM analyses were carried on tungsten foils implanted at the same conditions. 

According to the TEM results, loop volume number densities observed for 0.4,1.2 and 33 dpa 

levels seem to match the saturation trend observed in the mechanical tests, with only a small 

increase in loop density between 33 and 0.4 dpa. Most of the reported damage revealed by TEM 

is reported to be in the form of dislocation loops of 2nm in diameter, with no voids observed. 

Unlike the TEM observations, FIM results in this chapter demonstrate an increase in 

microstructure damage across the range of implantation doses. While saturation is detected in 

the TEM data, FIM is still able to resolve increasing levels of damage between the 6dpa and the 
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33dpa samples. While those were implanted at higher temperature than the samples in [139], a 

trend of increase in damage levels can still be discussed in comparison to micromechanical and 

TEM results .The temperature difference between the two cases means that additional recovery 

mechanisms are active at 500℃, and as vacancies are above their migration temperature, larger 

structures of vacancies cluster are expected along with a decrease in individual vacancies 

population. However, this is true for both 6 and 33 dpa cases, therefore an increase in damage 

levels between the two samples can be determined. 

While TEM reports dislocations to be the prominent form of damage microstructure [139], these 

features seem to be less commonly visible in FIM. This could be due to the needle geometry, 

resulting in large surface/volume ratio, causing increase loss of dislocations to the surface. This 

phenomenon was simulated for TEM foils [179], but could be expected to influence FIM samples 

possibly in a more significant manner. Indeed, field induced displacements of dislocations in field 

emitters had been previously reported with regards to FIM/APT samples and is an established 

phenomena [180], [181], one that needs to be considered when characterizing crystal defects 

using these techniques. 

Finally, by comparing FIM results to the mechanical tests it could be suggested that the additional 

damage features observed at higher doses, corresponding mostly to large vacancy clusters are in 

fact not dominating the hardening mechanisms in tungsten, and the concentration of the 

dislocation loops measured in TEM seem to be following the trend better. Of course under real 

conditions of a fusion reactor, where tungsten is also exposed to helium surroundings and 

transmutation damages, the additional defects seen in FIM could have a very significant effect 

on hardness. In ion-implanted tungsten – rhenium alloys hardness was shown to be dominated 
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by the formation of rhenium clusters [60], [139]. The formation mechanism of these clusters was 

shown to depend on temperature and irradiation dose, implying the importance of crystal 

defects accumulation as these enhance diffusion and may also act as nucleation sites for the 

solute clusters. In another example, helium implanted tungsten samples exhibited increased 

hardness in comparison to samples implanted by both helium and tungsten [5]. Supported by 

positron annihilation studies [38], [153], these suggest that stronger hardening is achieved when 

helium is present in the sample as vacancy-helium complexes, rather than bound to dislocations. 

It is therefore another example of a tungsten system where vacancies, and vacancies clusters 

such as the ones observed with FIM in this chapter, have a significant effect on resulting 

mechanical properties. Table 3-3 summarizes the effects of different alloying elements, and 

crystal defects, discussed above and in the introduction chapter, on the hardness of tungsten, 

demonstrating the indirect, yet important effects that vacancies have on tungsten’s hardness: 

 
Characterization 

techniques 
Effect of implantation dose on hardness in tungsten references 

Dislocations 𝑇𝐸𝑀 
𝑑𝑜𝑠𝑒 ↑→ 𝐻 ↑, 

H saturates~dpa = 0.4 
[139] 

Vacancies 𝐹𝐼𝑀 
𝑑𝑜𝑠𝑒 ↑→ 𝐻~𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡, 

 𝑚𝑒𝑎𝑠𝑢𝑟𝑒 𝑢𝑝 𝑡𝑜 33𝑑𝑝𝑎 
[15], [139] 

He+ 

vacancies/ 

dislocations 

𝑇𝐸𝑀, 𝐹𝐼𝑀, 

𝑃𝐴𝐿𝑆, 𝑁𝑅𝐴 

𝑑𝑜𝑠𝑒 ↑→ 𝐻 ↑, 

 𝐻𝐻𝑒+𝑣𝑎𝑐𝑠 > 𝐻𝐻𝑒+𝑑𝑖𝑠𝑙𝑜𝑐𝑎𝑡𝑖𝑜𝑛𝑠   

→ 𝐻𝑒 𝑖𝑠 𝑚𝑜𝑟𝑒 𝑡𝑖𝑔ℎ𝑡𝑙𝑦 𝑏𝑜𝑢𝑛𝑑 𝑡𝑜 

𝑣𝑎𝑐𝑎𝑛𝑐𝑖𝑒𝑠 𝑠𝑡𝑟𝑢𝑐𝑡𝑢𝑟𝑒𝑠  

[5], [146], [152], 

[153], [182] 

Re + 

vacancies 

𝐹𝐼𝑀, 𝐴𝑃𝑇,  

𝑇𝐸𝑀 

𝑑𝑜𝑠𝑒 ↑→ 𝐻 ↑ 

𝑝𝑟𝑒𝑐𝑖𝑝𝑖𝑡𝑎𝑡𝑖𝑜𝑛 ℎ𝑎𝑟𝑑𝑒𝑛𝑖𝑛𝑔  

𝑅𝑒 𝑐𝑙𝑢𝑠𝑡𝑒𝑟𝑠 𝑓𝑜𝑟𝑚𝑎𝑡𝑖𝑜𝑛 𝑎𝑠𝑠𝑖𝑠𝑡𝑒𝑑 𝑏𝑦 𝑣𝑎𝑐𝑎𝑛𝑐𝑖𝑒𝑠 

measured up to 33dpa 

[6], [60], [139], 

[142], [143] 

Re + Os + 

vacancies 

 𝐹𝐼𝑀, 𝐴𝑃𝑇,  

𝑇𝐸𝑀 

𝑑𝑜𝑠𝑒 = 33𝑑𝑝𝑎 → 𝐻𝑅𝑒 ↑< 𝐻𝑅𝑒+𝑂𝑠  

𝑂𝑠 𝑠𝑢𝑝𝑟𝑒𝑠𝑠𝑒𝑠 𝑅𝑒 𝑐𝑙𝑢𝑠𝑡𝑒𝑟𝑖𝑛𝑔 →  

Os probably more strongly bound to vacancies 

dpa>0.4, Os dominates hardening not through 

precipitation 

[6], [60] 

Table 3-3 : Summary of the effects of crystal defects and alloying elements/impurities on the hardness properties 
of irradiated tungsten. 
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In conclusion: complementary APT/FIM study of self-implanted tungsten has demonstrated the 

additional atomic scale information available with FIM that is below the detection efficiency 

limits of APT and TEM. Single vacancies, small vacancy clusters, and dislocations are all straight 

forward to image in 3D with FIM. While vacancies do not give any contrast in APT data, 

dislocations are sometimes detectable via impurities segregation. At the high dose of 33dpa, 

trajectories aberrations from highly damaged regions in the specimen can indirectly suggest the 

presence of crystal defects in APT data. Since FIM had been established as a worthwhile 

technique to utilize for the studies of radiation damage, the next chapters will establish working 

methods and data analysis techniques for the robust use of FIM in radiation damage studies.  



Automated reconstruction of 3D field ion microscopy data                                           Michal Dagan                                                                       

80 
 

4 Automated reconstruction of 3D field 

ion microscopy data 
 

4.1 Introduction 

In chapter 3 APT and FIM were demonstrated to be powerful, complementary techniques, that 

combined can contribute unprecedented chemical and spatial resolution to the atomic-scale 

characterisation of radiation damage. FIM was shown to provide unique insights into the atomic 

arrangement of defects in irradiated samples, information that is not available in atom probe 

data due to its restricted detection efficiency. 

In the 1960s and 1970s 3DFIM experiments revealed a tremendous potential to contribute to the 

study of radiation damage in materials. However, since this time, use of FIM has been almost 

entirely replaced by the development of atom probe tomography. While 3DFIM still provides 

increased resolution power in comparison to current APT machines, it is the lack of automated, 

digital, convenient tools for the analysis of FIM images that have led to very little further 

development compared to APT.  

A typical 3DFIM experiment will produce a very large number of FIM images. For example, for an 

analysis that probes a modest depth of 10nm into the sample, with an imaging frame rate suitable 

to track controlled evaporation, the resulting total size of all acquired data will typically reach 

tens of thousands of images. Some form of automated analysis is therefore required to map the 

configuration of the features of interest in the data set, whether those are several nm in size 

(dislocations, precipitates), or the size of a single atom (vacancies, interstitials). To make full use 
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of the ultimate resolution power, such analysis will need to maintain the atomic nature of the 

data. For this purpose, it will have to identify all atoms in the region of interest, and correctly 

place them in terms of their relative depth from the initial surface. 

In order to fully utilize the unique imaging capabilities of FIM and routinely explore larger 

volumes accurately and consistently, this chapter introduces the first automated ‘atom-by-atom’ 

approach to 3DFIM data reconstruction. The procedure relies on minimal underlying 

assumptions, is sensitive to atomic information and results in an atomically resolved 3D 

reconstruction of the crystalline lattice.  The proposed reconstruction procedure is demonstrated 

here for the analysis of tungsten, however the method is equally applicable to a wide range of 

materials which can be imaged by FIM such as steels [70], [183], superalloys [184], [185]  and 

catalyst metals [186], [187] for example. The main stages of the reconstruction algorithm are 

demonstrated, as well as highlighting significant challenges in the reconstruction procedure.  

4.2 The experiment 

A tungsten sample was electropolished from a wire oriented along the [011] direction into a 

needle shape with a final specimen apex radius estimated to be less than 20 nm. Figure 4.1a is a 

FIM image of the analysed sample, with its main poles indexed. The sample was subject to self-

ion implantation to a dose consistent with primary stages of radiation damage, whereby damage 

cascades caused by the implantation of individual ions are not interacting. However, since the 

focus of this chapter is to illustrate the 3D basic reconstruction algorithm, for a ‘perfect-crystal’ 

type system, the analysed volume of the sample discussed here is an un-damaged region of this 

sample. Reconstruction of damaged volumes will be discussed in chapter 8. 



Automated reconstruction of 3D field ion microscopy data                                           Michal Dagan                                                                       

82 
 

Since 3DFIM’s greatest complementary contribution to APT data is its ability to resolve individual 

atoms, and since these are the smallest features on FIM images, the reconstruction algorithm 

demonstrated here was developed to reconstruct the atomically resolved poles of FIM images, 

where, in damaged samples, single vacancies can be located.  

4.3 Imaging and evaporation sequence 

The imaging and evaporation sequence of the atoms is demonstrated Figure 4.1b, which is 

fundamental to the accuracy of the reconstruction procedure. The terrace patterns are created 

as a result of the higher electric field generated above the more exposed surface sites at kink 

positions around the crystallographic poles. Outer terrace atoms protrude to a greater extent 

than inner plane atoms, therefore higher imaging gas ion current will be generated at these 

locations, resulting in brighter imaging and desired surface contrast. As the evaporation of 

constituent atoms progresses, the outer terrace is removed by preferential evaporation due to 

the higher electric field, exposing the inner plane atoms for imaging. The layer-by-layer field 

evaporation process is demonstrated in Figure 4.1b-c.  

As the imaging and evaporation sequence progresses through the depth of the specimen, the 

repeating pattern provides a distinct, reoccurring metric to enable automatic detection of 

distinctive atomic planes as evaporated within the stack of FIM images. Figure 4.1c presents the 

integrated intensity measured from pixels within the central region of the (222) pole, marked 

with a red square in Figure 4.1b, across the first 500 consecutive FIM images. As can be seen in 

Figure 4.1b, each crystallographic layer will first exhibit low intensity in the middle of the pole, as 

terrace atoms at the periphery of the plane are preferentially imaged. Once these atoms have 
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evaporated, the field re-distributes such that central atoms within this plane are now imaged, 

corresponding to an increase in the integrated intensity of that region. Progressing further, once 

the final atoms on this plane have evaporated, and a lower layer is now exposed to the surface, 

the intensity at the centre of the pole drops again. This drop in intensity is usually sharp, since 

the final 3 atoms of a plane tend to field evaporate almost simultaneously, or at least within a 

time frame shorter than the experiment resolution.  

 

Figure 4.1: (a) FIM image of the analysed tungsten sample, with its main poles indexed. (b) Close up view on the 
(222) pole. Images numbered 1-4 are time ordered and describe the evaporation and imaging sequence of the plane. 
The plane imaged in (1-3) had been fully evaporated in (4), and the layer below is now exposed. (c) Integrated 
intensity from the centre of the (222) pole across 500 FIM images, measured from the region of the pole marked in 
a square in (b). Points 1-4 correspond to the contributions from points in time 1-4 marked in (b). 

Each intensity interval in the integrated intensity plot in Figure 4.1c therefore represents the 

imaging and complete evaporation of a crystallographic layer. From the plot in Figure 4.1c it can 

therefore be concluded that in the first 500 FIM images, 6 (222) planes are imaged, and 5 of them 

have been fully evaporated. From the points at which the intensity drops, the final FIM image in 

this sequence corresponds to a particular plane which can be deduced, for example one image 

prior to the point labelled 4 for the fifth complete layer imaged. Since the images are taken at a 

constant rate, the width of each intensity interval corresponds to the evaporation duration of 
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each plane. This will change throughout the experiment due to changing field conditions as the 

shape of the specimen evolves. 

4.4 Reconstruction stages 

The procedure is demonstrated on a tungsten dataset comprising 7771 images, capturing the 

evaporation of 69 crystallographic layers in depth into the material and containing 2450 tungsten 

atoms. The reconstruction algorithm consists of the following key steps:  

 Atomic positions are identified automatically across all images.   

 A tracking algorithm is implemented in order to identify the same atom as it appears in 

several images across the data set.   

 The relative crystallographic plane of each atom is determined, completing the 

coordinates needed to create the final 3D reconstruction. 

 These analysis stages are each discussed in detail in the following sections. 

4.4.1 Gaussian filter and automated detection of atomic coordinates 

In the first stage of the process, a Gaussian filter is applied in the Fourier space of each digital 

image to remove high frequency noise. To this end, the fast Fourier transform of each image is 

calculated and multiplied by the Gaussian filter (GF) given by 

𝐺𝐹 = 𝑒
−

(𝑥−
𝑤
2

)
2

+(𝑦−
ℎ
2

)
2

2𝜎2  

 where 𝑤, ℎ correspond to the width and height dimensions (in pixels) of the image, and 𝜎 

determines the width of the Gaussian filter, set here to 40. The inverse Fourier transform of the 

multiplication product is then calculated, and serves as the filtered image. The atomically 
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resolved poles of interest are then selected and the same region is automatically cropped out of 

all FIM images to reduce the size of the data and increase calculation speed.  

Next, within each FIM image the intensity values of all pixels are scanned and local intensity 

maxima coordinates are identified. These maximum-intensity pixels represent coordinates of all 

atoms appearing within the stack of images. Note that a threshold value is defined for the 

intensity peaks to be identified as atoms to avoid false identifications due to remaining noise. In 

the analysis demonstrated here, the threshold was set at 60% of the maximum measured 

intensity. 

Figure 4.2 demonstrates the effects of varying the Gaussian filter and intensity cutoff values on 

the resulting intensity peaks that are identified as potential atoms, for the same FIM image. In 

the table in this figure, for each of these analysis conditions, the number of peaks that were 

ultimately identified across the same sequence of 100 FIM images is stated.  It is evident that 

without the application of filter and an intensity cutoff, many intensity peaks on the images are 

falsely identified as atoms, due to contributions from the high frequency noise contained in the 

images. A large portion of these false-positives are removed by setting a threshold value for the 

intensity peak, beneath which any peak is not considered as a potential atom. The inclusion of 

the cutoff in this case has eliminated most of the points identified in the background of the image, 

but there are many that still remain in high intensity regions of the image, over-representing the 

same atom. With the application of a Gaussian filter significant improvement is achieved.  

The best result is achieved for this data set when applying a Gaussian filter with 𝜎 = 40, and a 

cutoff of 0.6 of the normalized intensity. In this case, as can be seen from the two images on the 
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right in Figure 4.2, the cutoff has eliminated several correctly identified atoms. However, due to 

the imaging sequence of the atoms, these atoms will be identified in later images as the 

evaporation process continues. The elimination of detection of atoms at low intensities is actually 

preferred as these atoms tend to image inconsistently until they attain a more uniform intensity, 

i.e. they are typically detected in one image but not in the next. Furthermore, their edges are 

difficult to precisely determine, which in turn creates inaccuracies when attempting to estimate 

their size as is required in the next stage of the algorithm. All these will make the task of tracking 

these atoms across the stack of images more difficult. The tracking algorithm developed here is 

described in more detail in later sections of this chapter, but relies on assumed proximity of 

identified coordinates of the same atom on both the image plane, and across the timeline axis. 

Thus, the inconsistency in imaging, characteristic of low intensity imaging will only complicate 

the tracking step. 

 

Figure 4.2 : Effect of Gaussian filter and intensity cutoff on identified intensity peaks. Each red dot on the images 
represents intensity peak on the image. In the last row of the table the number of identified coordinates for each of 
the stated conditions across the same sequence of 100 FIM images. 

In Figure 4.3a, such unidentified atoms are marked manually using white circles. It is the local 

field that is responsible for atoms being imaged with different intensities. A higher field will result 

in an atom imaging more brightly, and will also increase the probability of evaporation for that 

atom. Thus, atoms are usually imaged with the highest intensity directly before evaporation. The 
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evaporation process continues from the image in Figure 4.3a to the point in time represented by 

Figure 4.3b. Two brightly imaging atoms in Figure 4.3a have evaporated, as indicated by the red 

circles in Figure 4.3a,b. Subsequent to the evaporation of these atoms, the intensity of the un-

identified atoms increases above the identification threshold. Therefore, while not all atoms will 

be positively identified across all images in which they appear in, all atoms will be identified 

eventually prior to their evaporation by application of these values for the Gaussian filter and 

intensity cutoff. 

Figure 4.3c plots the coordinates that were automatically detected in the first 80 FIM images, 

corresponding to the first crystallographic plane to evaporate from the surface of the specimen. 

To create the plot, the measurement of atomic positions is repeated across the first 80 images, 

and the detected atomic coordinates are effectively stacked in the 3D plot. The z coordinate in 

Figure 4.3c represents the serial number of the image in which the atoms were identified. For 

clarity only the first plane is shown here. 

 

Figure 4.3: (a,b): Time ordered FIM images of the (222) pole. A Gaussian filter has been applied to remove high 
frequency noise.  Intensity maximum points are identified and marked in black dots. (a) The intensities of atoms 
marked in white circles are below the set threshold. (b) As the evaporation process progresses, the atoms marked 
in red circles in (a) have evaporated, and the ones marked in white circles are now imaging with intensities above 
the identification threshold. (c) All atomic coordinates identified in the first 80 images, corresponding to the 
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evaporation of the first crystallographic layer. The x-y coordinates are set by the pixel coordinates, and the z 
coordinate at this stage represents the serial number of the image in which every peak was identified. 

4.4.2 Consolidating contributions from individual atoms across the sequence 

Once all intensity peaks have been identified across the sequence of images, the next step is to 

separate these signals into contributions from distinct atoms. The 3D ‘point cloud’ of information 

to be analysed at this stage represents every atom detected across all images, but is not the list 

of atom coordinates for the final reconstruction. Each atom will typically appear in multiple 

images from the time that it is first exposed at the surface until it is ultimately evaporated. In 

fact, the number of images in which each atom appears is dependent on its local field conditions 

and varies from atom to atom.  

The association of a collection of identified intensity peaks with related x-y coordinates to a 

specific individual atom is carried out through analysis of the relative position of each peak both 

within the image plane and across the sequence of images. Under the influence of instantaneous 

field conditions, the imaged positions of atoms may shift from their original recorded positions 

and their measured position from one image to the next can thus change. The imaging intensity 

of each atom can also change from image to image, dropping below the threshold for 

identification at times. These changes make it necessary to use an adjustable tracking algorithm 

to identify and group together intensity points describing the same atom across different images. 

4.4.2.1 Image-plane consolidation 

First, peaks from all images are separated according to their x-y spatial coordinates (in the image 

plane). This is a challenging task in practice due to fluctuations in atomic coordinates of the same 

atom recorded from image to image. An example of such displacements can is shown in Figure 
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4.5a, where the coordinates of one atom across the entire sequence of images is seen to 

fluctuate. In order to identify the same atom as it is displaced between images, an estimation of 

atom image size is made, which is then used as a characteristic maximum distance separating 

two intensity peaks that can represent the same atom in different images. This atomic radius can 

be regarded as a measure of the spatial resolving power. If the distance separating the imaged 

coordinates of the same atom on two consecutive images is greater than the atomic size, then 

there is no way (automated or not) of knowing for certain whether this is indeed the same atom 

migrating more than one atomic site displacement between the two images, or whether these 

are instead two neighbouring atoms – one appearing right after the evaporation of the other.  

A calibration of ‘size’ of the imaged atoms in pixels is carried out on each image, for each 

identified intensity peak. This calibration is done for every atom, on every image since as the 

evaporation process progresses, local magnification conditions change which impact on 

measured atomic sizes on the images. Thus, the last few atoms on a plane will often appear to 

image larger than other atoms previously evaporated from the same plane, and even larger than 

their own size on earlier images, where more atoms were present. Further, the total 

magnification of the image can also change during the evaporation process as the surface is 

evolving and the radius of the tip becomes larger. These two effects are demonstrated in Figure 

4.4. The measured sizes of the atoms are defined here by the edge of a circular area surrounding 

identified atomic coordinate where peak intensity drops to 0.875 of the respective measured 

maximum. In Figure 4.4a the sizes in pixels of three atoms out of the remaining six atoms on the 

plane are marked. Figure 4.4b shows a very similar configuration, where the last six atoms on the 

imaged plane are marked. Figure 4.4b was taken at a later stage of the evaporation process, after 
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the removal of 30 layers. As can be seen from the measured sizes of atoms, the average size of 

an atom in this configuration has decreased as the magnification of the image decreases. In 

Figure 4.4c the same central atoms of the plane in b are shown. When comparing measured 

atomic sizes between b and c, a shorter time-scale local magnification effect becomes apparent. 

As neighbouring atoms are evaporated and the final three atoms of the plane are left on the 

surface, their imaged size becomes larger, with an increase in diameter of 53% (from 15 to 23 

pixels) and 23% (from 17 to 21 pixels). Furthermore, it evident from Figure 4.4c that atoms on 

the same image can appear with significant size differences. Here, a terrace atom from a lower 

plane is seen, imaging at approximately 50% the size of the remaining three atoms on the plane 

above.  

 

Figure 4.4 : Imaged atomic sizes as they change throughout the evaporation process. Size is defined here as a circle 
where intensity drops to 0.875 of the detected peak intensity. (a) Final six atoms on a plane with the measured sizes 
of three in pixels stated. (b) After the evaporation of 30 layers, the final six atoms of a plane are shown and have 
decreased in size due to decrease in magnification and increase in tip radius. (c) The same plane as in (b) is imaged, 
with the remaining three atoms. The coloured arrows in (b) and (c) match and represent the same atoms. It can be 
seen that their size has increased. Also can be seen in (c) that kink atoms from a lower plane are imaged with smaller 
size. 

The defined ‘resolution’ distance (defined here as half the atomic size) provides a method for 

accounting for small displacements in the coordinates of the imaged atoms throughout a series 

of images, as demonstrated in Figure 4.5b. Each atomic coordinate is compared using this 

calibration distance to all atomic coordinates found on the consecutive image. Intensity peaks 
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that are found to be positioned within the defined x-y ‘atom-sized’ region will be grouped 

together at this stage as demonstrated in Figure 4.5c. Each colour represents a group of intensity 

points associated to the same atom-sized x-y region on the images. Note that atomic positions 

are compared between adjacent images, and not to the initial position in which the atom was 

first recorded. This is because recorded coordinates of atoms can gradually drift over a distance 

comparable to a characteristic atomic radius within the whole course of their exposure to the 

surface, but are unlikely to move by such a distance between adjacent images.  

 

Figure 4.5: (a) Recorded coordinates of one atom across all FIM images it appears in. (b) For each measured 
coordinate the size of the atom around it is estimated and used to examine identified coordinates in the next image. 
(c) Selected atomic coordinates that are grouped together according to their x-y positions. Each colour represents a 
group of atomic coordinates classified as the same atom. 

4.4.2.2 Planar separation 

In the next step, the distribution of points within each group is examined with respect to the z 

direction.  Figure 4.6 shows a close-up of one such identified group. It can be seen that this 

particular group does not continuously contribute a peak to every image across the sequence.  

The apparent discontinuities could of course indicate the evaporation of an atom, and the 
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subsequent imaging of another atom from the plane below. Hence, on first inspection the 

analysis in the z direction would seem to be straightforward; contributions in a sequence of 

images from the same atom can be separated in the z direction according to the identification of 

a discontinuity within each x-y group of points. Moreover, it would appear that by combining the 

integrated intensity measurement, exemplified in Figure 4.1c, the relative plane to which each 

atom originates can be deduced according to the image number in which it was lastly identified 

before the discontinuity. However, the analysis is not as simple as it would first seem. Frequent 

deviations from the simple model of layer-by-layer uniform evaporation sequence result in the 

need for a more sophisticated analysis and the intervals of integrated intensity alone cannot 

provide a reliable determination of the relative plane number for all atoms. Furthermore, 

instantaneous changes in field conditions, or the presence of impurities in gas atoms or in the 

system, can also cause the intensity of one atom positively identified in one image to temporarily 

drop below the detection threshold value in a subsequent image, which would yield a 

discontinuity such as shown in Figure 4.6. An example of such an atom ‘blinking’ between images, 

is marked with an arrow in the lower close-up in Figure 4.6, but could also extend over a larger 

number of images.  

The continuously changing imaging intensity therefore necessitates a metric to define the 

minimum number of images that is likely to separate the imaging of two distinct atoms from 

different crystallographic planes, as opposed to the blinking of the same atom. Furthermore, this 

metric should not be a fixed constant across the whole sequence of images, since, as can be seen 

from Figure 4.1c, the evaporation rate at which an entire plane is evaporated varies significantly 

from plane to plane. To determine the appropriate metric, the time of occurrence of a blinking 
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event is correlated to the corresponding image on the integrated intensity plot. The metric 

required to separate an evaporation event from a blinking event can therefore be assessed with 

respect to the total interval width in the integrated intensity plot. In the example in Figure 4.6, a 

close-up view reveals that there are two relatively long breaks in the sequence between 

identification of intensity points in respect to the number of images describing the evaporation 

of the respective planes. This can be interpreted as two separate evaporation events as occurring 

in the sequence and the overall imaging of three distinct atoms. Thus, the blue group will be 

further separated into 3 atoms. In comparison, blinking, observable in the close-ups of Figure 4.6 

is found to be relatively short to the determined metric and therefore the groups of atoms will 

not be further divided. 

 

Figure 4.6  Zoom-in view on the blue group of peaks, actually describing three atoms that are placed in the same x-
y region, in different crystallographic planes. This can be automatically concluded from the long pause in detection 
across the image series, corresponding to the evaporations of the separate atoms. A short intensity fluctuation 
‘blinking’ event is marked with an arrow.  

Finally, once all atoms have been tracked across all images, the total displacement in the 

recorded coordinates of each atom is calculated (displacement between the last and first 

recorded positions of the atom) as well as the duration of each atom on the surface (the number 
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of images it appears in). These can then be used to identify and resolve ‘suspicious’ atoms that 

seem to have very large displacements or are apparently imaged for very long durations in 

comparison to the lengths of their correspondent intensity interval, however these are highly un-

common.  

4.4.3 Separation to crystallographic planes 

The final step in the reconstruction procedure is placing the atoms in their correct 

crystallographic planes, or in other words, correctly determining their in-depth, z coordinate. 

Again, this is not a straightforward task due to the frequent divergence from the simplified ‘layer-

by-layer’ evaporation sequence. According to this over-simplified model, a kink atom from an 

upper layer will evaporate prior to an atom in the layer below, and prior to an atom in the centre 

on the same plane. In this case, all that is needed to determine which atoms belong on the same 

plane is given by the plot in Figure 4.1c as atoms can be classified to the different layers according 

to the number of image in which they were last identified. However, the true nature of the 

evaporation sequence is that of a stochastic process. While centre atoms will rarely evaporate 

prior to a kink atom on the same layer in the absence of a close-by defect [188], it is more 

common for kink atoms from lower planes to evaporate prior to the removal of the entire atomic 

layer above them. Example of this behaviour can be seen in Figure 4.7.  Atoms marked with the 

number ‘2’ are kink atoms from a lower plane than the three central atoms marked with the 

number ‘1’. In Figure 4.7b, one of the kink atoms marked with a white arrow, has evaporated 

prior to the atoms from the plane above. In fact, out of all the atoms that were analysed for this 

study, approximately 27% were found to be such ‘cross-layer’ evaporation events. 
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Figure 4.7: (a) Two planes are imaged here. The final 3 atoms from the higher plane are marked with the number ’1’, 
and outer terrace sites from the lower plane are marked with ‘2’. (b) An atom from a lower layer (marked with a 
white arrow) is evaporated prior to the three central ones of the upper layer. The two layers can be resolved by 
detecting decrease in intensity across the black line in a. 

In light of these frequent deviations from an over-simplified ‘layer-by-layer’ evaporation model, 

a different approach must be taken to determine which crystallographic plane to assign to each 

atom. In the example in Figure 4.7, the outer terrace of the lower plane can be spatially 

distinguished from the final 3 centre atoms of the higher plane, by the ‘dark’ region in the image, 

separating the two. By examining the intensity profile across the black line in Figure 4.7a from 

the evaporating atom on the outer terrace to the centre of the pole, this dark region is evident. 

Such measurements were found to demonstrate highly consistent profile shapes in several 

atomic configurations. The characteristic configurations have therefore been incorporated into 

the reconstruction algorithm, and characteristic intensity and derivative behaviours of events 

breaking the ‘layer-by-layer’ sequence are used to identify such atoms. Figure 4.8 summarizes 

characteristic intensity profiles of repeating evaporation events. The profiles are always taken 

across a straight line from the atom at question to the centre of the pole, and are calculated 

according to intensities of pixels along this line on the image where the highest intensity was 

recorded for the atom (usually directly before evaporation). In Figure 4.8a, a characteristic profile 

is shown for an ‘out of sequence’ event. This intensity profile clearly demonstrates the decrease 
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in intensity corresponding to the transition across the image from a kink atom belonging to a 

lower plane to the central atoms contained within the plane above it.  For comparison, Figure 

4.8b shows the same profile for a terrace atom that obeys the simple layer-by-layer evaporation 

pattern, with its final imaging within the correct intensity interval of the plane on which it resides. 

Unlike the profile in a, the decrease in intensity towards the centre of the pole is not followed by 

an increase, since all the atoms from the plane above have already been evaporated, and thus 

do not appear in this image. The cases present in c and d however, demonstrate an additional 

complexity to the problem. Both atoms here exhibit very similar intensity profiles. However, 

while the atom in c is a central atom evaporating ‘in sequence’ with its plane, the atom in d is a 

kink atom from a lower layer, evaporating ‘out of sequence’ and ahead of central atoms of the 

plane above it. In order to distinguish between these cases, it is necessary to examine not only 

their intensity profiles, but also the corresponding derivatives of these profiles. This is illustrated 

by the black curves in Figure 4.8, on the same plot as their respective intensity profiles. It can be 

seen that an additional condition for the identification of an ‘out of sequence’ kink atom, is that 

the rate of intensity change along the transition between the two planes will be sufficiently large. 

This condition is specifically illustrated by comparing intensity profiles and their derivatives on 

the same figure as shown in Figure 4.8; the derivative should change significantly enough within 

the transition region between the two planes so that it then crosses the intensity profile when 

plotted on the same axes.   The algorithm therefore scans for such profiles and derivatives shapes 

across all atoms examined. Once a ‘cross-layer’ event is identified, the atom will be assigned to 

the plane below the one under active consideration.  
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Note that the ‘z’ coordinate determined here represents the serial number of the crystallographic 

layer to which the atoms are assigned, from the surface and into the depth of the sample, in a 

direction normal to the plane. Thus, in the conversion from plane numbers to actual z 

coordinates, each layer will be separated from the next by the theoretical plane constant of the 

(222) plane spacing in tungsten. The x-y coordinates plotted until now had been described in 

‘image coordinates’, corresponding to the image pixels where atoms were found to be located. 

These can be transformed from ‘image dimensions’ to real tungsten lattice dimensions by 

calibrating average interatomic distances to the corresponding theoretical values on a tungsten 

(222) plane (Details on the exact calibration process can be found in chapter 6). 
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Figure 4.8 : Characteristic evaporation patterns for kink and central atoms. In red plots are intensity profiles of the 
atoms marked in blue, across black arrows, connecting the atom to the centre of the pole, on their highest intensity 
image. (a) Terrace atom evaporating ‘out of sequence’. (b) Terrace atom evaporating in sequence with this plane. 
(c) Central atom evaporating in sequence, exhibiting similar intensity profile to the ‘out of sequence’ terrace atom 
in (d).C and d can be distinguished by the intersection behaviour of the intensity and derivatives along the black 
arrows. 

To summarise the method, Figure 4.9 shows all the key stages of this reconstruction approach as 

applied to all of the analysed images. Figure 4.9c presents the final reconstruction, once all atoms 

have been identified, tracked, and placed in their crystallographic planes. During the analysis, 

positions of atoms on all images they appear in are recorded. For the final reconstruction, only 

one coordinate per atom is chosen.  Here all atoms are placed in the initial positions, 

corresponding to the positions recorded for each atom on the first image in which detected. 
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Alternatively, final positions of atoms can be chosen, or any other along the way. The difference 

between initial and final coordinates can be seen in the ‘close-up’ view of plane number five in 

Figure 4.9d. Further discussion on the origin for this discrepancy can be found in chapter 5. Note 

that as the final reconstruction is rotated and tilted, additional crystallographic planes other than 

(222) are also clearly resolvable as demonstrated in Figure 4.9e. It is also important to note that 

it is only the evaporated layer number that sets the depth coordinate here, without incorporating 

the tilt angle of the surface with respect to the tip axis. Such reconstruction will result in a slight 

‘shear’ of the reconstructed data. 

 

Figure 4.9: The three steps of reconstruction demonstrated across the entire analysed data set: (a) Intensity peaks 
are identified on all images. (b) Intensity peaks are grouped according to atoms. (c) Final reconstruction: each atom 
is positioned in its crystallographic layer in its initial position, coordinates converted to real space. (d)  The 5th plane 
is shown. Initial positions (blue) of the atoms on this plane and final positions (in red) are shown together for 
comparison in the lower window. (e) As the final reconstruction is rotated and tilted, additional crystallographic 
planes are evident
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5 Sub-angstrom displacements of atomic 

coordinates  
5.1 Introduction 

As field conditions change from image to image, lateral displacements in recorded atomic 

coordinates are observed. These displacements are discussed in chapter 4 with regards to the 

reconstruction process, as they necessitate a tracking algorithm to identify the same atom across 

different images. The algorithm allows high resolution tracking of these very subtle sub-angstrom 

displacements. Note that these displacements will be referred to in this chapter as ‘atomic 

displacements’, however, they are in fact displacements in the imaged positions of the atoms on 

FIM images, and cannot yet be determined as representing actual surface atoms displacements. 

Measurements of atomic movements in FIM have previously been utilised to great effect to track 

the successive positions of atoms during surface diffusion [189]–[191] and laser illumination 

[192]. However, the displacements measured in this study represent subtler effects. 

While atoms appear to constantly change their positions slightly between images, a more 

prominent effect is detected in the local neighbourhood around the former location of an 

evaporated atom directly after its removal from the surface. Atomic displacements on the surface 

of the sample prior to evaporation are a known phenomenon [193]–[196], having been 

recognized as a limiting factor in the spatial resolution of the atom probe.  

In this chapter, a detailed study into the nature of the movements following evaporation events 

is undertaken, and their possible origin is discussed. The displacements in recorded atomic 

positions are analysed quantitatively, characterising their average size and their dependence on 
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the voltage applied, atomic imaging intensities and the remaining number of atoms on the plane 

in question.  

5.2 The phenomena 

A prominent example of the effect of nearest neighbour evaporation on such displacements is 

seen in Figure 5.1 a–c. The last remaining 6 atoms on one of the (-222) planes of a tungsten tip 

are shown with their peak intensities tracked across a series of FIM images in Figure 5.1 c, from 

the point when only those 6 atoms remained on the surface and until the first one of these atoms 

is evaporated. The position from which this single atom was observed to evaporate is marked by 

the green circle in Figure 5.1a, while its imaged position is tracked across the series of images and 

is presented in green in Figure 5.1c. Upon evaporation of this atom, the imaged coordinates of 

the five remaining atoms are displaced towards the final location of the sixth prior to field 

evaporation, with the relative magnitude of this displacement correlating with each atom’s 

proximity to the position of the evaporated atom. The sizes of the displacements are expressed 

in percentage units relative to the average nearest neighbour distance (NN) measured across all 

images prior to evaporation, with the largest displacements estimated at 0.5 Å (estimated by 

calibration to the theoretical nearest neighbour distance on the (222) plane, equal to 4.4Å. Of 

course the accuracy of this estimation is also affected by precisely these movements, limiting the 

resolution of FIM, as will be addressed later in this chapter). The converted size of the 

displacements to real space coordinates can be seen in Figure 5.1b. Since the imaged positions 

of the atoms are constantly changing, even prior to evaporation, the average displacement of the 

5 remaining atoms was calculated prior to the evaporation of the green atom across the same 
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range of images. It was found to be 1.8 % of the nearest neighbour distance, and is considered 

as the error estimation for the post-evaporation displacements shown in Figure 5.1a. 

 

Figure 5.1: Displacements of atomic coordinates post an evaporation event.  (a-b) The last five atoms to evaporate 
from a (-222) plane of a tungsten sample. The green circle marks the location of the sixth atom of this layer, before 
it had evaporated. The arrows mark the displacement direction of the remaining atoms. The displacements are 
converted to real space coordinates in (b) according to the average NN distance. (c) Tracking of the atom’s positions 
across all images from the moment where only they are left on the plane, and until the green atom evaporates. The 
colours in which they are plotted match the colours of the arrows in (a,b), to symbolize the same atoms in all 3 
images.  

Figure 5.1 highlights two important facts. Firstly, atoms (or atom’s images) react to the 

evaporation of another atom in their vicinity in a very small movement towards the evaporated 

atom. Secondly, by utilizing the reconstruction code on FIM data, it is possible to detect and 

measure these displacements. 

5.3 Experiment 

The experimental data used here for the analysis of the displacements is the result of the same 

experiment and the same sample tested in chapter 4, with the (-222) pole analysed this time. 

The threshold value for detection of an atom has been reduced in the code to the minimal value 

(40% of maximum intensity) that does not trigger false identification of atoms in the small 
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analysed volumes. As a result, the presence of an atom at the surface will be automatically 

identified by the algorithm in FIM images earlier than when using a higher threshold. This is done 

in order to increase the number of position measurements for the analysis. 

5.3.1 Quantifying the phenomena 

In order to examine the consistency of this effect, and to quantify any correlation between the 

number of remaining atoms on the plane and the resulting magnitude of the displacements, the 

same analysis described above was repeated 3 times for the same plane, tracking the 

displacements of atoms after the rate-controlled evaporations of the final 7, 6, 5-4 atoms (atoms 

number 4 and 5 evaporated within a time difference too small to be resolved by the frame rate 

in which images were taken), respectively. Each interval described in Figure 5.2-Figure 5.3 

represents a series of images starting with the first image recorded after the evaporation of one 

atom, and ending with the first image recorded after the evaporation of another. For each image 

interval the following information is displayed:  

 ‘displacement after evaporation’ –  the position difference measured between the first 

image after evaporation and the last image before evaporation. Distances are presented 

here as measured, in pixels. 

 ‘average displacement before evaporation’ – displacements measured between 

consecutive images over image interval between evaporation events. This number is used 

to estimate the error of the evaporation displacement measurement, can be considered 

as ‘background displacements noise’. 

 ‘intensity before / after’ – intensities of the remaining atoms before/after evaporation. 
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5.4 Results 

 

Figure 5.2 : (a,b ) Post evaporation displacements in positions of the last remaining 6 and 3 atoms respectively of the 
same plane. The evaporated atoms are marked on the FIM images, in the same colour code as the respective 
coordinate maps and tables. Atoms closest to the evaporated atoms are displaced the most. Error estimations are 
done by averaging the displacements recorded for each atom on images between evaporation events.  
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Figure 5.3 : Post evaporation displacements analysis of the last remaining 5 atoms. The data was analysed twice, one 
with a Gaussian filter level of 𝜎 = 40, the standard filter used for reconstruction, and once with a reduced filtering 
level of 𝜎 = 100. While the absolute size of the displacement in pixels is slightly changed, the general phenomenon 
is consistent in both cases. 



Sub-angstrom displacements of atomic coordinates                                                       Michal Dagan                                                                       

106 
 

By examining Figure 5.2 and Figure 5.3, several trends are easily detectable. Firstly, it becomes 

evident that this is a highly repeatable, prominent effect, detected with every evaporation event. 

This is further confirmed by examining the error estimations on the displacements 

measurements. These errors are the average displacements of the atoms between evaporation 

events, and are clearly smaller than the displacements measured immediately after an 

evaporation event, meaning the post evaporation displacement measured is above the 

‘displacement noise level’.  

There does not seem to be a very consistent correlation between the intensity of the imaged 

atoms before and after evaporation events, and the extent of their displacements. In some cases, 

atoms that are displaced the most will have also experienced the larger increase in intensity after 

evaporation of a neighbour, but this phenomenon is not very consistent throughout these limited 

statistics. There also does not seem to be a very strong indication that the atom that exhibits the 

highest intensity on the image prior to an evaporation event is the atom that necessarily 

evaporates, but this could be due to the resolution response time of the camera (sometimes the 

evaporated atom will exhibit a stronger intensity one image before), and the probabilistic nature 

of the field evaporation phenomena. 

The overall magnitude of the displacements of all remaining atoms appears to increase with 

increasing proximity to the final position of the evaporated atom, with the nearest neighbour 

displaced the most. Additionally, the displacement also appears to depend on the number of 

remaining atoms on the plane. As this number becomes smaller, the displacements measured 

are larger reaching ~8 pixels for the last remaining three atoms, as opposed to 3-4 pixels 

measured for NNs in case of 6 remaining atoms (however the 8 pixels’ displacement was 
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measured after the evaporation of more than one atom). In order to eliminate any possible local 

magnification bias to the displacements measurements that might occur as fewer atoms are left 

on the plane, Figure 5.4 shows the displacements for each of the three evaporation events 

analysed in Figure 5.2-Figure 5.3, normalized for each atom by its radius size in pixels (as 

measured right after the evaporation event). The radius is taken here as defined by a circular 

area around the centre of the atom in which intensity drops to 0.875 of the peak intensity. As 

can be seen from Figure 5.4, all previously stated trends regarding the size of the displacements 

are still observed for the normalized displacements. 

 

Figure 5.4 : Normalized displacements for the three evaporation cases analysed above. Blue dots correspond to the 
coordinates of the evaporated atoms. The size of the measured displacements after evaporation events is 
normalized here according to the size of each atom (estimated as a circular region around the peak intensity point 
of the atom where intensity drops to 87.5%). 

Furthermore, in order to rule out any unintentional influence that the filter used on the images 

for analysis might have on this effect, evaporation events were examined twice.  Once with the 

standard degree of smoothing used for the reconstruction code as conventionally applied, and 

then repeated using a lowered degree of filtering. The Gaussian filter is defined as  
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where 𝑤, ℎ correspond to the width and height pixels dimensions of the image, and 𝜎 determines 

the width of the filter. The two cases examined are 𝜎 = 40 (the higher level of filtering usually 

employed for the 3D reconstruction), and 𝜎 = 100.  The comparison has been made on all cases 

examined between the two filters, however, as a demonstration, results are presented here in 

Figure 5.3, for the case of the 6th atom evaporation. It can be seen from the comparison that the 

‘displacement background noise’ is larger with the lower level of filtering, but that the effect is 

still visible, and all identified trends are still evident. 

Next, some statistics were generated on NN distances for each evaporation case before and after 

evaporation, to try and detect any trends towards a more (or less) ‘ordered’ configuration. These 

are summarized in Table 5-1. For each configuration of atoms, the NN distances were measured 

on the first image where only those atoms (including the atom to be evaporated) were present 

on the surface, and then a second time on the first image after the evaporation event. For each 

configuration, only the NN distances between the atoms remaining on the surface are calculated, 

not including the evaporated atom, so that a direct comparison can be made of before and after 

evaporation. The variance and standard deviation are then calculated for each case respectively 

as well as the ‘normalized standard deviation’ given by  𝜎𝑁 = 𝜎/√𝑁, where 𝜎 is the standard 

deviation and N is the number of NN distances measured. The normalized standard deviation is 

given to better compare the results as different number of atoms are analysed. 
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Table 5-1 : NN statistics before and after every evaporation event. 

 The most obvious trend apparent from Table 5-1 is that both the standard deviation, and the 

normalized standard deviation increase as the number of atoms that remain on the surfaces 

decreases. This, in turn, could indicate that the structure is closer to that of a theoretical lattice 

when more atoms are present on the plane. It could indicate that with every evaporation event, 

the balance of inter-atomic forces characteristic to that of a perfect crystal structure changes, 

resulting in a slightly more distorted structure. For the cases with 6 and 5 atoms remaining, it is 

also evident that post-evaporation, the standard deviations increase relative to before the 

evaporation event. This could indicate the same phenomena, as before evaporation an extra 

atom was present on the surface (even though it was not included in the statistics), and was 

contributing to a more balanced structure. However, this is not the situation for the final 

evaporation event where three atoms are left on the surface. Here the standard deviation 



Sub-angstrom displacements of atomic coordinates                                                       Michal Dagan                                                                       

110 
 

decreased after evaporation of two atoms. It could be that the last remaining 3 atoms of a plane 

are in a somewhat unstable state and will possibly yield less consistent results.  

5.4.1 Voltage effect on displacements 

Finally, a comparison has been made between the ‘regular’ and post evaporation displacements 

of atoms from two (-222) planes, at different voltage conditions.  

The two planes selected here are of the same pole, only a few crystallographic layers apart, to 

minimise the influence of any other possible parameters. They were chosen such that the 

evaporation sequence in both is as similar as possible going from five to four and three atoms. 

The four atoms configuration seems to be significantly less frequent at low voltage conditions, 

and while it was easily found in the high voltage conditions, was difficult to achieve at low voltage 

conditions. The rate of evaporation is therefore different between the two cases, where in the 

low voltage case there are less readings between the 4-3 atoms transition.  

The two analysed planes are seen in Figure 5.5, along with the very clear voltage increase 

between them. The voltage increase can be identified due to the lowered contrast between the 

atoms on the image, the higher background intensity, and the general blurring effect on the 

image. The last atoms on the plane right after voltage increase are analysed and compared to the 

last atoms on a plane separated by one crystallographic layer, imaged before the voltage 

increase. Note that a contribution to the contrast difference between beginning and end of an 

evaporated layer could also arise from the fact that the pulse fraction used for evaporation is 

elevated as the evaporation progresses. However, since the evaporation processes discussed 

here are only of a few atoms per plane, this effect is expected to be very small. 
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Figure 5.5: Voltage comparison: The compared (-222) planes are separated by one plane. In the middle, the same 
intermediate (-222) plane before and after voltage increase. The voltage increase beyond the best imaging field is 
evident in the lessened contrast between the atomic features on the plane, and the increased overall background 
intensity level. 

The average displacements between evaporation events as well as the instantaneous 

displacements immediately after evaporations have been recorded for both planes, and are 

presented in Figure 5.6. The displacements are presented as normalized displacements according 

to the imaged atomic radius measured right after evaporation. This is to eliminate any 

magnification/ blurring effects that might be caused by the change in the imaging voltage. As can 

be seen, the general trend discussed in the previous section of this chapter is apparent in both 

voltage cases. The atoms closest to the evaporated atom are displaced by the largest amount. 

However, there is no definite, consistent trend to the difference between the high voltage and 

low voltage cases (this is also the case for the un-normalized results). The average normalized 

displacements are also shown as measured for the last remaining three atoms in both cases, 

across the same number of images. Here, too, no significant differences are observed between 

the two cases.  
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Figure 5.6 : Voltage effect on displacements. (a,b) Low and high voltage imaging of (-222) planes respectively, 
showing the displacements after evaporation of the last 5th and 4th atoms. The evaporated atoms are marked on 
the images with the same colours as they appear on the coordinates plots on the left. The average displacements of 
last three atoms are shown for each plane on the right. The displacements are normalized by the size of the atoms. 

5.5 Origins of the measured displacements 

The question remains as to the precise origin of these displacements. To address this, one must 

discriminate between the displacements measured continuously from image to image (these 

displacements are regarded here as the ‘error’ estimation) and the larger displacements 

following evaporation events. The more commonly observed, smaller displacements most likely 

originate from experiment limitations. The imaging gas statistics that contribute to every spot on 

every image are an important factor to consider. Each spot is generated by a large, yet finite 

number of helium atoms evaporating from the vicinity of the same surface atom. Each of those 

will have an inherent Heisenberg uncertainty in position as well as some lateral momentum and 

thermal agitation [12]. In addition, there exist several scattering mechanisms for the helium atom 

en route to the detector, including scatter due to trajectory change resulting from lateral thermal 
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energy distributions, and slight scatter from the channel plate. Other than statistics, it is also 

important to acknowledge that the precise theoretical field adsorption behaviour of the gas is 

not fully understood. Multiple sites for gas absorption representing the same atom, as well as 

the presence of helium atoms above the directly adsorbed layer could potentially influence the 

final imaged coordinate of atoms [101]. 

However, by all the numerical demonstrations shown above, it is clear that a more significant, 

larger scale effect is occurring with each evaporation event. One possible explanation for the post 

evaporation displacements is that these are in fact displacements in the ‘imaged’ coordinates 

originating from artefacts due to how the imaging gas atoms arrange themselves on the surface, 

i.e. the actual configuration of atoms on the surface remains the same, however, the image is 

changing. Imaging gas atoms adsorbed on atomic sites on the surface will have induced dipole 

moments, repelling one another, that could cause the adsorbed gas atoms to be slightly displaced 

outward of the centre of the pole. It is possible that as one of the atoms evaporates, gas atoms 

adsorbed on the remaining atoms will relax their positions, and may result in such displacements. 

While the surface binding energy of tungsten atoms is 8.6eV [197] (likely to change as atoms are 

evaporating), the binding energy of a field adsorbed helium atom is 0.14eV [198]. These numbers 

suggest that the tungsten atoms are kept in their place more strongly than the imaging gas atoms 

and so could support the case that these displacements are indeed caused by image gas 

relaxation. 

An alternative option can be the actual re-arrangement of the tungsten atoms themselves. 

Previous FIM [194] and field desorption studies [196] have indicated atomic movement of the 

evaporated atom prior to evaporation. In [196] and references therein, a broad review about this 
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type of phenomena can be found. Discrepancies between FIM and desorption images of the (110) 

pole in tungsten were explained by a roll-up motion that kink ions perform prior to their 

evaporation, assuming a short-lived metastable position. The motion was found to depend on 

the NNs configuration of the evaporated atom, as these induce polarization forces on the rolled 

atom, determining its movement direction and the tangential kinetic energy it may acquire 

during this movement. This energy in turn could change the atom’s trajectory to the screen. 

Unlike previous work, the study in this chapter focuses on the displacements of NNs to the 

evaporated atom, however the work discussed in [196] reinforces the possibility that such 

movement of surface atoms is possible under characteristic FIM experimental conditions. 

To try and resolve the possible effects of gas atoms reactions and atomic movement 

experimentally, evaporation behaviours in different voltage conditions were examined, with no 

consistent changes found. As the DC voltage is raised, the reduced contrast of the FIM image 

indicates that gas atoms are ionized from more sites on the surface, as well as from a further and 

larger area above the atoms. This will cause a reduction in gas supply to each specific atomic site. 

In case the displacements observed are the result of gas atoms relaxation, increased voltage 

could potentially reduce the observed displacements. The fact that no significant change has 

been observed reinforces the option that these displacements correspond, at least in part, to an 

additional effect other than image gas movement, such as movement of actual surface atoms. 

Finally, a third mechanism for the observed displacements could involve little to no displacement 

of gas atoms or surface atoms, and potentially result from the very quickly changing equilibrium 

charge distribution post an evaporation event. This in turn can result in changes to the location 
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of the ionisation zone above near atoms, and in the observed displacements. Out of the three 

possible mechanisms, this is probably the one occurring on the fastest time scale. 

Of course the three possible explanations suggested here are not mutually exclusive, and may 

contribute both to the observed displacements. Molecular dynamics simulations may prove 

successful in describing such a system and resolving the origin of the observed displacements, 

and are therefore to be considered a possible next step. Atom-probe simulations are currently 

incorporating these effects in order to yield more accurate ion trajectories calculations and 

ultimately more accurate reconstructions [199]–[201], [171].  The approach employed in [200] 

where the local charge distribution is recalculated  with the evaporation of every atom is 

particularly interesting to consider to simulate the results observed in this chapter. If the 

displacements observed in this study are in fact describing the movement of tungsten atoms, 

then this type of FIM analysis demonstrates the potential to directly measure and quantify this 

effect as well as a range of atomic interactions. By resolving the gas contribution, insights into 

the field adsorption mechanism of the gas are also possible.
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6 Investigations of distortions in 

reconstructed FIM volumes 
 

6.1 Introduction 

When closely examining the resulting reconstructed 3D structure in chapter 4, it becomes evident 

that it deviates from the expected crystallographic structure. It was demonstrated in chapter 5 

that atoms move on the surface of the specimen prior evaporation. At which point, then, do the 

observed coordinates reflect the true position of the atom, the one which is the closest to its 

expected lattice site, and how compatible are those two positions? 

The automated reconstruction procedure enables the quantification of the deviation from the 

theoretical structure at specific time points. Here we address the dataset reconstructed in 

chapter 4, a defect-free volume taken from the (222) pole of a tungsten sample, and by 

considering the initial and final positions recorded for every atom, evaluate the distortion of the 

structure in each case by analysing the nearest neighbours distance distribution. This procedure 

is done to estimate the distortion level in the reconstructed volume, but is also useful to perform 

an as accurate as possible calibration of image pixels to real space coordinates, considering all 

measured NN distances. 

Next, a wider analysis is done in the form of spatial distribution maps, which spans across atomic 

distances in the entire dataset. SDMs are also calculated for a different pole, the (-141) pole, to 

examine crystallographic effects on the distortion measured. 
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Finally, a comparison is made between the reference dataset from the (222) pole, and a dataset 

containing vacancies, taken from the (-222) pole of the same tungsten sample. This comparison 

will provide insights into the contribution of single vacancies to distortion of the final 

reconstructed structure. 

The distortions analyses presented in this chapter are preliminary and explore the new probe 

now available with the atomistic reconstruction into the image formation mechanisms in FIM. In 

combination with the results in chapter 5, these lay ground for future work shedding light into 

the complexity of the FIM experiment, with the final image depending on both surface processes, 

surface-gas interactions, and the ionization zone above the atoms. 

6.2  Nearest neighbour’s analysis 

Due to the imperfect nature of the reconstructed planes, identifying all ‘theoretical’ nearest 

neighbours of every atom is not a straight forward task, precisely because the atoms are not 

consistently spaced from each other in accordance with a crystal structure. In Figure 6.1a, one of 

the reconstructed planes is shown with the atoms in their final coordinates. Atoms in red mark 

the six closest NN’s found for the atom highlighted with a circle around it. As can be seen, one of 

these (marked with an arrow) is not a correct ‘theoretical’ NN, however its distance was found 

to be shorter than the true last NN of the atom. Therefore, a code was written to locate the 

theoretical NN’s of all detected atoms, taking into account their angular spread, and will be briefly 

explained in the appendix 1. The correct NNs found by the algorithm can be seen in Figure 6.1b. 
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Figure 6.1: (a) Reconstructed (222) plane. In red are the six closest atoms found to the central atom marked with a 
circle. The one marked with an arrow is not compatible with the crystallographic NNs. (b) Marked in green are the 
NNs found by an algorithm written to identify the ‘theoretical’ NNs defined by the crystallography. 

Note that the NN analysis is performed only with regards to neighbouring atoms from the same 

XY plane. This is due to the fact that the ‘Z’ coordinate was set ‘artificially’ here to be equivalent 

to the known d-spacing of the corresponding plane, and is not a measured quantity.  

Firstly, the average distance of NNs is employed in order to re-calibrate distances from image 

pixels into real space coordinates. The NN distances were measured across the whole data set 

for both initial and final positions of the atoms, employing the algorithm described in appendix 

1. The dataset referred to here is the one reconstructed in chapter 4, consisting of 69 

crystallographic tungsten layers similar in size, containing 2450 tungsten atoms altogether 

(average of 35 atoms per layer).  The results are shown in Figure 6.2. For each of these cases, the 

average NN distance in pixels was used to calibrate the measured NN distance in pixels to the 

theoretical  𝑑𝑁𝑁𝑡ℎ𝑒𝑜𝑟𝑒𝑡𝑖𝑐𝑎𝑙 = √2𝑎, 𝑎 = 3.16Å, as can be seen in the lower parts of Figure 6.2a, b 

for final and initial positions respectively.  
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Figure 6.2 : Nearest neighbours distance histograms of recorded atomic coordinates of final (a) and initial (b) atomic 
positions. The average of the distance in pixels is used to calibrate the data so to match the theoretical NN value on 
the (222) plane in tungsten.  

Comparison of the two distributions (final and initial) reveals no major differences. The average 

NN distance pixel value shows almost no difference between final and initial positions. The more 

interesting point of comparison is the standard deviations of the two distributions. The narrower 

the distributions are, the better the reconstructed structure fits the expected theoretical value. 
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By comparing the standard deviations of the two results, it can be seen that here too, the two 

are very similar. There is a 4% difference between the two cases, where the final positions 

distribution was found to be slightly wider.  

Further, the NN distance was computed along the x and y axis separately. The results are given 

in Table 6-1. As can be seen, in both cases of final and initial coordinates there exists an 

asymmetry between the two directions, with the distances measured along the x axis found to 

be ~ 13% longer than the averaged distance measured in the y direction. The variance in the 

measured distances along the x direction was found to be significantly larger than in the y 

direction. The x-y axes are defined as the image axis and are marked on the FIM image in Table 

6-1. 

 

Table 6-1 : A-symmetry is observed between the x and y directions in the reconstructed structure of the (222) 

pole. NN distances in x are found to be longer and wider distributed than in the y direction for both final and initial 
coordinates. 

6.3 Spatial distribution maps 

As a wider estimate of the distortion of the structure, spatial distribution maps were calculated. 

Spatial distribution maps (SDMs) are commonly used in atom probe reconstruction to identify 

the limited amount of crystallographic information retained by the analysis and then adjust the 

reconstruction calibration parameters accordingly. The concept of spatial distribution maps is 

explained in chapter 2. SDMs were calculated for the FIM reconstruction using both final and 
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initial atomic imaging positions, and are presented in Figure 6.3 a, b respectively. For each case, 

three cross sections are shown, describing the distribution of measured atomic separations for a 

constant zero distance in either x, y, z direction. For example, the ∆𝑧 = 0 cross section shows the 

distribution of distances and directions measured on the x - y plane for atoms that are on the 

same plane, meaning, that have the same z coordinate. As can be seen once again, the two cases 

of initial and final positions are very similar, and neither is apparently preferential. 

 

Figure 6.3 : Spatial distribution maps for the reconstructed volume from the (222) pole of a tungsten sample (in 
image pixels distances). (a) Distances calculated from final positions. (b) Distances calculated from initial positions. 
In both cases, three cross sections are seen, describing neighbours distances distribution on the XY,XZ YZ planes from 
left to right.  

When observing the SDM for the ∆𝑧 = 0 cross-section, the previously detected asymmetry 

between the x and y directions is once again apparent.  The difference in both distances and 

standard deviations are evident once more, as can be seen in Figure 6.4. Each cluster on this map 

represent a group of measured distances between atoms on the same plane. The position of each 
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cluster corresponds to the actual measured distance. The spread of each cluster represents the 

variance in the measured distance and can be seen to be much wider in the x direction than in y 

for the chosen ‘close-up’ cluster. Observing the whole SDM reveals that the ‘smearing’ seem to 

be aligned in a radial direction from the centre of the pole. When comparing the highest intensity 

coordinates from two such clusters, seen in the lower zoom-in window in Figure 6.4, a 30% 

difference is measured, and a 25% difference when comparing the centres of mass coordinates. 

This is higher than the difference measured in the NN calculation, but is also not computed 

specifically between the x and y directions, but along the axes dictated by the SDM. 

 

Figure 6.4: A-symmetry between the x and y directions is apparent from the ∆𝑧 = 0 SDM. The variance of distances 
is approximately 50% larger in a radial direction to the centre of the pole than in the perpendicular direction. 30% 
difference between two NNs distances is measured according to highest intensity points of clusters 1 and 2. 

6.3.1 Crystallography effect on measured distortion 

To examine the effect of the local atomic arrangement on the measured distortion, SDMs were 

calculated for final atomic positions from the same sample for the (-222) and the (-141) poles. 
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Representative SDMs of the three poles are seen in Figure 6.5 in relation to their position on the 

FIM image. The (-222) exhibits precisely the same characteristics of the (222) pole. The (-141) 

pole however, was found not to be as distorted when comparing the positions of the clusters. 

The measured ratio between the distances seen on the lower SDM, marked in R1 and R2 closely 

matches the expected 1.17 theoretical value illustrated next to the SDM in Figure 6.5 (calculated 

from both high intensity points, and centre of mass, yielding very similar results). The angles 

between NN atoms also match on the (-141) pole. All poles exhibit smearing in a direction radial 

to the centre of the pole. 

 

Figure 6.5: SDMs derived from the (222), (-222) and (-141) poles of a tungsten sample. Next to the (-141) SDM, an 
illustration of the theoretical (141) plane is seen. While all poles exhibit the same radial smearing in atomic positions, 
the positions of clusters in the (-141) pole better fit the theoretical structure, than the (222) and (-222) poles. 

6.4 Distortions in damaged tungsten dataset 

The distortion measured in a non-damaged tungsten dataset can account for the intrinsic 

limitations of the FIM technique when it comes to extracting true crystalline structures. However, 
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such measurements can also be used to evaluate the distortion that might be expected around 

crystal defects. Such distortions are readily visible in some cases from the FIM image itself, as 

seen in the example in Figure 6.6, where a plane containing a vacancy is displayed. The red arrow 

represents the position of the vacancy (some of it’s NNs are already evaporated in the image), 

and the blue arrow connects the same atom on both the FIM image and the reconstruction for 

clarity. 

 

Figure 6.6 : A (-222) plane on a tungsten tip with a vacancy. The vacancy position is marked with a red arrow. In the 
FIM image, several of it’s NN’s had already evaporated. The distortion in atomic positions is evident in both the FIM 
image and the reconstruction. One of the atoms is marked on both for the easy comparison between the two images. 

For a more comprehensive, quantitative analysis, SDMs were calculated and compared between 

two datasets: The first one is a data set reconstructed from the same tungsten sample discussed 

above, however from the (-222) pole where several vacancies were observed. The analysed 

volume consists of 504 atoms detected across 20 planes with 8 vacancies detected on 7 planes 

out of the 20. To compare the distributions of the calculated SDMs, a similar volume was cropped 

from the un-damaged dataset, taken from the (222) pole of the same sample. A sub-section of 

20 planes, comprising of exactly 504 atoms was located and used for comparison. The SDMs for 
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both data sets are shown below in Figure 6.7, both based on the final atomic coordinates 

measured in each dataset for each atom. 

 

Figure 6.7: xySDMs calculated from both damaged( (-222) pole) and un-damaged ((222) pole) data sets of a tungsten 
sample, both containing 20 planes and 504 atoms. The damaged dataset seem to exhibit a more ‘noisy’ SDM. 

As might already be evident from the SDMs, the SDM for the defects case seem to have more 

background noise, attesting to a wider distribution of intra-plane distances in comparison to the 

non-damaged case. Notice that the colour map in each case was determined according to the 

pixel with the highest intensity on each map separately. This value was found to be higher for the 

non-damaged dataset. To make the comparison more quantitative, an analysis of the background 
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levels in each SDM was performed. Firstly, to make sure that the effects seen are not a result of 

a different number of distance entries between the two SDMs, the number of calculated 

distances contributing to each of the maps was calculated and found to be very similar (6157 

distances calculated for the un-damaged dataset, and 6172 distances calculated for the un-

damaged dataset, the difference originates from the fact that while the number of atoms and 

planes in each dataset is equal, the number of atoms on each plane may be slightly different). 

Even though the total number of distances was found to be very similar in the two cases, each 

SDM was normalized by this number, corresponding to the sum of all pixel intensities on the 

SDM. The normalized SDMs were then analysed to create the plot in Figure 6.8. The x axis 

represents intensity values on the SDM. The intensity of the SDM in turn represents the number 

of atomic couples found to be in a specific direction and distance from each other. The y axis is 

the sum of all pixels found to have that intensity, normalized by the total sum of entries 

contributing to the SDM. The sum of the bars in both cases is therefore 1 (the y axis are shown 

on the figure in a log scale). For example, the bars corresponding to x=1, represent all pixels on 

the SDM where only one couple of atoms was found at a specific distance and direction. As can 

be seen, this is the highest value, corresponding to background noise, and is also the only bar in 

which the count of pixels in the damaged structure is larger than the un-damaged structure. As 

the values of x increase, the plot sums the number of pixel found to have higher intensities, 

corresponding to a more ordered structure. It can be seen that both plots decrease, however the 

plot for the damaged structure decreases faster, corresponding to a lower level of order. The un-

damaged structure exhibits the highest intensity pixel of 12 (as opposed to 9 for the damaged 

case). 
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Figure 6.8 : Histogram of intensity of SDM pixels. For each possible intensity bin, the intensity of all pixels found is 
summed, normalized by the total number of distances calculated to construct the SDM. Only in the case of 
intensity=1 the damaged region is found to have a larger count of pixels corresponding to this intensity, attesting to 
the increased noise in the damaged structure SDM. 

6.5 Discussion 

In this chapter, NN analysis as well as SDMs were employed to investigate the distortion of 

reconstructed FIM structures. SDMs were previously proven to be a useful tool in measuring 

trajectory aberrations and distortion in APT reconstructions [127], [157], [193]. With the new 

reconstruction procedure for FIM data, the SDM analysis can now be easily employed on FIM 

data as well. 

Both the NNs analysis and the SDMs of the un-damaged tungsten dataset demonstrate that the 

reconstructed structure deviates from the expected crystal lattice. The distortion is evident in 

both un-even NN distances measured for the (222) pole (as seen in Figure 6.4 and Table 6-1), and 
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the variance measured for these distances. When considering the final positions vs the initial 

positions of the atoms, the analyses do not indicate a preference of one set of coordinates over 

the other. As seen in chapter 5, displacements in atomic coordinates are observed following 

evaporation events in FIM data. Whether due to the response of imaging gas atoms, or ‘rollup’ 

of tungsten atoms previously discussed as a limiting factor to the resolution of FIM/ APT [196], 

these displacements could indicate that there will be no single time frame where all atoms will 

assume positions that best fit the theoretical structure.  Changes in local magnification effects 

during the measurement can also play a role in the measured variance. As previously 

demonstrated in chapter 4, the dimensions of the imaged atoms can change instantaneously as 

the evaporation process continues. Further, as was simulated specifically for FIM experiments, 

highly anisotropic magnification could arise simply from the faceted nature of the tungsten FIM 

sample [202]. This will result in the need of local re-calibration of image pixels to real space 

coordinates. Indeed, earlier FIM experiments [75] oriented towards characterising surface 

diffusion were using consecutive recorded absorptions sites of the diffusing atom to calibrate the 

NN distance for each local surrounding, not satisfied by one such measurement for the entire 

range of diffusion.  

Since no single set of coordinates measured at a specific time was found preferential, only final 

coordinates will be discussed from this point onwards. This is due to the fact that unlike final 

positions, initial positions are somewhat subjective, in the sense that they are dependent on the 

threshold that is chosen in the initial stage of the reconstruction for the identification of peaks.  

Similar distortions in NN distances had been previously reported from APT SDMs analysis for the 

(110) pole of tungsten [127] and were regarded as the result of lattice strains. A different 
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explanation to the anisotropic ‘stretching’ evident in the FIM SDM could be the anisotropic 

magnification effects, computed in [202] to range between 0.64-10, depending on 

crystallography. Indeed, the distortions measured in this chapter across all SDMs exhibit a 

dependence on crystallography. This is evident by the fact that the SDM calculated for the (-222) 

pole is found to have the same ratio between the NN distances measured as the one measured 

for the (222) pole as seen in Figure 6.7. The SDM calculated for the (-141) on the other hand 

shows less distortion as the ratio between the two closest distances measured is similar to the 

expected theoretical one as well as the angles between them. An anisotropic shape of the overall 

tip, deviating from the perfect sphere model is of course another factor to consider that can 

possibly cause image distortions, however the agreement between the findings for the (222) and 

(-222) poles on opposite sides of the tip indicates a more crystallographic origin to the distortion. 

Asymmetry was also observed in the distribution of distances, with a higher variance measured 

in a radial direction to the centre of the pole, estimated at a maximum value of 0.2nm for the 

(222) pole, similar to the FIM resolution estimated in [121]. Similar effects had been previously 

observed for APT SDMs and were considered as an estimate to the spatial resolution limit of the 

technique [127], [157], [193].  

Several limiting factors to APT and FIM’s spatial resolution were previously identified and 

discussed.  APT simulations re-calculating the electric field distribution with every evaporation 

event were able to reproduce prominent features such as zone lines and depleted low index 

poles, proving that the variation of electric field at the atomic scale is a main cause of the 

aberrations [203]. Crystallography was shown to play a role in determining the trajectory 

aberrations of the evaporated ions, as those are influenced by the configuration of NNs. In 1981, 
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Moore showed by desorption images that trajectories of evaporated ions depend on the 

immediate crystallographic surrounding from which the ions are evaporated from [204]. This is 

due to repulsion powers between the evaporated ion and its neighbours. In [193] it was shown 

from calculation of APT SDMs in the vicinity of different poles, that changes to the variance of 

the atomic positions can be seen, limiting the resolution around some poles more than others. 

Unlike the APT SDMs in [127] that exhibited smearing in a direction perpendicular to the line 

connecting the analysed area to the central pole, the smearing direction in FIM was found to be 

radial towards the centre of the pole. While APT and FIM are similar in many ways, the 

intermediate presence of gas atoms in FIM complicates the image formation mechanism further, 

and the latter is not fully understood to this day. As gas atoms are ionized at a critical distance 

from the surface, it was shown that it is the field conditions at this distance that will dictate 

trajectory aberrations for gas ions [196],[163]. The new reconstruction algorithm now allows 

SDM investigations in FIM data, similar to those previously done in APT and can potentially 

resolve some of the additional complexity added by the presence of the imaging gas. 

Finally, it was shown that even though defect-free tungsten dataset was already found to deviate 

from the expected structure, it is still possible to resolve further ‘disorder’ originating from crystal 

defects. The additional distortion found in the dataset containing vacancies can also be the result 

of actual change in atomic positions around a vacancy, or, in increased displacements of the 

imaged atoms during the FIM experiment in the presence of a vacancy. 
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7 3DFIM reconstruction of 

microstructural features  
 

The 3D FIM reconstruction algorithm presented in chapter 4 was designed with the goal of 

developing a highly accurate, atom by atom approach, for the study of very subtle damage 

features common to primary stages of radiation damage. Optimal implementation of this 

algorithm requires high quality data underpinned by a high level of control in the evaporation 

process, atomic resolution and a ‘layer-by-layer’ evaporation structure. However, it can also be 

implemented on FIM datasets that do not possess all of these properties. Depending on the 

microstructural features of interest in the data, ‘feature oriented’ reconstruction can be adapted, 

such that a specific microstructure in the data is reconstructed ‘atom-by-atom’ with this method. 

In this chapter, two such examples are presented and discussed. In both examples the ‘layer-by-

layer’ sequence cannot be used to estimate the ‘z’ coordinate and the reconstructed features 

extend across larger portions of the tip. 

7.1 Example 1: Carbides in M50 bearing steel 

In the first example, carbides are reconstructed from FIM data of a M50 bearing steel, with a 

composition given in Table 7-1. These carbides are designed to play an important role in the 

resistance of the steel to hydrogen embrittlement, which is a common problem given the 

lubricated environments these components operate in [205]. Carbides compositions, size, shape, 

can all affect the way in which carbides trap hydrogen, limiting its diffusion through the matrix, 

and hence influencing the steel’s resistance to hydrogen embrittlement, however these need to 
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be accurately characterised. Atom probe tomography is a suitable technique to study these 

carbides and determine their phase and relative abundances. However, the evaporation field 

required for carbides is often higher than that of the matrix, resulting in retention of the carbides 

on the surface, and in turn, distortions to their depth coordinate in the APT reconstruction. 

Further, retention and migration of carbon on the surface were shown to result in high 

percentage of carbon multiple hit events and bias to the APT measured carbon concentration 

[206],[207]. Carbides size and volume fraction are usually determined from APT data using iso-

surfaces, however those rely heavily on a subjective carbon level used to define them. FIM was 

proven as a highly complementary technique to atom probe in the study of such carbides. In a 

previous FIM/APT study, 3DFIM stacking was used to study the size and morphology of carbides 

in a martensitic steel while APT was used to extract their chemical composition [123].  

 

Table 7-1 : Composition (at.%) of the M50 bearing steel analysed in this section 

As the carbides image more brightly than the iron matrix, by keeping the DC voltage low and 

using only high pulsing voltage to evaporate through the samples it is possible to image only the 

carbides for a limited amount of volume, as can be seen in Figure 7.1a. By increasing the DC 

voltage as seen in Figure 7.1b-c, the carbides can also image along with the matrix, and so it is 

possible to determine the relation between the carbides and the matrix, as well as to use 

crystallographic matrix features to estimate the size of the carbides.  
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Figure 7.1: FIM of carbides in a M50 bearing steel, neon is used as imaging gas. (a) DC voltage below the best image 
voltage for the matrix – only carbides are visible. (b) DC voltage raised, the matrix is starting to image. (c) Both matrix 
and carbides are imaged. 

Further, since FIM provides a more direct view of the surface than APT reconstruction, migration 

of carbon atoms [208] and the retention of carbides can be detected and accounted for. 

To apply the atomistic reconstruction to this data set in 3D, the same reconstruction procedure 

described in chapter 4 had been applied with some straightforward adjustments to account for 

the different nature of the data: In the first stage all atomic coordinates are identified, and the x-

y separation to individual atoms is undertaken in the same way described earlier. Next, to 

separate atoms in the ‘z’ direction, the ‘break’ in imaging between two atoms at the same x-y 

position is used. The procedure for the analysis of a single pole compared the duration of this 

break with the evaporation time of the whole plane. Here this ‘time’ scale reference is not 

available, and so atoms are separated in the z direction by setting the number of images likely to 

separate two atoms that lie on top of each other. Since the carbides are imaged very brightly, 

this number was chosen for this analysis to be 3 images, and yields accurate results as carbide 

atoms rarely drop in intensity below the detection threshold. However, its application is more 

limited when attempting to reconstruct matrix atoms, that are imaged less brightly. The intensity 

threshold set for the analysis of this dataset is chosen such that it is low enough to detect matrix 
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atoms. Because the carbides are imaged much more brightly, setting the threshold to be low also 

guaranties that any ‘breaks’ in imaging of a carbide atom that extend longer than a couple of 

images are due to evaporation events. A higher threshold is chosen at the end of the 

reconstruction to discriminate between the carbides and matrix. Finally, in the absence of a 

‘layer-by-layer’ obvious sequence to employ here, the assignation of the z coordinate will yield 

less accurate results than in the single-pole tungsten example. Z coordinate will therefore be 

determined in a similar way to the atom probe data, however, while in APT it is assigned 

according to the relative evaporation time, in this FIM reconstruction the initial detection time 

was chosen to set the z coordinate. This choice was made to account for the tendency of these 

carbides to be retained on the surface.   

A demonstration of the 3D FIM reconstruction procedure applied to this point in the algorithm is 

presented in Figure 7.2. Here a low intensity threshold has been chosen such that both carbide 

and matrix atoms are identified in the initial scan in Figure 7.2a. The reconstructed structure in 

Figure 7.2b is composed from atoms recorded from a 500 image sequence. The points in this 

figure represent individual atoms, after their multiple contributions from different images had 

been taken into consideration and consolidated to one point on the figure. The z axis here 

represents the first image in which an atom was detected. High intensity imaged atoms mostly 

corresponding to carbides in the dataset are coloured in red here, while lower intensity matrix 

elements in yellow. 
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Figure 7.2 : ‘Atom-by-atom’ reconstruction of carbides in FIM. (a) All atoms above a threshold of 40% maximal 
intensity are identified (not all matrix atoms are identified since the matrix is imaged less brightly) (b) Reconstructed 
coordinates in image pixels. Red atoms are atoms imaged above an intensity threshold set at 95% – comprise mostly 
the carbides in the sample. Yellow atoms are low intensity atoms, mostly matrix atoms.  

Next, a calibration is performed to convert to real space coordinates. Here the x-y coordinates 

are converted by evaluating the radius of the tip as detailed in chapter 2. The radius of the tip 

was estimated to be 68 nm and this was used to calibrate the range of x-y pixels into real space 

coordinates, ranging from 0-90nm. The z coordinate however requires a different approach as 

an estimate needs to be made regarding the depth increment between successive images. Since 

the evaporation rate is not uniform, the stacking and bending approach described in the 

introduction to 3DFIM in chapter 1 will yield inaccurate results. To calibrate the depth increment 

between the different images, the integrated intensity plots are employed, which provide 

improved sensitivity to the instantaneous changes in evaporation rate. Those are calculated from 

a crystallographic pole of the matrix that is found to exhibit ordered signal through the dataset 

and can be seen in Figure 7.3b, along with the pole from which they were calculated, marked 

with a circle in a. From the intervals of intensity identified, a depth increment can be extracted 
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between initial and final image of each interval. This results in depth increments of equal size 

(the plane spacing in this crystallographic direction) being assigned to different width image 

intervals. The ‘local depth increment’ is then calculated between every adjacent two images, such 

that the sum of all local increments will yield the correct depth increment across the whole image 

interval. While the evaporation rate of other poles may be slightly different than the pole 

examined, this procedure is still found to produce a good scaling metric for the z coordinate, as 

intensity plots taken from different poles yield similar numbers of plane counts in the dataset. 

The curvature of the tip was not accounted for, and can be enforced on top of the crystallographic 

calibration described here. 

 

Figure 7.3: Scaling reconstruction to real space coordinates. (a) X-Y scaling is done by evaluating the radius of the tip 
from indexed poles (b) Depth estimations are performed from integrated intensity plots of a prominent pole, marked 
in a circle in (a). 

Figure 7.4 plots the high intensity pixels in the dataset, mostly corresponding to the carbides, 

calibrated to real space coordinates. It can be seen that some ‘background noise’ exists as a result 

of high intensity coordinates that do not seem to correlate with the carbides. These were 
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recognized in [123] as substitutional or interstitial atoms commonly observed in alloys. Using the 

stacking approach in [123] these features were discriminated from the carbides by the 

assumption that their depth extension in comparison to those of the carbides is small. A different 

option possible with the ‘atom-by-atom’ approach is to discriminate those based on their local 

density. For this purpose, the number of atoms within a small area around each atom was 

calculated and considered as the local density of the atom.  In Figure 7.4b only high density atoms 

are shown, with the density threshold chosen visually. It can be seen that some of the background 

atoms are now eliminated, however between the existing features remains a brightly imaged 

matrix pole. A combination of more than one image gas may be attempted in the future to 

resolve better contrast between the matrix and the carbides [123]. 

 

Figure 7.4: (a) High intensity pixels (>0.95 normalized intensity) including mostly carbides but also background noise 
from brightly imaged alloying elements and a matrix pole. (b) After the application of high density filter on the 
coordinates in a, the background noise has been reduced.  

The analysis of this dataset is brought here to exemplify the possibilities of the atomistic 

reconstruction approach and could be further optimized. As the procedure transfers FIM images 
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into a 3D point cloud, the final list of atoms in this dataset could potentially be further analysed 

with any appropriate software such as IVAS or 3Depict [209], for quantitative characterisation of 

the carbides.  

7.2  Example 2: Grain boundary in tungsten 

The second example is a reconstruction of a grain boundary in tungsten. In this case the atomic 

resolution around the boundary exists, and the quality of the data is high, however, the feature 

extents along several poles, and therefore the ‘layer-by-layer’ reconstruction approach cannot 

be easily employed. 

As grain boundaries play an important role in determining the mechanical properties of metals 

and alloys, the atomic arrangement along grain boundaries is of significant interest to the 

materials science community. Specifically in the field of radiation damage, it was recently shown 

that grain boundaries in tungsten play an important role in hydrogen retention, as they change 

the number and distribution of vacancies, as well as the size of the hydrogen-vacancy complexes 

formed [210]. Several models exist that predict the arrangements of atoms along common 

boundaries recognizing the notion of depleted zones that are created in several regions of the 

boundary along with islands of ‘joint’ atomic sites, where atoms either fit the atomic 

arrangement of both grains, or present in compromised sites between the two [74]. 

FIM enables an atomically resolved view of grain boundaries and had been previously utilized to 

characterise them [74]. With 3DFIM, it is possible to track the boundary in 3D. 

Figure 7.5 shows FIM images of the grain boundary from when it was first detected (a), to the 

last image where the boundary can be observed, (b). Between b and c, a small un-controlled 
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burst of evaporation occurred, exposing the new, single grain surface seen in c. It can be 

confirmed from the similarity of b and c that the evaporation burst corresponds to the removal 

of only a few layers of the material, and so effectively this boundary is tracked almost until its 

end. It can also be seen that the final structure imaged after the full evaporation of the boundary 

is that of grain 1 (one of its main poles is marked in the same location in b and c as an example). 

 

Figure 7.5: (a) FIM of grain boundary in tungsten. The boundary is outlined by a depletion zone. (b,c) Right before 
and right after the full evaporation of the boundary. The underlying structure is shown in (c) and seems to be aligned 
with grain 1 as reflected from the unchanged position of the pole marked in red. 

From the 2D images it is possible to detect the depleted and joint atomic regions. Figure 7.6 plots 

cross sections of a simple 3D stacking of all FIM images, from the x coordinates marked in a. The 

first case shows a cross section along a depleted zone, and the second case shows a cross section 

along an atomic site at the boundary. 

Grain boundaries are known to cause erroneous density distortions in the reconstructed atom 

probe data due to the local change in evaporation fields between the two grains and segregated 

atoms to the boundary, as well as morphology changes on the surface of the boundary. 

Simulations have recently predicted the formation of a depleted zone around grain boundaries 
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[171] in APT data. Similar aberrations are probable to contribute to the depleted zone seen in 

this FIM data, however as the atomic resolution around the boundary is not reduced, and no 

other indication of distortion of the atoms around the boundary is observed, the depletion could 

also be physical.  

 

Figure 7.6: 3DFIM stacking along cross sections at the red and yellow points in (a). (b) The depleted zone is seen in 
3D (c) A cross section along a joint atomic region is seen to be less depleted along the depth of the grain. 

To analyse the data, high intensity coordinates are found normally. X-Y plane tracking is 

performed in the same way as before. Since there is no ‘layer-by-layer’ sequence to generate the 

integrated intensity plots that are used to separate the atoms in the z direction, each 

discontinuity event lasting for over 3 images is considered as marking the evaporation of an atom, 

and the appearance of a new atom. This constant number of images was chosen visually. To 

improve the accuracy of this approach, the intensity threshold used to identify atoms was 

decreased from 0.6 (used in chapter 4) to 0.4 of the maximal intensity. The ‘z’ coordinate is taken 
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here as effectively the sequence of evaporation, meaning the last image in which the atom is 

recorded to appear.  

Figure 7.7b plots the reconstructed coordinates surrounding the grain boundary from a view 

down the z axis. Atoms evaporated in the first 500 images are displayed here for clarity. The 

volume represented here corresponds to the evaporation of 32 (222) planes of grain 1 and similar 

number of planes of other poles according to the integrated intensity plots. Over 6000 atoms are 

reconstructed here from the region seen in Figure 7.7a. Several features of the grain boundary 

are evident already at this stage. The depleted zone is easily seen between the grains. In grain 2 

(on the right) a family of very prominent concentric rings is visible from the reconstructed data. 

This feature is not clearly visible when looking at individual FIM images such as in Figure 7.6a. 

Next, histograms are calculated from the reconstructed coordinates to estimate the amount of 

atomic depletion along the boundary. These are shown in Figure 7.7c, for coordinates 

reconstructed from all 2000 images. In the upper case, atoms from images 1-1000 are analysed, 

and in the lower part, atoms from images 1000-2000 are analysed, corresponding to the part of 

the grain boundary closer to its end. As can be seen from the resulting histograms, the depletion 

seems to diminish as the boundary is progressively evaporated to its end where only one grain is 

visible.  
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Figure 7.7 : (a) Cropped region around the grain boundary to be analysed. (b) Atomic coordinates from the first 500 
images, view from the z direction. (c) Histograms calculated from the reconstructed atoms. The depleted zone is 
more evident in the first half of the data, and seems to close as the boundary is evaporated towards a one grain 
structure. 

Figure 7.9 shows the 3D reconstruction of all atoms in the dataset. There are over 50000 atoms 

in this reconstructed volume, evaporated from over 140 crystallographic layers (estimated from 

the 222 pole, and confirmed against other poles). For each atom, an intensity profile along a line 

crossing the atom and the grain boundary horizontally was calculated and employed to assign 

each atom to the correct grain by detecting the depletion area. Of course, there are limitations 

in this analysis as the depleted zone defining the boundary is not uniform along the boundary, 

with joint sites, and intensity drops corresponding to crystallographic poles. To correct for these 

mistakes, the NN code was employed until convergence, correcting the assignment of atoms 
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placed originally in one grain, but fully surrounded by atoms of the other. The results of the NN 

correction are exemplified in Figure 7.8. 

 

Figure 7.8 : View along the z axis of coordinates reconstructed from the first 200 images. (a) Grain separation before 
NN correction. (b) After NN correction. Atoms assigned to one grain that are found to be fully surrounded by atoms 
of the other grain are corrected.  

Finally, the NN code was employed again to identify atoms on the edge of the boundary such 

that are surrounded by atoms of grain 1 from one side, and of grain 2 from the other side. These 

atoms are plotted in red in Figure 7.9 with some example atoms plotted on top of their FIM 

images in c. The atoms seen in c are difficult to assign to one grain over the other, corresponding 

to the ‘joint sites’ or to segregated impurities to the boundary. 
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Figure 7.9: All atoms in their detected image coordinates. The different grains are marked by blue and yellow. Red 
atoms represent atoms on the boundary, possibly joint atoms. (b) Side view of the reconstruction with scaled axis. 
(c) Examples of some of the atoms marked in red at positions along the boundary that are not obviously assigned to 
one grain or the other, and can correspond to impurities segregation or joint atomic sites to the two grains.
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8 Automated reconstruction of crystal 

defects 
8.1 Introduction 

The reconstruction methodology described in detail in chapter 4 has deliberately been developed 

using a known standard specimen, i.e.  a defect-free tungsten lattice. The ability to identify and 

image the 3D location of every atom in the examined region represents a significant step towards 

the automated 3D FIM reconstruction of point defects inside the lattice. Since instantaneous field 

conditions determine which atoms will be imaged at any given time, it is not possible to 

confidently identify the presence of a vacancy by observing a single FIM image, but only by 

analysing the full time-ordered sequence. This was well acknowledged in previous FIM studies 

[55], which emphasised the importance of taking several FIM images of the same plane in order 

to identify a vacancy, but also commenting on the tedious data analysis this entails due to the 

lack of automated tools.  

Out of sequence imaging and evaporation events, for example, can result in FIM images similar 

to those resulting from the actual presence of vacancies. Such cases have previously been 

observed on (222) planes due to the presence of vacancies within underlying planes [188], and 

in the presence of alloying elements, such as tantalum in a tungsten matrix [15]. An example of 

such an effect is presented Figure 8.1. In a-b are two similar FIM images from separate 

experiments, both of which appear to contain vacancies in the middle of the imaged planes. 

Figure 8.1a shows a (114) plane of a WRe5 sample implanted with tantalum, while Figure 8.1b 

represents a (222) plane of a tungsten sample implanted with tungsten. The difference between 
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the two cases becomes evident when observing the evaporation process as it progresses. Figure 

8.1 (c-d) were imaged at a time subsequent to a-b, however still represent the same planes, 

respectively, after the removal of some of the atoms surrounding the suspected vacant site. As 

can be seen, the two different situations can now be resolved. In Figure 8.1c, the evaporation of 

neighbouring sites has led to the imaging of an atom in the previously thought to be vacant space. 

This is most likely due to the presence of a rhenium or tantalum atom in this site, which leads to 

a change in the usually reliable imaging sequence of the tungsten matrix. In Figure 8.1d the 

vacant site is still empty, and is observed to remain empty until the final removal of all atoms 

from this plane. In other cases, when a vacancy is present close to the outer terrace of a plane, it 

is common for adjacent outer terrace neighbours to evaporate prior to the imaging of inner plane 

neighbours. This results in a series of images highlighting the immediate surrounding of the 

vacant site, without the vacancy ever being clearly visible in one single image. 

 

Figure 8.1 : Vacancy vs ‘out of sequence’ imaging event. (a,c) The (114) pole of a WRe5 sample implanted with 
tantalum. (b,d) The (222) pole of a tungsten sample implanted with tungsten. From (a-b) it appears as though in both 
cases there is a vacancy present, marked by the white arrows. (c-d) Images of the same planes imaged in a,b 
respectively, with the arrows marking the same ‘vacancy suspected’ positions. In c it is now clear that an atom is 
present in this position. In d no atom is seen as the evaporation process continues. 
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Therefore, for the reliable automated reconstruction of defects in 3D, all atomic positions must 

be mapped and reconstructed, and a simpler, 2D analysis of a single image will not suffice. The 

reconstruction demonstrated in chapter 4 is hence an important step towards accurate lattice 

defect characterisation.  

However, the presence of crystal defects poses additional challenges to the 3D FIM 

reconstruction algorithm and requires modifications to robustly reconstruct all damaged regions 

in an accurate manner. Once all atoms are correctly reconstructed, further data mining steps are 

required to then locate the defects inside the reconstructed volume. The additional steps 

required for the successful reconstruction of crystal volumes that contain defects are described 

in this chapter. 

8.2 Modifications to the existing algorithm 

Before taking further steps to automate the identification of vacant sites in the reconstructed 

volume, it is important to examine the existing algorithm and determine its applicability in the 

case of damaged regions. An immediate concern arises regarding the validity of the integrated 

intensity plots step to estimate image intervals describing different planes. This step is based on 

a ‘layer-by-layer’ evaporation trend, and an ‘outside-in’ assumption regarding the imaging 

sequence of atoms. If these assumptions both hold, this results in the integrated intensity at the 

centre of the plane peaking right before the evaporation of the final central atoms. However, 

defects are known to change both the imaging and evaporation sequence [188] [174]. Hence, it 

is important to establish that this step is still reliable in identifying the evaporation of different 

planes. Figure 8.2 shows the integrated intensity plots as a function image number for two cases 
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of (222) planes containing defects. In both cases the planes selected are characteristic of 

maximum extent of damage observed in the samples around the atomically resolved poles. FIM 

images corresponding to the imaging of the initial outer terraces of the planes are presented, 

together with a subsequent image highlighting centre of the plane, for each case respectively. 

The first set of FIM images is taken from a 7dpa vanadium implanted tungsten sample, while the 

second is from the analysis of a 33dpa self-implanted tungsten, corresponding to the highest 

damage level seen in experiments included in this thesis. As can be seen in both cases, the planar 

interval indicated by the plots is less ‘clear cut’ than the respective plots for the un-damaged case 

in Figure 4.1c, with the noise increasing with damage level. However, the planar intervals are still 

resolvable, and so no modifications are needed at this stage. 

 

Figure 8.2: Integrated intensity plots as they are employed on datasets containing defects. Even at 33 dpa, the most 
severely damaged structure recorded still exhibits signal good enough for automated planar separation. 
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The next obvious step in the algorithm that might require modification is the final step in which 

‘out-of-sequence’ events are identified by examining their intensity profile across a line 

connecting the atoms to the centre of the pole. This step is also based on repeating intensity 

profile patterns that result from the established imaging and evaporation sequences. By 

detecting a rapid enough decrease in the intensity profile directly followed by an increase, the 

transition between two terraces belonging to different planes is established. The presence of a 

vacancy along the path on which the line intensity profile is measured can also result in a 

detected intensity decrease, in which case an atom that belongs to the same layer as the vacancy, 

can be erroneously placed in the layer below. Figure 8.3 demonstrates such a case.  In Figure 

8.3a, the measured x-y coordinates for all atoms that were evaporated across a set of images 

belonging to the same intensity interval are plotted together. Atoms that are marked in red are 

atoms that were found to belong to the plane represented by the current intensity interval. 

Atoms marked in blue are atoms that were found to evaporate out of sequence, and were placed 

in the plane below in the resulting 3D reconstruction. The FIM image of the plane shown in Figure 

8.3b demonstrates the presence of vacancies in the centre of this plane. These vacancies result 

in four central atoms of the plane being incorrectly coloured in blue, i.e. assigned with a z 

coordinate of the layer below. These atoms are marked in red circles for clarity in Figure 8.3b. 

Intensity profiles for the atoms marked in a are seen in c,d along with the images from which 

they were calculated. While one of those, seen in c, is a terrace atom from the plane below, the 

other, in d, is a central atom of the current plane, erroneously assigned to the plane below as 

well. It is evident from the FIM image in Figure 8.3d that vacancies can lead to profiles that before 

were attributed only to out of sequence events. 
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Figure 8.3: (a) Atoms evaporated in images from one intensity interval are plotted together. In red are atoms found 
to belong to the current plane, in blue atoms that were identified as out of sequence events. (b) Some of the atoms 
in (a) placed on top of a FIM image from the intensity interval. (c,d) Intensity profiles from the two atoms marked in 
circles to the centre of the pole. The images on which the profiles are calculated are shown in the small windows in 
c, d. Both profiles appear to be characteristic of out of sequence events, but the one in d is actually a central atom 
next to a vacancy. 

In order to resolve these two situations, a further ‘post-processing’ step has been added after 

the initial reconstruction, that utilizes the algorithm that was originally developed to locate the 

‘theoretical’ nearest neighbours of each imaged atom. This algorithm is described in appendix 1. 

In this case, the NNs of every blue atom in Figure 8.3 are identified from within the set of atoms 

evaporated in this interval of images. Next, in order to isolate the cases where central plane 

atoms are mistakenly coloured in blue, i.e. assigned to the incorrect plane, the algorithm will 

evaluate the distribution of red and blue NNs around the atom in question. As can be seen from 

Figure 8.3a, if a blue atom is mostly surrounded by red atoms, it is likely to be falsely classified as 

blue.  Any blue atom that is found to be surrounded predominantly by red atoms will be identified 
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and its ‘z’ coordinate will be corrected at this stage, to correctly place it in the same plane as its 

red neighbours. This step is repeated until no further changes in atomic planes are made. 

8.3 Detecting vacant sites in the reconstructed volume 

In order to effectively characterise the damage features in the sample, after all atomic positions 

are mapped and placed correctly in their 3D positions, the next stage is to automatically identify 

the vacant sites. This will allow easy visualization and analysis possibilities of the damaged 

regions. 

The most obvious approach to the automation of this problem would be to search for vacant 

volumes inside the reconstructed space that are large enough to accommodate an atom (or more 

accurately, a vacancy). However, since the reconstructed crystal structure deviates from the 

theoretical ‘perfect crystal’ (see chapter 6), this task is not straightforward. Even in the case of 

the defect free reconstructed volumes, variance in the NN distance could be measured between 

atoms on the same plane. In fact, variance between the NN distance along orthogonal directions 

was found to be different in chapter 6. In a volume containing defects, this distortion is expected 

to increase further, resulting in gaps between atoms that can potentially be large enough to 

accommodate a vacancy even when no atoms are missing. The identification of vacant volumes 

that actually contain vacancies is therefore challenging, necessitating constant evaluation of the 

NNs distances in the immediate surrounding of the atoms analysed. The algorithm described here 

re-evaluates the local surrounding of every atom on every plane for this reason. The approach 

benefits from making no assumptions about the theoretical crystallographic structure of the 

data. 
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8.3.1 Step 1: Assigning each atom an ‘effective’ volume 

Since a discrete z coordinate is given to the atoms according to their plane number, it is sufficient 

to perform this analysis on the XY plane, and essentially search for a large enough area to 

accommodate vacant site (rather than volume). Thus, every plane is considered separately.  

Due to the variance in NN distances across the plane, each atom is assigned with a different 

‘effective area’. Since NN distances measured in orthogonal directions were found to be different 

in variance, the optimal volume was found to be in the shape of an ellipse rather than a circle. 

The process is demonstrated on a vacancy-free plane presented in Figure 8.4. To determine the 

radii of the ellipse, first the NNs of each atom are detected.  NNs found for the red atoms in 

Figure 8.4 are marked in green. The distance and direction of the closest NN is chosen as the 

small radius of the ellipse, 𝑟1. Next, prospective ‘orthogonal’ neighbours are located, such that 

their coordinates are within a 45° area centred around the orthogonal direction to 𝑟1. From these 

atoms the closest NN is selected, and its distance is set as the 𝑟2 radius. This process results in 

the selection of two radii, derived from approximately orthogonal directions, and is repeated for 

each of the atoms on the plane. Identification of the 𝑟1 and 𝑟2 values for the two atoms seen in 

the example presented Figure 8.4 a and b, on the same plane, demonstrate once again the 

possible variance in NN distances across the plane. 
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Figure 8.4 : Effective ellipse surface assignment for each atom on the plane. (a,b) Examples of two atoms marked in 
red. NNs are found for the red atoms, marked in green. The closest neighbour’s distance is chosen as the small ellipse 
radius, and the closest approximate orthogonal neighbour’s distance is chosen as the second radius.  

The radii assigned at this stage are not the final radii that will ultimately define the effective area 

of the atoms. Since the presence of a vacancy can bias the radii assigned for atoms around the 

vacancy, a further step is taken to minimize this effect. Therefore, for each atom the values of 

both radii are averaged across the radii measured in the respective orthogonal directions for the 

NNs of each atom, and the median for each direction will be the final radii assigned for the atom 

in each direction. Figure 8.5 demonstrates the need for this step. The plane in the image contains 
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a vacancy, marked by a black dot on the right hand side of the figure.  The plane is shown twice, 

with the ellipses defining the area around each atom. On the left are the original radii for each 

atom, as defined without taking into account the median among NNs. As can be seen, due to the 

presence of a vacancy, the effective areas assigned to atoms around it are larger and more 

eccentric than those assigned for other atoms. This is of course incorrect, and as a result it will 

prevent successful detection of a vacancy in the next step of the analysis. The next step in the 

algorithm attempts to fit into the vacant areas a vacancy, with a size defined by the average size 

of its surrounding atoms. Therefore, the bias of an enlarged ellipse is twofold: it reduces the size 

of the free area next to an atom, but also increases the expected effective size of a potential 

vacancy. In Figure 8.5 on the right, median of the radii were taken into account, and are seen to 

significantly reduce the bias caused by the vacancy. 

 

Figure 8.5: Vacancy effect on ‘effective area’ assigned to each atom. On the left each atom is given the radii estimated 
by distances from NNs, without taking the median of the values measured for NNs. On the right the median of NNs 
radii is taken, the ellipses are less eccentric, and the vacancy is detected. 
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Figure 8.6 demonstrates the rationale as to why ellipses were chosen and not circles to define 

the effective area around each atom. The same plane is shown three times, each with a different 

choice of effective-surface for the atoms. The plane does not contain a vacancy. On the left, 

circles were used to define the area occupied by the atoms. The same radius was used for all 

atoms and was determined by the average NN distance measured between all atoms on the 

plane. A similar sized vacant surface was located, and the presence of two vacancies was 

incorrectly identified. A second approach was implemented, and is illustrated in the middle graph 

of Figure 8.6. In this case, circles were used again, however, this time with the average NN 

distance calculated among each atom’s NNs. In this case three vacancies were erroneously 

identified in the same region as the previous case, a region within which a significant asymmetry 

is evident along image axis. Finally, on the right of Figure 8.6, ellipses were assigned, taking into 

account NNs in both distances and directions. This time no vacancies were detected, which is the 

correct result as none exist on this particular plane. 

 

Figure 8.6: Three approaches to define effective areas around atoms. On the left – the same circle was used for all 
atoms, its radius determined by NN average – 2 vacancies were wrongfully identified, marked by black dots. In the 
middle, circles were used with a radius determined by NN distance average for each atom locally-3 wrong vacancies 
detected. On the right – ellipses were used, calculated locally for each atom, yielding the correct approach – as no 
vacancies were detected. 
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8.3.2 Step 2: Locating potential vacancies coordinates 

After all the ‘occupied’ areas on the plane have been mapped by the ellipses, potential spots for 

vacancies are located. As a first step, ‘suspect points’ are defined at the centre point of the 

distance between any two atoms on the plane. A second group defined as suspect points are 

centre points between atoms on the adjacent planes above and below, respectively. These points 

are added in order to identify vacancies at the edges of planes, that are not fully surrounded by 

atoms, For example in Figure 8.7a, approximately half of an entire row of terrace atoms is 

missing.  

At this stage of the algorithm the ‘suspect points’ seen in Figure 8.7b constitute a large group of 

points that must now be further examined and sorted.   

 

Figure 8.7: (a) Two types of vacancies on the same plane. Marked with a circle is a vacancy fully surrounded by plane 
atoms. Marked with the arrow are several vacancies on the edge of the plane. (b) All suspect points marked with 
green on an example plane. Points are defined at centre points of between any two atoms on the plane and on 
immediate planes below and above. 

The next step is to estimate whether the area around each suspect point is large enough to be 

defined as a vacancy. To determine the effective size of the suspected vacancy, it is important to 

regard its immediate surrounding in a similar process as before. Therefore, atomic NNs are found 
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for every suspect point. The suspect point is then compared to each NN, and is assumed to have 

an ellipse with a radius equal to 90% of the neighbour’s radius in the direction that connects the 

two as seen in Figure 8.8. If the two ellipses do not overlap, the suspect point is confirmed to fit 

in the vacant space with regards to this neighbour. The analysis is repeated for all the NNs, where 

each time the suspected vacancy is assigned an effective area according the neighbour examined. 

Note that the examined canter point is assigned with a radius of 90% of that of the neighbouring 

atom. This parameter was found experimentally to provide optimal results in vacancy detection, 

however can be interpreted as a further expression to the distortion of the local surrounding of 

a vacancy. In fact, the algorithm failed at times to fit ‘full sized’ vacancies into areas clearly 

identified as vacancies on the FIM images, suggesting either slight distortions of atomic positions 

around vacancies, or, very subtle local magnification increase near vacancies for the surrounding 

atoms.  

 

Figure 8.8: Testing the green potential vacancy point with regards to its NNs. The vacancy is assigned an ellipse with 
90% of the neighbour’s radius. If their ellipses don’t overlap, the point is verified as a vacancy. 
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The process is summarized Figure 8.9, and will result in the reduction from a very large group of 

suspect points to several vacancy candidate points.  

 

 

Figure 8.9: a-d Stages in locating vacancies. (b) Atoms are assigned effective areas on the plane according to their 
local neighbours. (c) Suspect points are defined at the centre points between every two atoms on the plane. (d) 
Suspect points in c are reduced by trying to fit ellipses around them of similar sizes to their local neighbours. 

While in the case of the plane seen in Figure 8.9 it is clear that all the remaining candidate 

coordinates correspond to the same single vacant site, in the case of the plane seen in Figure 

8.10, the free space corresponds to two vacancies. In order to choose the coordinates that reflect 
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the most accurate position of the vacancy and determine the number of vacancies present within 

the space, the next step is further taken. 

8.3.3 Step 3: Identifying exact locations of vacancies 

For each remaining point the atomic NNs are identified, and effective radii are defined by the 

median of the NNs radii in the appropriate directions. (The minor axis direction is chosen 

according to the position of the closest NN). The point with the largest effective size is considered 

first as the best candidate for the vacancy’s location. This single point will be replaced by two 

other coordinates only if two points are found such that their ellipses overlap with the largest 

one, but not with each other. All other coordinates within the ellipse defined by the chosen 

vacancies (either initial one or the replacement couple) are erased from the list of potential 

vacancies. At the end of this analysis, if there are any remaining potential vacancy points left on 

the list the process is repeated again, starting with the new largest ellipse. At the end of this step, 

the final list of vacancies coordinates is complete.  

A post processing step is then applied, comparing all vacancies found to the full list of atomic 

coordinates recorded at the initial stage of the reconstruction, to make sure that no atoms were 

identified that correspond in position to the identified vacancies. While the atomic 

reconstruction stage provides a highly reliable reconstruction, this step, where vacancies are 

located, is tolerant to mistakes in the atomic reconstruction. This is useful in cases where 

evaporation rate was momentarily too high, and some atoms were omitted from the final 

reconstruction.  
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Figure 8.10: A plane with two neighbouring vacancies. (a) Reduced list of candidate vacancies. (b) The final two 
vacancies identified, as the point with the largest effective area in a was replaced by two others. 

8.4 Limitations to the algorithm and future improvements 

While every attempt has been made to optimize the algorithm for the successful identification 

of all vacancies, several challenges still remain to improve the accuracy and reliability of the 

approach. 

A particular challenge arises in planes where a number of NNs vacancies are present. An example 

to such a plane is presented in Figure 8.11. By manually counting the atoms in each row of the 

plane, one could claim that 3 atoms are missing from the centre of the plane, however, when 

applying the automated algorithm only one vacancy is identified. This is due to the fact that the 

‘vacant area’ defined by NNs atoms of this vacancy cluster is simply not large enough to contain 

3 additional atoms with sizes similar to the sizes of atoms in their immediate surrounding. In the 

reconstruction example presented in the next section an additional post processing step was 

implemented in order to resolve some of these cases. This step is based on the analysis of a 

representative image such as the one in Figure 8.11a. The process is briefly described in appendix 
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2 and was helpful to resolve some of these cases. However, there remains un-resolved cases 

where no representative image exists. 

 

Figure 8.11: (a) FIM image of a tri-vacancy and a fourth vacancy marked with the arrow. (b) Manual attempt to 
complete atomic rows, 3 vacancies can be fitted in the centre. (c) In black are the ellipses that would have been 
found by the NNs algorithm. Since they overlap with each other, only one vacancy is automatically detected in the 
centre. The fourth vacancy remains un-detected since its neighbours do not have enough neighbours of their own 
to correctly define their ellipses. 

An additional challenge for the current algorithm are cases where the vacancy is in close 

proximity to the terrace of the plane, or to a cluster of other vacancies, as the vacancy marked 

with an arrow in Figure 8.11. In several of these cases the algorithm failed to detect the vacancies. 

This is due to the fact that the ellipses assigned to the outer terrace atoms were often distorted 

by the presence of the vacancy. Since these atoms are not fully surrounded by NNs, the median 

step in determining the ellipse radii was not sufficient to reduce the bias induced by the vacancy. 

The fourth vacancy in Figure 8.11 has both terrace atoms NNs as well as NNs bordering the tri-

vacancy. 

These challenges highlight the need for further work to achieve an accurate as possible detection 

of vacancies in the reconstructed volume. While the method presented here benefits from no 

crystallographic assumptions, it is possible that to improve the accuracy of vacancy detection, 
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the incorporation of theoretical crystallographic information is necessary. Such an approach 

might include lattice correction steps where reconstructed atoms are fitted back to their 

‘theoretical’ locations. 

Finally, it is important to note that the presence of vacancies on outer terraces is always difficult 

to determine with absolute certainty. As seen many times during a 3DFIM experiment, the 

removal of the last remaining atoms on a plane at the surface can be accompanied by an almost 

simultaneous burst of terrace atoms from a lower plane. This was brought as evidence in [196] 

to the fact that the evaporation of central atoms raises the field at the edges of a lower plane, 

and in turn, the field at the edges of the second plane below. The presence of vacancies on these 

edges is therefore uncertain, even in an experiment with a highly controlled evaporation rate. 

8.5 Vacancies distribution in ion-implanted tungsten 

The reconstruction code followed by the vacancies detection algorithm had been applied to study 

the vacancies distribution in a tungsten sample implanted with vanadium. The sample was 

annealed prior to implantations as a needle with 400keV vanadium ions at 300℃, to a level of 7 

dpa. The vanadium distribution inside the sample was studied using APT and discussed in chapter 

9. In this chapter the reconstruction procedure was utilized to study the vacancies distribution. 

During the 3DFIM experiment approximately 23,000 images were recorded and over 570 planes 

evaporated. In this example the (222) pole was reconstructed, as it was visually found during the 

experiment to contain a high concentration of the overall crystal damage seen in the sample. 

Since the few first atomic layers of the surface of the sample usually contain some defects, and 

generally do not produce high quality images, the first 20 (222) planes were not reconstructed 
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but taken into account in determining the ‘z’ coordinate. 555 planes of the (222) pole were 

reconstructed here. The reconstruction is seen in Figure 8.12, where all reconstructed atoms are 

seen in red. The corresponding 2D xy-SDM seen in Figure 8.14 confirms the successful 

reconstruction. Since uncertainty always exists in the detection (automated or not) of vacancies 

that lie on the outer-terrace of a plane, the vacancy search was conducted on data that excludes 

atoms that had evaporated ‘out of sequence’, essentially reducing the data to ‘central atoms’.  

The reconstructed volume was calibrated to an approximate volume of 50×4×4 𝑛𝑚3. A total of 

175 vacancies were located in the reconstructed volume and are plotted in black in Figure 8.12. 

Since the pattern of tri-vacancies was often observed during the experiment, the additional 

correction in appendix 2 was applied to identify the vacant positions detected that contained 

more than one atom. Finally, since the algorithm suggested here still requires improvements, a 

final step of manual correction of the vacancies was performed. 
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Figure 8.12: Reconstruction of over 555 (222) planes imaged across over 20,000 images. Atoms are plotted in red, 
vacancies in black.  

Figure 8.13a plots the depth profile of the vacancies distribution as measured by FIM and in 

comparison to the SRIM profile. As discussed in chapter 9, the many assumptions incorporated 
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into the SRIM profile are expected to result in deviations in the measured damage profile. SRIM 

does not take into account any recombination and migration processes that occur between the 

initially created defects. In fact, the profile is computed at a temperature of 0K. For the 

comparison in Figure 8.13a, the SRIM profile was calibrated to be on the same scale as the FIM 

profile, and it is only the general trend of the profiles that is comparable. Unlike the vanadium 

ion distribution that was found to be flat in the needle samples in chapter 9, the damage does 

seem to be shallow at the surface, and increase into the depth of the sample, similarly to the 

SRIM profile.  

 

Figure 8.13 (a) Depth profile of vacancies as measured in FIM in comparison to SRIM profile. SRIM profile is scaled 
for comparison. (b) Vacancies cluster histogram, calculated across (222) planes. Majority of vacancies are found to 
be single vacancies on their (222) plane. 

Figure 8.13b plots the spatial distribution of vacancies as a histogram of the number of vacancies 

observed as NNs to each other. The NNs are computed within each (222) plane and do not extend 

across several planes in this analysis. The reconstructed vacancies are seen again in Figure 8.14, 

this time coloured according to the number of NNs vacancies on their plane, following the colour 

map of the histogram in Figure 8.13b. The measured distribution of vacancies into small clusters 
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is difficult to compare to previous results as it is highly dependent on the conditions of 

implantation. In Reference [79], the structure of depleted zones following ion implantation in 

tungsten was studied as a function of the mass and energy of the impacting ion. One of the 

implanted ions was Cr, which is similar in atomic mass to vanadium. In that experiment single 

vacancies were also found to be much more common than a complex of 2,3 and 4 vacancies. 

Further comparisons are difficult to make as the energy of the ions was an order of magnitude 

lower, the temperature (-263℃) and dose much lower.  

Current radiation damage simulation studies in tungsten are usually designed to predict the 

behaviour of larger defects such as voids and dislocations [179],[211]. These often disregard the 

population of single vacancies, and rely on TEM experiments to determine the voids population 

which only partially describes the vacancies population in the sample. Automated FIM 

experiments as demonstrated in this chapter can yield unique and highly valuable statistics to 

inform such damage simulation studies. 
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Figure 8.14 : Close up on the vacancies distribution. The vacancies are coloured according to the colour map in figure 
8.13, such that the colours represent the number of vacancies inside the vacancy cluster for each case. Note that 
the z axis is not equally scaled in comparison to xy, for the sake of the illustration. The xySDM of the reconstructed 
atoms is also shown, demonstrating the successful reconstruction of the volume. 
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9 Influence of sample geometry on ion 

implantation profile 
9.1 Introduction 

As discussed in chapter 2, the two sample preparation techniques utilized for APT/FIM are 

electropolishing and FIB, and each has its own strengths and weaknesses with regards to 

characterisation of radiation damage. As can be seen in the example in Figure 9.1c, the 

distribution of Ga, C, Pt ions, that can be introduced to the specimen during a typical FIB 

preparation is straightforward to characterise in the resulting APT reconstruction and exclude 

from analysis. However, more significantly for this study, the FIM images in Figure 9.1a,b 

demonstrate that the lattice damage caused by the FIB procedure manifests as atomic-sized 

features, ranging from single vacancies to several-vacancy clusters. Furthermore, brightly imaged 

atoms that display a different contrast to the tungsten lattice are observed (such as the one 

marked with the left red arrow) can potentially highlight Ga/Pt/C atoms. Atoms that break the 

characteristic evaporation pattern around a crystallographic pole and are retained on the surface 

are marked with the right arrow. These too are potential impurities atoms resulting from FIB 

treatment, but unlike in the APT data, they are more difficult to resolve in FIM, as they might also 

correspond to irradiation-induced features such as the implanted ions themselves, or 

interstitials. Such features were typically observed in FIM images even following evaporation of 

50 (011) layers. 
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Figure 9.1: FIB damage during sample preparation as seen in FIM (a-b) and APT (c). From (a-b) it is clear that FIB 
induced damage is comparable to the type of damage detected in ion-implanted needles, and may pose a problem 
for radiation damage studies. In the APT data in (c) APT reconstruction of a tungsten FIBed sample. FIB products 
gallium, carbon and platinum are shown. 

The FIB induced crystal damage seen here is thus comparable in nature to the type of damage 

caused by intentional ion-implantation experiments. It is therefore very difficult to 

unambiguously characterise radiation damage in FIB-prepared FIM samples. Hence, the 

preferred sample preparation technique for atomic-scale FIM damage studies will be 

electropolishing of wire-form materials.  

This methodology does raise questions regarding the expected implantation profile into needle-

shaped samples. In particular; how does the highly curved shape of the electropolished samples 

effect the damage profile and the distribution of the incident ions inside the sample? 

Furthermore, how will these change in comparison to an implantation performed under the same 

conditions into a bulk sample?  Or in other words, how well does implantation of needles 

represent the bulk case?  A final complication emerges concerning the extent to which SRIM 

predictions provide a good estimation of implanted ion depth profiles and material damage in 

both sample geometries. 
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This chapter aims to examine the use of electropolished needles sharpened prior to implantation 

for FIM experiments, in comparison to bulk samples that are FIBed into needles after 

implantation. The implanted ion depth ranges in samples implanted as bulk will be compared to 

the ones measured from samples implanted as needles. The final concentration of ions implanted 

into the samples is also compared as measured by APT. The effects of specimen geometry are 

discussed, as well as the comparison to the calculated SRIM profile.  

9.2 The experiment 

Ion-implantations were performed on both bulk tungsten and electropolished tungsten wire. 

Samples were prepared according to the lift out (for bulk) and electropolishing (for wire) 

procedures described in chapter 2.3. All samples were annealed prior to implantation and 

analysed by APT. The agreement between SRIM predictions, and the implantation profiles 

experimentally measured for bulk and needle implantations, respectively, was investigated for 

two cases:  

 tungsten samples implanted with vanadium ions, to examine the case of lighter 

ions hitting a heavy element matrix.  

 tungsten samples implanted with tantalum ions, which are comparable in mass to 

the tungsten matrix atoms. Tantalum ions were used instead of the traditional 

self-ion tungsten implantations in order to be able to distinguish between the 

matrix and the implanted ions in APT data.  

A third type of needle-implanted sample was also implanted with the same tantalum conditions, 

but in this case using a WRe25 at% alloy. This enabled comparison of the alloy with  pure tungsten 
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to determine any composition effects on the irradiation response,  as well as possible insights 

into the damage profile inside the sample, as a number of studies have shown extensive 

implantation-induced clustering in W-Re alloys [60], [139], [143], [212], [213].  

Table 9-1 summarizes the implantation parameters for the analysed samples. Implantation 

energies were set such that the maximum concentration depth of impacting ions lay within 

reasonable ranges to detect in the APT runs. As the mass of the ion is lower, It’s penetration 

depth will be larger, therefore, vanadium was implanted at lower energies in comparison to 

tantalum. In all implantations ions were implanted perpendicular to the bulk surface, and ‘head-

on’ to the needles orientation, as illustrated in Figure 9.3 and Figure 9.4. 

 

Table 9-1 : implantation conditions 

SRIM predictions for both ion-type implantations are presented in Figure 9.2. The profiles shown 

were taken from a calculation averaged across 10,000 incident ions1. The SRIM profile for the 

WRe25 alloy was very similar to the one predicted for tungsten. 

                                                      
1 Notice that the units of the profiles are given in 

𝑎𝑡𝑜𝑚𝑠

𝑐𝑚3 /
𝑎𝑡𝑜𝑚𝑠

𝑐𝑚2  . When multiplying these units by the dose [
𝑖𝑜𝑛𝑠

𝑐𝑚2], 

the concentration is given. 
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Figure 9.2: SRIM predictions for implanted ions distribution of the different implantations performed. Each 
simulation consisted of 10,000 ions. 

9.3 Tantalum implantation into tungsten 

APT results for the tantalum implantations are presented in Figure 9.3-Figure 9.5. Figure 9.3 plots 

atom maps for tantalum, carbon and a vertical slice of the tungsten atoms as measured for the 

electroplished sample. It can be seen that the tantalum visually appears to be distributed 

uniformly. The carbon distribution possibly indicates some damaged regions, highlighted through 

the segregation to a region near the sample apex. Furthermore, a region of high tungsten density 

can also be observed, similar to those observed in the 33dpa tungsten implantation case (chapter 

3), which indicates damaged regions in the crystal from the observed trajectory aberrations. 

Figure 9.4 plots the atom maps of the same implantation for the FIB-prepared sample.  Here 

again, the tantalum seems to be uniformly distributed. Figure 9.5 plots 1D tantalum 

concentration profiles measured from the APT reconstructions from both types of samples, 

plotting concentration as a function of depth from the sample surface.  
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Figure 9.3 : Pre-sharpened electropolished needle results in APT following tantalum implantation. Carbon and 
tungsten show density variations that might correspond to defects. Tantalum seem to be distributed homogenously.  

 

Figure 9.4: Post-implantation FIB-prepared sample, APT results following tantalum implantation. Carbon is not 
shown since also originates from the FIB specimen preparation process. Both tungsten and tantalum distributions 
seem uniform. 
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Figure 9.5 : 1D concentration profiles of tantalum along the z direction (depth) of the bulk and needle samples. In 
both cases the profiles seem to not vary significantly with depth. Needles exhibit lower concentration than bulk. 

To ensure that these results are not influenced by any edge and/or geometry effects from the 

finite size of the reconstruction, the concentration profiles are plotted again in Figure 9.6, this 

time from a limited cylindrical region of interest (ROI) within each dataset. The ROIs were defined 

to be the same size for both samples, the dimensions of which are presented schematically in 

Figure 9.6. The resulting profiles are very similar whether they originate from within the ROIs or 

from the entire datasets. 
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Figure 9.6: Concentration profiles from selected cylindrical region from the centre of the reconstructions. The same 
sized region of 24x24x80nm area has been selected in both. Resulting concentration profiles are similar to the ones 
measured from the entire dataset, exhibiting an approximately constant trend and a lowered concentration of 
tantalum in the needle case. 
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The concentration of tantalum ions inside bulk and needle samples was measured by APT. The 

average concentration for the two bulk samples examined was found to be 0.215 ± 0.005 𝑎𝑡%, 

and 0.09 ± 0.02 𝑎𝑡% for the three needle samples (the error estimations are given by the 

standard deviations of the concentration values measured for the different samples of each 

type). When comparing the average concentrations measured in both types of samples it 

becomes apparent that the bulk samples contain approximately twice as much tantalum as the 

needle samples, even though both were implanted at exactly the same conditions during the 

same implantation session. Next, the tantalum distributions are compared to the corresponding 

SRIM predictions. The SRIM profile predicts a distribution of implanted ions with a sharp rise in 

concentration peaking at ~100 nm in depth from the surface, followed by sharp decrease as seen 

in Figure 9.2. However, both the profiles measured in bulk and needle samples exhibit a flat trend 

across the depth of the samples. For comparison, the APT bulk profile and the calculated SRIM 

profile are both plotted together in Figure 9.7. The SRIM profile was multiplied by the 

implantation dose, and the concentration in at% was calculated in relation to the expected 

theoretical density of tungsten (6.338×1022 atoms/cm3). Since the protective platinum layer 

applied in FIB had been fully removed during the sharpening stage, it is difficult to precisely 

determine the starting depth in the APT bulk sample reconstruction, i.e. in the resulting 

measured concentration profile the depth of 0 nm does not necessarily represent the surface of 

the bulk sample but is actually further in depth into the specimen.  However, this uncertainty in 

the exact depth of the measurement is estimated to be a maximum of 50nm, from examining 

images taken before and after the final FIB milling stages. Since a very slight trend of decreasing 

concentration is seen in the measured profile, the attempt to fit the APT profile to the SRIM 
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profile was performed on the decreasing part of the SRIM profile, and the APT depth in Figure 

9.7 is set according to the point where both profiles match in concentration. However, attempts 

to fit the APT profile to the SRIM one at any depth will fail as a sharp change in concentration is 

predicted by SRIM across any region of 100nm.  

 

Figure 9.7: 2MeV tantalum concentration profile inside tungsten, as predicted by SRIM (blue curve) and measured 
in APT for the bulk sample (pink). Since the starting depth of the APT profile was ambiguous due to the removal of 
the protective layer during final sharpening, the start depth in the figure is set at the point where SRIM and APT 
concentrations match. Unlike SRIM predictions, the measured profile is almost flat across the measured 100nm, 
regardless of the start depth.  

9.4 Vanadium implantation into tungsten 

The same analysis was performed on the bulk and electropolished samples implanted with 

vanadium. The results for implantation into pre-sharpened needles are plotted in Figure 9.8. Here 

too a relatively flat concentration profile of vanadium is measured across 100nm in depth of the 

sample. All three samples examined in this study exhibited similarly flat profiles. 
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Figure 9.8: Atom maps from implantation of 400keV vanadium ions into pre-sharpened tungsten needles and 
resulting 1D vanadium concentration profile through the depth of the sample.3% of tungsten atoms are shown from 
a 15nm slice of the data for clarity.  

Results of the implantation into bulk samples are presented in Figure 9.9. In this case a portion 

of the protective platinum layer was retained on the surface after FIB preparation, and was used 

to more precisely determine the actual surface of the sample, estimated at a depth of 45nm 

within the resulting atom probe reconstruction. This is also where the concentration of tungsten 

is found to plateau, further signalling the surface of the sample as seen in Figure 9.9a. A 

concentration profile across the relatively short depth of approximately 40nm from the identified 

surface of the tungsten sample to the end of the reconstruction could be measured. According 

to SRIM predictions even within this short region the concentration of vanadium is expected to 

increase significantly, which in this instance is indeed observed in the APT data. This is evident in 

the concentration profile and is even visually apparent in vanadium atom map presented in 

Figure 9.9b. In c, SRIM profile was converted as before to at% units. The depth coordinates of the 

APT vanadium profile in Figure 9.9c were moved by 45nm, so that the estimated surface matches 

the beginning of the SRIM profile. This time, the APT profile better matches expected 

implantation profile.  
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Figure 9.9: APT results of the bulk tungsten sample implanted with 400keV vanadium ions. (a) The surface of the 
sample was estimated at the depth where the platinum concentration was reduced to zero and tungsten 
concentration seem to stabilize. (b) Resulting W and V atom maps. (c) APT vanadium profile in comparison to SRIM 
profile. 

Compositions were calculated for three needle samples, yielding an average concentration of 

0.01 ± 0.008 𝑎𝑡% vanadium. Since the concentrations of vanadium measured are very low, the 

average concentrations as well as the presented profiles in Figure 9.8-Figure 9.9 incorporate the 

entire data set, without further reducing it to a selected ROI. However, the same concentration 

profile was observed for the vanadium when measured within a cylindrical ROI along the depth 

of the sample. The needles average concentrations results seem to be spread between the three 

needles examined, with one of the three exhibiting a larger, 0.027at% average concentration. 

Finally, Table 9-2 summarizes the different average compositions measured for needles in both 

tantalum and vanadium implantations along with the doses implanted for comparison. 
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Table 9-2: APT average concentrations measured for pre-sharpened needle samples after vanadium and tantalum 
implantations, along with the actual implanted dose. 

9.5 Tantalum implantation into WRe25 alloy 

WRe25 at% alloy in the form of electropolished needles was implanted at the same tantalum 

implantation conditions as the tungsten samples. The APT characterisation of the specimen is 

presented in Figure 9.10 and Figure 9.11. The concentration profile seen in Figure 9.10 is taken 

from a cylindrical ROI extending along the analysis direction, and the tantalum level is constant 

with respect to depth, similar to the profiles observed for the implanted tungsten needles. The 

average tantalum concentration however, was 0.2 at%, closer to the one measured in the bulk 

tungsten rather than the needles. Two such needles were analysed, exhibiting the same trend. 

Figure 9.11 shows the post-implantation APT reconstruction of rhenium atoms. Irradiation-

induced clustering is visually apparent while the distribution of rhenium prior to implantation 

was homogenous. A cluster search was performed to identify the individual clusters using the 

maximum separation method [144]. The parameters defining this approach were dmax = 0.28nm 

and Nmin=17. Rhenium concentration in the clusters was found to be 70 at%, slightly lower than 

previous results obtained in neutron irradiated WRe25 wire [212];  however in that previous 

investigation implantation was carried out at an estimated level of 8 dpa and at a temperature 

of 500ᵒC. Next, the number of clustered atoms was estimated as a function of depth, as a 

measure to the damage extent. For this purpose, after application of the clustering algorithm, 
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the reconstruction was divided into thin 10nm sections in depth. The number of ranged atoms 

detected in each of the clusters in each of the sections was summed and is plotted Figure 9.11b. 

Summation of only rhenium atoms detected in the clusters produced a very similar plot. This 

analysis was restricted to the data within a cylindrical ROI along the z direction, so that each 

depth increment has an identical volume.  While the tantalum ions seem to exhibit a flat profile, 

the number of clustered atoms as a function of depth after implantation is not flat, and seem to 

reasonably approximate the shape of the SRIM profile of damage ( Figure 9.11b), although there 

is significant scatter in the data from the small numbers of atoms considered. The two plots are 

placed in the same figure for comparison of their trends, the actual ‘damage’ values are not 

comparable. 

 

Figure 9.10: Atom map and 1D concentration depth profile of tantalum with APT reconstruction of a pre-sharpened 
WRe25 needle 
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Figure 9.11: Custer analysis distribution in WRe25 alloy post tantalum implantation. (a) A 3 nm thick slice of the APT 
reconstruction of rhenium (taken from the x direction). (b) SRIM predicted profile for damage, compared to the 
volume fraction of the clusters as a function of depth. Profiles are scaled in the ‘y’ axis of the plot as to be presented 
on the same plot, the SRIM vacancies profile is presented in its original numerical values. 

9.6  Discussion 

From the results above several observations can be made, some more prominent than others. 

For tantalum and vanadium implantations it can be seen that the final distribution of implanted 

ions inside all electropolished needles is constant throughout the measured depth of the 

samples. This is in contrast to the predicted SRIM concentration profile, in which implanted ion 

concentration increases as a function of depth from the surface inside the sample, peaking at the 

mean projected range, then decreasing. This discrepancy can possibly be attributed to the highly 

curved geometry of the samples into which the ions were implanted. As well as from the apex of 

the needle, ions are also likely to penetrate the needles along their shank.  Each of these ions 

addressing the penetration point as a local z=0 surface, convolute the measured concentration. 
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Hence, a flatter profile of ions might be expected. Furthermore, erosion of the surface of the 

samples by the implanted ions [214] may also contribute to the flat profile measured, eliminating 

the original surface where according to the simulations ions are less likely to be retained. 

A perhaps more surprising observation is the difference in the measured APT concentration 

profiles of tantalum and vanadium in the bulk samples. While vanadium concentration follows 

the expected SRIM trend in bulk, tantalum ions appear to be distributed homogenously along the 

depth of the sample, across a region of approximately 100nm, corresponding to half the size of 

the predicted SRIM profile. There are many assumptions made in the SRIM calculations that are 

not suitable for this type of experiment such as 0K temperature and an isotropic displacement 

energy, most of them however are expected to influence the damage profile and not the 

implanted ions profile in the bulk. On the other hand, the assumption of an amorphous matrix 

used in SRIM is expected to influence the mean free path of implanted ions inside the matrix 

between successive collisions, creating in turn a change in their final distribution. It could be that 

the different mass and energy of the implanted tantalum and vanadium ions is the reason for the 

difference, indicating that light, lower energy ions follow the SRIM profile better. Further, as the 

sputtering of tungsten atoms by tantalum ions is expected to be greater than the sputtering due 

to vanadium ions, it could be that the eroded tungsten surface is contributing to the flat final 

profile observed in APT. A set of experimental conditions could possibly also cause such 

differences. The implantation profile is expected to depend on the quality of the surface of the 

bulk samples, which, if not completely smooth could result in distorted profiles. Further, as the 

degree of control and precision over the experimental parameters of the implantations is difficult 

to determine, a direct comparison between two different implantations is difficult to make with 



Influence of sample geometry on ion implantation profile                                             Michal Dagan                                           

184 
 

certainty. A spread in the energies of the implanted ions for example can result in a flatter profile. 

Finally, while a definite non-flat profile had been observed in the bulk vanadium case, the degree 

of fit to the SRIM profile is dependent on APT calibration of depth, and since limited 

crystallographic information was found in the dataset, it is possible that the gradient of vanadium 

increase with depth is smaller, resulting in a less steep profile.  

Another comparison parameter between bulk and needle samples are the measured 

concentrations of the implanted ions. The average tantalum concentration in the bulk samples 

was found to be approximately twice as high as the average concentration measured for needles. 

The vanadium implantation concentration profiles show even larger discrepancies (although 

more difficult to compare due to the non-flat bulk profile). A possible explanation for the 

differences between compositions measurements in the needles and bulk samples could be the 

erosion of the needle-shaped samples during implantation. Of course bulk samples will also 

experience some erosion, however, the sputtering yield in tungsten was found to depend on the 

incident angle [215]. From SRIM calculations, the number of eroded tungsten atoms per 

implanted tantalum ion was found to increase by 180% for an incident beam at 45° in comparison 

to 0° in a simulation averaging 5000 2MeV tantalum ions. While in bulk the incident angle is only 

0◦, the surface of the needles will experience a range of angles, resulting in increased sputtering, 

and in turn, decreased final concentration of implanted ions. A second possible explanation for 

the reduced final concentration of implanted ions in the needles samples could be the scattering 

of the penetrating ions out of the samples. The incident ions will undergo a series of collisions 

inside the sample, changing their direction with each one. It is possible that some of these ions 
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will be scattered out of the very narrow geometry at the apex of the needle sample, as opposed 

to the effectively infinite flat surface of the bulk. 

The difference between vanadium and tantalum compositions can be further investigated by 

comparison of the average ion concentrations measured in needles and the actual dose 

implanted. As the tantalum dose implanted was approximately three times higher than 

vanadium, tantalum concentrations measured in the needles were indeed higher than the ones 

measured for vanadium. However, while the requested dose was 3 times higher for tantalum, 

the corresponding difference measured in needles was closer to 9 times higher. This observation 

emphasizes extensive loss of vanadium ions from the needles in comparison to the tantalum 

case. Preferential erosion of the needle in the case of vanadium in comparison to tantalum is not 

a probable explanation. SRIM simulations show lower sputtering yield in the vanadium case in 

comparison to tantalum for both the 0°  and 45° incident cases. A second explanation could be 

the distribution of lateral ranges of the respective ions as a function of depth. From SRIM 

simulations presented in Figure 9.12a,b, performed according to the implantation energy in each 

case, the radial range of the ions on the XY plane (perpendicular to the incident ion beam) for the 

tantalum implantation increases from 40 to 100nm as a function of depth. For the vanadium case 

however, the radial distribution of ions is approximately constant as a function of depth and is 

estimated at 70nm. This distance is comparable to, if not larger than, the diameter at the apex of 

needles, therefore vanadium ions are prone to leaving through the surface of the specimen after 

a series of scattering events. A larger tip radius will therefore result in less loss of vanadium ions, 

and could account for the one vanadium sample exhibiting a larger average concentration. In the 

tantalum case, ranges start from 40nm at the surface, and reach 70nm only at a depth of 200nm, 
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at which point, due to the shank angle of the specimen the width of the needle is also larger. To 

determine if this effect is dominated by the different energies of the two implantations rather 

than mass, the simulations were performed a second time, with the energies exchanged between 

vanadium and tantalum cases. Figure 9.12c,d plot simulations for the lateral distribution of 

tantalum ions implanted at the lower energy, 400keV, compared to that of vanadium ions 

implanted at 2 MeV.  

 

Figure 9.12: Radial distribution on a plane perpendicular to incident beam of implanted ions as a function of depth. 
Vanadium ions exhibit a flatter dependence on depth than tantalum in both 400kev and 2MeV energies. At 400keV, 
with radial distribution of 700 Å, ions can be easily scattered outside of the small needle tip dimensions. 

Even with the significantly higher energy, the shape of the profile remains flatter for vanadium 

than tantalum, indicating that this property is dominated by the mass of the ion rather than 

energy. It is therefore expected to be an issue in all light ions implantations. Of course, as 

mentioned before, a direct comparison between the results of two different implantation 
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sessions is difficult to make due to the un-certainty in implantation parameters as well as the 

limited statistics, and small APT concentrations measured. The results brought here justify 

further investigations for the calibration of needle implantations. To obtain robust comparative 

results between different implantation sessions a second round of implantations should be made 

for the two cases, and the experiments repeated. 

Finally, post-implantation clustering observed in WRe25 pre-sharpened needle provides an 

estimate of the damage profile in the sample. While the implanted ions depth profile does not 

match SRIM predictions, the number of clustered atoms as a function of depth appears to follow 

the overall shape of the SRIM profile, peaking at a slightly larger depth. A similar result was 

previously presented in [60] for a bulk sample as clusters profile in WRe2 alloy was found to 

match the trends of the SRIM damage profile after a 33dpa tungsten implantation at 500℃. In 

[143] clusters in WRe25 alloys had been detected post implantation at 300ᵒC, at a damage level 

as low as 1.5dpa. Both bulk samples and needles were implanted in that study. The needles were 

found to generate a slightly flatter profile of rhenium clusters size distribution relative to the 

bulk. Differences were reported for the rhenium concentration inside the clusters and their sizes, 

however no clear trends were evident. Finally, in this study, the tantalum concentration in the 

needle was found to better match the one measured in bulk tungsten. SRIM calculations of 

sputtering yield in the alloy in comparison to tungsten did not show significant differences, as 

nor the radial distribution of the expected tantalum ions inside the alloy vs pure tungsten. The 

origin of this different behaviour exhibited by the alloy in comparison to pure tungsten in the 

needle samples remains unresolved and might be attributed to the small statistics, or even the 

needle’s position on the implantation stage. 
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A similar observation with regards to the damage depth profile in implanted needles had been 

made in chapter 8. The same type of pre-sharpened tungsten needle implanted with vanadium 

was analysed, implanted under the same conditions and in the same session as the rest of the 

vanadium implanted samples studied in this chapter. The vacancy distribution of the 

electropolished needle was measured in FIM, and found to exhibit a non-flat profile across the 

depth around the (222) pole. Similarly to the WRe25 case, the vanadium concentration in the 

needle was found flat. It is possible then, that the implanted ions are scattered out of the needle 

after a series of collisions inside it, changing the observed ion profile, however, still leaving a 

damage trail that is not very different from the simulation prediction.  

To summarize: 

An APT investigation has been made into the effect of specimen geometry on the resulting 

implantation profile, aimed to assess the extent in which pre-sharpened needle implantations 

represent the bulk case: 

 The concentration profiles of implanted ions into pre-sharpened needles were found flat 

for both light ions and self-implanted ions, therefore deviating from the expected SRIM 

profile. 

  Concentration profiles measured for needles in the self-implantation case were found to 

closely describe the shape of the profile measured in bulk. For the light ion implantations, 

a discrepancy between bulk and needles was found and should be taken under 

advisement as bulk samples were found to follow the SRIM profile. 
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 The concentration of implanted ions measured in bulk samples was found to be higher 

than the concentration measured in respective needle samples. This could be due to 

preferential erosion and scattering in the needle case.  

 The effect of reduced final concentration of implanted ions in needle samples was found 

more prominent in the light vanadium case, possibly due to the increased spatial straggle 

of the ions in this case. This should be taken under consideration when determining the 

dose level in light ions implantations to needles. 

 The damage profile in needles was found to exhibit an increasing trend with depth in both 

WRe25 alloy implanted with tungsten and vanadium implanted tungsten samples, unlike 

the flat ion profile measured in both.  This result is encouraging for prospective uses of 

pre-sharpened needles, optimal for FIM use, in radiation damage studies.
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10  Summary and future work 

Inspired by the goal of atomic-scale characterisation of radiation damage for fusion applications, 

new automated techniques were developed for 3DFIM reconstruction and data analysis. The new 

tools presented in this thesis are hoped to further establish FIM as a still relevant, highly 

complementary technique to APT. 

In the comparative FIM/APT study presented in chapter 3, FIM was demonstrated to provide 

superior detection efficiency to APT as the damage evolution in self-implanted tungsten samples 

was investigated. While vacancies were detected in FIM data at the low 0.01 dpa damage level, 

it is only at 33 dpa where the APT reconstruction of tungsten exhibited evidence to crystal defects 

in the form of high density regions in the matrix. Dislocations were detected in APT data at 6dpa 

through the segregation of carbon to their vicinity. 

Despite its advantages in crystallographic characterisation, the tedious data analysis required to 

extract the atomic 3D information from the overwhelming amount of FIM images taken in a FIM 

experiment has been a major obstacle in the employment of the technique. 

The automated ‘atom-by-atom’ reconstruction algorithm presented in chapter 4 enables the 

transformation of a large stack of time-ordered FIM images into a 3D point cloud of atomic 

coordinates. The algorithm is designed to follow the dynamic nature of the FIM experiment, 

adjusting to the changing evaporation rate and local magnification conditions. It is able to track 

the atoms as their image coordinates shift from image to image, to detect the evaporation of one 

and the appearance of another, and to determine their relative depth coordinates. The algorithm 
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was successfully applied to the reconstruction of thousands of tungsten atoms. While optimally 

designed for the analysis of atomically resolved poles of the FIM image, it was shown to be 

successfully applied to the reconstruction of larger, less ordered datasets in chapter 7, with the 

reconstruction of carbides extending across the whole steel tip, and an atomically resolved grain 

boundary in tungsten. Future work could potentially expand the existing algorithm to analyse the 

entire FIM image and incorporate the radius of the curvature of the tip, the projection 

characteristics, and the relative angles between the different analysed poles. Further, while 

currently being used to automate the data analysis stage of the FIM experiment, the algorithm 

can be used with slight modifications to possibly automate the currently manual data acquisition 

stage. Un-like APT, where the evaporation rate is measured by the detection of evaporated atoms 

and voltage raised automatically accordingly, in FIM no such feedback currently exists. The 

algorithm could be used ‘live’ during the FIM experiment to detect evaporation events, and 

automatically control the voltage accordingly. Finally, a variety of simulated FIM datasets can be 

generated and used to systematically test the accuracy of the reconstruction algorithm and it’s 

boundaries. 

It was also shown that once the data is transformed into a reliable 3D points cloud, a variety of 

analysis possibilities is then available, similarly to APT data. Nearest neighbours’ statistics and the 

more advanced spatial distribution maps are possible to implement with the new reconstruction 

tools. This opened the door to a quantitative inspection of the deviation of the reconstructed 

structures from the expected crystallographic ones. Preliminary analysis in chapter 6 applied 

SDMs in a similar way as was previously applied to APT data to investigate the limitations and 

resolution of the FIM experiment, as well as the effect of lattice defects on the resultant 
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distortion. Un-isotropic degree of variance in atomic positions was found around all atomically 

resolved poles examined, with the variance in a radial direction to the centre of the pole found 

to be ~150% larger than in perpendicular direction. An increased distortion in the average NNs 

distances recorded around the (222) pole in comparison to the (-141) pole was found suggesting 

a dependence on crystallographic orientation. SDMs were also shown to be sensitive to the 

increased distortion in reconstructions of volumes containing vacancies. Further analysis in 

chapter 5 revealed subtle but consistent sub-angstrom movements of the imaged positions of 

atoms in response to the evaporation of another atom from the same plane. The displacements 

were found to correlate in size to the distance from the evaporated atom, with the NNs displaced 

the most. As FIM images are the result of a complex convolution of the field evaporation process 

of surface atoms and ionization of image gas atoms, the origin of these displacements is 

challenging to resolve, and will require further work. The analyses performed in chapters 5-6 

demonstrate high accuracy, quantitative data analysis options available as an outcome of atomic 

3D reconstruction, that can shed light into the still not fully-resolved image formation process of 

FIM. To further explore these phenomena similar analyses can be made on data taken at different 

experimental conditions of temperatures/gas pressure/voltage. Coupled with advanced 

atomistic simulations, these can yield new insights into the dynamic FIM image formation 

process, quantification of surface relaxation, local magnification changes, trajectory aberrations, 

as well as structural information about the examined materials, and the damage evolution in 

them. 3DFIM atomistic data can be used to inform such simulations, and indeed molecular statics 

simulations are already being applied to the 3D coordinates computed in this thesis, aimed to 
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obtain the most accurate presentation of the reconstructed volume, which in turn will serve as 

input for molecular dynamics studies.  

Further processing steps were developed to identify vacancies within the 3DFIM reconstruction 

data and employed to plot their spatial distribution and depth profile across a 50nms depth 

interval of the (222) pole in an ion-implanted tungsten sample. The vacancies detection algorithm 

suggested in chapter 8 relies on no crystallographic assumptions and is designed to overcome 

local distortions in the crystallographic structure. However, as the accuracy of the vacancies 

analysis still requires improvements, a different approach can be considered in the future, that 

will utilize lattice rectification methods to correct the distortions in the data and locate vacancies 

based on the expected theoretical lattice arrangement.  Large and accurate experimental 

vacancies statistics are needed to inform theoretical studies seeking to understand the 

mechanisms in which lattice damage evolves post irradiation. As most of the current studies are 

validated against TEM data, the vacancies behaviour remains un-verified. Vacancies distributions 

such as the ones extracted in chapter 8 can be used in the future to advance such studies. 

Finally, APT/FIM investigations in chapter 9 were employed to evaluate the influence of the 

sample’s geometry at implantation time on the resultant implantation outcome. The observed 

implanted ion concentration was found to be significantly lower in needle-implanted samples in 

comparison to bulk. While needles exhibited flat concentration profile for the implanted ions, 

the damage profiles were found to exhibit closer resemblance to the ones predicted by SRIM 

simulations. Therefore, pre-sharpened needles can be cautiously utilized to characterise the 

damage profile in implanted materials, with an emphasis put on the correct calibration of the 

dose level. In future FIM work, if FIBed bulk samples are wished to be studied, the new 
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reconstruction algorithm could be employed to quantify the characteristic FIB damage caused 

during the preparation process of the samples. Once a comprehensive study of the FIB damage 

is done, it could be possible to de-convolve it from the radiation induced damage measured in 

FIBed samples.
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Appendix 1: Automatic identification of nearest neighbours 

The algorithm employed to automatically locate the ‘theoretical’ NNs of each atom is described 

here.  For each atom, distances from all other atoms on the plane are measured and arranged in 

an ascending order. The algorithm then examines the closest 6 neighbours. The closest atom is 

assumed to be a true NN. An angular region around it is then defined, such that no other NNs can 

be found within this region (60° used here for the analysis of the (222) pole). The algorithm then 

scans the list of the remaining 5 atoms. Each is examined with respect to the already occupied 

angular regions around the original atom. If the atom is outside of the occupied regions (see the 

defined region in Figure 1) then it will be verified as a NN, and an angular spread will be defined 

around it. This way, the atom marked in a red circle in a is eliminated from the final NN’s list since 

it lies within the same region defined by the closer atom in that angular region. 

 

Figure 1: Locating nearest neighbours. (a) The atoms marked in red are the six closest atoms to the middle black 
atom. The atom marked with a red circle is not the correct ‘theoretical’ sixth NN. It is eliminated from the NNs list in 
(b) as it’s within an angular region around a closer NN. (b) Atoms marked in green are the NNs found by the algorithm. 
The wrongfully identified atom in (a) has been removed and the correct NN (marked in a black circle) was located. 
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Once the closest six are sorted, the rest of the atoms are considered in an ascending order of 

their distance from the original atom, in case the distorted structure has placed them further 

from their theoretical NN atom. These atoms are considered in the same way, however the 

angular region defined by them will be larger. As can be seen in Figure 1b, when considering 

further atoms, the remaining last NN is correctly identified and is marked with a black circle. The 

atoms marked in green are the final six identified NN’s of the black atom. 

A final ‘post-processing’ step is taken at the end of this analysis. The list of atoms and their 

identified NNs is examined again, this time to assure a mutual NN connection. This means that 

once an atom had been identified as a NN to another atom, the other atom should be found as 

a NN when the algorithm is applied to find the NNs of the first atom. This step will remove most 

of the remaining ‘false identification’ mistakes.
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Appendix 2: Image analysis for the detection of multiple vacancies 

In order to detect and correct for cases where a small cluster of vacancies was wrongfully 

identified as a single vacant site, a representative image was automatically chosen and analysed 

(when found) for each detected vacancy. The image was chosen to be the one in which most of 

the identified vacancy’s NNs were found to be present according to the initial list of atomic 

coordinates detected on all images in the reconstruction stage (if no image was found in which 

at least 3 neighbours were present, the vacancy was not analysed further). For cases where such 

an image was found, the shape of the ‘dark’ area around the identified vacant site was 

determined as seen in Figure 1. The image was binarized according to a threshold set by the 

intensity value at the coordinate in which the vacancy was detected by the vacancy finder code 

(marked by the green dot in the figure). In case the number of pixels found to be in a lower 

intensity was less than 200 (determined experimentally for this dataset, characteristic of a vacant 

site), the threshold would be raised. This process was repeated until the area defined around the 

vacancy (seen in grey on the images on the right in Figure 1) was larger than 200 pixels. Two cases 

are exemplified in the figure. A tri-vacancy in a, and a single vacancy in b. It is important to note 

that both were identified by the algorithm as vacant positions, and it is only the number of 

vacancies that is in question. The green dots in both cases represent the position of the identified 

vacancy, and the grey area around them, the low intensity region around it, as was found on the 

representative images. Already by observing the grey shapes it is evident that while the single 

vacancy displays a round low intensity contrast, the tri-vacancy appears to have a triangular 

shaped dark area around it. By looking at the ratio of circumference and the area of the dark 

region captured between the NNs of the vacancy (stated by ‘r’ in Figure 1) it is possible to 
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distinguish between the two cases, or generally, between the case of a single vacancy, and 

several vacancies (here too an experimental value of 3.14 was set for r, below this value the site 

was determined as a single vacancy). 

 

Figure 1 : Contrast patterns from a trivacancy in (a) and a single vacancy in (b).On the left are representative images 
for the two cases. On the right are the binraized images, with the green dot at the coordinates in which the vacancies 
were originally located, and the grey area around them defining the low intensity area of the vacancy on the image. 
A ratio, r, of circumference/area of the grey region higher than 3.14 was found experimentally to characterise a site 
with more than one vacancy. 

Since the dataset analysed in chapter 8 exhibited repeating patterns of tri-vacancies, this step 

was developed and applied specifically to this vacancy configuration and utilized to replace a 

single site of vacancies, with three vacancies, on the furthest points on the circumference of the 

area found (these points are marked in red dots on the representative image in a). For other 

configurations, this step could at least flag the cases of identified vacancies where a larger 

number is expected, and require manual correction. Finally, not every case will have a proper 

representative image, as some NNs can evaporate prior to the imaging of others. Currently, this 
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post-processing step will not resolve such cases. It is possible to try and construct an ‘integrated’ 

representative image from images in which NNs were recorded, however this was not applied at 

this stage, and could be considered as future developments.
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