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1. Introduction and motivation

Hydrogen pick-up during the aqueous corrosion of nuclear fuel cladding is a critical
life-limiting degradation mechanism in both Pressurized Water and Boiling Water Reactors.
Indeed, hydrogen absorption can cause cladding embrittlement by hydride precipitation in
the zirconium metal, resulting in severe reduction in service lifetime and hence the fuel
burnup achieved [1] and technical challenges in the safe transportation and storage of spent
nuclear fuel [2]. Hydrogen pickup is an integral part of the corrosion process because oxide
growth and hydrogen pickup originate from a single electrochemical process [1, 3]. Although
the development of modern commercial zirconium alloys has been aimed at reducing
hydrogen pickup, the physical mechanisms controlling hydrogen transport and absorption
are still unknown. It is, however, clear that alloying element additions, even at very low
levels (below 1at%), have a significant impact on both the oxidation kinetics and the

hydrogen pickup fraction, fy, defined as:
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where AYH pc0rpeq is the hydrogen absorbed from the beginning of the corrosion test and
Agngnemted is the total amount of hydrogen generated by the corrosion reaction [4]. The
experimentally measured hydrogen pickup fraction can be as low as 5% for Zr-0.5Nb alloys
(in wt%) [5] to 30% for LK3 (an optimized version of Zircaloy-2) and even higher than 50% for
Zircaloy-2 [6]. The low fy values induced by Nb alloying additions have been the main driver
for the development of industrial fuel cladding alloys such as ZIRLO™ and M5°. It is also well
established that fy; is not constant, but varies significantly as function of corrosion time such

that a single sample will show different total (and instantaneous) hydrogen pickup fractions
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at different oxide thicknesses [4, 7]. However, it is still unclear if hydrogen absorption occurs
through simple Fickian diffusion of neutral hydrogen across the oxide film or if charged
hydrogen species (i.e. protons, hydroxide ions) are the vectors for hydrogen uptake. Oxide
growth under cathodic or anodic polarization gives some evidence that the latter species is
more prominent [8]. A physically based zirconium corrosion model which can correctly
predict both the oxidation kinetics and hydrogen pickup behavior for zirconium alloys with
different initial compositions and microstructures would be very valuable, but despite half a

century of extensive research no such model has yet been developed.

Our starting point to investigate and model zirconium alloy corrosion is to focus on
the effect of alloying elements. It is commonly observed that Zr-Nb alloys follow parabolic
oxidation kinetics [9, 10] and have lower hydrogen pickup fractions than zirconium alloys
containing Sn and transition metal elements (Fe, Cr, Ni) which show sub-parabolic kinetics
and higher hydrogen pickup fractions [4, 11]. Consequently, current LWR’s fuel claddings
include approximately 1wt% of niobium to limit hydrogen pickup and thus hydride induced
embrittlement [12]. In addition, Nb rich precipitates, either originally present in the cladding
or induced by neutron irradiation, increase the cladding creep resistance [13]. As part of the
work of the Mechanistic Understanding of Zirconium Corrosion (MUZIC) consortium [5, 14],
a range of Zr-Nb alloys have been processed by Westinghouse and corroded in high
pressure, high temperature pure water conditions (360 °C, 18 MPa) in a stainless steel
autoclave for up to 300 days. From these, we have selected two alloys that showed parabolic

corrosion kinetics but different initial microstructures (see Table 1).

Table 1 Detailed information on the samples used in this study

Composition from

Alloys combustion analysis(wt%) Final annealing conditions
RXA Zr-0.5Nb tube Z.1-0.53Nb-0.04Fe Recrystallized
Annealed Zr-1Nb sheet  Zr-0.91Nb-0.08Fe Recrystallized then annealed at 720°C for 24hrs

The first alloy is Zr-0.5Nb with a final annealing step at 560 °C which leads to
recrystallized a-Zr grains with the Nb mostly in solid solution and small Nb-containing second
phase particles (SPPs). These SPPs are homogeneously distributed inside the grains, Figure 1
(a), and are mostly B-Nb with a few Zr-Nb-Fe phase particles. The Nb solid solution

concentration has been determined by Atom Probe Tomography (APT) to be approximately



0.3 at% [15]. The second alloy is Zr-1.0Nb with a final annealing step of 24 hours at 720 °C.
This is above the monotectoid temperature so that the microstructure is composed of
recrystallized a-Zr grains with large Nb stabilized B-Zr (~20% Nb) precipitates mostly at the
a-Zr grain boundaries, Figure 1 (b), and a few smaller niobium-rich SPPs in the grain
interiors. This initial microstructure is in good agreement with previous work on the B-Zr
second phase distribution in high temperature annealed alloys [10]. Some phase separation
of these larger metastable SPPs occurs after long term exposure at typical reactor
temperatures [16], but APT analysis has shown that the solid solution concentration of Nb is

still only 0.4 at% [17].

Samples were extracted from the autoclave at regular intervals to measure the
average oxide thickness by weight gain measurements and the hydrogen concentrations by
Vacuum Hot Extraction using a LECO® RHENG602, as detailed in [18]. The oxidation kinetics (a)
and hydrogen pickup (b) are displayed in Figure 2 for both alloys. Although the alloying
additions only differ by 0.5 wt% Nb, and the solid solution concentrations of Nb are rather
similar, the oxidation kinetics are significantly different, with a faster corrosion rate for the
Zr-1.0Nb (720 °C) alloy compared to the Zr-0.5Nb alloy (see Figure 2a). During testing up to
260 days, both alloys show the characteristic acceleration of oxidation kinetics (transition) at
a similar oxide thickness between 3.1um and 3.5um, but this transition was considerably

delayed in Zr-0.5Nb because of its slower corrosion rate.



(a) RXA Zr-0.5Nb | =

Figure 1: Typical microstructures of (a) Zr-0.5Nb and (b) Zr-1.0Nb (720°C) in STEM

HAADF mode showing the different characteristic precipitate shapes and distribution.

As noted above, both alloys show parabolic oxidation kinetics as indicated by the power law

fits:
6(t) = kt™ (2)

with 8 the oxide thickness and t the exposure time [19]. Even though the data in Figure 2
shows that the Zr-1.0Nb (720 °C) alloy goes into transition much earlier and displays overall a
higher corrosion rate, the regular accelerations in oxidation rate simply follow the pre-
transition oxide kinetics as shown by the power law fits. Thus the pre-transition oxidation
kinetics that lead to an early onset of transition is mainly responsible for the higher corrosion
rate of the Zr-1.0Nb (720 °C) alloy at long exposure times.

As detailed in [20, 21], parabolic oxidation kinetics is an indication of oxide local
electro-neutrality, i.e. no bulk space-charge is generated across the oxide. Oxide electro-
neutrality generally results in relatively larger corrosion rates [22]. While this condition is not
necessarily observed in the oxidation of all zirconium alloys, oxide electro-neutrality has
been verified in Zr-Nb alloys with enough Nb in solid solution in the oxide to compensate for
the positive bulk space charge induced by the local difference in the concentration of
diffusing species (such as oxygen vacancies, electrons and protons) [23], and these two
alloys fall into that category as detailed in [20]. Consequently, it is expected that their

oxidation mechanisms should be identical despite the higher oxidation rate of the Zr-1.0Nb



(720 °C) alloy, which may be due to the rather rapid dissolution of Nb from the B-Zr particles
once embedded in the oxide while the B-Nb SPPs are known to experience delayed

oxidation, preventing Nb from dissolving into the oxide [23].
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Figure 2: (a) Oxidation kinetics with experimental power law fits for the Zr-0.5Nb and
annealed Zr-1.0Nb materials. (b) Total hydrogen pickup fractions as function of

exposure time for both alloys. The corrosion conditions are described in [5].

Both alloys, as expected, show lower hydrogen pickup fractions than typically reported
for Zircaloys because of the beneficial effect of Nb additions [4, 9]. The hydrogen pickup
fraction trends are also similar in both alloys, with an increase in fy before transition (i.e.
while the oxide is still protective), and not at transition [4, 7] since very similar values of fy
are measured on either side of the transition point. It is worth noting that although the
oxidation kinetics are quite faster for Zr-1.0Nb (720 °C) alloy compared to Zr-0.5Nb, the total
hydrogen pickup fractions are quite similar with the Zr-1.0Nb (720 °C) alloy reaching a
plateau around 8%, while the Zr-0.5Nb picks up at around 10% before transition.

As stated above, no corrosion models have been developed to correctly predict both
hydrogen pickup and oxidation kinetics simultaneously. This study aims at filling this gap by
combining recently developed physically based corrosion models with new observations

from careful characterization of the nanostructure of the oxide scales.

2. Modelling using the Coupled Current Charge Compensation (C4) corrosion model

2.1. Review of the C4 model and implementation of hydrogen pickup




The framework of the C4 model has been extensively derived in [20] and only a brief
description will be given here. The overall objectives of the model are (i) to provide an
explanation for the observed value of the exponent n in equation (2) and (ii) to rationalize
measured differences in oxidation kinetics and hydrogen pickup fractions between alloys
based on their compositions. The model arrives at the oxidation kinetics and hydrogen
pickup fraction by solving mobility equations for the atomic species migrating in the oxide
layer under electro-chemical potential driving forces, with the imposition of a coupled-

current condition of net zero charge transport through the film at all times:

dif fusing
species

> Zii=2l e~ g =0 e

It is emphasized that this condition is less restrictive and more physical than the overall
electro-neutrality equation often adopted in other corrosion models [24, 25]. The Poisson
equation can be explicitly solved [26], but in the particular case of the Nb alloys studied here
it has been shown using synchrotron micro X-Ray Absorption Near-Edge Spectroscopy
(XANES) that there is enough Nb in solid solution in the oxide to, at first order, compensate
for the concentration differences of the diffusing species, namely oxygen vacancies, Vg,
interstitial protons, H:, and electrons, e’ [20, 23, 27]. Thus the following condition is

satisfied everywhere in the oxide:

4 X
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where Eg, is the space charge induced electric field in the bulk oxide, x the position in the
oxide (x = 0 being the oxide-metal interface), e the Coulomb charge, ¢ the relative
permittivity of ZrO,, &, the vacuum permittivity in F-m%, C;(1) the concentration of the
species s at the at oxide position [, with s being Vi, H', e’ or substitutional Nb cations with
oxidation state m, Nb®~™) and E, is the homogenous electric field as defined in [21]. As
described in [20], if equation (4) is satisfied, then the oxidation kinetics are indeed parabolic
(n = 0.5), as they are for the two Zr-Nb alloys studied in this paper, Figure 2(a). On the other
hand if the space charge induced electric field is not negligible compared to the
homogeneous electric field, the oxidation kinetics are sub-parabolic (n < 0.5). It is

remarkable that there is an analytical solution for this system of equations. Following a



similar derivation to that in [20], but with the addition of the proton current, the oxide
thickness & (in micrometers) and the hydrogen content in the metal CiL (in wt-ppm) at a

given exposure time t are given by the following equations:
5(t) = VmYvy t (5)

where V,, is the zirconium oxide molecular volume equal to 3.6 X 10723cm3 /molecule, and

Yv;is a constant given by:
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where kg is the Boltzmann constant, T the temperature in Kelvin, Co/om the oxygen vacancy

concentration at the oxide/metal interface in vacancies-cm3, Co/?N the oxygen vacancy
concentration at the oxide/water interface in vacancies-cm= and By, is the oxygen vacancy
mobility defined in [20] as:

4q%v 7. _Em
s =———e kaT (7)
B

where a is the migration jump distance in the oxide (cm), v the migration jump frequency in
s, Z the charge of the s species and E3, the migration energy of the s species (in eV). The
constant 7 is the solution of the second order equation An? + Bn + D = 0 derived from

the coupled current equation (3) with:
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where the mobility us and interfacial concentrations Cg ., and C /,,, are defined for each

species s.

On the other hand, the hydrogen concentration in the metal, CZHr, is defined by:
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where wgy is the hydrogen weight gain in mg-dm2, A the area of the sample and my,.(t) its
mass. It is assumed that the hydrogen concentration in the metal C?r(t) is equal to the
hydrogen concentration at the oxide/metal interface, Cé{/'w(t), times the ratio of the metal

and oxide densities. We believe that this assumption is reasonable since the hydrogen

diffusivity in zirconium is relatively high [12].

The hydrogen weight gain is given by:

My
wgy(t) = Ju(t) ', t (10)

where My is the molar mass of hydrogen in g:-mol?, V,, is Avogadro’s number and Jy.(t) the

flux of hydrogen at the oxide/metal interface in hydrogen-cm2-s! defined by:

Ju = uu kg TIn(n) - ( O/ml 7 O/W> (11)

where the definitions are the same as in (6) but for protons. It is emphasized that this is the
first time that an analytical solution has been derived for the transport of three charged
species across a growing oxide, and this is critical for the optimization of parameters as
detailed below. The algorithm to solve this set of equations is outlined in the supplementary

material attached to this study.

2.2. C4 model parameters

Although the number of parameters is limited (i.e. the three migration energies and the
interfacial concentrations), it is essential to determine which ones must be used as fitting
parameters of both the oxidation and hydriding kinetics and which ones can be confidently

determined from physical considerations and the literature.

As detailed extensively in [20, 28], the concentrations of electrons and vacancies at the
oxide/water interface are essentially zero since the interfacial reaction kinetics are very
rapid in comparison to charged species transport across the oxide. The exact value of the

sub-stoichiometry of the ZrO, phase at the oxide/metal interface is a subject of significant



controversy in the scientific community. Indeed, although this sub-stoichiometry has to be
present to induce thermal oxide growth, it has never been detected experimentally, even by
atomic scale analytical techniques such as Atom Probe Tomography (APT) [29]. Thus, the
zirconium oxide sub-stoichiometry domain has to be extremely limited. As detailed in [20], a
sub-stoichiometry of 0.75% (ZrO1.985), corresponding to an oxygen content of 66.16 at%

compared to the stoichiometric 66.67 at%, is chosen in accordance with [30]. That
. . . Vi
corresponds to an oxygen vacancy concentration at the oxide/metal interface CO/Om equal to

4.2 x 10%° vacancies - cm™3. Although this concentration is already very small, it is
recognized that the level of sub-stoichiometry could be even lower than this, as suggested
by the ab-initio modelling results in [31, 32]. This implies that the electric field across the
oxide plays a significant role in controlling the diffusion of charged species compared to the

chemical potential driving force, as confirmed in [20, 33, 34].

The concentration of hydrogen at the oxide/metal interface Cf/'m is supposed to be in
equilibrium with that in the bulk metal because hydrogen diffusivity in Zr is extremely fast
[35] such that combustion results as function of time shown in Figure 3 were chosen. The
electron concentration at the oxide/metal interface is then chosen to compensate for the
overall charge imbalance from vacancies and protons. Suboxides, such as ZrO and Zr(Osat),
sometimes observed during post-corrosion TEM analysis, are not modeled in this study
because of the limited reported data set as well as the lack of knowledge about the suboxide

properties.

2.3. Modeling results and parametric optimization

The remaining unknown parameters are the three migration energies and the
concentration of protons at the oxide/water interface, Cé{'w. Since the oxidation kinetics
follow a parabolic law for the materials studied in this paper, we assume that the oxide scale
remains dense and protective to oxygen diffusion up to the transition thickness at about 3.1
um. Thus, the oxygen vacancy migration energy is chosen to be constant as a function of
exposure time. Electron conduction in the oxide layer arises from thermal ionization of

shallow donor states or centers into the conduction band followed by relaxation into empty

energy states in the band gap [36, 37] rather than direct promotion from the valence to the



conduction band. Here it is assumed that the electron migration energy is also constant and

the same in the oxide scales on both Zr-Nb alloys.

Using these assumptions, a careful optimization procedure has been performed to fit the
oxidation and hydriding kinetics in both alloys using the fitting parameters detailed above.
The optimization algorithm adjusts the value of the hydrogen migration energy at each time
step in order to minimize the difference between the experimental data and the model
prediction for hydrogen concentration in the cladding. The choice of hydrogen migration
energy as a fitting parameter rather than the hydrogen concentration at the oxide/water
interface is discussed at the end of this section. The results for both alloys are plotted in

Figure 3.

Since the transition in oxide growth kinetics is not modeled in our approach because
stresses are not taken into account [38, 39], a novel stochastic approach to transition has
been developed. The details of this approach are included in the Appendix and the results
shown in Figure 3(b). Both oxidation and hydriding kinetics are very well reproduced by the
C4 model. The only empirical parameter in these results is the exposure time to transition,

optimized based on the probabilistic approach detailed in the Appendix.

The migration energies for oxygen vacancies, electrons and protons as function of exposure
time are plotted in Figure 4. As detailed above, constant values of oxygen vacancy migration
energies and electron untrapping energy have been used to fit both oxidation and hydriding
kinetics. The electron untrapping energy is identical in the two alloys since the hopping
mechanism is assumed to occur via the same defect energy levels in the band gap, most
likely those created by the oxygen vacancies themselves [40]. Although ab-initio calculations
have reported that the electronic energy levels of oxygen vacancies are located
approximately at 0.8 eV for V3 and 1.2 eV for V; below the zirconia conduction band [40,
41], a value of 1.35 eV gives the best fit for both Zr-Nb alloys in this study. On the other
hand, the best fit oxygen vacancy migration energy is slightly smaller in the Zr-1.0Nb (720 °C)
alloy (1.43 eV) compared to the value in Zr-0.5Nb (1.52 eV), potentially due to the effect of
B-Zr on oxidation kinetics detailed in [10, 42, 43]. It is noted that these charged oxygen

vacancy migration energy are higher than what has been reported in the literature by DFT
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calculations [44-47]. However, the oxygen vacancy migration energy could be higher than

the one reported by DFT for the following reasons:

- The oxide is under compressive in-plane stress due to the oxide volume expansion.

This compressive stress would induce higher migration energies for the oxygen

vacancy to diffuse through the oxide.

- Asignificant fraction of twin boundaries are present in the zirconium oxide [48].

According to the study in [49], the triple points, where twin boundaries meet grain

boundaries, decrease the atomic oxygen transport rate by one order of magnitude.

Considering that most vacancies diffuse through the grain boundaries during

oxidation, if the twin boundaries are present in the oxide during corrosion, they

could alter the diffusion of oxygen atoms by increasing the vacancy migration energy.

As mentioned above, the last relatively unknown parameter is the proton concentration

at the oxide/metal interface, which depends on the material and comes from experimental

data obtained using hot vacuum extraction [5]. The proton concentration at the oxide/water

interface is chosen to be constant and equal to 880 wt:ppm for both alloys [50].
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Figure 3: Oxide thickness (um) and hydrogen content (wt-ppm) values as function of
exposure time for (a) Zr-0.5Nb and (b) Zr-1.0Nb (720 °C) alloys. Triangles are

experimental data while the red curves are the results from the C4 model
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Figure 4: Migration energies for the three diffusing species as function of exposure time
extracted from the C4 model for (a) Zr-0.5Nb and (b) Zr-1.0Nb (720 °C) alloys.

It is noted that, in Figure 4, the Zr-1.0Nb (720 °C) proton migration energies after transition
are slightly higher than the initial migration energy. This observation is likely due to errors
related to the discontinuity induced by the sudden transition in oxidation rate. On the other
hand, the apparent increase in proton migration energy towards the end of the exposure
time is due to the lack of experimental data points at this high exposure time Indeed, not
enough data points are present in the fourth transition regime to correctly model the
evolution of hydrogen content and weight gain with high accuracy. The results give a total
hydrogen content in the oxide equal to 250 wt-ppm, which is of the same order of
magnitude as literature results using fractionated vacuum hot extraction [50]. It is
interesting to note that the hydrogen pickup is a natural outcome of the C4 model and that
the homogeneous positive electric field is not preventing hydrogen absorption by the Zr

metal. All the modelled parameters are summarized in Table 2

Table 2 Parameters used in this study for the two Zr-Nb alloys

Alloy
Parameters Zr-0.5Nb Zt-1.OND
(annealed)
Vacancy migration energy (eV) 1.52 1.43
Proton migration energy (eV) at the start 1.65
Electron untrapping energy (eV) 1.35
Concentration of vacancies at the O/W interface (CX/bm) 10" vacancies-cm”
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Concentration of vacancies at the O/M interface (C ;//.c.:/v (ZrO2-x))  66.16 at% (ZrO1.s5)
Concentration of protons at the O/W interface (Cg{/'m in wt'ppm) 880 wt'ppm

Concentration of protons at the O/M interface (C(I;I/'W in wt'ppm) From Figure 3

2.4. Implications of the outcomes of the C4 model

An important outcome of this study is that in order to correctly reproduce the
measured oxidation and hydriding kinetics for both alloys the proton migration energy has
to decrease as transition is approached. For both alloys, the initial proton migration energy is
benchmarked at 1.65 eV and decreases steadily until transition. Since the transition occurs
earlier for Zr-1.0Nb (720 °C), the proton migration energy decreases only to 1.5 eV at
transition, while it decreases to 1.35 eV in the case of Zr-0.5Nb. For the Zr-1.0Nb (720 °C)
alloy that shows multiple transitions. This is consistent with a higher total hydrogen pickup
fraction for Zr-0.5Nb compared to Zr-1.0Nb (720 °C) observed in Figure 2b. This behavior is
also reproduced almost identically from one transition to another, suggesting that hydrogen
pickup follows the periodic corrosion kinetics very closely even though this periodicity in the
hydriding kinetics is not easy to detect in the rather dilute experimental dataset in Figure 3.
Consequently, the model leads to the proposition that as the oxide grows it becomes
gradually more permeable to hydrogen diffusion but not to oxygen permeation since the

oxide is still electrochemically protective before the transition thickness.

We discuss in the next section the microstructural features that could be responsible
for the modelled decrease in proton migration energy through the oxide before transition.
Before doing so, it is noted that the optimization algorithm used to modify the value of the
hydrogen migration energy to fit the hydrogen concentration in the cladding can instead be
used with the hydrogen concentration at the oxide/water interface as a fitting parameter.
However, in that case, the result of this study shows that a hydrogen concentration of more
than 10° wt-ppm is needed at the oxide/water interface to fit the hydrogen content in the
cladding using literature values for the hydrogen diffusion coefficient in the oxide [51-53],
which is at least one order of magnitude higher than what has been reported in the
literature [50]. On the other hand, using the hydrogen migration energy as a fitting

parameter bounds this parameter between 1.7eV and 1.3eV (see Figure 4), while the
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hydrogen content at the oxide/water interface is set at 880 wt-ppm (see Table 2), which

appears much more realistic [50].

3. Microstructure and microchemistry characterization of the oxide layers

In order to explore possible pathways for hydrogen permeation through the oxide layers
on the two Zr alloys by transmission electron microscopy, we have selected the most
appropriate imaging technique, Fresnel contrast, and used it for quantitative analysis of
nanoscale porosity in oxides on the Zr-0.5Nb alloy well before (75 days) and close (165 days)
to transition, and for a more qualitative study of porosity in the oxide grown on the Zr-
1.0Nb (720 °C) alloy for 91 days and so lying between the first and second transitions in
Figure 2 (b).

3.1. Experimental procedures

Cross-sectional transmission electron microscopy foils containing both the oxide layer
and the metal matrix were prepared for the study of nano-porosity using the in-situ FIB lift-
out method on a Zeiss Crossbeam 540 FIB/SEM system. Following the steps defined in [54],
lamellar specimens were lifted out and welded to a 3mm Cu grid using an in-situ micro-
manipulator. Progressive thinning with a gradually reducing milling current of 1500-100pA at
30kV was performed on both sides of the foil. Final thinning and cleaning was performed at
5kV and 200pA to electron transparency. TEM characterization of the type and distribution
of porosity was carried out using a JEOL 2100 microscope operated at 200kV. Fresnel
contrast in TEM imaging originates from the difference in the inner potential of the sample
matrix and any buried pores, and depends on thickness variations along the direction of the
incident electron beam [55]. This imaging mode can clearly reveal the morphology and
distribution of nano pores as small as 1nm, and Figure 5 shows an example of how nano-
porosity of different types can be detected in a typical fine grained polycrystalline zirconium
oxide corrosion product layer on Zr-0.5Nb alloy imaged under Fresnel conditions. When the
image is over-focused, buried pores show dark contrast and the same defects are bright

when under-focused.
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Figure 5: An example of the morphology of nano-pores at grain boundaries in the oxide
layer on the Zr-0.5Nb alloy revealed under Fresnel imaging conditions. The dashed
arrows identify the same features in the under- and over-focused images

In order to determine the distribution of pores as a function of depth through an
oxide layer, a series of Fresnel images must be captured with fixed defocus values (here we
have used Af = 1000 nm) at various distances from the oxide/metal (O/M) interface. The
density (nm. nm-3) of nano-pores measured is then defined as the total length of pores along
the oxide growth direction in the region of imaging, and will obviously depend the sample
thickness so precise local thickness measurements are required. The thicknesses of the
regions of interest in the samples studied were determined using Electron Energy Loss
Spectroscopy (EELS) in a JEOL ARM 200F microscope operating at 200kV with a step size of
10nm, a convergence angle of 30mrad and a collection angle of 40mrad. The average
thicknesses were determined to be 45nm and 30nm for the oxides on the 75 day and 165

day specimens on the Zr-0.5Nb alloy, respectively

3.2. Results on oxide nano-porosity quantification

The two different samples of the Zr-0.5Nb alloy selected, 75 days and 165 days of
exposure had, according to Figure 4 (a) and the C4 model results, drastically different
energies for proton migration through the oxide. Areas of approximately the same distance
from the oxide/metal interface were chosen for analysis in the TEM specimens as shown in
Figure 6 for the 75 days sample. The surface area of each analyzed box is approximately 0.2
— 0.5 um?. Two different paths through the oxide were selected (areas 1, 2 and 3 and 4, 5
and 6) in each case to increase the statistical significance of the results since the oxide

microstructure can vary extensively over short lateral distances.
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Figure 6: Low magnification TEM image of the whole oxide layer on the Zr-0.5Nb alloy
after 75 days exposure. As expected from the weight gain measurements, the oxide
thickness is about 2 um, and the characteristic fine grained columnar microstructure
can be seen in the high magnification image on the right. Quantitative porosity analysis
has been carried out in the 6 areas marked by yellow squares. The TEM sample
thickness in the oxide layer was measured by EELS to be approximately 45nm.

Each of the areas of the kind highlighted in Figure 6 has been carefully analyzed using
Fresnel imaging to locate individual pores (as small as 1nm). As an example, intergranular
porosity between the columnar ZrO; grains lying along the oxide growth direction is clearly
observed in Figure 7, but the number and distribution of these pores can also be seen to be
markedly different in different regions of the oxide. Qualitatively, interconnected porosity is
observed from the oxide/water interface all the way through the oxide layer to about 200nm
from the oxide/metal interface. We have chosen to apply the term “non-protective oxide” to
define this outer volume of the oxide layer containing this interconnected porosity. Closer to
the oxide/metal interface, most of the pores are isolated and offer no short circuit path
through the oxide. Although this kind of porosity has been identified previously in similar
samples [56], this is the first time that an attempt has been made to measure this porosity
guantitatively. This is only possible because the sample thickness is close to the width of
individual oxide grains. When the Fresnel images are analyzed using Imagel® we can extract
the density of nanopores at different regions of each oxide, and the results are plotted in
Figure 8. The error bars in distance are from measurements of the pore density averaged
over the areas studied, while the density error bars are from the variations in pore numbers
identified, for instance, in data sets like those from areas 1, 2 and 3 and 4, 5 and 6 identified
in Figure 6. Finally, Figure 9 shows a typical over-focused Fresnel image of the oxide on the
Zr-1.0Nb (720 °C) alloy exposed for 91 days. In this oxide we observe continuous

interconnected porosity at many of the grain boundaries as shown in the circled areas, and
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this porosity is observed throughout the oxide thickness. However, no quantitative pore

volume density data was acquired for this sample.

4. Discussion

The key observations from Figure 8 are first that there is a clear gradient of pore
density across the oxides formed on the Zr-0.5%Nb alloy, with at least 3 times more porosity
identified near the oxide/water interface than at the oxide/metal interface. As highlighted
earlier, there is also a transition of pore shape from interconnected through most of the
oxide layer to mostly isolated pores close to the oxide/metal interface [16, 56]. Secondly, a
denser distribution of pores (by a factor of at least 2) is identified close to the oxide/metal
interface for the 165 day sample than observed in the 75 day sample. This is direct evidence
for an increase of porosity along the ZrO; grain boundaries as the oxide thickens. However,
this increase in porosity is not obviously related to an increase in corrosion rate, since as
observed in Figure 3(a), there is no acceleration in corrosion rate of the Zr-0.5%Nb alloy at
165 days. We thus conclude that this nanoscale interconnected porosity is not an effective

pathway for the rapid transport of oxygen anions.

On the other hand, the total hydrogen pickup fraction varies from 1.4% at 75 days
(i.e. the oxide is mostly impervious to hydrogen uptake) to approximately 5% at 165 days.
Although this increase in total hydrogen pickup fraction is not large, the instantaneous
hydrogen pickup fraction, defined as the hydrogen pickup fraction between individual
measurements [4] varies significantly between these two time periods. Indeed, the
instantaneous hydrogen pickup fraction is equal to 4.6% (resp. 1.4%) between 60 and 75
days (resp. 0 and 75 days) of exposure compared to as high as 51.4% (resp. 18%) between
150 and 165 days (resp. 75 and 165 days). Thus the pickup fraction increases by a factor of
12, while the pore density at the oxide/metal interface region increases by a factor of 2, as
detailed above, between the two samples. The difference in instantaneous hydrogen pickup
fraction is also observed in the C4 model, which predicts a decrease of 0.25eV in the proton
migration energy between these two exposure times. Thus there is a clear correlation
between the measured increase in hydrogen pickup fraction, the observed increase in
interconnected porosity in the oxide and the modelled increase in hydrogen mobility. Of

course, in this study, pore density is only characterized across a small area of the entire

17



oxide and observed trends may not be applicable to the entire oxide, such that more data

would need to be collected to validate the above correlation.

Protective oxide Non-protective oxide
(0~ 200 nm) (200 nm ~ O/W interface)

..............

EEssEEEEEEERRERREEE

Non-protective oxide
(200 nm ~ O/W interface)

200nm

Figure 7: TEM observations of porosity in the oxides formed on the Zr-0.5Nb alloy
exposed for 75 days (top) and 165 days (bottom). Nano pores revealed by over-focus
Fresnel imaging are marked by red arrows. More interconnected pores are observed in
the so-called “non-protective oxide” and isolated pores are observed closer to the
oxide/metal interface.

18



. EEEE 75 days corroded Zr-0.5Nb B
ME 20 v 7165 days corroded Zr-0.5Nb ]

g T = !
g 2
= 15+
-

X
g

@»n
é 10 =

® i3 %

g i 7

o - oaane
9_' 5 A

& °7 i
= HaHH

< fiias
Z fEiaE

0 — T 1
0 500 1000 1500 2000 2500 3000

Distances from O/M interface (nm)

Figure 8: Nano-porosity density as function of the distance from the oxide/metal
interface in Zr-0.5Nb samples exposed for 75 days (2.1um oxide thickness) and 165 days
(3.1um oxide thickness).

Figure 9: Continuous nano-porosity identified at grain boundaries in an oxide layer
formed on the Zr-1.0Nb (720 °C) alloy after exposure for 91 days. This image has been
taken a couple hundred micrometers away from the oxide/metal interface and is
representative of the inner protective region.

Developing a detailed analysis of the nature of the hydrogenic species and pathways
through the oxide is out of the scope of this paper, but some relevant information can be
found in the recent literature. For instance, it has been found in [57] that a defect complex
consisting of an oxygen vacancy and a hydrogen atom is particularly stable in zirconium
oxide; more stable than any other complex defect structure for a wide range of Fermi levels.

Although a 1 nm pore is of course very different to an isolated oxygen vacancy, it is possible
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that pores are also stable sites for hydrogen atoms and represent preferential migration

pathways.

A more detailed ab-initio molecular dynamics study has recently shown that the
reaction of water molecules with oxygen vacancies in pores in ZrO; plays a key role in the
hydrogen pickup mechanism. Indeed, when a water molecule is drawn into such a vacancy
site, for instance at the tip of interconnected pores in the non-protective oxide [58], it
dissociates to form an acidic (positively charged) and a “hydridic” (negatively charged)
hydrogen atom. These hydrogen atoms can recombine forming an H. molecule if the
reaction takes place in a region where molecular hydrogen can escape into the corroding
solution. On the other hand, if H, cannot easily escape, as one would expect in the case of
deep interconnected nano-porosity, then hydrogen atoms will be more likely to be absorbed
in the bulk metal, increasing the hydrogen pickup fraction. Of course the 1D, homogenous,
nature of the C4 corrosion model means that it cannot describe that level of microstructural
detail; a limitation shared among all point defect models published to date. However, the
mechanisms detailed above, which are predicted from ab-initio calculations at the
nanometer and picosecond scales, could contribute to the decrease of the effective proton
migration energy predicted by the C4 model at the micrometer and thousands of hours’
scales. It is also important to note that the mechanism proposed in [58] implies that the
water can penetrate deep in the oxide via interconnected porosity (called nano-pipes), such
that the oxidizing and hydrogen species only diffuse via solid state diffusion across a thin
layer of oxide next to the oxide/metal interface. This is different from the present model,
which assumes that the oxide is totally impervious to water, such that water reduction
occurs at the outer oxide surface. Although there are no clear evidences supporting one or
the other hypothesis, the mechanism detailed in [58] should lead to an increase in the
oxidation rate as water molecules are being reduced deeper in the oxide (i.e. the migration
distance of oxidizing species is shorter as exposure time increases). Since this is not observed
experimentally in the oxide protective regime, it could be more appropriate to consider the

oxide as impervious to water.

Efficient mesoscale corrosion models are needed to bridge the gap between these
different scales. The phase field method has been applied to model oxidation for various

materials [59, 60], including zirconium [61, 62], but these zirconium oxidation models did not
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account for the impact of oxide electronic conductivity nor for the presence of either grain
boundaries or metallic precipitates, so a unified multiscale corrosion model for zirconium
alloys is still lacking. Until then, one has to rely on correlations between simplified models

and experimental data such as the one highlighted in this study.

5. Conclusions

This study reports an integrated modelling and experimental approach to understand the
evolution of the hydrogen pickup fraction observed experimentally in zirconium alloys in

service in pressurized water reactors. The main conclusions are:

- The oxidation and hydriding kinetics of two selected ZrNb alloys have been
successfully modeled using the C4 model framework. This is the first time that both
the oxidation and hydriding kinetics have been modeled using a coupled approach.

- Animportant outcome of this study is that in order to correctly reproduce the
measured oxidation and hydriding kinetics for both alloys, the proton migration
energy has to decrease as the transition in oxidation kinetics is approached. For the
faster oxidizing Zr-1.0Nb (720 °C) alloy this behavior is repeated throughout the
corrosion process, following the periodic transitions in oxide growth rate.

- Using TEM Fresnel imaging, the density of nano-porosity in the oxide corrosion layers
has been successfully quantified for the first time as function of both position in the
oxide and exposure time.

- A correlation has been found between the relative increase in pore volume density at
the oxide/metal interface, as the oxide grows, and the decrease in the effective
proton migration energy, as the oxide grows, modeled using the C4 framework. This
implies that the presence of pores in the oxide would facilitate the transport of
protons to the oxide/metal interface.

- Simple hypotheses have been highlighted to tentatively explain this correlation, but
the need for a more complete mesoscale corrosion model bridging temporal and

length scales has been stressed.
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Appendix: Statistical analysis of the transition

A Monte Carlo approach has been used to conduct a statistical study of the transition time
[63]. The transition can be seen as a stochastic process because even though the transition is
modeled as an instantaneous process, in reality it takes some time for the protective oxide
layer to become porous. A Gaussian distribution for the oxide thickness at transition is then
used to account for this non-instantaneous transition. The simulation is run 1000 times using
different transition times sampled from the Gaussian distribution (mean: 3.1 um; standard
deviation: 0.15 um). The oxide thickness evolution with exposure time plot (see Figure 2)
with the 1000 curves is transformed into a heat map displaying the density of curves in

Figure A-1.
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Figure A-1: Oxide thickness versus exposure time heat map; the gray gradient

represents the density of curves

The density of curves has been generated by fitting a Gaussian distribution to the oxide
thickness distribution at every time step. Special cases are taken for the pre-transition
regime (before 75 days) where a Dirac distribution is used, and within the transition region
(75-100 days) where a combination of Dirac distribution (for non-transitioned curves) and
Gaussian distribution (for transitioned curves) is chosen. The density of curves is then used
to generate the 90 % confidence interval displayed in Figure 3.a. The parameters of the

Gaussian distribution chosen for the transition oxide thickness (mean: 3.1 um; standard
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deviation: 0.15 um) have been optimized such that all the experimental data are within the
90 % confidence interval. The standard deviation gives a qualitative estimation of how the

transition uncertainty affects the post-transition corrosion kinetics.
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