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A B S T R A C T   

Strain is a crucial factor that influences the physicochemical properties of nanoparticles. Being able to precisely 
measure strain is important in understanding the intrinsic mechanism of the enhanced performance of nano
particles. Techniques that have been developed for strain analysis using scanning transmission electron micro
scopy (STEM) images can be categorized into diffraction-based method and imaging-based method. Here, using 
image simulation techniques, it is found that the measured two-dimensional (2D) displacements from annular 
dark field (ADF) STEM images of a nanoparticle are a good approximation to a projection of the actual three- 
dimensional (3D) displacements. A methodology for deformation analysis is presented which is based on the 
detection of atomic columns from atomic-resolution STEM images in real space. Elastic deformation parameters 
such as strain are usually defined on the basis of a continuum of deformation. The appropriateness of various 
deformation parameters for atomic-scale investigation on STEM images is explored and a method for determining 
these is presented. We found that the local lattice parameter and principal strain components are the most 
physically meaningful parameters to express the materials distortion behaviour. Apart from the local lattice 
parameter, the other deformation parameters such as normal strains, shear strains and displacements, heavily 
rely on the choice of reference lattice. It is also found that different reference grids add a series of uniform offsets 
to these strain variations. Finally, this approach is applied to a PtCo3 bimetallic nanoparticle to quantify its 
deformation behaviour.   

1. Introduction 

Nanoparticles have been widely used as catalysts in applications 
including clean energy systems and gaseous pollutant purification due to 
excellent physicochemical properties compared to their bulk counter
parts [1-3]. Previous work has shown that the enhanced performance of 
nanoparticles is dependant on structure, morphology, composition, and 
size [4-6]. The finite size, morphology, and lattice mismatch between 
different elements can induce strain that results in modification of the 
electronic structure [7-14]. The strain has also been shown to be related 
to the catalytic activity of nanoparticles through density functional 
theory (DFT) calculations [15]. As strain is believed to play a significant 
role in understanding the intrinsic mechanism behind the improved 
catalytic activity, it needs to be measured precisely [16]. 

A number of methods have been developed for deformation mapping 
with a transmission electron microscope. The methodologies can be 

classified into two categories: diffraction-based and imaging-based 
methods. The former method is based on measuring displacements 
from diffraction patterns in reciprocal space, including convergent- 
beam electron diffraction (CBED) and nano-beam electron diffraction 
(NBED). The imaging-based methods quantify the displacement of 
atomic columns or lattice fringes from high-resolution images in real 
space. Imaging-based techniques can further be categorized into four 
different approaches, Geometric Phase Analysis (GPA), Dark Field 
Electron Holography (DFEH), Peak Pair (PP), and Peak Finding (PF). 

Diffraction-based techniques are presently of widespread use in the 
semiconductor industry [17]. The CBED approach provides strain pro
files by measuring the position shifts of the dark High Order Laue Zone 
(HOLZ) lines [18,19]. Although it can achieve good spatial resolution 
(0.5 − 2 nm) and high sensitivity to strain, HOLZ lines are not 
detectable in the diffraction patterns on thin samples such as nano
particles [20]. The NBED approach uses a near-parallel nanometre-sized 
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beam to form diffraction patterns [21,22]. The deformation field is 
determined by comparing the diffraction pattern of each probe position 
with a reference pattern [17]. However, this approach cannot provide 
site-specific atomic-resolution strain measurements. Additionally, both 
CBED and NBED techniques broaden the diffraction spots into discs. 
Each diffraction disc results from a combination of both single scattering 
electrons and multiple scattering electrons. Dynamical electron scat
tering can change the intensity distribution within the diffraction discs 
[23], The resultant non-uniform intensity in the discs affects the deter
mination of scattering angles. In other words, the scattering angles 
measured from the diffraction discs do not always correspond to the 
atom planes that we want to measure [20]. 

The DFEH approach tries to overcome the precision limitation by 
using an electron biprism to interfere the diffracted beams from the 
region of interest and a reference area [24]. The phase difference in the 
interference pattern is used to calculate the strain tensor. Although its 
spatial resolution can reach 1 nm in principle [25], a specimen with both 
a non-strained and a strained area is required, which is impossible for 
nanoparticles. The GPA methodology works by demodulating the lattice 
fringes associated with a selected Bragg spot giving a phase map that 
describes the deformation. The strain tensor is obtained from the dis
placements determined from two non-collinear Bragg spots [26]. This 
approach is extensively used in strain measurements of materials that 
contain defects [27], however it is not possible to obtain atomic 

site-specific strain maps due to a spatial resolution of ~1 nm. 
To measure strain at atomic resolution the most promising ap

proaches are PF and PP. Both the PF and PP approaches are based on the 
real-space position detection of atomic columns directly from the 
experimental images [28-31]. In the PF methodology, a reference grid is 
extrapolated from what is assumed to be a non-strained area of the 
sample and cast over the deformed region. The discrete displacement 
field at each atomic column is calculated to obtain the strain field. For 
the PP approach, two non-collinear basis vectors are defined using a 
reference lattice. A pair of peaks at each atomic column are located 
along the two basis vector directions. The local strain field is determined 
by comparing pairs of peaks with reference atom-to-atom bond lengths. 
Regardless of the differences between the PF and PP methods, both 
techniques require a non-strained reference area in the field of view, 
which may not be a good assumption for small nanoparticles. Unlike 
bulk materials, the deformation can be distributed throughout the whole 
nanoparticle due to the finite size and domain structure. These two 
methods are sensitive to errors in the formation of a reference lattice. 

Apart from the intrinsic limitations of all the imaging-based methods 
discussed here, the projection approximation also need to be carefully 
considered. Strain mapping on the STEM images is 2D, but the actual 
strain distribution within the specimen is 3D and not always uniform 
along the viewing direction. Because of this limitation any local strain 
measured via imaging techniques cannot always fully express the real 

Fig. 1. (a) The displacement map from an experimental Pt nanoparticle. (b) Atomic columns colour coded with each 2D projected atomic layer. The outermost layer 
(blue) is the first atomic layer and the core (purple) is the fifth atomic layer. (c) Plot of the average magnitude of the measured displacements as a function of each 
atomic layer from the experimental image. (d) The perfect cuboctahedra Pt 3D model with the outermost atomic shell coloured blue. This nanoparticle model is 
aligned along the [110] direction (beam direction). (e) The middle atom plane from the nanoparticle model in (d), where atoms in two outer atomic shells are 
displaced (shown as arrows). 
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3D distortion behaviour of the sample [20]. Here, we investigate, to 
what extent the measured displacements from the ADF STEM images 
match the in-plane components of the displacement averaged through 
the thickness. 

While characterising the distortion behaviour of materials is of great 
importance, the deformation parameters quantified within the literature 
are inconsistent. Material deformation parameters such as strain have 
usually been defined on a continuum basis [17-22,24-26,28,32-35]. 
However, for atomic-resolution images of nanoparticles, material 
deformation should be defined on the discrete atomic columns. Material 
distortions have been described using the following deformation pa
rameters: the displacement vector [7,29], the local lattice parameter 
[16,36], some or all of the strain components [28,32] and occasionally 
also including the lattice rotation [26]. The two dimensional strain 
tensor consists of two normal strain components and one shear strain 
component. Rotation of the coordinate axes on which these are defined, 
for example by applying the Mohr’s circle construction, can change the 
strain components with normal strains converting into shear strains and 
vice-versa. Rarely in previous work has the full strain tensor been pre
sented. Here, the relevance and usefulness of various elastic displace
ment parameters are considered in the context of atomic resolution with 
the aim of identifying a physically meaningful parameter that can be 
related to other measurements and modelling. 

In this work, the validity of the projection approximation is first 
studied using STEM imaging simulation. To precisely measure the strain 
field, an algorithm based on locating atomic columns in real space is 
presented. Our methodology is robust enough to be applied to strain 
mapping on both nanoparticles and bulk materials with defects, dislo
cations and interfaces. Next, the materials deformation parameters 
defined on a 2D primitive cell are compared and the relationship be
tween them is investigated. Differences of strain mapping using different 
reference lattices are then discussed. In addition, the influence from 
Poisson noise on strain measurements is studied. Finally, the application 
of this methodology in the experimental nanoparticles is demonstrated 
by quantifying the displacement fields, the local lattice parameters, and 
the strain fields on a PtCo3 bimetallic nanoparticle. 

2. Validity of projection approximation for displacements 

For atomic-resolution imaging, nanoparticles are viewed along a 
low-order zone axis in the microscope. The obtained STEM image is 
generally interpreted as the 2D projection of the 3D sample. The 
distortion distribution of the nanoparticle is always 3D and is never 

uniform along the viewing direction. The question then arises of 
whether the displacements of atomic columns measured in a 2D image 
can be interpreted as the components (perpendicular to the beam) of the 
3D atomic displacements averaged along the column. The effects of 
dynamical electron scattering and the resultant channelling of the beam 
may preclude such a simple interpretation. Here, the influence from the 
2D projection approximation on the displacement measurements from 
the ADF STEM images is investigated. 

To create a nanoparticle model containing strain, we used a perfect 
zero-strain cuboctahedra Pt 3D model with a diameter of 2.5 nm and 
bulk lattice parameter of 0.39231 nm at 280 K [37], as shown in Fig. 1d, 
and displacements with similar magnitudes to those measured experi
mentally were artificially added to the perfect 3D model. The experi
mental displacements were measured from an ADF image of an 
experimental Pt nanoparticle with a diameter of ~2.5 nm, which is 
similar to the model, using our proposed methodology described in 
Section 3, as shown in Fig. 1a. The experimental ADF image comes from 
the previously published work by Aarons, et al. [14]. For the 3D nano
particle model, the atomic shells are defined as a series of 
one-atom-thick 3D hollow shells, moving from the nanoparticle surface 
to its centre. The outermost atomic shell is composed of all surface atoms 
in the 3D nanoparticle model. Each atomic column in Fig. 1d, which is a 
projection, could have atoms from different atomic shells of the model. 
We use the term “atomic layers” as rings of atomic columns in the 2D 
image of the nanoparticle model projected along the beam direction in 
Fig. 1d, starting from the surface and moving in towards the centre. 
Thus, there are six atomic layers in Fig. 1d, where the sixth atomic layer 
only has a centre atomic column. Fig. 1c displays the measured 
displacement as a function of the atomic layer of the experimental 
nanoparticle defined in Fig. 1b, where the average displacement of 
atomic columns in the surface layer is measured to be ~13 pm. To create 
the strained Pt 3D model, the atoms in the outermost atomic shell of the 
perfect Pt 3D model are radially displaced relative to their original po
sitions by the same amount (13 pm), while the second outer atomic shell 
displacement is calculated by scaling the added surface displacement 
with respect to the shell radius to give a displacement of 10.5 pm. The 
rest of atoms in this nanoparticle model remain undisplaced to provide a 
relatively simple model which captures our general observations that 
most strain is observed in the outer layers. Fig. 1e shows the middle 
atom plane of the Pt nanoparticle model along the beam direction. In the 
selected atom plane, the atoms in the two outer atomic shells have been 
displaced (shown as arrows). As the result, atomic columns along the 
beam direction have a curved shape. 

Fig. 2. (a) The displacement map of the strained Pt model. (b) The average magnitude of the measured displacements as a function of the atomic layer, the error bar 
is displayed as the standard error of each atomic layer. 
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The high-resolution ADF STEM images of both the perfect and 
strained Pt 3D models along [110] direction were simulated using the 
MULTEM software [38]. The simulation voltage was set to 200 kV with a 
source size broadening value of 0.8Å. The probe convergence angle was 
set as 22.48 mrad whereas the ADF detector collection angles spanned 
from 72.8 to 271 mrad. The multislice frozen phonon calculation was 
performed using the Einstein model with 50 phonon configurations and 
a root mean square (RMS) displacement of 0.06917 Å derived from the 
Debye-Waller factor of the Pt bulk materials [39]. 

A 2D Gaussian function was then fitted to each atomic column in the 
simulated image of the strained Pt model using the ATOMAP software 
[40], yielding the 2D coordinates. The 3D coordinates of the perfect 
model without strain are projected along the [110] direction, yielding a 
2D reference grid. The displacement map extracted from the strained 
model was calculated by measuring the distances between the observed 
positions of atomic columns and the corresponding reference point po
sitions, as shown in Fig. 2a. It is clear that the measured displacements 
are symmetrically distributed and the atoms of the outer two atomic 
layers are displaced outward from the nanoparticle. The measured 2D 
displacements from the simulated image were then compared with the 
averaged-projected real 3D displacements calculated using the co
ordinates of the 3D strained model, as shown in Fig. 2b. Here, the atomic 
core is defined as all the atomic columns in the fifth and sixth atomic 
layers. Overall, the measured 2D displacements follow the 
projected-averaged 3D displacements well. For the outer two atomic 
layers, there is minimal difference between the measured and real 2D 
displacements. However, for the inner atomic layers, some discrepancies 
are detected. The maximum difference between the measured and real 
2D displacement is within 1.5 pm. This inconsistency comes from the 
so-called ‘channelling effect’ [41] where the atoms that are close to 
being aligned have a disproportionately stronger scattering effect. The 
well-aligned middle undisplaced atoms (green atoms in Fig. 1e) have 
more influence on the atomic column position detection compared to the 
mis-aligned displaced atoms in the two outer atomic shells. The influ
ence from the ‘channelling effect’ are reduced as the atomic column gets 
thicker because the averaged-projected displacement vectors will be 
smaller as the undisplaced core atoms dominate. We can therefore 
expect the smaller nanoparticle to have more columns in an image that 

suffer from the ‘channelling effect’ than the larger one in terms of the 
discrepancy between the measured 2D and projected actual 3D dis
placements, hence the use in the simulation is the nanoparticle with a 
diameter of 2.5 nm. 

In general, the projection approximation for displacement mea
surements on the ADF STEM image is found to be reasonable for nano
particles. For the nanoparticle simulated here, the maximum error in 
displacement measurements is found to be 1.5 pm. This is sufficiently 
small to allow the application of this approach to understand the 2D 
projection of the actual 3D distortion behaviour of the nanoparticle. 

3. Defining and measuring strain at the atomic scale 

The overall proposed methodology for nanoparticle strain analysis is 
based on the detection of atomic columns in the atomic-resolution im
ages, similar to the PF and PP approaches. Fig. 3 shows an outline of the 
methodology used in this work. For STEM image acquisitions, the multi- 
frame imaging technique is used to reduce the influence of scan in
stabilities and drift [42]. The acquired experimental atomic-resolution 
ADF image frames of an on-axis nanoparticle are aligned using 
non-rigid registration method and averaged to obtain a zero-drift ADF 
image [43]. The following step is to locate the positions of all the atomic 
columns that are of interest in the aligned ADF image. The initial posi
tions are detected using the peak finding algorithm implemented in the 
ATOMAP Python library, where the relative intensity threshold and the 
smallest peak separation are taken as inputs. The initial positions are 
further refined first by finding the centre of mass and then by fitting of 
2D Gaussian peak to each atomic column. This allows us to precisely 
determine the 2D coordinates of the atomic column positions. 

Next, the centre atomic column and its nearest neighbouring col
umns are found to determine a primitive 2D cell (a parallelogram) 
defined by two non-collinear basis vectors (a and b). Let us consider FCC 
crystal structure down a [110] projection, as shown in Fig. 4b. The 
centre atomic column and its six neighbouring columns form six tri
angles, and each of them can be used to define the two basis vectors. 

The following step is the selection of a reference grid. The reference 
grid can be a separately generated either from a bulk material with 
known lattice constants, or from a region of the nanoparticle. The 

Fig. 3. Flow diagram of the deformation analysis algorithm.  
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differences of using the different reference grids for strain mapping will 
be compared and discussed in the following section. To create a refer
ence grid from the nanoparticle, an initial reference grid is first gener
ated using the initial basis vectors. The next step is to choose a region to 
refine the initial reference grid. The selected region can be either the 
whole particle or a part of the particle. Then, the initial grid is con
tracted, expanded, rotated, and offset to achieve the displacement 
minimum in the selected region using a least-squares fitting algorithm. 
The reference basis vectors and the reference triangles are extracted 
from the refined reference grid. 

On the basis of having the atomic column positions and the reference 
grid, all the observed triangles and the reference triangles in the region 
of interest are searched. Subsequently, the displacement vector of each 
atomic column is measured. The local differential displacement and the 
strain tensor of each triangle unit are extracted from the displacement 
field. This step is the most novel part of this methodology, and will be 
discussed in detail. 

Materials deformation parameters such as elastic strain are often 

associated with continuum elasticity. When dealing with nanoparticles 
where the discrete atomic nature becomes important, it is important to 
consider which deformation parameters are appropriate. In order to 
investigate this, the following deformation descriptors were calculated 
on the simulated image of the strained Pt model. The reference grid is 
still the projection along the [110] direction of the perfect Pt model 
without strain. We start with the local displacement vector ui that is 
associated with each atomic column in the image. The displacement 
vector is defined by the position offset of each observed atomic column 
with respect to the closest reference point, as shown in Fig. 4a. If we 
consider a triangle formed from the primitive basis vectors in the pro
jected 2D lattice, we can define the differential displacement field, the 
strain field, the fractional area expansion and the local lattice parameter. 
The non-collinear basis vectors (a = (ax, ay) and b = (bx,by)) and the 2D 
primitive triangle (r0r1r2) of the reference grid are defined in Fig. 4b. 

The differential displacement field Δu is first introduced by the 
following equations: 

Fig. 4. (a) Diagram of the definition of the local displacement vectors. (b) The reference primitive unit of the strained Pt model. (c) The differential displacement 
map of the strained Pt model. (d-f) The selected line profiles in (c) of the differential displacements |Δu1|, |Δu2| and |Δu| (pm). 
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Δu1 = u1 − u0
Δu2 = u2 − u0

(1)  

Where u0, u1 and u2 are the displacement vectors of the atomic columns 
in each triangle and can be calculated using the position offsets between 

the observed and reference atomic columns. The differential displace
ment field is composed of vectors calculated between two nearest 
neighbour atomic columns along the two basis vectors. The two 
measured differential displacement vectors can be shown at the centre of 
each of the two basis vectors, respectively, as shown in Fig. 4c. Unlike 

Fig. 5. The εxx, εyy, εxy, ωxy maps and the corresponding line profiles of the strained Pt model.  

X. Luo et al.                                                                                                                                                                                                                                      



Ultramicroscopy 239 (2022) 113561

7

the displacement measurements where a zero-displacement region is 
required to fix the reference grid, the differential displacement mea
surements are robust to rigid-body shifts of the reference grid. Previous 
work has used the differential displacement maps to study atomic-scale 
deformation associated with dislocations [44,45]. If the measured dif
ferential displacement vectors (Δu1 and Δu2) are parallel to the basis 
vectors (a and b), this indicates tensile strain. If the differential 
displacement vectors are antiparallel to the basis vectors, it indicates 
compressive strain. Shear strain exists when a differential displacement 
vector is perpendicular to its associated basis vector. Fig. 4d and e 
display the selected line profiles of the magnitude of the two differential 
displacement vectors. The selected atomic rows are along the directions 
of two basis vectors, respectively. Here, it can be seen that unlike the 
displacement distribution in Fig. 2a where the outermost layer has the 
largest displacement, the measured differential displacements peak be
tween the second and third atomic layer. The main reason is that 
although the atoms in the surface atomic layer are displaced by 13 pm, 
the distance between the surface and second atomic layer only increases 
by 2.55 pm since the second atomic layer also moves outward the 
nanoparticle by 10.45 pm. However, in the centre row (Fig. 4f), the 
largest measured differential displacements are located between the 
third and fourth atomic layer. This is because the atomic column in the 
third atomic layer of the centre row only has 5 atoms, and four of them 
are the displaced atoms belonging to the two outer atomic shells due to 
the projection effect, as shown in Fig. 1e. As the result, this atomic 
column itself has a larger displacement compared to the other atomic 
column in the third atomic layer. 

Based on the displacement field of the primitive triangle, we can 
have [28]: 

Δu1x = axεxx + ayexy
Δu1y = ayεyy + axeyx
Δu2x = bxεxx + byexy
Δu2y = byεyy + bxeyx

(2)  

Where εxx and εyy are normal strains; ax, ay, bx and by are the x and y 
components of the basis vectors a and b respectively. Shear strain (εxy) 
and lattice rotation (ωxy) are defined as follows: 

εxy =
1
2
(
exy + eyx

)

ωxy =
1
2
(
exy − eyx

)
(3)  

Because the differential displacement field in Eq. (2) can be written as a 
matrix multiplication, the expression can be inverted to give: 

[
εxx exy
eyx εyy

]

=

[
Δu1x Δu2x
Δu1y Δu2y

][
ax bx
ay by

]− 1

(4)  

Thus, the strain tensor for each primitive triangle is calculated using the 
differential displacement field and the reference basis vectors. Fig. 5 
shows the measured strain maps alongside the selected line profiles of 
the strained Pt model. The first thing we can find is that the measured 
normal strains (εxx and εyy) peak between the second and third atomic 
layer. The reason has been explained in the differential displacement 
analysis. It indicates that unlike the displacement map in Fig. 2, both 
strain mapping and differential displacement mapping provide the local 
distortion information of the materials. The shear strain (εxy) and rota
tion (ωxx) are smaller than the two normal strains, as might be expected 
from this simple dilation model. It can also be seen that the line profiles 
of the strain components are not perfectly symmetric. This is because 
unlike the radial displacements whose symmetric centre is the centre 
atom of the nanoparticle, use of the consistent basis vectors used for the 
strain calculation means that the two basis vectors do not represent 
symmetrically equivalent sides of the symmetrically related primitive 
triangles. Importantly, it can be seen that εxx mainly exists at the left and 
right sides of the strained nanoparticle, while εyy is mainly located at the 
top and bottom of the strained nanoparticle. This indicates that the two 
normal strain maps (εxx and εyy) can visualize the distortion behaviour of 
the materials along x and y directions but do not provide an overall 
measure of local deformation. 

The principal strains (εmax and εmin) are the maximum and minimum 
normal strains using a specific axis orientation where the shear strain is 
zero[46]. They can be calculated for each of the primitive triangles using 
the strain tensor components (εxx, εyy and εxy) using the following 
equations: 

εmax =
1
2
(
εxx + εyy

)
+

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
[

1
2
(
εxx − εyy

)
]2

+ ε2
xy

√

(5)  

εmin =
1
2
(
εxx + εyy

)
−

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
[

1
2
(
εxx − εyy

)
]2

+ ε2
xy

√

(6)  

The orientation of the principal strain can be calculated by: 

tan2θp =
2εxy

εxx − εyy
(7)  

Where θp is the angle between the maximum principal strain and x axis. 
This equation gives two values of θp which are 90◦ apart, indicating that 

Fig. 6. The principle strain and local lattice parameter maps of the strained Pt model.  
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the two principal strain components are perpendicular to each other. 
Fig. 6a displays the principal strain map extracted from the normal and 
shear strain maps. The measured principal strains not only well-express 
the magnitude and orientation of the local strain configuration, but also 
are robust to both rigid-body shifts and rotations of the reference grid. In 
Fig. 6a, it demonstrates that the largest maximum principal strain is 
located between the second and third outer atomic layers, and is 
orientated outward the nanoparticle. The principle strain map carries 
the same information as that expressed by the conventional strain tensor 
components seen in Fig. 5, but provides a more intuitive view of the 
deformation in the nanoparticle. Note is that the measured principal 
strain between the first and second outer atomic layer is randomly 
orientated. This is because the measured εxx and εyy which are used for 
the orientation (θp) calculation in this region are small and close to each 
other, and therefore the orientation calculation is easily influenced by 
random displacements from the frozen phonon model used in the 
simulation. 

In addition, the area change of each observed triangle with respect to 
the reference standard triangle can also be used to describe the distor
tion behaviour. The area of the reference triangle (S) can be computed 
by the following equation: 

S =
1
2
× a × b × sin(θ) (8)  

Where a and b are the length of two sides of the triangle, θ is the included 
angle. A differential can be applied to Eq. (8), to arrive at: 

dS
S

=
da
a
+

db
b

= εxx + εyy (9)  

It can be clearly seen that the fractional area expansion (dS
S ) and εxx + εyy 

are equivalent, which is a standard result in linear elasticity theory[46]. 
To first order, the area expansion does not depend on shear strain. 
Similarly, the average fractional local lattice parameter change (dl

l ) can 
be defined as: 

dl
l
=

1
2

(
da
a
+

db
b

)

(10)  

where l is the reference lattice parameter. Combining Eq. (9) and Eq. 
(10), this gives: 

dl
l
=

1
2
(
εxx + εyy

)
(11)  

We now can write the local lattice parameter (lloc) of each observed 
triangle as: 

lloc = l ×
(

1
2
(
εxx + εyy

)
+ 1

)

(12)  

At this point, the distortion descriptors based on either the atomic col
umn or the distortion triangle are successfully defined. The differential 
displacement components (Δu1 and Δu2) are the differential of the 
distortion along the two pre-defined basis vectors. The normal strains 
(εxx and εyy) can tell us about local compressive or tensile strain, along 
with the shear strain (εxy) and local lattice rotation (ωxy), but are more 
intuitively expressed through the principal strains. The fractional area 
expansion, the sum of two normal strain components (εxx + εyy), the 
local lattice parameter (lloc) and the average fractional local lattice 
parameter change (dl

l ) tell us equivalent information for the distortion 
analysis on materials. It is important to note that the absolute values of 
the strain tensor components depend on the reference grid and its 
orientation. Rotation of the basis vectors can transform normal strains 
into shear strains and vice-versa. The principal strain is, however, in
dependent of the rotation of the reference axes. It also describes the 
maximum normal strain that the local object can experience and its 
direction. The determination of the local lattice parameter does not rely 
on the reference grid, as shown in Fig. 6b. How the rotation, scaling and 
shearing of the reference grid influence the strain components will be 
explored next. 

4. Choice of reference grid 

In an experimental nanoparticle, the strain can be distributed 
throughout the particle due to its finite size and domain structure. It 
might not be possible to find a non-strained region in a small particle to 
generate the reference grid. In Section 3, it can be seen that the choice of 
the reference grid is crucial for the strain measurements. To investigate 
how the reference grid influences the strain analysis, three different 
reference grids were used for the strain mapping on the simulated image 
of the strained Pt model. The three different reference grids are the 
projected pure bulk Pt crystal lattice with a lattice constant of 0.39231 
nm at 280 K [37], the grids refined from the whole particle and also the 
centre region of the particle. The centre region is defined as the centre 
atom and its six closest neighbouring atoms, as shown in Fig. 7a. The 
reason why pure bulk Pt crystal lattice is not always used as the refer
ence grid is that a non-strained area in the experimental nanoparticle 

Fig. 7. (a) An initial triangle and a pair of basis vectors of the centre atom. Red: the centre atom; Green: the six neighbouring atoms; Blue: the observed atoms. (b-e) 
The line profiles of εxx, εyy, εxy, ωxy in the selected region in (a) using the pure Pt crystal, centre region and whole particle to generate reference grids, respectively. 
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might not be found to fix the pure bulk Pt crystal lattice due to its finite 
size. Rotation of pure Pt reference grid could affect displacement mea
surements. Thus, the other two grids derived from the nanoparticle were 
also considered for strain measurements. 

Fig. 7b-e display the line profiles of each strain component from a 
same region of the nanoparticle. The line profile has eight primitive 
triangles (labelled from 1 to 8 in Fig. 7a), which are composed of the 
atoms in the outer four atomic layers. The distortion triangles 1 and 8 
are from the first triangle layer, while the second triangle layer has the 
triangles 2 and 7. The rest of the triangles belong to the third triangle 
layer. The same variation can be observed in the strain maps using the 
three different reference grids, but the difference arising from using 
different reference grids for the strain measurements is a series of uni
form offsets added to the measured strain components. 

As mentioned before, the reference grid is created by periodically 
growing two reference basis vectors. Here, two different reference grids 
are described as a & b and a′ & b

′

where the vectors denoted with 
primes are those that have some errors relative to correct unstrained 
basis vectors. The modified vectors can be defined by: 

a′

= T⋅a
b
′

= T⋅b
(13)  

Where T is a linear transformation matrix (scaling, shearing, rotation, 
etc.) to the reference grid. The differential displacement field in the a′ & 
b
′

reference grid can be written as: 

Δu′

1 = Δu1 + a − a′

= Δu1 + (I − T)⋅a
Δu′

2 = Δu2 + b − b
′

= Δu2 + (I − T)⋅b
(14)  

Where I is the identity matrix. The strain component, εxx and εyy are 
found using Eq. (2). Because Eq. (14) shows that the effect of an error in 
the reference grid adds a constant to the differential displacement vec
tor, it can be seen from Eq. (2) that it will also add a constant to each of 
the components of the strain tensor. Thus, we arrive at: 

ε′

xx = εxx + constant
ε′

yy = εyy + constant
(15)  

This mathematic treatment can also be applied to the other strain 
components. 

The scaling, shearing and rotation of the reference grid introduce 
additional erroneous apparent displacements that build up linearly with 
respect to the distance from the chosen origin of the reference lattice. 
However, the strain components are calculated by the derivative of the 
displacements (Eq. (2)). Thus, the change of the strain component equals 
the slope of the linear variation of the introduced extra displacement, 
which is a constant. To conclude, using different reference grids in
fluences the absolute values of the measured strain components, but it 
only adds a series of uniform offsets to the results. The variation of the 
strain distribution is robust to the chosen of the reference grid. 

5. Measurements reliability on noisy images 

In previous sections, the strain measurements methodology has been 
introduced and its reliability on the simulated ADF image has been 
verified. The reliability of the strain measurements depends on the ac
curacy and precision of the atomic column position detection in the 
image. Thus, it is crucial to precisely determine atomic column posi
tions, which is affected by the Poisson noise and scan instability. How
ever, the multi-frame technique could be used to record multiple ADF 
frames with a shorted pixel dwell-time, to minimize the sample drift 
within each frame. By comparing the image frames, it is also possible to 
determine whether atom mobility introduced by the electron beam has 
influenced the precision of the atomic column position detection[47]. 
Those atomic columns where the atoms are moving would not be 
detected for the strain measurements. The obtained image stacks are 
aligned using the non-rigid registration technique to reduce the scan 
distortions and the resulting strain measurements have previously been 
compared and validated against the GPA approach, [42,43,48].It has 
been reported that an uncertainty of 0.5 pm for the position detection on 
the averaged non-rigid registered ADF image can be achieved [40,49]. 
Here, we attempt to investigate the accuracy of our strain measurements 
on the simulated Poisson-distributed ADF images under different elec
tron doses. 

During a typical experimental data acquisition [42,50], around 16 
ADF image frames with a total electron dose of ~4.88 × 105 e- Å-2 are 
obtained for the non-rigid alignment. In order to better understand the 
effect of the noise, Poisson noise under typically single-frame (0.31 ×
105 e- Å-2), low (1.22 × 105 e- Å-2), medium (2.44 × 105 e- Å-2) and high 

Fig. 8. The detected root mean square (RMS) position shift as a function of number of atoms in an atomic column in the simulated Poisson-distributed images of the 
perfect Pt model under the different electron doses. 
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Fig. 9. The εxx and εyy maps from the simulated image of the strained Pt model with Poisson noise under the high electron dose, (a-b) measured using one 
neighbouring triangle, and (e-f) measured using six neighbouring triangles. The line profiles of εxx and εyy in the selected regions under different electron doses, (c-d) 
measured using one neighbouring triangle, and (g-h) measured using six neighbouring triangles. 
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(4.88 × 105 e- Å-2) electron doses, was added to the simulated ADF 
images of the perfect (zero-strain) and strained Pt models, respectively. 
The Poisson noise is added by replacing each pixel with a value selected 
randomly from a Poisson distribution with a mean given by the simu
lated number of electron counts. The determined atomic column posi
tions in the simulated Poisson-distributed images of the perfect Pt model 
were compared with the real atom positions of the model averaged along 
a column, the distances between them are defined as the position shifts. 
Fig. 8 shows the measured RMS position shift as a function of number of 
atoms in an atomic column under the multiple noise realisations. For 
those atomic columns having more than 4 atoms, the accuracy of the 
atomic column position finding reaches 1 pm under the medium or high 
electron dose. The accuracy could be improved as the scattered intensity 
of the atomic column increases (higher electron dose or more atoms). 
The error of the length of the differential displacement vector can be 
calculated from the error of atomic column position detection using the 
error propagation theory[51], expressed as: 

Δd =

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

(Δd1)
2
+ (Δd2)

2
√

=
̅̅̅
2

√
pm (16)  

Where Δd1 and Δd2 indicate the errors in the determination of the two 
atomic columns that constitute a differential displacement vector. 
Similarly, the error of strain calculation is mainly introduced by the 
error of the differential displacement measurement. Thus, the precision 
of strain measurements can be estimated by the equation: 

Δε
ε =

Δd
d

(17)  

Where d is the length of the differential displacement vector. For the 
differential displacement vectors chosen here, the precision of the strain 
measurements on STEM images is about 5× 10− 3. It has been reported 
that the precision of strain mapping using the high-resolution trans
mission electron microscopy (HRTEM) images also could approach 10-3. 
[20] However, compared to the TEM mode, STEM mode equipped with 
spectrometers allows for simultaneous local strain and composition 
analyses at atomic scale. 

To investigate the electron dose influence on the strain analysis, the 

strain measurements were performed on the simulated images of the 
strained Pt model with different electron doses (and therefore, noise 
levels). The simulated images in Fig. 9a, b, e and f are under the high 
electron dose and purely used to illustrate the positions of the measured 
strains relative to the nanoparticle lattice. Fig. 9c and d shows how the 
measured normal strains can fluctuate from the actual ones under the 
different electron doses. For these plots, only one neighbouring triangle 
(as shown in Fig. 7) around each atomic column is used as the primitive 
unit for the measurements. The influence from the electron dose can be 
further reduced by sacrificing the spatial resolution of the strain anal
ysis. All the neighbouring triangles of each atomic column (which are six 
triangles for the Pt model along the [110] projection) can be combined 
for the strain measurements [7]. The measured strain components from 
the six neighbouring triangles are then averaged and plotted at the 
atomic column, as shown in Fig. 9g and h. It can be clearly seen that the 
averaged normal strains using six primitive triangles are more robust to 
the electron dose. 

To study the Poisson noise influence on the strain analysis under the 
high electron dose, the process of Poisson-distributed image simulation 
with the dose of 4.88 × 105 e- Å-2 was repeated 10 times. The strain 
measurements using one or six neighbouring triangles were then per
formed on these 10 simulated images, respectively. The line profiles of 
two averaged normal strain components with the standard deviations 
plotted as the error bars are compared in Fig. 10. Here, the standard 
deviation is calculated using the measured strain component of each 
atomic column from ten simulated Poisson-distributed images. A 
considerable reduction in the uncertainty is observed when averaging 
six neighbouring triangles for the strain measurements. 

To conclude, an accuracy of 1 pm for the displacement measure
ments and a precision of 5 × 10− 3 for the strain measurements can be 
achieved on the simulated Poisson-distributed images under the high 
electron dose used in this work. The electron dose and associated Pois
son noise have a slight influence on the strain analysis. To improve the 
uncertainty of our measurements, an average over primitive cells can be 
taken, but the spatial resolution of the strain map will be reduced. 

Fig. 10. Strain measurements on 10 simulated Poisson-distributed images under the high electron dose (4.88 × 105 e- Å-2). The line profiles of averaged εxx and εyy in 
the selected regions in Fig. 9, (a-b) measured using one neighbouring triangle, (c-d) measured using six neighbouring triangles. 
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6. Application of the technique: de-alloyed PtCo3 bimetallic 
nanoparticle 

To demonstrate the potential of our proposed method, we applied 
the strain analysis method on a carbon supported de-alloyed PtCo3 
nanoparticle provided by Johnson Matthey plc. The PtCo3 nanoparticles 
have been widely used as a catalyst for oxygen reduction reaction (ORR) 
in fuel cells due to the enhanced catalytic activity compared to the pure 
Pt. Precisely measuring the strain distribution at atomic scale within the 
PtCo3 nanoparticles could help a better understanding of the intrinsic 
mechanism behind their catalytic enhancement. The TEM specimen was 
prepared by drop-casting the nanoparticles on a holey carbon grid and 
baked in vacuum for 8 h at 80 ◦C for hydrocarbon decontamination 
before imaging in the electron microscope. The vacuum pressure during 
the baking is about 1 × 10-7 mbar. The specimen was imaged using the 
STEM mode on a JEOL ARM 200F electron microscope fitted with a 
probe-forming aberration corrector. An operation voltage of 200 kV and 
a condenser lens aperture yielding a probe-convergence angle of 22.48 
mrad were selected. The HAADF detector collection angles range from 
72.8 to 271 mrad. The magnification of the microscope was calibrated 
using a UO2 standard. To reduce scan distortion and minimise sample 
damage, 20 atomic-resolution ADF image frames with a short pixel 
dwell time of 4 µs and a pixel size of 0.0164 nm were recorded succes
sively. Each image frame having 512 × 512 pixels was recorded under 
the beam current of 23.2 pA, yielding a total electron dose of about 4.3 

× 105 e- Å-2. The frames with good quality in the image stack were non- 
rigid aligned and averaged to improve SNR using the smart alignment 
software [43]. The strain analysis was performed on this nanoparticle 
using the reference grid refined from the whole particle using in-house 
developed code. 

To extract local distortion information, the measured strain compo
nents were averaged using six neighbouring triangles around each 
atomic column and are shown in Fig. 11b-e. In the εxx map, the atoms on 
the left and right surfaces of the nanoparticle have the largest strain. In 
contrast, the largest εyy components mainly exist in top and bottom 
layers. It indicates that the atoms in outer atomic layers show larger 
interatomic distances than the average of the nanoparticle, but the 
appearance of large strain values is associated with the arbitrary choice 
of the x and y axes. The selected line profiles are plotted in Fig. 11f-i. 
Unlike the normal strains, the εxy and ωxy components are quite small. 
The detected shear strain and lattice rotation on the surface layer may be 
introduced by the surface atom mobility. 

Directly interpreting the distortion behaviour of the PtCo3 nano
particle from its displacement map in Fig. 12a is difficult because the 
displacement measurements are highly sensitive to the shift, rotation, 
shearing and scaling of the reference grid. Here, to improve the spatial 
resolution of the distortion analysis, only one triangle around each 
atomic column is used as a distortion unit. The results are therefore 
plotted at the centre of the triangles instead of the atomic columns. The 
differential displacement map in Fig. 12b shows that along the 

Fig. 11. (a) The atomic-resolution ADF STEM image of a PtCo3 nanoparticle. The strain maps (b-e) of the particle and corresponding line profiles (f-i).  
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predefined basis vectors, tensile strain relative to the reference lattice is 
observed in the near-surface region while compressive strain dominates 
the centre region of the nanoparticle. The absolute values and directions 
of these differential displacements are independent of the rigid-body 
shift but affected by the rotation, shearing and scaling of the reference 
grid. The principal strain map of the nanoparticle (Fig. 12c) exhibits a 
similar distribution symmetry as that of the simulated strained Pt 
nanoparticle model in Fig. 6a. It indicates that atoms in the near-surface 
regions are dilated outwards relative to the reference lattice. Although 
the measured principal strain is robust to both the rigid-body shift and 
rotation, its absolute value still relies on the shearing and scaling of the 
reference grid. However, the measured local lattice parameters are ab
solute values that are independent of the reference grid, as long as the 
image magnification is accurate, as shown in Fig. 12d. Thus, the local 
lattice parameter can be directly compared between different Pt-Co 
species, and further used as a meaningful parameter to modelling for 
relating strain to catalytic activity. 

To investigate the distortion variations from the surface to core of 
this nanoparticle, the measured local lattice parameter is plotted as a 
function of the triangle layer, as shown in Fig. 12e. Similar to the defi
nition of the atomic layer, the triangle layers are defined as rings of 
primitive triangles moving from the surface to core of the nanoparticle, 
where the surface triangle layer is composed of those primitive triangles 
between the outermost and second atomic layers. Note is that the error 
bar of each triangle layer is demonstrated by the standard error. The first 
layer has more primitive triangles than the other layers, therefore it has 
the smallest standard error of the measured lattice parameter amongst 
the others. The local lattice parameter can be seen to increase 
approaching the particle surface. However, the local lattice parameters 
are uniformly distributed in the inner four triangle layers. One of the 
reasons might be that the finite size of the nanoparticle leads to surface 
lattice relaxations. In addition, the PtCo3 nanoparticles have been re
ported to have a ‘core-shell’ effect on the composition distribution [16]. 
Thus, the composition variations across the nanoparticle are also 
considered as a contributor to its distortion behaviour. A detailed study 
correlating composition changes to strain is beyond the scope of this 

paper, but will be reported in a forthcoming paper. 

7. Conclusions 

In this work, first, it has been shown that the difference between the 
measured 2D displacements and the real projected 3D displacements of 
the strained layers for nanoparticles is sufficiently small to allow for the 
strain analysis from atomic-resolution ADF STEM images. A technique 
for the atomic site-specific deformation analysis on nanoparticles is then 
proposed. The variables defining the deformation of materials at atomic 
scale are presented and compared. The displacement vector on each 
atomic site is not effective for the local deformation analysis of nano
particles because the measurements heavily rely on the shift, rotation, 
shearing and scaling of the reference grid. The differential displacement 
and strain tensor are robust to the rigid-body shift of the reference grid. 
Rotation of the reference grid can transform the normal strains to the 
shear strains (εxy and ωxy), and vice-versa. Thus, measuring the strain 
tensor is not straightforwardly applied for the visualization of the local 
deformation behaviour of materials. The differential displacement (Δu1 
and Δu2) can directly express the differential of the local distortion with 
both magnitude and direction. However, the principal strain (εmax and 
εmin) is robust to both the rigid-body shift and rotation of the reference 
grid. It provides information about the maximum local normal strain 
and its direction. Unlike the other deformation parameters, the local 
lattice parameter that is independent of the reference grid, as long as the 
image magnification is accurate, is the absolute value of the local 
distortion, but it cannot give information about the distortion direction. 
Thus, measuring local lattice parameter together with either differential 
displacement or principal strain mapping enables us to comprehensively 
understand the distortion behaviour of nanoparticles. 

Next, to understand how the rotation, shearing and scaling of the 
reference grid influence the strain tensor measurements, strain mapping 
on the simulated strained Pt nanoparticle using three different reference 
grids is compared. It has been found that although the absolute values of 
the strain components rely on the reference grid, the different reference 
grids only add a series of uniform offsets to the strain variations. Also, 

Fig. 12. (a) The measured displacement map, (b) the differential displacement map, (c) the principal strain map and (d) the local lattice parameter map of an 
experimental PtCo3 nanoparticle. (e) The measured local lattice parameters vs triangle layers. 
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the reliability of the proposed strain analysis approach on the simulated 
Poisson-distributed ADF images under the different electron doses is 
studied. The Poisson noise under the high electron dose has a negligible 
impact on atomic column position detection. A high accuracy of 1 pm for 
the displacement measurements and a precision of 5 ×10− 3 for the strain 
measurements can be achieved under the commonly-used experimental 
conditions. This methodology is able to provide a robust strain analysis 
on the non-rigid aligned experimental ADF STEM images. 

Finally, quantitative results of the strain analysis on an experimental 
PtCo3 nanoparticle are reported. Compared with the centre of the 
nanoparticle, the presence of the expansion strain is mainly detected at 
the near-surface region. This deformation behaviour is likely introduced 
by the finite size and composition variations of the nanoparticle. The 
precise measurements of the local lattice parameter will significantly 
improve the comprehensive understandings in terms of the catalytic 
performance. In future works, the measured strain distribution will be 
related to local composition variations and catalytic activity of the Pt-Co 
nanoparticles. 
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[2] H.A. Gasteiger, N.M. Marković, Just a dream—Or future reality? Science 324 
(5923) (2009) 48–49. 

[3] R.M. Heck, R.J. Farrauto, S.T. Gulati, Catalytic Air Pollution control: Commercial 
Technology, John Wiley & Sons, 2016. 

[4] J.X. Wang, H. Inada, L. Wu, Y. Zhu, Y. Choi, P. Liu, W.-.P. Zhou, R.R. Adzic, Oxygen 
reduction on well-defined core− shell nanocatalysts: particle size, facet, and Pt 
shell thickness effects, J. Am. Chem. Soc. 131 (47) (2009) 17298–17302. 

[5] V. Stamenkovic, B.S. Mun, K.J. Mayrhofer, P.N. Ross, N.M. Markovic, J. Rossmeisl, 
J. Greeley, J.K. Nørskov, Changing the activity of electrocatalysts for oxygen 
reduction by tuning the surface electronic structure, Angew. Chem. 118 (18) 
(2006) 2963–2967. 

[6] L. Gan, M. Heggen, R. O’Malley, B. Theobald, P. Strasser, Understanding and 
controlling nanoporosity formation for improving the stability of bimetallic fuel 
cell catalysts, Nano Lett. 13 (3) (2013) 1131–1138. 

[7] T.N. Pingel, M. Jørgensen, A.B. Yankovich, H. Grönbeck, E. Olsson, Influence of 
atomic site-specific strain on catalytic activity of supported nanoparticles, Nat. 
Commun. 9 (1) (2018) 1–9. 

[8] S.E. Temmel, E. Fabbri, D. Pergolesi, T. Lippert, T.J. Schmidt, Investigating the role 
of strain toward the oxygen reduction activity on model thin film Pt catalysts, ACS 
Catalysis 6 (11) (2016) 7566–7576. 

[9] J. Wu, P. Li, Y.-T.F. Pan, S. Warren, X. Yin, H. Yang, Surface lattice-engineered 
bimetallic nanoparticles and their catalytic properties, Chem. Soc. Rev. 41 (24) 
(2012) 8066–8074. 

[10] C. Solliard, M. Flueli, Surface stress and size effect on the lattice parameter in small 
particles of gold and platinum, Surf. Sci. 156 (1985) 487–494. 

[11] P. Strasser, S. Koh, T. Anniyev, J. Greeley, K. More, C. Yu, Z. Liu, S. Kaya, 
D. Nordlund, H. Ogasawara, Lattice-strain control of the activity in dealloyed 
core–shell fuel cell catalysts, Nat. Chem. 2 (6) (2010) 454–460. 

[12] L. Bu, N. Zhang, S. Guo, X. Zhang, J. Li, J. Yao, T. Wu, G. Lu, J.-.Y. Ma, D. Su, 
Biaxially strained PtPb/Pt core/shell nanoplate boosts oxygen reduction catalysis, 
Science 354 (6318) (2016) 1410–1414. 

[13] S. Zhang, X. Zhang, G. Jiang, H. Zhu, S. Guo, D. Su, G. Lu, S. Sun, Tuning 
nanoparticle structure and surface strain for catalysis optimization, J. Am. Chem. 
Soc. 136 (21) (2014) 7734–7739. 

[14] J. Aarons, L. Jones, A. Varambhia, K.E. MacArthur, D. Ozkaya, M. Sarwar, C.-. 
K. Skylaris, P.D. Nellist, Predicting the oxygen-binding properties of platinum 
nanoparticle ensembles by combining high-precision electron microscopy and 
density functional theory, Nano Lett. 17 (7) (2017) 4003–4012. 

[15] J. Gavartin, M. Sarwar, D. Papageorgopoulos, D. Gunn, S. Garcia, A. Perlov, 
A. Krzystala, D.L. Ormsby, D. Thompsett, G. Goldbeck-Wood, Exploring Fuel Cell 
Cathode Materials: a High Throughput Calculation Approach, ECS Trans. 25 (1) 
(2009) 1335. 

[16] T. Ellaby, A. Varambhia, X. Luo, L. Briquet, M. Sarwar, D. Ozkaya, D. Thompsett, P. 
D. Nellist, C.-.K. Skylaris, Strain effects in core–shell PtCo nanoparticles: a 
comparison of experimental observations and computational modelling, Phys. 
Chem. Chem. Phys. 22 (42) (2020) 24784–24795. 

[17] D. Cooper, T. Denneulin, N. Bernier, A. Béché, J.-.L. Rouvière, Strain mapping of 
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