
 
 

 
Characterisation of Armour Ceramics at the 

Microstructural Scale for Modelling of Impact 

 

 

 

Jiawei Jiang 

Corpus Christi College 

Department of Materials 

University of Oxford 

 

Supervised by:  

Professor Richard Todd, Professor Nik Petrinic 

Doctor of Philosophy 

Trinity Term 2020  



1 | P a g e  
 

Abstract 

The present DPhil thesis aims to provide new insights into the deformation and failure mechanisms of 

armour ceramics by carrying out experimental investigations at the microstructural scale, which can 

be integrated into numerical modelling to enhance its predictive capability for ceramic armour designs. 

Grain size distributions of polycrystalline alumina with varying microstructures were characterised 

precisely by employing the method of digitising grain contours from SEM images. The experimental 

results were incorporated to develop an innovative algorithm for generating representative numerical 

microstructures, and to validate the numerical models via a novel method of virtual cross sectioning. 

The effect of shear stresses on brittle failure of grain boundaries was investigated by measuring the 

strengths of grain boundaries of alumina in combined normal and shear loading. The contribution of 

the shear component was found to be significant, which overthrew known theories usually adopted 

in micromechanical modelling that assume otherwise. 

Progress towards making reliable toughness measurements of individual microstructural components 

was made by allowing for, or avoiding the effect of focused ion beam (FIB) damage at notch roots 

through the following methods. 

(a) Enabling stable crack growth allowed the stress intensity factor for crack propagation Kp to be 

measured reliably in Al2O3 and SiC. Kp measured in vacuum represented Kc, giving values of 2.8 

MPa∙m1/2 for a-plane sapphire. Kp measured in air was 1.8 MPa∙m1/2 for both a- and m-plane sapphire, 

and 2.2 MPa∙m1/2 for (1100) plane SiC. The value was reduced substantially by moisture-assisted 

subcritical crack growth (SCG) and was close to K0, with crack velocities on the scale of 10-8 m/s. 

Additionally, cyclic loading tests in vacuum demonstrated the self-healing of interfaces in alumina. 

(b) Clarification of the extent of the effect of the implantation damage. First, a microstructural 

investigation of Ga+- and Xe+-FIB damage induced in Al2O3 and SiC exhibited the formation of 

amorphous and crystalline damaged layers, which were determined by the combination of ion species, 

target material and FIB settings. GaAlO3 particles and Xe bubbles were found in Al2O3 implanted by 

Ga+ and Xe+, respectively. Second, Ga+ and Xe+ implantation stresses (IS) were quantified in Al2O3, SiC 

and Si using a beam-curvature method, and were mostly on the scale of GPa. With increasing ion dose, 

while the Ga+ IS in Al2O3 and SiC remained compressive, Ga+ IS in Si and Xe+ IS in Al2O3 and SiC transited 

from compressive to tensile. For fracture toughness measurement, Ga+-FIB was recommended for 

notching all three materials investigated. 
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Chapter 1. Introduction 

 

Ceramic materials have been used in armour systems for personnel and vehicles (ships, tanks, aircraft, 

land vehicles, space shuttles, space stations) for decades[1-5] [6]. The properties that make ceramics well 

suited to armour applications include: their high hardness (effective at stopping ballistic projectiles), 

low density compared to metals (higher mobility, manoeuvrability and cargo capability), as well as 

high compressive strength (resistant to impact which involves significant compressive loading). 

Moreover, the possibility to be made transparent makes ceramics a suitable choice for face shields 

and windows of armoured vehicles.[7] 

Despite the extensive application of ceramics in armour systems, the understanding of the failure 

mechanisms of ceramics upon impact is still limited and non-systematic at present.[6] The UNICAM 

(Understanding and Improving Ceramic Armour Materials) project was therefore initiated by Dstl 

(Defence Science and Technology Laboratory, UK Ministry of Defence). The first part of the UNICAM 

research program, UNICAM I, progressed the development of both experimental[8-10] and modelling[11, 

12] methodologies to a certain extent, laying a foundation for the second part of the research project 

– UNICAM II. The overall objective of UNICAM II is to better understand ceramic materials for armour 

applications as well as to enhance predictive modelling capability for ceramic armour designs.  

The present DPhil study, an experimental work package of UNICAM II, aimed to provide new insights 

into the deformation and failure mechanisms of armour ceramics by carrying out experimental 

investigation at the microstructural scale, coupled with a simultaneous and interactive development 

of informative modelling methodologies.  

The planned work included: (i) microstructural characterisation, mechanical and thermal property 

measurement, and static- and ballistic-indentation behaviour assessment of four materials (Al2O3, SiC, 

B4C and SiC-B4C composites) for generating predictive numerical models; (ii) experiments to enable 

back calculation of quantities relating to microstructure and mechanical properties that could not be 
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measured directly (e.g. defect distribution, critical resolved shear stress) using the models developed 

in (i), and (iii) validation of the modelling against suitable experiments. 

However, the work did not go as originally planned due to unforeseen circumstances, specifically that 

the modelling effort in the UNICAM II was redirected at the request of the sponsor and was therefore 

not able to provide extensive interaction in the collaborative work. Additionally, there were 

unexpected technical difficulties with the numerical homogenisation work package. The back 

calculation of unobservable parameters and ‘validation of the modelling’, which were to have been 

the main areas of scientific novelty, were therefore not possible. As a result, a high percentage of the 

work planned and, in most of the cases commenced, by the present DPhil candidate was not possible, 

and alternative scientific work was designed and conducted, which was still connected with the 

original idea of enabling reliable modelling. 

The time-consuming work that had been carried out by the present author near the beginning of the 

project but was not followed up due to the redirection of the project and the lack of modelling to 

interact with, included but was not limited to: 

-  A series of Hertzian indentation tests on Al2O3 and SiC armour plates for the measurement of 

surface pre-existing flaw sizes, linking the impact behaviour of the ceramics with the defect 

distributions in these materials.  

- Rockwell indentation on alumina and extensive characterisation including 3D X-ray 

tomography, 3D reconstruction of the residual profile using profilometry, SEM examination, 

testing and characterisation of split-bonded specimens, macroscopic 3D reconstruction of 

damage zone by serial sectioning at AFRL, for validation of the model and for back calculation 

of parameters relating to plasticity. 

- Design and production of special miniature test specimens which were tested at high strain 

rate at microscopic scale (i.e. micro-impact tests) at MIT. 
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With the main objective remaining the same (i.e. understanding and improving armour ceramics), the 

present DPhil thesis reports research focused on Al2O3 and SiC, and adopts the following plan: (i) 

microstructural investigation of grain size (Chapter 3), (ii) determination of the strength of grain 

boundaries under combined normal and shear loading and investigation of the effect on failure 

behaviour (Chapter 4), (iii) measurement of stress intensity values at the microstructural scale during 

stable crack propagation in air and under vacuum, and  investigation of subcritical crack growth 

(Chapter 5), (iv) investigation of factors involved in the reliable measurement of fracture toughness at 

microscale through characterisation and quantification of FIB ion implantation damage (Chapter 6 and 

7). Only items (i) and (ii) were part of the original project plan. 

Before describing this research, the relevant literature is reviewed in Chapter 2. Starting with literature 

on ceramic armour systems and materials of interest in the present research, microstructural and 

macroscopic numerical modelling of ceramics is then discussed. Thereafter, the literature on strength 

of grain boundaries is presented. Finally, fracture toughness measurement at the microstructural scale 

is discussed, together with previous work on influential factors including moisture-assisted sub-critical 

crack growth and FIB ion implantation damage. 
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Chapter 2. Literature Review and Aim of the Research 
 

2.1 Ceramic armour 

2.1.1 Ceramic amour system 

A typical ceramic armour system consists of two main layers – a ceramic strike face and backing (Fig. 

2.1).[13] 

 

Figure 2.1. Illustration of typical ceramic armour system 

The strike face is made of a single monolith or a mosaic-like array of ceramic tiles (Figure 2.2). Having 

a hardness much higher than that of metals which projectiles are often made of, the ceramics can 

fracture projectile tips, absorb and dissipate the kinetic energy of projectiles through brittle failure, 

and improve impact pressure distribution in the following layers.[14] 

 

Figure 2.2. Armour ceramics in the shapes of (a) square, (b) cylinder, and (c) hexagon. From reference [15] 

Although ceramics have desirable impact-defeating properties (i.e. high bulk and shear moduli, high 

yield stress to resist deformation, high compressive strength, etc.), they suffer from low tensile 
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strength. In order to optimise protection capability, ceramics need to be backed by a material with 

better tensile properties, i.e. a backing plate. 

Backing is made of ductile and flexible materials, such as fibre reinforced polymer matrix composites, 

ultra-high-molecular-weight polyethylene, rubber, or metals.[16] Its function is to physically support 

the ceramic layer, and more importantly, to stop residual fragments of a projectile and the strike face 

by absorbing their kinetic energy via plastic deformation. 

Ceramic tiles and the backing layer are bonded together by adhesive and interfacial materials[17-19], 

which will not be further discussed here. 

2.1.2 To defeat what? 

Ceramic armour is often employed to defeat high-level threats, including  arms fire[20, 21], medium to 

long-rod penetrators and shaped charge jets[14, 22-24].  

The dominant ceramic failure mechanism against each type of threat can be different.[25] The shocks 

generated by arms fire or long penetrators are comparable to the strength of ceramics. However, the 

shock strength of shaped charges, or orbiting space junk if we think further, are so high that materials 

strength becomes insignificant and the problem reduces to one of compressive hydrodynamic flow.[14] 

Shaped charges also bring additional loading from blast and fragments by exploding warheads, which 

needs to be taken into consideration.[26] 

2.1.3 Projectile impact and penetration mechanisms 

The process of a ballistic impact against ceramic armour (Figure 2.1) can be described by the following 

steps: [6, 14, 25, 27, 28]  

(i) High-velocity projectile impacts the ceramic strike face and imparts its kinetic energy. Exhibiting a 

“dwell” [29-32] period, the projectile does not penetrate into the ceramic but is shattered or deformed 

into a blunt mushroom shape[13, 33] through ductile deformation. The mushrooming effect reduces the 

local stress in the target and involves more target mass to defeat the projectile. If the impact velocity 
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does not exceed the so-called “transition velocity”[34, 35], the projectile may be entirely eroded without 

penetration[29], known as “interface defeat”[28, 31, 36-39]. 

(ii) A shockwave is launched into the ceramic, followed by a propagation front of fracture.[14] Radial 

and/or cone cracks are formed ahead of the impactor, with the cracks tending to follow trajectories 

of maximum tensile stress.[40] 

(iii) The projectile advances into the ceramic, being eroded, deformed or shattered as it penetrates.   

The fragments of the ceramic will likely remain in place and still have high hardness albeit in small size, 

therefore keeping wearing away the projectile that continues to penetrate.[14] 

(iv) The stress in the backing at the central impact zone increases as the projectile advances. The 

crushed ceramic fragments/powders exert bulking pressure[41] on the surrounding material, which 

deforms the backing.  

(v) If the protection system is successful, fragments of the projectile and ceramic reaching the backing 

are stopped. The backing may be deformed to a certain extent, with a residual but acceptable 

momentum transferred to the armoured wearer or equipment.[14] 

2.2 Materials 

The main criteria considered for the selection of ceramics for armour application include the type of 

threat to be defeated, level of threat, weight, volume requirement and cost.[6] There is no single ‘best’ 

armour material due to the wide range of design criteria. Currently, the most common armour 

ceramics are alumina, silicon carbide and boron carbide (Table.2.1).[16]  

Table 2.1. Fundamental properties of Al2O3, SiC and B4C [5, 6, 42-46] 

Material 
Theoretical density 

[g/cm3] 

Elastic modulus 

[GPa] 

Hardness HK2kg 

[GPa] [6] 
KIC [MPam1/2] 

Al2O3 3.99 370 – 390 ~1300 4 – 5 

SiC 3.21
 

380 – 430
 

~1900 3 – 6 

B4C 2.52
 

420 – 460
 

~2000 2 – 3 
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Al2O3 and SiC are the main materials of interest in the present research. Si is briefly involved in the 

studies for referential purpose. 

2.2.1 Aluminium oxide 

Aluminium oxide (Al2O3, or alumina) is a widely used armour ceramic. α-Al2O3 is the most common 

polymorph for general engineering use. Sapphire refers to its single crystal form. The basic crystal 

structure of α-Al2O3 (Fig.2.3) is trigonal in the space group R3c.[47] Because the oxygen sublattice is 

arranged in a pseudo-hexagonal close-packed structure with Al occupying 2/3 of the octahedral 

interstices, a hexagonal cell and four-index Miller-Bravais notation are usually used for describing 

sapphire’s crystal structure.[48] The Al planes have a similar hexagonal close-packed arrangement but 

with 1/3 of the sites vacant.[49] The lattice parameters of the structure are a=4.758 Å , c=12.991 Å.[50] 

 

Figure 2.3. (a) The crystal structure of sapphire. The big blue spheres represent Al atoms. The small red spheres represent O 

atoms. Each Al is octahedrally neighboured by six O while each O is coordinated with four Al. Reprint from[51] (b) The Al 

sublattice structure of α-Al2O3. The red and green dots represent Al cations and Al vacancies respectively. The oxygen planes 

intercalated with the aluminium planes are not shown in the present figure. Four main crystal planes in its structure are 

illustrated: a-, c-, m- and r-planes. Reprint from[49]. 

Strong interatomic bonding provides Al2O3 with favourable properties such as chemical and thermal 

stability, electrical and thermal insulating characteristics and high hardness.[52] The theoretical density 

of sapphire is 3.99 g/cm3 at room temperature.[53] The melting point is 2325 K.[54]  

(a) (b) 
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2.2.1.1 Elastic properties 

There are six independent elastic constants (or compliances) for sapphire.[55] Table.2.2 lists the 

accepted values of elastic constants cij and elastic compliance sij for alumina[56], which are applied 

thoroughly in the present thesis. 11, 22 and 33 correspond to a-, m- and c-axis respectively, as 

illustrated in the Fig. 2.4. 

Table 2.2. Accepted values of stiffness constants cij and compliance constants sij for α-Al2O3. From [56] (The unit of the 

compliance constants were mistaken in the source paper [56] as 10-11 MPa-1, which is corrected to 10-12 Pa-1 here.) 

 109 Pa  10-12 Pa-1 

c11 497 s11 2.35 

c12 163 s12 -0.70 

c13 116 s13 -0.38 

c14 22 s14 -0.48 

c33 501 s33 2.16 

c44 147 s44 6.93 

 

 

Figure 2.4. The stereographic projection of specimen a-, m- and c-axis in the c-plane. Re-produced from[55] 
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2.2.1.2 Manufacturing and application 

Using alumina power produced via the traditional Bayer process,[57] the alumina armour plates are 

typically manufactured by solid state sintering,[58] which heats the ‘green’ compact to the temperature 

ranging between approximately 1000 °C and 1600 °C[59]. 

Alumina is widely used for body and vehicle armour due to its low manufacturing cost. However, it is 

well known that alumina underperforms SiC or B4C in terms of ballistic performance[60] due to its 

relatively lower hardness and higher density which is associated with a significant weight penalty.[61] 

Researchers are working on improving the properties of alumina by means such as introducing 

zirconia[62, 63] or manufacturing ceramic matrix composites (CMC).[64]  

2.2.2 Silicon carbide 

Silicon carbide’s fundamental structural unit is a tetrahedron consisting of a Si(C) atom surrounded by 

four C(Si) atoms, as shown in Fig.2.5. The four bonds connected to the neighbour atoms are nearly 

pure covalent with contribution of ionic bonding estimated to be ~12%.[65]  

 

Figure 2.5. Basic elements of SiC crystals: tetrahedron containing (a) one C and four Si; (b) one Si and four C. 

The SiC crystal structure exhibits a great variety of stacking sequences of these tetrahedron units, 

known as polytypism.[65] There are over 250 known polytypes of SiC with each having its own distinct 

set of properties.[66] The major ones are usually named using the Ramsdell notation[67] (Fig.2.6): the 

total number of layers contained in a primitive hexagonal unit cell is followed by a letter denoting the 

overall lattice structure (H – hexagonal, C – cubic, R – rhombohedral). For example, ‘6H-SiC’ indicates 
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that there are 6 layers stacked in a certain sequence in the primitive lattice stacking. Among all the 

polytypes, 6H- and 4H- are currently the most common used for armour applications.[66] 6H-SiC has 

the following lattice parameters at room temperature: a=3.081 Å , c=15.117 Å.[68] 

 

Figure 2.6. (a). Top view along [0001] of the SiC hexagonal structure, showing three possible sites (A, B and C) for Si and C 

atoms, from[69]. Side view of five major SiC polytypes from [1120]: (b) 2H-SiC, hexagonal polytype (wurtzite structure) of SiC 

with stacking sequences of AB and purely hexagonal bonds. (c) 4H-SiC, hexagonal structure with stacking sequence of ABCB, 

consisting of 1/2 cubic and 1/2 hexagonal bonds. (d) 6H-SiC, hexagonal polytype stacked in sequence of ABCACB with 2/3 

cubic and 1/3 hexagonal bonds. (e) 15R-SiC, rhombohedral crystal structure with stacking sequence of ABCACBCABACABCB, 

composed of 3/5 cubic bonds and 2/5 hexagonal bonds. (f) 3C-SiC, the only cubic polytype (zinc blende structure) of SiC. The 

Si atoms labelled ‘h’ or ‘k’ denote Si-C bilayers that reside in quasi-hexagonal or quasi-cubic structures with respect to their 

adjacent above and below bilayers. From reference[66] 

 

 

 

 

(b)                              (c)                               (d)                                     (e)                                   (f) 

(a) 
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2.2.2.1 Elastic properties 

For 6H-SiC, c14 and s14 are both equal to 0. The room temperature elastic constants of 6H-SiC, the 

polytype that is used in the present project, are listed in Table.2.3. 

Table 2.3. Stiffness constants cij and calculated compliance constants sij of 6H-SiC at room temperature, based on the 

measurement from reference[70] 

 109 Pa  10-12 Pa-1 

c11 501 (± 4) s11 2.112 

c12 111 (± 5) s12 -0.452 

c13 52 (± 9) s13 -0.156 

c33 553 (± 4) s33 1.838 

c44 163 (± 4) s44 6.135 

2.2.2.2 Manufacturing and application 

Different manufacturing methods lead to different microstructures and properties of SiC.[6, 65] (i) SiC 

made by pressureless solid state sintering (SSS) usually has grain sizes varying significantly from small 

(3-5 µm) to large (>20 µm), and contains 1-3% porosity.[71-75] It exhibits good high-temperature creep 

and oxidation resistance[76, 77] but poor fracture toughness (3-4 MPa·m1/2) with highly-flaw-sensitive 

strength[78] at room temperature. (ii) Pressureless liquid-phase sintered (LPS) SiC can exhibit equiaxed 

fine microstructures (grains of 1-2 µm) and low porosity (1-2%) due to typically low sintering 

temperatures. A glassy oxide minor phase (5-10%) is often found at triple joints of LPS-SiC grains.[71, 79, 

80] (iii) Hot pressed (HP) SiC has low porosity  and fine microstructure.[81, 82] (iv) Reaction bonded (RB) 

SiC[83] has large (10-50 µm) grains, typically no porosity. A silicon minor phase is always present in RB-

SiC, which may undergo a pressure-induced phase transformation[84]and adversely affect the ballistic 

resistance.[6] While hot-pressing results in a harder ceramic, which is optimal for resisting single-hit, 

reaction-bonding often produces ceramics with better multi-hit performance.[85] 
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In terms of fracture mode, SSS-SiC is dominated by transgranular fracture, while HP-SiC and LPS-SiC 

exhibit predominantly intergranular fracture.[6] 

Unlike boron carbide, SiC is a line compound and does not undergo amorphisation under high applied 

dynamic pressures. As a result, SiC is sometimes preferred against B4C when facing high impact 

pressures, despite its lower hardness and higher density.[6, 83, 86-92] 

2.2.3 Silicon 

Silicon is used as a reference material in ion implantation damage investigation in the present thesis. 

Each atom bonds covalently to four other atoms of the same element (i.e. Si), forming regular 

tetrahedrons (Fig.2.7), with lattice constant of aSi=5.431 Å.[50] 

 

Figure 2.7. The crystal structure of silicon, fcc, with the black balls representing Si atoms. 

As cubic crystals, silicon has only 3 independent elastic constants: c11, c12 and c44. The room 

temperature elastic constants of Si are listed in Table. 2.4. 

Table 2.4. Stiffness constants cij and compliance constants sij of silicon at 25°C. From reference [93] 

 109 Pa  10-12 Pa-1 

c11 165.64 s11 7.691 

c12 63.94 s12 -2.142 

c44 79.51 s44 1.258 
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2.2.4 Material properties vs. ballistic performance 

To date, correlating a single material characteristic with ballistic performance has not been achieved 

due to the dynamic nature of an event occurring on very short timescales and involving largely varying 

dynamic loads.[15, 28, 42, 85, 94]  

Several representative material properties are listed in Table.2.5 along with their commonly 

understood roles in ballistic protection and measurement methods. 

Table 2.5 Material properties and their roles in ballistic performance 

Property Role/Effect in ballistic performance[6] Measurement method 

Microstructure (grain size, 

porosity, minor phase, stress-

induced phase transformation 

or amorphisation) 

Affects the other properties listed in 

the present table. 
SEM, TEM, XRD, etc. 

Density Weight of the armour system Archimedes method 

Hardness[95] 
Damage to the projectile, penetration 

resistance 

Knoop hardness test[96] 

Vickers hardness test[97] 

Elastic modulus 
Stress wave propagation, 

projectile damage during dwell 
Resonance method[98-100] 

Strength Multi hit resistance, fracture type Four-point bending[101] 

Fracture toughness (KIC) Multi hit resistance, field durability 

Bending specimens with pre-

developed cracks[102] 

Indentation tests at micro- or 

macro-scale 

Fracture mode (inter- vs. trans-

granular) 
Energy absorption 

Quasi- or high-speed 

indentation, bending test 

Defect distribution Source of cracking Hertzian indentation 
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Some of the properties are further discussed as follows. 

 Microstructure 

Microstructure has a notable influence on ceramic ballistic performance by affecting the following 

mechanical properties and behaviour.[103]  (i) Grain size affects numerous mechanical properties of 

ceramics[104], such as hardness[105], strength[16, 105-108], and fracture toughness[109]. (ii) Less porosity[110] 

leads to higher hardness of bulk materials. (iii) Tougher grain boundaries can potentially improve 

overall mechanical properties. (iv) Microstructure also dominates the mode of fragmentation, which 

governs both the duration of the dwell period and the abrasive efficiency of ceramic debris in the 

subsequent penetration phase.[103] For instance, single crystal alumina has a higher hardness and 

elastic modulus than polycrystalline alumina, but it shows a weaker ballistic efficiency due to its finer 

fragmentation accompanied by high crack density.[103]. In an armour system, larger and coarser 

fragments are desirable since it is harder to move them out of the way and thus provides a higher 

penetration resistance while more severely abrading the penetrator.[85, 103, 111, 112] 

 Hardness 

It is widely accepted[36, 113, 114] that the hardness of a target ceramic dominates the level at which the 

projectile is fragmented or eroded.[115-117] However, the relationship can be altered by the backing 

material.[118, 119] For instance, a steel backing enhance the positive influence of an increasing hardness 

of alumina whereas the opposite is true using aluminium backing[120], which could be explained by the 

low dynamic stiffness of Al alloy[103]. 

 Elastic modulus 

High elastic modulus results in high ballistic resistance by extending dwell interaction and by forming 

a beneficial fragmentation mode with less cracks.[103] It is because a higher elastic modulus gives a 

faster speed of stress wave propagation, which actives a larger area. Young’s modulus may not remain 

constant during the impact[103] due to the alterations in lattice structures[121-125]. 
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 Fracture toughness 

A high fracture toughness can minimise the shattering of the ceramic upon impact and therefore be 

useful in resisting multiple hits.[6, 126] However, optimising fracture toughness does not necessarily 

result in a better armour ceramic[16, 85] as a higher toughness usually comes at the cost of lower 

hardness.[71] 

 Strength 

If shock pressure of the impact is at the lower or quasi-equal level of the material strength, the target 

ceramic will respond by forming a typical cone which spreads the load over a larger area. Contrarily, 

the ceramic will fail in the form of a hole, similar to the impact behaviour of metals.[14] Failure strength 

is highly linked to the critical flaw size[127, 128] and the inherent toughness of ceramics.[129] 

2.3 Numerical modelling of ceramic armour 

Reliable modelling at both micro- and macro-scale is crucial in ensuring the predictive capability of the 

numerical models for the ballistic response of ceramic armours. 

2.3.1 Generation of microstructure in numerical models 

For the simulation of polycrystalline materials, reproducing microstructural features accurately in the 

numerical models is fundamental for ensuring the reliable prediction of materials’ mechanical 

behaviour. This is particularly important for brittle materials, such as ceramics, due to the fact that 

their failure is dominated by crack propagation mechanisms that depend strongly on the local 

microstructural features.[130, 131]  

Voronoi tessellation is a commonly applied method for the generation of polycrystalline 

microstructural models, providing an analytical formulation that is able to reproduce the non-

regularity of polycrystalline morphologies.[132] Among the several variations of the Voronoi tessellation 

algorithm, the classic Voronoi is the most widely used one due to the excellent compromise that it 

offers between representativeness and simplicity of formulation.[133] 
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As the first step of Voronoi tessellation, a finite set of N nuclei are positioned arbitrarily in the three-

dimensional space Ɍ3. Secondly, the Voronoi tessellation decomposes the space Ɍ3 into one cell per 

nucleus, which consists of all the points closer to the master nucleus than to any other nucleus. A 

boundary plane is then formed between two neighbouring nuclei, which is located at the middle of 

and also perpendicular to the line connecting them (called ‘Delaunay triangulation’). An illustration of 

the tessellation is shown in Figure 2.8. 

 

Figure 2.8. 2D Illustration of Voronoi tessellation. The red circles represent the arbitrarily-positioned nuclei. The dashed lines 

show the Delaunay triangulation and the solid lines are the associated boundary planes. Reproduced from reference[134] 

Mathematically, the classic Voronoi can be expressed as in Eq.2.1. 

 
{𝑅𝑃𝑖

} = {𝑥 ∈ Ɍ3: ‖𝑃𝑖 − 𝑥‖  ≤ ‖𝑃𝑗 − 𝑥‖} 

j= 1, 2, …, N: j ≠ i 

(2.1) 

where Pi and Pj are the positions of the i-th and j-th nucleus respectively, 𝑅𝑃𝑖
 is the cell associated to 

the nucleus Pi, and x is the position of a generic point in the space R3. 

Eq.2.1 shows that the classic Voronoi tessellation generates intersections of exactly-half spaces, which 

therefore cannot represent the wide range of real grain sizes nor the presence of large grains within 

the microstructure. 

In order to overcome the limit of the classic Voronoi, the methodology has been further developed 

based on the Laguerre-Voronoi technique to enable the control over the size and shape of the cells, 

allowing for a more accurate simulation of polycrystalline microstructures. 
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The main modification from classic- to Laguerre-Voronoi is the definition of ‘distance’: in place of the 

Euclidean distance used in the classic Voronoi formulation, the Laguerre-Voronoi tessellation 

introduces the so-called power distance, which is defined in the following formulation. 

 𝑝𝑜𝑤(𝑥, (𝑃𝑖, 𝑤𝑖)) = ‖𝑃𝑖 − 𝑥‖2 − 𝑤𝑖 
(2.2) 

where wi is the weight associated to the i-th nucleus.  

The weights (w) are interpreted as the square of the sphere radius (r) (i.e. 𝑤𝑖 = 𝑟𝑖
2), which allows the 

formulation of the Laguerre-Voronoi tessellation to be written as in Eq.2.3. 

 
{𝑅𝑃𝑖

} = {𝑥 ∈ Ɍ3: ‖𝑃𝑖 − 𝑥‖2 − 𝑟𝑖
2  ≤ ‖𝑃𝑖 − 𝑥‖2 − 𝑟𝑗

2} 

j= 1, 2, …, N: j ≠ i 

(2.3) 

where x is the position of a generic point in Ɍ3; wi is the weight of the generic i-th nucleus located at  

Pi, and wj is the weight of the generic j-th nucleus located at Pj. Please note that, if all the weights are 

equal, the Laguerre Voronoi tessellation becomes equivalent to the classic Voronoi tessellation. 

While Laguerre-Voronoi modification improves the control over the outcome of the tessellation, 

additional degrees of freedom are added to the system, leading to the loss of biunivocal relation 

between final tessellation and nuclei seeding. As a consequence, the following degenerated conditions 

may occur (visual examples are illustrated in Fig.2.9). 

- Cells do not necessarily contain their corresponding nuclei (e.g. cell i does not contain the 

nuclei Pi). 

- Cells may contain multiple (or zero) nuclei (e.g. cell j contains nuclei i, j and k). 

- Not every nucleus necessarily generates a cell (e.g. nucleus Pk does not generate any cell). 
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Figure 2.9: Illustration of a grain boundary (red line) between cell i (left) and cell j (right) generated by the nuclei Pi and Pj. 

These undesired conditions may affect the quality of the final tessellation and hinder the further 

discretisation procedure required to generate finite elements models of microstructures.  

In order to assure that every nucleus generates a cell and lies within it, an innovative method for 

efficiently generating dense packing of spheres is developed by imposing a non-overlapping condition 

on the spheres representing the weights of the nuclei, as presented in Chapter 3. 

2.3.2 Continuum macroscopic constitutive models 

Significant progress has been made on modelling capabilities over the past two decades[135], in terms 

of both material constitutive behaviour in its initial undamaged condition[136, 137] and evolution of 

damage[138-143]. They provide a useful and previously unavailable test-bed for refining theoretical 

notions on dynamic damage and for interpreting experimental data. However, the current 

computational capability is not yet reliably predictive, with further development required.  

Considering that most of the parameters in the existing macroscopic constitutive models for ballistic 

impact are essentially empirical, the UNICAM II project therefore aimed to incorporate the mechanical 

properties of microstructural components and real microstructures obtained from reliable tests and 

characterisations to enhance the predictive capability of the models for ceramic armour applications. 

The present experimental work thus took the responsibility of identifying the dominant features, 
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properties, physical processes and mechanisms for the models to capture, conducting and analysing 

the relevant tests to provide the models with empirical data. 

The continuum models can be categorised into the following two groups.[12] 

(i) Isotropic models 

The models developed by Johnson and Holmquist (commonly known as JH1[144], JH2[145] and JHB[146]) 

are widely used in the simulation of ceramics behaviour, including their extensive application in 

ceramic armour design[147, 148]. Among these, JH2 is the one that is commercially favoured and is also 

the only JH model that takes into account the gradual decay of material strength caused by the 

increasing severity of damage.[146] The input of parameters in the JH models relies on empirical metrics, 

often coupled with polynomial fits of results. 

As another well-known isotropic model for ceramics, the model developed by Simha[149] predicts the 

damage propagation by an explicit function of time and effective stress, with the coefficients of the 

function calibrated with empirical quantities. 

Additionally, a micro-mechanics based 3D constitutive model featuring inelastic deformation and 

fracture of ceramics was developed by Deshpande and Evans[141]. For the purpose of simplification, 

cracks are considered to be identical, independent and uniformly distributed. The propagation of 

cracks from initial defects depends on the stress state, fracture toughness and characteristics of the 

defects. The combined effects of micro-crack growth and plastic slip are taken into account. 

The assumption of isotropic evolution of damage, which offers great simplicity in computing, is usually 

justified by proving that upon high-speed test where the target ceramic is deformed rapidly to a 

comminuted state, the effect of the anisotropy is negligible[150].  

(ii) Anisotropic models 

An orthotropic evolution of damage was first presented in the model developed by Denoual and 

Hild[151]. The degree of anisotropy increases to a higher level in Espinosa’s model[152, 153], in which the 

damage can propagate in a theoretically-indefinite number of arbitrary directions. This multi-plane 
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microcracking model is capable of demonstrating shear dominated failure which appears in almost all 

dynamic confined compression experiments.[154] Later on, a fully anisotropic model was developed by 

Riou[155] based on the experimental observation of damage evolution and characterisation of stress 

fields, which is capable of evaluating the maximum damage direction. 

Anisotropic models comes at a price of higher computational cost due to the increased complexity of 

formulations and parameter extrapolations. However, the implementation of the anisotropic failure 

mechanism is of great importance if the realistic crack initiation and propagation, or if the physical 

properties of the ceramic are highly linked to the constitutive model for exploration and/or validation. 

2.4 Microcantilever beam techniques & strength of grain boundaries  

Mechanical property measurements of individual microstructural components (i.e. grains, grain 

boundaries) of armour ceramics are indispensable to a full understanding of properties and impact 

behaviour of the bulk materials, and to enabling the predictability of numerical models. 

2.4.1 Microcantilever techniques 

The microcantilever technique can measure a range of mechanical properties of chosen 

microstructural features in both bulk and thin film samples, including elastic modulus[156-158], plastic 

flow stresses[159], fracture toughness[160], strength[161] and stress corrosion crack growth rate[162].  

The method consists of the milling of microscale cantilever beams using Focused Ion Beams (FIB) 

followed by measurement of the dimensions using Scanning Electron Microscope (SEM) imaging 

before loading to failure near the free end using a nanoindenter. For fracture toughness measurement, 

a FIBed notch is included at a chosen microstructural feature. Selective microetching[163-166] is an 

alternative method to manufacture microcantilevers in certain materials, but could not be applied to 

most ceramics and therefore is not used for these materials. 

The testing of FIBed miniatures can be in a variety of configurations for different micro-mechanical 

measurements,[167, 168] such as three-point bending beams[164, 166], clamped beam bending[169], double 
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cantilever bending[170], pillar splitting[171], etc. The microcantilever[167, 168] is the main configuration 

used in the present research.  

Cross-sections of microcantilevers can be chosen over a wide range. The most common ones are 

triangular[172], pentagonal[160] and rectangular[173]. There are different types of notch as well, for 

example, some notches are formed by milling successively deeper rectangles in the beam followed by 

milling a line in the centre of the notch[160], some are a straight through notch[161], controlled flaws[157, 

161], side-grooves[174] or chevron notch[175], etc.  Notches can be at or away from grain boundaries 

depending on the purpose of study. 

2.4.2 Strength of grain boundaries 

Understanding the contribution of normal and shear strength in the failure of grain boundaries is 

important in investigating the failure mechanisms of polycrystalline ceramics as well as in enabling the 

accurate modelling of intergranular crack propagation within polycrystalline microstructures. 

According to the classical linear elastic fracture mechanics theory[127], the equivalence between the 

mechanical energy release rate G and the stress intensity factor K is expressed as below (with mode 

III excluded), 

 𝐺 =
𝐾𝐼

2

𝐸′
+

𝐾𝐼𝐼
2

𝐸′
 (2.4) 

where KI and KII are the mode I and mode II stress intensity factor respectively, E’=E in plane stress 

and E’=E/(1-ν2) in plane strain. 

The stress intensity factors are in turn dependent on the relevant mode of the stress state (σI and σII 

are uniform applied stresses in Mode I and Mode II respectively), the geometry (with Y being the 

dimensionless geometry term) and the size of initiation defects (c represents the crack length), 

according to Equation.2.5[127]. 

 
𝐾𝐼 = 𝑌𝜎𝐼𝑐

1
2 

𝐾𝐼𝐼 = 𝑌𝜎𝐼𝐼𝑐
1
2 

(2.5) 
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The combination of Equation.2.4 and 2.5 leads to the formulation of the failure criterion expressed in 

Eq.2.6, suggesting that the normal and shear components of the stress have equivalent contributions 

to the intergranular failure of brittle interfaces. 

 (
𝜎𝐼

𝑆
)

2

+ (
𝜎𝐼𝐼

𝑆
)

2

≥ 1 (2.6) 

where S represents intrinsic strength of grain boundary. 

Nevertheless, the existing literature is not necessarily consistent with Eq.2.6. 

Terms SN and ST, representing the normal and shear strength of the grain boundary respectively, are 

introduced to give a little extra freedom by allowing SN and ST to be different, as shown in Eq.2.7, 

which is often applied in numerical modelling failure conditions (e.g. TIEBREAK_CONTACT[176] and 

MAT_COHESIVE_TH (185)[177] in LS-Dyna). 

 (
𝜎𝐼

𝑆𝑁
)

2

+ (
𝜎𝐼𝐼

𝑆𝑇
)

2

≥ 1 (2.7) 

The well-known paper by Zavattieri et al.[178] states that both normal and shear components of grain 

boundary strength need to be taken into account as properties of numerical cohesive interface 

elements, and proposes the cohesive-law model (which describes the evolution of the tensile and 

shear tractions in terms of both normal and tangential displacement jumps), with the non-dimensional 

effective displacement jump defined as in Eq.2.8. 

 𝜆 = √(
𝑢𝑛

𝛿𝑛
)

2

+ 𝛽2 (
𝑢𝑡

𝛿𝑡
)

2

 (2.8) 

where un and ut are the actual normal and tangential displacement jumps at the interface estimated 

by the finite element analysis, δn and δt are critical values at which interface failure takes place, and 

𝛽 =  √
𝐺𝐼𝐼𝑐

𝐺𝐼𝑐
  is the factor that governs the contribution of the shear component. 

Simonovski and Cizelj[179] explore numerically the effect of shear components by comparing the 

fracture behaviour of grain boundaries between 𝛽  = 0 and = 1, which concludes that the ‘shear 
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separation impact is far from negligible’. Although the main mechanism for failure in their work is 

plasticity, which is different from that for brittle fracture of weak interface, it is a good starting point 

to demonstrate the importance of the shear component on the assumption that Equation 2.8 is 

correct. 

However, despite all the theoretical evidence showing the importance of the shear component [127, 178, 

179], the numerical models of polycrystalline materials often either neglect interfacial properties 

between grains[180-182], or overlook the effect of shear stress in intergranular failure[183-185] due to the 

lack of experimental information on the exact contribution of shear component in interface failure. 

Some researchers[185] ignore the effect of shear stress right from the beginning, while some[183, 184] 

firstly acknowledge that both the tensile opening and shear sliding dominate the intergranular failure, 

but then move forward to build numerical models assuming that the crack is initiated exclusively by 

excessive strains in the normal direction and ignoring the shear component. Others[186] do take the 

shear component into consideration, but set β to be 1 just for simplicity without any justification. 

Since, to the author’s best knowledge, no experimental literature exists to verify the relative 

importance of normal and shear stress components to the brittle failure of intergranular interfaces, 

the present study aims to fill the gap by evaluating experimentally the contribution of shear strength 

to the failure of grain boundaries. As the microcantilever technique is an ideal method to measure the 

inherent strength of grain boundaries in ceramics[187] and diffusion bonded bi-crystals are useful to 

provide artificial grain boundaries[188, 189], the strengths of differently oriented grain boundaries have 

been investigated here by testing differently orientated grain boundaries in bi-crystal cantilever 

beams in the present study. The results are presented in Chapter 4. 
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2.5 Reliable fracture toughness measurement 

2.5.1 Fracture toughness measurement at the microscale 

Despite the extensive investigations of fracture behaviour of ceramics at the macroscopic scale[127], 

the characterisation and understanding of ceramic fracture properties on the microscopic scale has 

been relatively limited. The microscale investigation is of great importance and has unique capability 

to evaluate directly the fracture response of individual microstructural components, such as grains 

and grain boundaries, which determine the global fracture behaviour but cannot be measured in 

isolation by performing macroscopic tests. Moreover, testing at the microstructural scale can also 

provide useful information about subcritical crack growth which involves very slow crack velocities 

which are very difficult to measure at the macroscale on a laboratory timescale. 

Fracture toughness measurements using the FIB-milled microcantilever technique was first 

introduced by Di Maio and Roberts[160], with a straight through notch FIBed on pentagonal cross-

sectional silicon and WC beams. The fracture toughness 𝐾𝐼𝐶  can be calculated using Eq.2.9. 

where 𝛼 is the notch depth,  ℎ the height of the beam, 𝐹(
𝛼

ℎ
) is a dimensionless factor determined by 

FEM simulation, 𝜎𝑓 the stress at failure. 

Since then, the technique has been further developed and has been widely employed to measure the 

fracture toughness at the microscale for a variety of materials, such as silicon[157], copper[172, 190], 

alumina[187], fused quartz[173], Si3N4
[191], tungsten[192], SiC, etc.  

The simplicity of Eq.2.9 means that it only represents the idealistic case where the notch tip is 

atomically sharp and free of stress prior to the test, and the crack nucleation is not affected by the 

test environment. In reality, however, the following factors are thought to affect the accuracy of 

fracture toughness measurement. (a) Internal damage, such as surface contamination, ion 

 𝐾𝐼𝐶 = 𝜎𝑓√𝜋𝛼𝐹(
𝛼

ℎ
) (2.9) 
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implantation[187], residual stresses[161], vacancies and redeposited materials[161] along the periphery of 

the FIB beam trajectory. (b) Imperfection of artificial features like bluntness of the notch[193, 194], nature 

and morphology of the notch surface[161]. (c) Environmental effects[161] like water, oil, etc. The mixture 

of these factors leads to highly scattered values of measured KIC at the microscale - some agree with 

the accepted macroscopic values[157, 167, 195-197], some range to higher values[160, 198-202], while others 

result in underestimation[203, 204].  

Among the factors listed above, the following three are thought to be the most influential: notch 

bluntness, ion implantation residual stresses around the notch tip, and subcritical crack growth.  It has 

been commonly observed that FIB-milled notches are blunt rather than sharp,[157, 205] which results in 

overestimated apparent stress intensity factors obtained at failure in certain ceramics.[187] With 

extensive investigation, calibration methods are provided by Norton et al.[187] for correcting for the 

effect of notch bluntness.  

FIB induced residual stress has been found to have a significant effect on crack initiation at notch tips 

in certain ceramics, especially that the stress intensity factor is overestimated if the residual stress is 

compressive.[187] Details of this will be further discussed in Chapter 7 (FIB ion implantation damage). 

The effect of subcritical crack growth on crack initiation and propagation in brittle materials has long 

been investigated using macroscopic specimens[206, 207] and has later on been extended to microscale 

tests[187, 208], suggesting that the environmental stress corrosion at the crack tip results in 

underestimation of fracture toughness. More details will be discussed in Section 2.5.3. 

The strategy of the present study therefore focuses on eliminating the effect of FIB ion implantation 

damage to achieve the reliable fracture toughness measurement, via the following two ways. (a) 

Enable stable crack growth. (b) Quantify residual stresses induced by FIB ion implantation damage and 

hence correct the results for their effect. The effect of subcritical crack growth will be investigated by 

measuring the apparent stress intensity at fracture in air and vacuum. 
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2.5.2 Stable crack growth for fracture toughness measurement 

Stable crack growth (i.e. crack propagates in a stable manner rather than fast brittle fracture) allows 

the fracture toughness to be measured as the crack evolves, from the zone beyond the notch tip where 

the crack front is atomically sharp and free from the effects induced by FIBing (such as FIB ion 

implantation[187] and residual stresses[161] at the notch tip, notch bluntness[193, 194], nature and 

morphology of the notch surface[161]). 

The chevron notch geometry[209, 210] (Figure 2.10) was first applied in microscale fracture toughness 

measurements by Mueller et al.[173] as a promising approach to enable stable crack growth beyond the 

FIB damaged region. Loaded by a load-controlled nanoindenter, alumina and fused quartz, both of 

which are inherently brittle materials, exhibited stable crack growth. The design of chevron notch 

cantilever was later on extended to enable toughness measurement with stably propagating crack 

length in silicon[211], tungsten[192], etc. 

 

Figure 2.10. Chevron notch is a triangular ligament. α is the crack length, b is the width of the crack front. 

A chevron notch was also incorporated into bowtie shape clamped micro-beams by Cui and Vinci[212] 

for toughness measurement of fused quartz and glass. A major advantage of having an up-side-down 

chevron notch beneath the beam, is that its notch apex is thinner than that of the classic chevron 

notch because of the collimation effect of FIB ion beam (i.e. Gaussian ion beam spot profile)[213], which 

facilitates the nucleation of the crack from the notch tip. 

Chevron notches cannot, however, ensure 100% success rate of enabling stable crack growth due to 

the complex nature of cracking in brittle materials as well as the difficulties in sample preparation (e.g. 
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milling perfectly-shaped chevron notches in ceramics is difficult because of the slow milling rate and 

redeposited material. A sufficiently thin chevron notch is crucial in nucleating cracks at low load but is 

difficult to achieve from the practical point of view). For instance, the chevron-notched silicon 

microcantilevers prepared by Li et al.[192] exhibit purely fast brittle fracture, without a sign of stable 

crack growth as shown by the sudden load drop to zero after the elastic region in the load-

displacement curves. Moreover, the explanation for the ‘slightly curved crack front’ on the fracture 

surface is probably because the crack goes ahead so quickly (i.e. fast fracture) that it goes into the 

compressive part of the beam so the crack path deviates (known as ‘cantilever curl’ or ‘compression 

curl’)[214], rather than transition from stable to unstable. The failure to achieve stable crack growth, 

despite the use of a chevron notch, is likely attributed to the inevitable bluntness of the starter notch 

and to the load-controlled nature of the nanoindenter used in their research. 

In addition to the chevron notch, a double cantilever beam (DCB) geometry, coupled with in-situ SEM 

nanoindentation, is proposed by Sernicola et al.[215] to enable the measurement of the evolution of 

fracture energy with stably-propagated crack length at the microscale. This loading geometry is 

applied on single crystal SiC, with the fracture toughness of 6H-SiC (0001) plane measured to be 1.80 

± 0.26 MPa∙m1/2, while density functional theory (DFT) calculations performed by the same group of 

researchers suggest KIC to be only slightly higher (i.e. 2.01 to 2.18 MPa∙m1/2 depending on the applied 

DFT theory). Like the chevron notch design, this DCB geometry provides the advantage of reducing 

the effect of notch bluntness and FIB ion damage at notch tips on the toughness measurement. 

However, unlike the chevron notched microcantilever test which can be operated in a conventional 

ex-situ nanoindenter, an in-situ SEM nanoindenter is required by the DCB method to measure the 

crack length and opening. Another key limit of the DCB method is the geometrical requirement: the 

symmetry of the DCB is important and the crack propagation needs to be oriented parallel to the 

indentation direction. In practice, this needs the fracture to happen in a preferred crystal orientation 

or through an artificial weak interface. 



36 | P a g e  
 

Although stable crack growth can be achieved in general via chevron notch or DCB geometries as 

mentioned above, the techniques do not suit the purpose of measuring fracture toughness of natural 

individual grain boundaries. This is because the direction of crack propagation, which follows the plane 

of the target grain boundary, is required to be parallel to or aligned with the nanoindenter tip’s central 

axis, while it is very difficult to find an ideally-located grain boundary with the required direction and 

dimensions. 

2.5.3 Subcritical crack growth 

Moisture-assisted subcritical crack growth (SCG) is a well-known issue involved in fracture toughness 

measurement of ceramics.[216] The moisture in the testing environment interacts with the atomic 

bonds at the crack tip to assist in its propagation, which potentially results in a stress intensity factor 

K measured at failure below the critical value KIC, with the crack advancing at a slow rate in the 

material.[127, 217] The phenomenon has been extensively investigated using macroscopic specimens[218-

222] back to the 1980s, and was later on extended to the microscopic scale[187, 208] in recent years. 

The crack behaviour affected by SCG can generally be categorised into the following three regions[206, 

207, 223-225] (Figure 2.11). In Region I, the crack begins to propagate once the stress intensity factor 

reaches a threshold value for subcritical crack growth K0, while no propagation occurs when K is below 

K0. The crack growth velocity strongly depends on the stress intensity factor due to the limit imposed 

by the moisture-assisted chemical reaction at the crack tip. The relationship between the crack 

velocity (v) and stress intensity factor (K) is generally assumed to obey a power law, 𝑣 = 𝐴𝐾𝑛, where 

A and n are constants depending on the material and specific testing environment.[216] In Region II at 

higher K, as the crack propagates, the transport rate of the moisture diffusing from the environment 

to the crack tip via the atmosphere gets close to the maximal value, hence limiting the velocity of crack 

growth. This results in a quasi-plateau in Region II, where the crack advances at an almost constant 

rate with increasing stress intensity factor. In Region III, as K reaches the critical stress intensity KC, the 



37 | P a g e  
 

chemical ‘attack’ of the moisture is no longer dominant at the crack tip and the crack growth velocity 

increases significantly, leading to unstable rapid fracture. 

(a)         (b)  

Figure 2.11. (a) Schematic of crack velocity (v) as a function of stress intensity factor (K) in SCG. Reprinted from reference[216]. 

(b) Crack velocity against applied force (linked to stress intensity factor) for sapphire fracturing on the rhombohedral plane 

in different relative humidity (from Wiederhorn[206]). 

In order to minimise the influence of SCG in fracture toughness measurements, the testing 

environment can be adjusted to exclude moisture, such as by using silicone oil[187, 226], inert, dry gas[227, 

228] or by testing in vacuum. Tests can also be conducted in water[187] or a highly-moisturised 

environment[206] to investigate the extent of the effect of moisture in underestimated fracture 

toughness values.  

In the 1960s, a series of fracture test were conducted by Wiederhorn[206, 227, 229] to reveal the effect of 

SCG on ceramics in a systematic manner (e.g. Figure 2.11b), which lays the groundwork for future 

research in the construction of 𝑣 – K curves.[127] Later on, further investigation on SCG was carried out 

by many other researchers using macroscopic specimens, with some of the results compared by 

Salem[228]. The SCG data is highly scattered, which is considered as common in sapphire, due to 

difficulties of measuring very low crack growth rates with macroscopic specimens on the laboratory 

time scale. Salem[228]’s own experiment on single-edge notched beams suggests a fracture toughness 



38 | P a g e  
 

value of 2.31 ± 0.12 MPa∙m1/2 for a-plane sapphire based on measurements conducted in dry nitrogen, 

while the threshold stress intensity factor at crack propagation is significantly lower (1.95 ± 0.03 

MPa∙m1/2 for a-plane), with the data collected on the m-plane being close to that from the a-plane. 

The investigation of the effect of SCG on brittle fracture has been extended to microscopic specimens 

in the recent decade as micromechanical testing methods have developed. Norton et al.[187] test 

sapphire microcantilevers with straight-through notches in air, water and silicon oil. With corrections 

for notch bluntness and FIB implantation residual stresses at notch tips, the Kp values on m-plane 

sapphire are reported to be much lower for tests conducted in air (1.5 ± 0.2 MPa∙m1/2) than in oil (3.5 

± 0.2 MPa∙m1/2), with even lower Kp values from specimens tested in water (0.9 ± 0.2 MPa∙m1/2), 

concluding that the effect of SCG on microscopic specimens is significant so that Kp measured in air 

should be close to K0, while that measured in oil should be close to KC.  

As the chevron notch configuration is applied successfully on microcantilevers, Kp is measured in 

nanocrystalline alumina with stably propagated cracks in air by Mueller et al.[175]. Despite the fact that 

the measurement is conducted in air, it is reported that the effect of SCG is absent in their tests[208] 

and the measured Kp (2.34 ± 0.15 MPa∙m1/2) is concluded to represent the fracture toughness KC on 

the basis that their Kp values are similar to what people have measured for KC for similar materials.[175] 

Moreover, the crack velocities, which are not reported, are claimed to be big enough for the measured 

Kp to be KC.[208] However, it is difficult to see how the crack velocity in such stable test (i.e. on the scale 

of 10-7 m/s as estimated based on the experimental information provided in the reference[175]) can be 

sufficient to see KC (for which the crack velocity is on the scale of 10-5 m/s according to Figure 2.11b). 

Therefore further investigation seems to be required to check the validation of the justification for 

excluding the effect of SCG in their tests[175]. 

In the present study, in order to further investigate the effect of SCG on sapphire at the microscale, 

chevron-notched microcantilevers are employed to measure stress intensity values as well as the 

crack velocities during crack propagation in air and in vacuum. 
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2.5.4 FIB ion implantation damage at notch tips 

2.5.4.1 Effects of FIB damage in micro-mechanical tests 

The high energy FIB ions have the potential to cause amorphisation[230], phase transformation[231] or 

chemical changes in target materials[232]. Damage from FIB Ga+ has been well documented in the use 

of TEM (Transmission Electron Microscopy), APT (Atom Probe Tomography) and EBSD (Electron 

Backscatter Diffraction) techniques.[233-235]. Additionally, FIB ion damage has been found to alter 

mechanical properties, such as strength[236], crack initiation[237], hardness[236, 238-240], etc.  

Above all, residual stresses induced in ion damaged layers at the tips of FIBed notches (Fig. 2.12) are 

what the present research is most concerned with due to their effects on fracture toughness 

measurement[187]. Norton et al.[187] notice that the fracture toughness measured in sapphire is 

increased substantially by the compressive implantation residual stress at the notch tip.  

 

Figure 2.12. TEM of FIB milled notches, filled with platinum from the specimen preparation, at the surface of sapphire using 

FIB beam currents of: a) 10 pA, b) 100 pA, and c) 1000 pA. (d) HRTEM of implanted surface showing lattice fringes and thin 

layer (∼2 nm) of redeposited material. From reference[187] 

Annealing treatment is found to be helpful in removing implantation residual stresses.[187] However, it 

is not suitable for many ceramics, e.g. non-oxide ceramics can easily get oxidised and diamond 

graphitises during high temperature annealing. Therefore, calibrating the effect of implantation stress 

becomes a more promising way to solve the problem.  

For microcantilever tests, Eq.2.10 is proposed[187] for correcting the effect of residual stress and notch 

radius in ceramics based on the method of Fett and Munz[241, 242]:  

d 
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𝐾 = 𝐾𝑎𝑝𝑝 tanh (2𝜓√
𝑑𝛼

𝜌
) + 𝜎𝑟𝑒𝑠𝜓√𝜋𝑑𝛼 (2.10) 

where 𝐾𝑎𝑝𝑝=applied stress intensity factor, 𝜓=appropriate geometrical factor for a short crack in 

uniform loading, 𝑑𝛼 = flaw size, 𝜌=notch radius, 𝜎𝑟𝑒𝑠=residual stress in the implanted region.  

Due to the limit of length scale and available techniques, the understanding of implantation stresses 

remains highly elusive. FIB induced lattice strain in gold nano-crystal[243] is resolved using the Bragg 

Coherent X-ray Diffraction Imaging (BCDI) technique, with the residual stresses induced by large ion 

fluences found to be far beyond the bulk tensile strength of gold. As BCDI requires the specimens to 

be perfect nanocrystals and FIB-milling is not allowed in the preparation process, it is only applicable 

to a handful of materials.  

30 keV Ga+ FIB is found to induce -16 ± 6 GPa compressive residual stress in sapphire over a depth of 

~20 nm, based on the variation in R1 Cr3+ fluorescence peak position measured from FIB implanted 

TEM samples.[187] This method requires a sufficient amount of Cr3+ in the assessed materials to ensure 

good quality of signals, which therefore limits the type of materials that can be examined. 

Molecular Dynamics (MD) simulation indicates that FIB induced residual stresses in silicon vary from 

superficial tension to sub-surface compression[244, 245], while the residual stress in silicon is observed 

empirically to be tensile from the bending of a FIBed silicon AFM arm.[269] The AFM arm bending 

method is limited to silicon, but it inspires the development of the cantilever technique in the present 

project. 

The effect of ion implantation on fracture toughness measurement is material-dependent – FIB ion 

damage is found to have no perceivable effect in fracture toughness measurement of silicon[167, 191], in 

contrast to what is observed in alumina[187]. Moreover, FIB conditions and ion species also have 

effective influence on the magnitude of residual stresses. To better understand the implantation 

stresses, it becomes essential to look into the physical mechanisms behind the FIB technique. 
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2.5.4.2 Ion-solid interactions: physical process 

Ion-solid interaction has been extensively investigated for decades and the fundamentals are well 

explained in several elementary and advanced textbooks, e.g. those of Nastasi[246], Carter and Grant[247] 

and Chadderton[248]. Fig. 2.13 illustrates the interactive events between the incident ions and target 

atoms. Essentially there are two types of collisions: elastic and inelastic, depending on whether the 

momentum of the incident ion is transferred to the atom as a whole or only to the electron cloud of 

the atom. The former leaves the electron configuration of the atom unchanged and potentially 

displaces the atom from its original position, which can lead to a cascade of atomic collisions[249] and 

disrupt the lattice structure (Fig. 2.14). The latter changes the electron configuration of the atom and  

results in phenomena such as emission of secondary electrons, secondary ions and X-rays.[250]  

 

Figure 2.13. Schematic of the interactions between incident ions and the target solid. The blue balls represent the incident 

ions, grey balls are the matrix atoms, and the orange balls are the impurity atoms. From[251] 

 

Figure 2.14. Schematic of the collision cascade process and the damage at atomic scale. Reprint from [252] 
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At the early stage of ion bombardment, the kinetic energy that ions possess is at the peak, the elastic 

core interaction is thus likely to be the dominant stopping mechanism. With the ions losing more 

energy as they penetrate further, the dominant physical interaction becomes inelastic.[253] A part of 

the kinetic energy that is not used in either nuclear or electronic stopping is released in the form of 

thermal energy and increases the local temperature, commonly described as thermal spike.[253] 

The following two terms are often used to describe the level of ion-solid interactions[253]: Stopping 

power represents the ability of the target material to stop incident ions from further penetration, 

which is governed by the incident ion energy, the atomic mass and number of the ion and target 

atoms.[253] Longitudinal projected range, Rp, is the depth that the majority of ions are stopped at, which 

links to the highest ion concentration.[246, 250, 253, 254] 

2.5.4.3 Damage and mechanisms 

 Amorphisation or/and crystal defects 

The energetic ion bombardment is a dynamic process of breaking atomic bonds and generating 

defects. Isolated point defects gather and turn into defect clusters as ion dose increases.  When the 

thresholds of energy level and ion dose are achieved, the crystalline target loses the long-range order 

of its crystalline structure, indicating the occurrence of amorphous transformation.[255, 256] FIB induced 

amorphisation has been observed in many materials, such as diamond[257], Si[256, 258, 259], InP[260], 

CdTe[260], etc. Fig.2.15a exhibits ion-amorphised Si as an example. When the bombarding energy is 

high enough to displace atoms, but the incoming ion dose does not reach the critical value to move 

sufficient atoms, the target remains crystalline but with defects, as shown in Fig. 2.15b.[256] 
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Figure 2.15. The HR-TEM images of ion implanted silicon. (a) The top implanted layer has been amorphised while the material 

beneath it remains crystalline. A clear boundary can be seen. (b) Lattice defects are observed in the crystalline area (lower 

part in (a)). The yellow lines indicate ending dislocation planes. Reprint from [256] 

Ion irradiation is essentially a simultaneous competition between damage recovery and accumulation. 

A large amount of external energy is required to ‘heal’ the damage, which could be supplied by the 

thermal energy partially converted from the incident energy[257] or external thermal treatment[261]. MD 

simulation[262] suggest that the cascade effects in NiAl are affected significantly by thermal spikes and 

the local melting generated by 10 keV implantation. However, the local thermal spikes are believed to 

have little chance to overcome the rate of damage formation in most irradiations.  

 Ion implantation 

Most incident ions end up resting in the target material, known as ‘ion implantation’.[263, 264] The 

distribution of 30 keV Ga implantation in Si probed using Atom Probe Tomography (APT)[234] (Fig. 2.16) 

exhibits an implantation depth of about 30-35 nm on the sidewalls which are almost parallel to the 

incident ion beam. The implantation depth increases at the apex of the specimen as the ion beam 

incidence angle decreases. 

 

Figure 2.16. Atomic map of Ga-implanted Si, under FIB voltage of 30 keV. Orange dots = Ga atoms.  Reprint from reference[234] 

Implantation direction 

(a)                                                                                (b) 
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The concentration of implanted ion dose (Fig. 2.17a)[234] does not follow a continuously decreasing 

trend along the depth – the peak concentration is found at ~18 nm depth beneath the surface at 30 

keV. The mass spectrum (Fig. 2.17b) estimates the amount of implanted Ga ions, indicating that a 

higher beam voltage will result in a higher quantity of implanted ions.[234] 

(a)  (b)  

Figure 2.17. (a) 1-D Ga+ implantation profile in Si with FIB acceleration voltages of 5 and 30 keV at the normal incident angle., 

measured using APT. (b) The mass spectrum of Ga implanted region with FIB acceleration voltages of 2, 5 and 30 keV. Reprint 

from reference [234] 

2.5.4.4 Simulation 

SRIM (The Stopping and Range of Ions in Matter)[250], is a binary collision approximation (BCA) 

simulation software that has been widely used to predict the ion implantation process. It applies a 

static method based on Monte Carlo algorithms, which gives quantitative information of atomic and 

ion collision activities, such as ion range, concentration of vacancies, sputtering rate, etc. Despite the 

lack of consideration of crystal structure (all targets are assumed to be amorphous in SRIM) and 

dynamic changes in material composition and structure[250], SRIM is believed to be reliable with the 

accuracy of predicted sputtering rate claimed to be within ~10%.[253] The ion implantation depth 

simulated by SRIM also shows a close agreement to the empirical observation from the APT result 

(Fig.2.16 and 2.17) in the studies of Ga-FIB implanted Si.[234]  

Dynamic BCA models, such as TRIDYN[265], take into account the dynamic alterations of substrate 

composition and properties caused by ion deposition, implantation, atomic relocation and sputter 

erosion, therefore providing more realistic results than SRIM.[266, 267] 
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Molecular dynamics (MD) simulation can simulate the formation of atomic defects, amorphisation 

mechanisms at atomic level, thermal spike, and so on.[257] As an example, MD simulation of Ga+ 

implantation in single crystal diamond[257] shows the local temperature generated by high energy ion 

collisions to be 1454.6 K with a voltage of 16 keV. 

In this thesis, only SRIM will be used due to the limit in time and computational capability. 

2.5.4.5 Influential factors 

A careful selection of milling conditions with a logical choice of ion species can be helpful in minimising 

the ion damage.  

 FIB acceleration voltage 

It has been demonstrated empirically that the implantation ion range increases with beam voltage 

(e.g. Fig.2.18, Fig.2.19).[234, 257, 260, 268]    

 

Figure 2.18. Projected ranges of various ion species as a function of the implantation energy in two materials: (a). Si, (b). SiO2. 

Reprint from reference[268] 

(a).  (b).  
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Figure 2.19. EFTEM images of Ga-FIB induced damage in single crystal diamond. (a) An overview of the TEM sample; (b – d) 

The EFTEM images of the ion-induced damage layers formed under beam voltages of 8 keV, 16 keV, and 30 keV, exhibiting 

thickness of~11.5 nm, ~19.4 nm and ~27.6 nm, respectively. From reference [257] 

As another example, thicknesses of Ga amorphised Si layers measured under different FIB voltages[233, 

261, 269] are found to increase apparently with ion acceleration voltage (Fig.2.20). 

 

Figure 2.20. Thicknesses of amorphous layers caused by Ga-FIB implantation in Si. Please note that the other FIB conditions 

(i.e. current, dose, etc.) and the Si substrates were not exactly the same in these studies. Reprint from [270] 

 FIB beam current 

The higher the beam current is, the more ions are transported per unit time, thus a higher sputtering 

rate. The influence of beam current on amorphisation is not very well defined yet. Some[271] claim that 

the thickness of amorphous layer is independent of the beam current, while others[272] disagree. 
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 FIB beam incidence angle 

Increasing the incidence angle (i.e. the angle between the normal incidence of target surface and the 

incoming ion beam) not only increase volume of interaction[253] and facilitates the escape of the 

sputtered material, but also reduces the thickness of the amorphous layer.[260, 272]  

SRIM simulation (Fig. 2.21)[253] suggests that 80° (± 5°) is the incidence angle at which the materials 

exhibit the highest sputtering yield (Y, indicating the average number of target atoms ejected from 

the sample per incident ion), which leads to the best milling efficiency, although being associated with 

an enhanced level of redeposition. 

 

Figure 2.21. The TRIM simulated results showing the relations between the sputtering yield and the incident angle. Reprint 

from reference[253] 

 Ion dose 

Damage accumulates with more implanted ions[269] until a saturation ion dose is reached, with 

amorphisation occurring at a threshold ion dose. The ion dose threshold for amorphising Si under 

30kV is found to be 1E+14 ions/cm2, with the saturation dose being around 2E+16 ions/cm2.[273]  

Rubanov[273]  also suggests that the maximum ion dose accumulated by the sample can be calculated 

by Dmax=0.5×Rp×Y-1 (where Rp is the projected range of implanted ion and Y is the sputtering yield), 

which is derived as the balance between the damage formation and sputtering. 

 Ion species 

Ion species with higher atomic mass are claimed to result in a shorter ion range in the target solid[260], 

which has been demonstrated by implanting ions of different species into Si[268] as shown in Fig. 2.18. 
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Different impinging ions may also behave differently in the same target materials. For example, high 

densities of dislocation loops are observed in CdTe that is implanted by Ar+, however, these dislocation 

loops are never present with I+ milling.[260] 

Moreover, milling is more efficient when the ion species have similar atomic mass to constituent 

elements in target materials due to optimum momentum transfer during bombardment.[260] 

 Target material 

Each material has its unique atomic composition, crystal structure and chemical bonds, which define 

their interatomic potentials that govern the materials’ physical characteristics.[253]  For example, ion 

irradiation tends to generate dislocations in metals but form amorphisation in ceramics, which can be 

explained by the high defect mobility in metals.   

Fig.2.22a illustrates the strong material dependency of sputtering behaviour, showing the non-linear 

connection between the sputtering yield and the atomic number of the target atom.[253]  

 

Figure 2.22. (a) SRIM simulation showing the relation between the sputtering yield and atomic number of target materials, 

at different incident angles. Reprint from[253] (b) Trenches of same target surface dimensions (10 µm x 5 µm) milled in different 

materials with same FIB conditions (25 kV, 1000 pA, 0o incident angle, ~7.5x1012 Ga+ dose): (i). polycrystalline Zn, (ii). single 

crystal (100) Cu, (iii). polycrystalline Al, (iv). single crystal (100) Si. Reprint from [253] 

Fig. 2.22b demonstrates empirically that the volume of removed material varies with atomic number 

under the same FIB condition, which is in agreement with the simulation results in Fig.2.22a and 

Table.2.6. Moreover, roughness of the finished surface and sloping angle of sidewalls also show 

significant differences. 

(a) (b) 

      (i)                     (ii)                  (iii)                   (iv) 
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Table 2.6. Predicted sputtering yield vs. atomic number 

Target material Zn Cu Al Si 

Sputtering yield predicted by 

modelling (atoms/Ga+ ion)[253] 
12.9 7.0 3.5 2.1 

Atomic number 30 29 13 14 

Comparing SRIM simulation results with empirical data (Fig.2.23), Prenitzer et al.[253] find that the peak 

positions of stopping powers correlate strongly with the density of the target material. Melting 

temperature (Tm), which is a direct indicator of bonding strength, shows an inverse correlation with Y 

(Fig.2.23c), because stronger bonding forces make atoms more difficult to be knocked off. 

 

Figure 2.23. Simulated stopping power compared with (a). density, (b). melting temperature, and (c) simulated sputtering 

yield compared with melting point, all associated with atomic numbers. Reprint from [253] 

In addition to the influential factors listed above, channelling effect[270] and temperature/heat 

treatment[261] also have effects on the ion implantation behaviour, which will not be discussed here. 

 

(a) (b) 

(c) 
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2.5.4.6 Xe Plasma FIB (PFIB) 

Xenon Plasma FIB (PFIB) is an emerging technique offering an interesting alternative to the 

conventional gallium FIB (Ga-FIB), replacing the liquid metal ion source (LMIS) with an inductively 

coupled plasma (ICP) Xe source[274]. The technique offers fast material removal rates by allowing for 

high beam currents without overly compromising the resolution offered by Ga-FIB.[275]. Xe ions are 

heavier than Ga ions, therefore offering an increased sputter yield and a reduced penetration depth. 

PFIB is of interest to the present project because it is claimed by the manufacturers that PFIB induces 

less damage than Ga-FIB does in target materials. It has been reported[230] that the depth of 

amorphous damage  introduced in Si by XPFIB is smaller than Ga-FIB by 20-40% at glancing angle 

incidence. The higher quality of EBSD patterns indicates that there is less damage on sample surfaces 

that are produced by PFIB.[232, 276] Burnett et al.[232] consider that the noble nature of Xe source reduces 

its possibility of chemical interactions with target materials. 

Due to the fact that PFIB has only been commercialised very recently, the existing investigation of the 

PFIB damage is very limited, in particular there is no literature available concerning the PFIB damage 

in ceramics. As a trending technique for sample preparations for micromechanical testing, the damage 

introduced by PFIB needs further examination to compare with that generated by Ga-FIB.  

2.6 Aim of Research 

Despite the extensive use of ceramics in armour systems, the understanding of deformation and 

failure mechanisms in ceramics is non-systematic at present. The predictive capability of numerical 

simulation of ceramic impact behaviour is also limited. The present DPhil research was therefore 

undertaken with the following key objectives. 

(a) Enable the reliable characterisation of mechanical properties of individual microstructural 

features. The current lack of understanding and consideration of FIB ion damage in ceramics result 

in inaccurate measurement of fracture toughness using the widely-used microcantilever 

technique. This can be overcome by either calibrating FIB ion damage or enabling stable crack 
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growth. Moreover, the validity of the constant disregard in models of the effect of shear stress on 

the failure of grain boundaries also needs to be investigated. 

(b) Enhance the predictability of modelling of impact by integrating the experimental investigation 

into numerical development, including realistic microstructures (i.e. distributions of grain sizes) 

and correct mechanical properties of microstructural features (e.g. strength and toughness of 

grains and grain boundaries). 

The corresponding results and discussion are presented in the following chapters: 

Chapter 3 characterises the microstructure of armour ceramics. The empirically-assessed grain size 

distribution is incorporated into an innovative algorithm for generating representative 

microstructures numerically, and into the validation of the models by virtual sectioning. 

Chapter 4 measures the strength of grain boundaries in combined normal and shear loading and 

demonstrates the importance of the shear stresses on the failure behaviour of grain boundaries. 

Chapter 5 enables the reliable measurement of fracture toughness and crack velocities at the 

microscale by producing stable crack growth using chevron-notched cantilevers. Testing in air and 

under vacuum allows for the investigation of the effect of moisture-assisted subcritical crack growth. 

Cyclic loading demonstrates the self-healing capability of alumina. 

Chapter 6 investigates the FIB ion damage induced by different ions (Ga+, Xe+) in Al2O3 and SiC at the 

microstructural scale, in order to advance the understanding of fracture toughness measurement at 

the microscale which inevitably receives FIB ion damage at notch tips. 

Chapter 7 quantifies the residual stresses caused by FIB ion damage in materials of interest (Al2O3, SiC 

and Si), in order to calibrate the fracture toughness measured using the microcantilever bending test 

where the FIB residual stresses at notch tips play an important role in the accuracy of the results. 

Chapter 8 outlines the key conclusions drawn from the present research. 

Chapter 9 suggests future work to be undertaken. 
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Chapter 3. Microstructure – Grain Size Distribution 

 

Microstructure dominates the bulk behaviour of ceramics and therefore needs to be fully understood. 

Moreover, consisting of realistic microstructure is essential for the numerical model to ensure the 

predictive capability for ceramic armour impact behaviour. 

This chapter presents precise measurements of grain size distributions of alumina sintered at different 

temperatures, coupled with the development of a numerical method for the generation of 3D 

microstructure models with high representativeness. The innovative method of comparing the virtual 

and empirical serial sectioning outcome also enables the calibration of grain size results. The study 

has been published in reference[277] and contributed to the creation of a new routine in the simulation 

software LS-DYNA. 

3.1 Experimental 

3.1.1 Materials manufacturing and density measurement 

Highly-dense alumina samples were manufactured using TM-DAR alumina powder (⩾ 99% purity, 

mean particle size 150 nm, Taimei Chemicals Co., Ltd, Tokyo, Japan). MgO powder (UBE, Japan, mean 

particle size 120 nm) was used as a dopant. The balls used for ball milling were polycrystalline alumina. 

In order to obtain different microstructures, the following two compositions and powder processing 

routes were applied. 

- Two material compositions 

(i) Raw TM-DAR powder. 

(ii) Raw TM-DAR powder + 0.2 wt% MgO. 

- Two powder processing methods 

(i) With ball milling (Fig.3.1): the powder was processed with 24h wet ball milling in ethanol  

rotary evaporating  24h dry ball milling with alumina balls  sieving (100 mesh)  calcining 

(600 °C, 1h). 
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(ii) As-received powder without ball milling. 

 

Figure 3.1. (a) wet balling, (b) rotary evaporating, (c) dry ball milling, (d) sieving, (e) calcining in a box furnace 

The prepared powder then went through the following sintering process: uni-axial press (50 MPa, held 

for 5 minutes) to form green bodies (Fig.3.2a)  green bodies sealed in plastic bags  cold isostatic 

press (200 MPa for 4 minutes) (Fig.3.2b)  sintering in a tube furnace (Fig.3.2c,d). 

Five sintering temperatures were applied to generate the difference in microstructures: 1350°C, 

1400°C, 1450°C, 1500°C and 1550°C (all held for 1h, 5°C/min heating/cooling rate from/to room 

temperature, in air). 

 

Figure 3.2. Images of the equipment used for sequent manufacturing steps. (a) Iso-static press, (b) cold isostatic press, (c) 

tube furnace for sintering, (d) as-sintered samples 
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The densities of the sintered specimens were measured using the Archimedes method. Firstly, the 

mass of the dry sample was measured in air using a high-accuracy balance for five times and the 

average was taken. The sample was then weighed in distilled water to have the mass averaged from 

five measurements. Lastly, the sample was set in boiling water for ten minutes to saturate the surface 

defects saturated with water, followed by having the mass of the damped sample averaged from five 

times measurement in air. The density could then be calculated using Eq.3.1. 

 𝜌𝑟𝑒𝑙 =  
𝜌𝑙𝑖𝑞𝑢𝑖𝑑

𝜌𝑡ℎ𝑒𝑜𝑟𝑒𝑡𝑖𝑐𝑎𝑙
×

𝑚𝑑𝑟𝑦

𝑚𝑑𝑎𝑚𝑝 −  𝑚𝑤𝑒𝑡
× 100 (3.1) 

where 

ρrel = relative density, ratio between the density of alumina sample in respect to the theoretical fully-

dense alumina density, expressed in % 

ρliquid = ρwater = 0.998 g/m3 when water temperature is 20°C 

ρtheoretical =3.98 g/m3 

mdry = mass of the dried sample 

mwet = apparent mass of the saturated sample weighed in distilled water 

mdamp = mass of the saturated sample weighed in air 

3.1.2 Grain size measurement 

Sintered specimens were cut using a high-speed diamond blade to expose the cross sections. The cross 

sections were polished using a Buehler EcoMet 3000 automatic polisher sequentially with diamond 

slurry (Kemet) of different grades from 55μm down to 1μm. The polished samples were then thermally 

etched in an air furnace (all the samples were sintered and etched in the same furnace) at 50°C lower 

than their sintering temperature for 18 minutes to reveal grain boundaries. Samples were mounted 

on SEM pin stubs using electro-conductive silver dag to gain conductivity, followed by being sputter 

coated with platinum of 3 nm thickness to enhance the conductivity. SEM micrographs of the 

microstructures were then taken using a low voltage field emission gun SEM (JEOL 6500F, Japan). 
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For each sample, at least five images at random places were taken on the polished surfaces in order 

to provide a statistical average. One dimensional average grain sizes were firstly evaluated using the 

linear intercept method[278] through Eq.3.2. 

 𝐺 = 1.56 (
𝐿

𝑀𝑁
) (3.2) 

where G is the average grain size. L is total length of the intercepting lines. M is the magnification of 

the micrograph. N is the count number of grain boundary intersections. The number 1.56 is a 

geometrical factor to convert two-dimensional linear intercepts to equivalent 3D diameters derived 

by Mendelson[279]. 

Secondly, in order to enable a more precise measurement of the grain size, two-dimensional areas of 

grains were evaluated using the following elaborate method. Four samples sintered from as-received 

TM-DAR powder without ball milling, at four temperatures 1400 °C, 1450 °C, 1500 °C and 1550 °C, 

were selected for the analysis. At least 6 SEM images were taken for each specimen at random 

positions on the treated cross-sectional surfaces. Given the low contrast in the SEM images, the grain 

boundaries were highlighted manually using tracing paper, followed by digitisation. The 2D area of 

each grain on the images were measured using ImageJ software, with all the grains on the edges of 

the images excluded. The collected data were analysed using OriginPro software to plot the grain size 

distribution. 

Additionally, for each considered grain, ImageJ software provides the values of shape descriptors – 

circularity (C), roundness (R), and aspect ratio (AR) – defined respectively as in Eq.3.3. 

 𝐶 =
4𝜋𝐴

𝑃2
 ,   𝑅 =

4𝐴

𝜋𝑑𝑚𝑎𝑥
2  ,    𝐴𝑅 =

𝑑𝑚𝑖𝑛

𝑑𝑚𝑎𝑥
 (3.3) 

where A and P are the area and perimeter of the particle, and dmax and dmin are the values of the length 

of the major and minor axis of the fitting ellipse. 
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3.2 Result 

3.2.1 Microstructural study and density measurement 

An SEM image of a cold-isostatic-pressed green body (Fig.3.3) was taken to have a first estimation of 

particle size before sintering. The individual particle size varied from 100 nm to 200 nm.   

 

Figure 3.3. SEM images of a green body produced from pure TM-DAR powder without ball milling. 

The SEM images of the alumina produced with the following different preparation processes are 

shown in Fig.3.4. Both (a) and (b) were ball milled and sintered at 1350°C but (a) was sintered from 

pure TM-DAR powder and (b) was from TM-DAR powder + 0.2% MgO. (c-f) were not ball milled and 

all sintered from pure TM-DAR powder, but at different temperatures - (c) 1350°C, (d) 1400°C, (e) 

1450°C and (f) 1500°C. 
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Figure 3.4. SEM images of Al2O3 samples produced with different preparation process. (a) pure TM-DAR powder, ball milled, 

sintering T = 1350°C, (b) TM-DAR powder + 0.2% MgO, ball milled, sintering T = 1350°C.  (c-f) were produced from pure TM-

DAR powder without ball milling, sintered at (c) 1350°C, (d) 1400°C, (e) 1450°C and (f) 1500°C. Please note that the scale bar 

of (a)-(b) is different from that of (c)-(f) to optimise the visualisation of grains. 

The densities measured using the Archimedes method (Eq.3.1) and the 1D grain sizes evaluated using 

the linear intercept method (Eq.3.2) are listed in Table 3.1. Coupled with the SEM images presented 

in Fig.3.4, the results showed that both ball milling and the inclusion of MgO were effective in reducing 

the grain size. However, a relatively high percentage of porosity was observed in alumina samples 

processed with ball milling, while the samples sintered at the same temperature and without ball 

milling were almost fully-dense. The grain size was found to increase slowly when the temperature 
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went up from 1350 °C to 1400 °C. However, grains grew significantly when temperature went up to 

1450 °C and higher. 

Table 3.1. Density and mean grain size of alumina manufactured with different preparation process 

Sintering 

temperature [°C] 
Material source + preparation method 

Etch 

temperature [°C] 

Relative  

density * 

Mean grain 

size [nm] 

1350 
Pure TM-DAR powder with 24h wet ball 

milling + 24h dry ball milling 
1300 90.3% 510  ± 19 

1350 
TM-DAR powder + 0.2% MgO with 24h 

wet ball milling + 24h dry ball milling 
1300 90.3% 468  ± 17 

1350 
Pure TM-DAR powder without ball 

milling 
1300 99.4% 1503  ± 35 

1400 
Pure TM-DAR powder without ball 

milling 
1350 99.9% 1551  ± 29 

1450 
Pure TM-DAR powder without ball 

milling 
1400 100.4% 2518  ± 104 

1500 
Pure TM-DAR powder without ball 

milling 
1450 99.8% 3296  ± 96 

* Theoretical density of alumina = 3.99 g/cm³ 

2D grain areas were evaluated using the digital method presented in the current study. Figure 3.5 

exhibits examples showing the original SEM images and the corresponding digitalised images for 2D 

grain area measurements. 
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Figure 3.5. SEM image of the 1400 °C sintered alumina (left) and digitisation of the grain boundaries (right) 

The details of the analysis and the average 2D grain area are summarised in Table.3.2. The number of 

grains analysed was more than 500 for each sample. With only 50 °C difference in sintering 

temperature, the average grain area of alumina sintered at 1450 °C was more than two times of that 

sintered at 1400 °C. With the temperature increased to 1500 °C, the grain area was almost doubled 

again compared with that sintered at 50 °C lower. The grain growth slowed down with the 

temperature rising further to 1550 °C. 

Table 3.2. Average 2D grain size of alumina. Grains on the edges of the images were excluded 

Sample 

Ref. 

Sintering Temperature 

[°C] 

Number of SEM 

image 
Number of grains* 

Average grain area 

[μm2] 

A1010 1400 6 519 1.32 

A1001 1450 6 722 2.78 

A1004 1500 9 635 5.01 

A1015 1550 7 501 6.52 
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The distributions of individual grain areas and their cumulative probabilities are illustrated in Fig.3.6 

and Fig.3.7, respectively. A few grains with abnormally large area had been observed in each sample, 

but none of the distributions was binomial. 

 

 

Figure 3.6. Grain area distributions of alumina samples sintered at 1400 °C, 1450 °C, 1500 °C and 1550 °C.  

 

Figure 3.7. Cumulative probability of 2D grain area of alumina sintered at 1400°C, 1450°C, 1500°C and 1550°C 
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In order to eliminate the dependence of the distribution on the sampling exhibited by the histogram 

representation, the results of three sintering temperatures (1400 °C, 1450 °C and 1500 °C) in Fig.3.6 

were converted to the probability distribution function (PDF) of the grain areas (A), based on Gamma 

Distribution (ϒ-distribution)[280]. Results are shown in Fig.3.8. The red lines are the ϒ-PDF, which 

provides a good description of the size distribution by defining only two parameters k and θ, as 

expressed in Eq.3.4. 

 ϒ − 𝑃𝐷𝐹(𝐴; 𝑘, 𝜃) =  
𝐴𝑘−1𝑒𝐴/𝜃

𝜃𝑘𝛤(𝑘)
 (3.4) 

where k is the shape parameter, θ  is the scale parameter, and Γ (k) is the Gamma function defined 

as below. 

 𝛤(𝑘) =  ∫ 𝑥𝑘−1𝑒−𝑥𝑑𝑥
∞

0

 (3.5) 

 

Figure 3.8. Histogram and ϒ-distribution of experimentally measured grain areas from alumina sintered at 1400 °C, 1450 °C 

and 1500 °C. 

The obtained ϒ-PDF, representing the distribution of grain areas, was applied as input distribution of 

weights for generating the numerical model, as described below. 

3.2.2 Development of numerical model for representative microstructures 

The grain size distributions analysed from 2D SEM images, as described above, were used both as 

input data for the generation of the numerical model and as comparison data for the validation of the 

generated numerical models. The numerical model was mainly developed by Dr. Simone Falco, as 

collaboration. 



62 | P a g e  
 

- Laguerre-Voronoi tessellation coupled with a conditioning method for the nuclei seeding 

In the present study where the representativeness of real microstructure is highly desired for ensuring 

the predictive capability of the ultimate numerical model, the Laguerre-Voronoi modification is 

applied to overcome the limit of the classic Voronoi, as discussed in Section 2.2.2. The preliminary 

input values of the weights for the tessellation are estimated based on the empirical values of the 

equivalent grain size distributions obtained in the present study, with the weights (w) equal to the 

square of the grain radius (r) (i.e. 𝑤𝑖 = 𝑟𝑖
2). 

Though the Laguerre-Voronoi tessellation offers an increased modelling capability, it comes at the 

cost of a non-bijective relation between the nuclei and the cells. In order to solve the issue (i.e. 

assuring that every nucleus generates a cell and lies within it), a conditioning method is developed to 

generate efficiently dense three-dimensional packing of spheres with an arbitrary radius distribution, 

based exclusively on tangency conditions and the 3D-clew packing algorithm developed by De Cola et 

al.[281] 

In this method, the spheres (with radii 𝑟𝑖 = √𝑤𝑖) are generated following a three-dimensional spiral 

pattern. First, the origin of the local coordinate system is defined as the centre of the first sphere (i.e. 

central). Second, the x-axis is defined by the position of the centre of the second sphere, which is 

tangent to the central one. With repeating the first two steps, each subsequent sphere is added by 

imposing its tangency both to the central sphere and to the one that was previously inserted. 

 

Figure 3.9. Illustration of (a) the tangency condition and (b) the positioning of a sphere (red) around a new central one. 
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The angle μj (Fig.3.9) is defined based on the tangency condition, as mathematically expressed in 

Eq.3.6, while the angle η is assigned with a random value. 

 𝜇𝑗 = cos−1[
𝑟0

2 + 𝑟0 ∙ 𝑟𝑖 + 𝑟0 ∙ 𝑟𝑗 − 𝑟𝑖 ∙ 𝑟𝑗

(𝑟0 + 𝑟𝑖) ∙ (𝑟0 ∙ 𝑟𝑗)
] (3.6) 

where r0, ri, and rj are, respectively, the radius of the central, the previous, and the current sphere (P0, 

P1, and P2 in Fig. 3.9a, respectively). 

The newly added sphere may appear to have overlap with the previously added ones, which was 

checked by evaluating the distance between their centres. If any overlap is detected, the newly added 

sphere would be translated incrementally along the blue circle (Fig.3.9a) by varying η whilst keeping 

μ constant. If no value of η is found to generate a sphere that does not overlap with any of the previous 

ones, the central sphere would be considered as saturated, and the second sphere would be imposed 

as the new central, as illustrated in Fig.3.9b. 

The method described above is capable of generating random geometrical packing of non-overlapping 

spheres with arbitrary radii distribution. The position of the centres of the spheres in the obtained 

assembly and the relative radii were then used as coordinates and weights of the nuclei for the 

Laguerre-Voronoi tessellation. An example of the conditioning spheres and the relative tessellation is 

illustrated in Fig.3.10. 

 

Figure 3.10. Packing of conditioning spheres (left) and relative Laguerre-Voronoi tessellation (right). 
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- Serial sectioning and comparison 

To calibrate the empirical data of 2D grain areas, as well as to assess the quality of the generated 

models, the comparison of the 3D numerical model and the 2D microstructural images was performed 

by a virtual serial-sectioning of the cells in the model. In brief, the numerical structure was sectioned 

along parallel planes, producing 2D models directly comparable against the experimental SEM images, 

as illustrated in Fig.3.11. 

 

Figure 3.11. The process of validation of the numerical model. (a) Serial-sectioning of the 3D numerical model. (b) The 

generated 2D cross sections of the model. (c) Experimental 2D images for the validation against the numerical results in (b).  

The numerical method used for virtually sectioning the structure[11], mimics the real cutting 

procedures by cropping the cells along arbitrarily oriented planes. It is achieved by the following 

procedure: (i) Detect the nodes beyond the cropping plane (Fig.3.12a). (ii) Find the intersection of the 

cropping plane with the cell edges connected to the external nodes (Fig.3.12b). (iii) Create the new 

face with the nodes lying on the cropping plane (Fig.3.12c). The procedure is repeated to all the cells 

to generate the 2D cross section of the structure. 

 

Figure 3.12. Cropping of a cell (blue) along a plane: The external node (red circle) is replaced by the intersections of the cell 

edges with the plane (blue crosses), and a new face (green) is created. 
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The weights were divided in discrete bins of values, expressed as fractions of the maximum equivalent 

size measured for the specific material considered. The effect of the number of bins used (hereinafter 

referred to as Nw) was explored using 3, 4, 5, and 6 unevenly spaced values of the weight. 

In Fig.3.13, the ϒ-PDF of the results of 5 tessellations (consisting of ~100 grains each), obtained using 

the experimental equivalent radius distributions, are reported. The effect of Nw was illustrated by 

comparing four different unevenly spaced sets of bins for the weights (wi), expressed as fractions of 

the maximum equivalent radius measured experimentally. 

     

 

Figure 3.13. Comparison of grain area distributions of experimental measures and numerical models generated with classic 

Voronoi and Laguerre-Voronoi with different Nw. As examples, the weights are divided into three bins (wi = [0.1, 0.2, 1.0]) 

when Nw is 3, the weights are divided into six bins (wi = [0.1, 0.2, 0.3, 0.4, 0.5, 1.0]) when Nw is 6. From reference[277] 

The increase of Nw appeared qualitatively to reduce the difference between the numerical and the 

experimental distribution of 2D grain areas, thus improving the representativeness of the 
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microstructural models generated, which for some configurations fall mostly within the experimental 

scatter represented by the grey area. Moreover, the comparison against the classic Voronoi 

tessellation exhibited the improvement of the Laguerre formulation in reproducing the presence of 

large grains in the structure. 

- Optimisation 

Further improvement in the representativeness of the numerical model, in terms of grain size 

distribution, was achieved by optimising the value and the distribution of the weights assigned. 

Given the good quality of the initial estimation of weight values determined from the empirical data, 

the following brute-force type method is adopted for the optimisation. With the number and values 

of the weights remaining constant, a finite number of variations (2ni+1) to the fraction of each 

assigned weight (𝐹𝑤𝑖
0 ) are imposed. All the possible combinations are tested and the one that has the 

best fit to experiment is selected. 

In particular, given an arbitrarily assigned quantity δ, the vector of all the variations of the generic 

weight fraction 𝐹𝑤𝑖
 can be expressed as: 

 𝐹𝑤𝑖
=  𝐹𝑤𝑖

0 + (𝑘 − 𝑛𝑖 − 1)(−1)𝑘𝛿         ∀𝑘 = 1,2, … , (𝑛𝑖 + 1) (3.7) 

The total number of numerical models generated during the optimisation process is given by the 

permutation of the 𝐹𝑤𝑖
 for all the weights examined, which can be expressed mathematically as: 

 𝐶𝑤 = ∏(2𝑛𝑖 + 1

𝑁𝑤

𝑖=1

) (3.8) 

If the number of variations is equal to n for all the 𝐹𝑤𝑖
0 , the number of models becomes 𝐶𝑤 =

(2𝑛 + 1)𝑁𝑤. In particular, the optimisations presented in the present study use input 𝑛 = 1 and δ 

equal to 2.5 times the minimum initial proportion of weights. 

The comparison of the result of the optimisation against the experimental results is presented in 

Fig.3.14. 
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Figure 3.14. Comparison of ϒ-distributions of experimental data and optimised numerical models with different Nw. From 

reference[277] 

For all the combinations explored, the result shows that the optimisation process improves the quality 

of the distributions by improving their level of agreement with the statistical variation of the 

experimental values. 

3.3 Discussion 

3.3.1 Effect of ball milling, dopant and sintering temperature 

Ball milling has shown to reduce the average grain size in a significant manner (Table 3.1). Such effect 

could be explained by the following two possibilities. (i) Ball milling breaks up agglomerates in the raw 

powder which leads directly to small grains.[282] (ii) The pores in the sintered alumina, caused by 

impurities introduced into the raw powder during the ball milling process[283], limit the growth of grains. 
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Despite the reduced average grain sizes, the defects caused by the milling process were not desired 

features in sintered ceramics. Consequently, it was decided to produce all further alumina samples in 

the present project without ball milling, considering that controlling the sintering temperature would 

be sufficient to achieve the variations in grain sizes. 

Adding MgO as dopant has also restricted grain growth to a certain extent, according to the result 

presented in Table 3.1.  The positive role that MgO plays in controlling grain growth could be explained 

by the following two mechanisms. (i) MgO reduces the grain boundary mobility in alumina.[284] (ii) MgO 

is effective in roughening the alumina faces that are originally atomically smooth, which makes the 

grain growth controlled by diffusion rather than interface reaction, therefore leading to finer grains.[285] 

However, due to the fact adding dopants requires ball milling process, coupled with the disadvantage 

of ball milling explained in the paragraph above, MgO dopant is not further used in manufacturing 

alumina samples for the present research.  

The grain sizes measured from alumina sintered at different temperatures (Table 3.1 and Table.3.2) 

showed clearly that increasing the sintering temperature would lead to grain growth in ceramics. It is 

because sintering is basically a thermally activated process of densification of compacts, and 

increasing temperature would provide higher thermal energy which leads to grain growth by 

exhibiting Ostwald ripening (i.e. larger grains grow bigger at the expense of smaller grains).[48] Knowing 

that grain size has a direct effect on the macroscopic properties, the systematic configuration of the 

grain size distribution against processing routes in the present study becomes useful in designing the 

manufacturing process for intended microstructures and properties. 

3.3.2 Grain size distribution measurement and data calibration 

Compared to alternative grain size measurement techniques (e.g. the conventional mean linear 

intercept method[279] estimates only 2D grain width; EBSD[286] requires high quality of surface finish 

and conductivity, as well as being highly time-consuming), the digitalised grain area measurement 

method presented in the current study provides an ideal balance between accuracy and cost of time. 
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Due to the nature of intersections (i.e. two-dimensional and arbitrarily-located), the grain area 

measured using the present method is always ≤ the area of the largest cross section of the grain. An 

example is illustrated in Figure 3.15. The issue has been overcome by the special calibration method 

developed in the present study - the specifically-designed virtual cross sectioning technique, followed 

by the comparison between the empirical and numerical data. 

 

Figure 3.15. Illustration of the cross sectioning process of a grain 

The process is as following: (1) Generate a numerical model with empirical data input as the initial 

estimation of weight values. (2) Serial cross section the 3D microstructures generated in the numerical 

model to obtain the 2D grain size distribution, which is afterwards compared with the empirical data. 

(3) Keep adjusting the weight values input in the numerical model (which is achieved using a 

computational algorithm developed in the present study) and repeating the step (2) until the 2D grain 

size distribution from the virtual cross sectioning agrees with the empirical results. The adjusted 

weights obtained in the end could then represent the actual grain sizes. 

3.3.3 Representativeness of the numerical models 

To evaluate the representativeness of the numerical models, an error parameter (ð) is defined in 

Eq.3.9, based on the quadratic deviation of the numerical PDFn from the experimental PDFe, as a 

function of grain area (A). 

 ð =  ∫
[𝑃𝐷𝐹𝑛(𝐴) − 𝑃𝐷𝐹𝑒(𝐴)]2

𝑃𝐷𝐹𝑒(𝐴)

∞

0

𝑑𝐴 (3.9) 
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- Before optimisation 

Without optimisation, the error ð for the classic Voronoi tessellation and for the Laguerre-Voronoi 

tessellations with different Nw are presented in Table 3.3. 

Table 3.3. Values of error for the different tessellation for the three materials analysed 

Material [°C] ð (classic Voronoi) 

ð (Laguerre-Voronoi) 

ð(Nw=3) ð(Nw=4) ð(Nw=5) ð(Nw=6) 

1400 0.2802 0.0845 0.0391 0.0162 0.0935 

1450 0.2264 0.0528 0.0820 0.1583 0.0943 

1500 0.3275 0.0676 0.0279 0.0931 0.0054 

Exhibiting smaller error values, the Laguerre-Voronoi tessellation has proved to improve the 

representativeness of the numerical models noticeably with respect to the classic Voronoi tessellation. 

The effect Nw on the error has shown not to be linear. For the 1400 °C data set, as an example, 

increasing Nw from 3 to 5 reduces the error to a certain extend until Nw is further increased to 6 which 

leads to a jump in error. 

- After optimisation 

After optimisation, the error ð for the Laguerre-Voronoi tessellations with different Nw is reported in 

Table 3.4. 

Table 3.4. Values of error of the optimised tessellations for the three materials analysed. 

Material [°C] ð(Nw=3) ð(Nw=4) ð(Nw=5) ð(Nw=6) 

1400 0.0073 0.0087 2.51 × 10-4 1.98 × 10-5 

1450 0.0111 0.0043 8.59 × 10-4 0.0019 

1500 0.0401 0.0093 0.0028 0.0015 
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Comparing Table 3.3 and 3.4, the optimisation process has shown to reduce the error ð significantly 

for each tested Nw. The small errors demonstrate that the excellent agreement has been achieved 

between the optimised tessellation and empirical data. 

It worth noting that the choice of the number of values for the input of the weights is a trade-off 

between the quality of the initial guess and the computational cost of the optimisation algorithm. 

 

The current chapter has shown how to connect experimental measurement of grain size distributions 

with numerical modelling of representative microstructures, by incorporating empirical data to the 

development of an innovative algorithm for the numerical generation of microstructures and 

validating the numerical models via a novel method of virtual cross sectioning. 

The next chapter deals with one of the major assumptions that is required in numerical modelling – 

the contribution of normal and shear stresses on the brittle fracture of grain boundaries. 
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Chapter 4. Strength of Grain Boundaries 

 

Intergranular fracture is the governing failure mode of polycrystalline alumina subjected to low strain 

rate loads. Understanding the failure mechanism of grain boundaries is therefore crucial in 

investigating the material’s failure behaviour as well as in enabling the predictive capability of 

numerical modelling. However, the shear component is often overlooked in the existing microscale 

measurements of grain boundary strength[183]. It is thus important to initiate the experimental 

investigation on the effect of shear stress on the grain boundary failure. 

In the present chapter, bi-crystal alumina containing an artificial grain boundary was formed by 

diffusion bonding two pieces of sapphire. The failure stresses were measured by testing 

microcantilevers made across the grain boundary with selected inclinations with respect to the 

longitudinal axis of the cantilever. The comparison of the corresponding normal and shear stresses at 

failure between different grain boundary inclination angles is analysed, allowing the respective 

importance of the two loading modes on the failure of grain boundaries to be understood. 

4.1 Experimental 

4.1.1 Methodology 

The cantilevers in the present study have triangular cross sections of width W and height H, with a 

total beam length of S (Fig.4.1). The angle between the grain boundary and the cross sections of the 

cantilever is θ. Lf the distance between the loading point and the intersection of the grain boundary 

and the top tension surface. The cantilever bends under the increasing load of F applied by 

nanoindenter near the free end and breaks at the load of failure Ff. 
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Figure 4.1. Schematic of the cantilever. (a) The side view, showing the grain boundary (indicated in a green line) and the 

grains on the two sides. (b) The cross section of the cantilever. 

Based on the Euler-Bernoulli theory for elastic beams, the failure stress of the grain boundary 𝜎𝑓 can 

be calculated from Eq. 4.1. 

 𝜎𝑓 =
𝐹𝑓𝐿𝑓𝑦

𝐼
=

12𝐹𝑓𝐿𝑓

𝑊𝐻2
 (4.1) 

where y is the distance through the beam thickness from the tensile surface to the neutral axis of the 

cross section, I the second moment of area of cross section. 

Euler-Bernoulli beam theory is used rather than Timoshenko beam theory because of the sufficiently 

high slenderness ratio of 𝐿: 𝐻. The shear stress at the grain boundary originated by the applied load 

𝐹, 𝜏𝐹 =
𝐹

𝐴
  (where A is the cross sectional area of the beam with 𝐴 = 𝑊𝐻/2), is negligible compared 

to the tensile stress 𝜎𝐹 (The ratio 𝜏𝐹: 𝜎𝐹 is 2.1% ± 0.2% in the present study). 

In the case where θ = 0° (Fig.4.2a), the bending stress on the grain boundary is purely tensile. If 0° < θ 

< 90° (Fig. 4.2b), the bending stress on the grain boundary has both tensile and shear components. 

(a)                                                                                          (b) 
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Figure 4.2. Sketch of the microcantilever used to measure the failure strength of grain boundaries. The blue dashed arrows 

represent the tensile stresses, while the red dashed arrows represent the shear stress. (a) The angle between the grain 

boundary and the longitudinal axis of the cantilever is 90°, therefore there is no shear component. (b) The angle between the 

two is θ (0° < θ < 90°), therefore there are both normal and shear components. 

The normal stress 𝜎𝐼 and shear stress 𝜎𝐼𝐼 at the top of the grain boundary can be calculated from the 

stress transformation equations, Eq. 4.2 and Eq. 4.3 respectively. 

                         

4.1.2 Material, sample preparation and testing 

Two pieces of the C-plane (0001) sapphire substrates (PI-KEM, UK. Diameter = 20 mm, thickness = 2 

mm, both sides polished to fine finish by the manufacturer) were cleaned in the UV Ozone cleaner for 

30 minutes to remove organic residues on the surface. They were diffusion bonded together with a 

general twist angle using the spark plasma sintering (SPS) technique (Dr. Fritsch DSP507, Germany). 

Sintering was carried out under vacuum with a maximum temperature of 1550 °C, 50 °C/min heating 

rate and 15 minutes dwell time. A uniform pressure of 82.5 MPa was applied constantly on the sample 

(20.75 MPa on the SPS punch) from the beginning of the heating until the end of the dwell. The sample 

was left cooling naturally in the graphite die. The misorientation angle was checked using EBSD (Fig.4.3) 

𝜎𝐼 =
𝐹𝑓 ∙ 𝑐𝑜𝑠𝜃

𝐴/𝑐𝑜𝑠𝜃
= 𝜎𝑓 ∙ cos2 𝜃 (4.2) 

𝜎𝐼𝐼 =
𝐹𝑓 ∙ 𝑠𝑖𝑛𝜃

𝐴/𝑐𝑜𝑠𝜃
= 𝜎𝑓 ∙ 𝑠𝑖𝑛𝜃 ∙ 𝑐𝑜𝑠𝜃 (4.3) 

F F 
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on the polished cross sectional surface of the bi-crystal, showing a twist grain boundary of ≈22 

degrees. 

 

Figure 4.3. Misorientation angles in reference to the original point 

The sintered bi-crystal was cross sectioned with parallel cuts using a diamond blade (Fig. 4.4a). The 

slice was sectioned again with the parallel cuts at a chosen inclined angle (0°, 15° and 45°) to the 

sample top surface (Fig. 4.4b). The surface sectioned from the last parallel cuts were polished down 

to 1 µm diamond slurry and finished by colloidal silica. The crystal orientations of each polished surface 

were measured using EBSD and applied in the numerical models for anisotropic properties. 

 

Figure 4.4. The schematic showing the cutting procedure for preparing the bulk specimen. 

(a) (b) 
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The bulk samples were mounted onto pin stubs using silver dag and sputter-coated with Pt to gain 

conductivity. Thermal etching was not used to reveal grain boundaries because the grooves created 

by the etching at the grain boundaries have significant effect on strength measurement.[161] The grain 

boundary was identified in the FIB based on the contrast difference between grains and grain 

boundary. Microcantilevers with triangular cross sections were manufactured across the grain 

boundary using the FIB by following standard microcantilever FIBing procedures[187], with the fixed 

end of the cantilevers located a few hundred nanometres behind the grain boundary.  

 

Figure 4.5. SEM images of (a) a typical microcantilever that has triangular cross section and contains a grain boundary near 

the fixed end, (b) an array of the microcantilevers made along the 45° grain boundary.  

Prior to the cantilever bending test, the specimens were thermally annealed (1100°C, 1h dwell, 

3 °C/min heating and cooling rate) to remove the FIB implantation residual stresses deriving from the 

cantilever manufacturing process. The cantilever bending test was carried out in a G200 nanoindenter 

(Keysight Technologies, USA) coupled with a diamond Berkovich nanoindenter tip (Synton-MDP, 

Switzerland) with the following procedure:  a scanning load of 0.5 μN was applied to scan the top 

surface of the cantilever and the area around it under the AFM scanning mode, which enables the 

visualisation of the shape and location of the cantilever. An indentation point was marked in the 

scanned map informing the nanoindenter tip of where to load the cantilever. The cantilever was bent 

under a displacement-controlled testing mode with a displacement rate of 3 nm/s until failure. 
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Figure 4.6. Schematic showing the side view of a microcantilever made along the inclined grain boundary and loaded under 

a load P. The grain boundary is indicated in the grain line and has an angle of θ to the loaded surface of the cantilever. 

4.2 Results 

4.2.1 Strength of grain boundaries 

 0° grain boundary 

Ten cantilevers were manufactured on the 0° grain boundary specimen. However, four of the 

cantilevers were broken during the AFM scanning process, which disabled the bending test. Therefore, 

the test was completed on six cantilevers, with the relevant data listed in Table.4.1.  

Table 4.2. Dimensions (S, Lf, W, H), fracture load (Ff), failure displacement (D), elastic modulus (E) and grain boundary strength 

(σf) of cantilevers with 0° grain boundary 

# S [µm] Lf [µm] W [µm] H [µm] Ff [µN] D [nm] E [GPa] σf [GPa] 

1 15.0 12.8 2.9 1.7 283.1 1288.9 395.9 5.3 

2 19.1 15.1 2.9 1.8 230.0 1885.5 304.4 4.3 

3 18.6 14.9 2.9 1.9 309.2 2434.0 312.3 5.4 

4 18.9 14.9 3.0 1.9 329.7 2509.2 296.3 5.6 

5 19.2 15.9 3.1 1.9 247.5 2094.5 306.4 4.4 

6 19.0 13.6 2.7 1.6 243.3 1690.1 425.8 5.6 



78 | P a g e  
 

Figure 4.7a indicates the crystal orientations for the group of cantilevers No.1 and No.6, while Figure 

4.7b is for the cantilevers No.2-5. There was no clear difference in strength between the two groups 

of specimens. 

 

Figure 4.7. Crystal orientations of 0° cantilevers. (a) Cantilevers No.1 and No.6. (b) Cantilevers No.2-5. 

SEM images of the fracture surfaces and the corresponding grain boundary strengths (evaluated using 

Eq. 4.1) are summarised in Table 4.3. The fractures all initiated at the grain boundary, with the upper 

part of the fracture surface being smooth and flat. The crack path deviated from the straight-through 

direction in the lower part of the fracture surfaces and formed ‘cantilever curl’[287]. The average values 

of the grain boundary strength and standard error are 5.1 ± 0.3 GPa, and the corresponding tensile 

and shear stresses at failure (evaluated using Eq. 4.2 and 4.3) were therefore 𝜎𝐼.0° = 𝜎𝑓.0° = 5.1 ± 0.3 

GPa, 𝜎𝐼𝐼.0° = 0 GPa, respectively. 
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Table 4.3. Fracture surfaces of the cantilevers tested with the 0° grain boundary and the corresponding fracture strengths 

 

 

 

 

 

 

 
 

* The angle between the specimen top surface and the electron beam was 30°. 
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 15° grain boundary 

Six cantilevers were tested on the 15° grain boundary specimen. Cantilever No.1 broke during the AFM 

scanning in the nanoindenter, thus not providing any useful data. Cantilevers No.4 and 6 exhibited 

cavities at the top of their fracture surfaces. The results from these specimens are consequently 

discarded. The dimensions of each cantilever, alongside the measured Young’s moduli and strengths, 

are listed in Table 4.4.  

Table 4.4 Dimensions (S, Lf, W, H), fracture load (Ff), failure displacement (D), elastic modulus (E) and grain boundary strength 

(σf) of cantilevers with 15° grain boundary 

# S [µm] Lf [µm] W [µm] H [µm] Ff [µN] D [nm] E [GPa] 
σf 

[GPa] 

2 19.7 16.1 3.5 2.0 245.3 1809.4 290.9 3.3 

3 19.8 16.3 3.5 2.1 356.3 2384.3 269.6 4.4 

4 19.8 16.1 3.2 2.0 166.2 1394.2 285.3 2.3 

5 19.8 16.7 3.3 1.9 248.8 2505.0 291.7 4.1 

6 19.8 16.5 3.8 2.3 265.6 1083.5 289.5 2.6 

All cantilevers had the same crystallographic orientation in this case (Figure 4.8). 

 

Figure 4.8. Crystal orientations of the 15° cantilevers. 

The fractured grain boundaries and their measured strengths are summarised in Table 4.5. The 

average values of the grain boundary strength and standard error obtained from the usable cantilevers 

(i.e. No.2, 3 and 5) was 4.0 ± 0.3 GPa. The corresponding tensile and shear stresses at failure are 

𝜎𝐼.15° = = 3.7 ± 0.3 GPa, 𝜎𝐼𝐼.15° = = 1.0 ± 0.1 GPa, respectively. 
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Table 4.5. Fracture surfaces of the cantilevers tested with the 15° grain boundary and the corresponding fracture strengths 

 

 

 

 

 

 

* The angle between the specimen top surface and the electron beam was 30° 
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 45° grain boundary 

Ten cantilevers were tested on the 45° grain boundary specimen, with the dimensions, measured 

Young’s modulus and strength listed in Table 4.6. As shown in Table 4.7, all the cantilevers fractured 

at the grain boundary apart from No.3 and 7. No. 3 broke through an alternative path and exhibited 

hackle. No. 7 showed partial fracture in the grain. It is not clear from the fracture surface where the 

fracture initiated but it may have been at the left hand corner.  The calculations of strength were 

therefore not performed for these cantilevers. The cantilevers in which cavities were found at the top 

of the fracture surfaces, i.e. No.1, 2 and 9, are discarded in the final result. 

Table 4.6. Dimensions (S, Lf, W, H), fracture load (Ff), failure displacement (D), elastic modulus (E) and strength (σf) of each 

cantilever with 45° grain boundary 

# S [µm] Lf [µm] W [µm] H [µm] Ff [µN] D [nm] E [GPa] σf [GPa] 

1 17.1 10.6 2.7 1.6 274.6 1492.3 299.5 5.3 

2 15.9 13.2 2.3 1.5 126.1 1698 275.8 3.7 

3 17.2 12.1 2.8 3.2 332.1 1456.8 424.5 6.2 

4 15.5 10.5 2.4 1.5 281.0 1676.9 392.4 6.9 

5 16.7 13.5 2.9 1.8 217.9 1437.1 288.1 3.7 

6 16.6 14 2.9 1.7 238.1 1242.5 440.9 4.5 

7 16.4 12.9 2.9 1.7 273.5 1493 326.6 4.8 

8 16.4 9.9 2.6 1.6 297.7 973.4 345.5 5.1 

9 16.4 13.2 2.5 1.5 151.5 1459.6 360.8 4.1 

10 16.5 12.9 2.8 1.7 229.0 1651.3 321.0 4.7 

All cantilevers had the same crystallographic orientation in this case (Figure 4.9). 

 

Figure 4.9. Crystal orientations of the 45° cantilevers. 
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The SEM images of the fracture surfaces and the corresponding grain boundary strengths are 

summarised in Table 4.7. The usable data (from cantilevers No. 4, 5, 6, 8 and 10) gave an average grain 

boundary strength and standard error of 𝜎𝑓.45° = 5.0 ± 0.5 GPa. The corresponding tensile and shear 

stresses at failure were 𝜎𝐼.45° = =  𝜎𝐼𝐼.45° = = 2.5 ± 0.3 GPa. 

Table 4.7. Fracture surfaces of the cantilevers tested with the 45° grain boundary and the corresponding fracture strengths. 

Please note that the table is separated into 2 pages due to the excessive length. 

 

 

 

 

 



84 | P a g e  
 

 

 

 

 

 

* The angle between the specimen top surface and the electron beam was 45° 

** The angle between the specimen top surface and the electron beam was 30° 
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4.2.2 Strength of grains 

Five cantilevers were tested within grains instead of at grain boundaries, with relevant data listed in 

Table 4.8. 

Table 4.8. Dimensions (S, Lf, W, H), fracture load (Ff), failure displacement (D), elastic modulus (E) and strength (σf) of 

cantilevers fractured in a grain 

# S [µm] Lf [µm] W [µm] H [µm] Ff [µN] D [nm] E [GPa] σf [GPa] 

1 15 13.3 3.1 1.8 479.2 1783.7 455.3 8.1 

2 15.1 13.4 2.8 1.7 403.9 2004.5 424.0 8.1 

3 15.3 13.2 2.6 1.6 301.1 2280.9 369.5 7.6 

4 15.1 13.3 2.7 1.6 302.0 1863.8 371.8 6.5 

5 14.1 11.3 2.4 1.6 359.8 2047.3 323.8 8.1 

All the cantilevers on the single grain had the same crystallographic orientation (Figure 4.10). 

 

Figure 4.10. Crystal orientations of the cantilevers in the single grain 

As shown in Table 4.9, all these cantilevers exhibited heavily facetted fracture surfaces. This is because 

the cross section of the cantilever was aligned with the basal plan of sapphire (Figure 4.10), which had 

extremely high toughness[229, 288] and was therefore not favoured for fracture. The orientations of most 

of the facets appeared consistently on the same preferred fracture plane (likely to be r-plane 

according to crystallography) that had a lower toughness. These cantilevers also exhibited the 

‘cantilever curl’ at the bottom of the fracture surface. The average values of the grain strength and 

standard error is 7.7 ± 0.3 GPa. 
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Table 4.9. Fracture surfaces of the cantilevers tested within grains with the corresponding fracture strengths 

 

 

 

 

 

 

* The angle between the specimen top surface and the electron beam was 30°. 

4.2.3 Interpretation of experimental results by numerical simulation 

Numerical models of the bi-crystal cantilever beams have been generated to interpret the 

experimental data, taking into account the deformation of the support, which has been proven to 

have a significant effect on the overall deformation of the beam (i.e. around 10%)[12]. 
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Additionally, the analytical formulation presented, based on Euler-Bernoulli theory, considers the 

beam to be isotropic. Neglecting the actual anisotropic nature of the single crystal and the effect of 

the crystallographic misorientation across the grain boundary on the stress-state of the interface, 

would result in inaccurate results.  

The 3D linear elastic models were built up by Dr Simone Falco using LS-Dyna (Livermore Software 

Technology Corporation, USA). Each beam was modelled using the empirically measured dimensions. 

The crystallographic orientation of each crystal were defined using the EBSD measurement as 

reported in Figure 4.7, Figure 4.8 and Figure 4.9, coupled with the elastic constants listed in Table 2.2. 

With hexahedron mesh, gradient mesh size was applied to balance the accuracy of results and 

computational time, with the mesh size set to be 0.05 near the grain boundaries and doubled to 0.1 

away from the grain boundaries. Finally, zero-thickness cohesive elements were added between the 

two crystals in the FEM model, to evaluate the stress state of the material at the failure state. A side-

view image is presented for one cantilever at each inclination angle in Figure 4.11. 

 

Figure 4.11. Side view of the cantilever numerical models.  Top to bottom: 0°, 15° and 45° inclination angle of grain boundaries. 

The load increases linearly at quasi-static rate until it reaches the load at failure as indicated in the 

empirical loading curve (i.e. using fracture load as failure criterion). The stress along the longitudinal 
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direction of the beam measured in the elements on the top surface across the grain boundary 

provided the numerical evaluation of the failure strength𝜎𝑓 (𝑛𝑢𝑚𝑒𝑟𝑖𝑐𝑎𝑙). 

The compliance of the cantilever indicated in the numerical model was verified against the empirical 

value, the difference between which was potentially caused by errors in the measurement of sample 

dimensional characteristics, especially the height.[12] Therefore, the value of height was adjusted in 

the model until the numerical compliance matched with the empirical one, providing the accordingly-

updated value of stress at failure 𝜎𝑓 (𝑛𝑢𝑚𝑒𝑟𝑖𝑐𝑎𝑙−𝑎𝑑𝑗𝑢𝑠𝑡𝑒𝑑) . These values did not differ much from 

𝜎𝑓 (𝑛𝑢𝑚𝑒𝑟𝑖𝑐𝑎𝑙), thus are not presented here for the reason of simplicity. 

For each usable cantilever, 𝜎𝑓 (𝑎𝑛𝑎𝑙𝑦𝑡𝑖𝑐𝑎𝑙) and  𝜎𝑓 (𝑛𝑢𝑚𝑒𝑟𝑖𝑐𝑎𝑙) are plotted in Figure 4.12. The numerical 

evaluations are systematically lower than the corresponding analytical one, which is presumed to be 

because of the compliance of the bulk support connected to the fixed end of cantilever.[12] The failure 

stresses at different interface angles were at similar values – spreading around ~5 GPa, while the 

fracture stress measured at 15° was slightly lower. 

 

Figure 4.12. Tensile stress at failure along top surface of cantilevers, measured from grain boundaries with different interface 

angles, from analytical calculation and numerical calibration. For 45°, only 3 cantilevers out of 5 are calibrated numerically 

due to the shortage of the time. 



89 | P a g e  
 

The analytical values of normal and shear components of the failure stresses were calculated using 

Eq.4.2 and Eq.4.3, whilst the numerical values were measured directly in the cohesive elements 

inserted between the crystals in the FEM models. Both analytical and numerical results summarised 

in Figure 4.13. Normal stresses decreased with the interface angle, while shear stresses did the 

opposite. At 45°, the normal and shear stresses reached same values, averaging at 2.4 GPa. 

 

Figure 4.13. Normal and shear components of grain boundary strength measured from microcantilevers containing grain 

boundaries of three different interface angles: 0°, 15° and 45°. 

The numerical values 𝜎𝑓 (𝑛𝑢𝑚𝑒𝑟𝑖𝑐𝑎𝑙) will be used for analysis in the rest of the chapter. 

4.3 Discussion 

4.3.1 Effect of the cavities and validity of measurement 

In the present study, cavities were formed on the grain boundary, possibly because the quick sintering 

speed employed during the SPS process did not allow enough time for full diffusion bonding. Since the 

fracture initiated at the intersection of the grain boundary and cantilever top surface, in 
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correspondence of the maximum bending stress, the cavities found at the intersection are thought to 

affect the validity of the measured strength and therefore the relevant results were discarded. 

Based on Equation.2.5, with KIC assumed to be 2 MPa∙m1/2, Y=2.24/√𝜋 for a thumbnail crack and 

σC=4.8 GPa, the critical flaw size is estimated to be 𝑐 = (
𝐾𝐼𝐶

𝑌∙𝜎𝐶
)

2
≈ 109 nm, which is smaller than the 

cavities formed on the grain boundaries as can be seen from the SEM images. The cavities located 

away from the intersection are therefore thought to have negligible influence on the initiation of the 

grain boundary failure so the results presented are considered to be valid. 

The intergranular strength of diffusion-bonded sapphire has been measured by Norton et al.[161, 187], 

with the grain boundary perpendicular to the longitudinal axis of the microcantilevers and therefore 

assumed to fail under a purely tensile stress state. The results show that the un-notched bi-crystal 

microcantilevers have a mean fracture strength of 5.1 ± 0.1 GPa, which is very close to that measured 

in the present research (4.8 ± 0.3 GPa) with the cantilevers that also have longitudinal axis 

perpendicular to the grain boundary. Such a close match suggests that the different sintering methods 

for producing the bi-crystals (SPS was used in the present study while hot press was used by Norton[161]) 

and the cavities away from the top surface in the present work (Norton’s grain boundaries had no 

cavities) do not have a considerable influence on the measurement of grain boundary strength. 

Although the cavities did not contribute directly to the initiation of the cracks, they might still have 

had a certain influence on the stress distribution on the interfaces. The 15° and 45° grain boundaries 

exhibited higher densities of cavities than the 0° grain boundary, which had the potential of resulting 

in underestimated 𝜎𝑓.15° and 𝜎𝑓.45° values in the present study. 

4.3.2 Roles of shear and tensile stresses on grain boundary failure 

Combining Equation 2.7 and 2.8, the failure condition of brittle interface can be written as follows. 

 (
𝜎𝐼

𝑆
)

2

+  𝛽2 · (
𝜎𝐼𝐼

𝑆
)

2

≥ 1 (4.4) 
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In the case where the contribution of shear and normal components on interface failure is considered 

to be equal[127] (𝛽2 is 1), by combining with Equation.2.5, 4.2 and 4.3, Equation.2.4 can be rearranged 

to the following expression. 

 𝐺𝐶 =
𝑌2 ∙ 𝑐

𝐸′
∙ 𝜎𝑓

2 ∙ (cos4 𝜃 + cos2 𝜃 ∙ sin2 𝜃) = 
𝑌2 ∙ 𝑐

𝐸′
∙ 𝜎𝑓

2 ∙ cos2 𝜃 (4.5) 

which leads to Equation  4.6 

 𝛽2 = 1:          𝜎𝑓 = √
𝐺𝐶 ∙ 𝐸′

𝑌2 ∙ 𝑐
∙

1

𝑐𝑜𝑠𝜃
= 𝜎𝑓.0° ∙

1

𝑐𝑜𝑠𝜃
 (4.6) 

In another well-known assumption, the contribution of shear stress in interface failure is considered 

to be negligible[183-185] (𝛽2 is 0), the factor defining the relationship between 𝜎𝑓 and 𝜎𝑓.0° thus becomes 

1

cos2 𝜃
 as expressed in Equation 4.7. 

 𝛽2 = 0:          𝜎𝑓 = √
𝐺𝐶 ∙ 𝐸′

𝑌2 ∙ 𝑐
∙

1

cos2 𝜃
= 𝜎𝑓.0° ∙

1

cos2 𝜃
 (4.7) 

To test the possibility that the shear component contributes more than the normal component in the 

failure of interface,  𝛽2 is set (arbitrarily) to be 2, which leads to Equation 4.8. 

 

𝛽2 = 2:          𝜎𝑓 = √
𝐺𝐶 ∙ 𝐸′

𝑌2 ∙ 𝑐
∙

1

𝑐𝑜𝑠𝜃 ∙ √1 + sin2 𝜃

= 𝜎𝑓.0° ∙
1

𝑐𝑜𝑠𝜃 ∙ √1 + sin2 𝜃
 

(4.8) 

In order to find out which ‘theory’ explains better the empirical results, Figure 4.14 plots 𝜎𝑓  as a 

function of 
1

cos2 𝜃
 ,  

1

𝑐𝑜𝑠𝜃
 , and 

1

𝑐𝑜𝑠𝜃∙√1+sin2 𝜃
 , corresponding to 𝛽2=0, 1 and 2, respectively. The straight 

lines representing 𝛽2=1 and 𝛽2=2 exhibit a better fitting than 𝛽2=0, suggesting that the effect of 

normal stress may be similar to or even subordinate than that of the shear stress. However, the small 

amount of sample tested for each inclination angle, and the consequent large scatter in the measured 
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data, may not be statistically sufficient to determine which theory tested can be firmly valid against 

the others. 

 

Figure 4.14. 𝜎𝑓  as function of 
1

𝑐𝑜𝑠2 𝜃
 ,  

1

𝑐𝑜𝑠𝜃
 , and 

1

𝑐𝑜𝑠𝜃∙√1+𝑠𝑖𝑛2 𝜃
  for testing the theories which consider 𝛽2  to be 0, 1 and 2 

respectively. Each set of data points is fitted with linear function (dashed lines) going through the interception at (0, 0). 

In Figure 4.15, the normal and shear components of empirical failure stresses are compared with their 

theoretical expressions 𝜎𝐼 = 𝜎𝑓 ∙ cos2 𝜃 = 𝜎𝑓.0° ∙ cos 𝜃  (Eq. 4.2) and 𝜎𝐼𝐼 = 𝜎𝑓 ∙ 𝑠𝑖𝑛𝜃 ∙ 𝑐𝑜𝑠𝜃 = 𝜎𝑓.0° ∙

𝑠𝑖𝑛𝜃 (Eq. 4.3) with  𝜎𝑓_0° set to be 3.8 GPa (i.e. the best fit value indicated in Figure 4.14 with 𝛽2=1). 

The close match suggests 𝛽2=1 to be reasonable and therefore the contribution of shear stress in 

failure is not only non-negligible, but in fact seems to be comparable to the contribution of normal 

stress in tension. 
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Figure 4.15. Normal and shear components at failure 

The limited statistical fit of the data with any known theory may be possibly due to different sizes of 

crack formed on grain boundaries of different angles during mechanical polishing. The fact that the 

critical flaw of tens of nanometres cannot be seen on the fracture surface suggests that the failure 

initiated from a crack on the grain boundary rather than a pore. As the crack was possibly produced 

by mechanical polishing during sample preparation, and samples with different inclination angles were 

polished separately, cracks of different sizes might have been produced, introducing a systematic bias 

in the results. 

The potential effect from the crystal orientation is overthrown based on the fact that the two groups 

of opposite bi-crystal crystal orientations in the 0° data set did not provide systematically different 

measures of the strength. Additionally, the full anisotropic elastic behaviour of the crystals was 

reproduced in the FEM models, and did not show significant influence on the numerical results. 
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Finally, the similarity of the results from the adjustment of height in models for 𝜎𝑓 (𝑛𝑢𝑚𝑒𝑟𝑖𝑐𝑎𝑙−𝑎𝑑𝑗𝑢𝑠𝑡𝑒𝑑) 

also suggests that inaccuracy in dimensions is not the source of lack of fit of the data to any known 

theory. 

4.3.3 Effect of shear stress under compression 

The magnitude of the compressive stress at the bottom of a triangular cross section cantilever is twice 

as large as the tensile stress on the top surface. For example, if the overall tensile stress at failure at 

the top surface of the cantilever is, say 4.8 GPa, then the shear stress on a 45° boundary at the bottom 

surface is 2 x 0.5 x 4.8 = 4.8 GPa while the normal stress on this 45° boundary at the top surface is only 

0.5 x 4.8 = 2.4 GPa. However, despite the relatively large amount of tested polycrystalline 

microcantilevers[161, 187], no grain pull-out or other sign of cracking has ever been observed from the 

compressed volume of the beam. The cantilevers containing the 45° inclination grain boundary 

showed no sign of grain boundary sliding at the bottom of the cantilevers, even though brittle failure 

under compression is favoured at 45° based on the maximum shear stress criterion[127]. 

This suggests that the failure criterion expressed in Equation 4.4 is only valid when 𝜎𝐼 is tensile (i.e. 

𝜎𝐼 > 0). In the case where 𝜎𝐼 is compressive, it does not apply any more. 

This is attributed to the following two reasons. (a) The compressive normal stress does not contribute 

to initiate the crack as tensile stress does. Simonovski and Cizelj[179] indicate that a compressive 

deformation does not initiate damage and suggest to use the Macaulay bracket 〈 〉 on the normal term, 

as shown in Equation 4.9, so that when 𝛿𝑛 is tensile, 〈𝛿𝑛〉 =  𝛿𝑛; when 𝛿𝑛 is compressive, 〈𝛿𝑛〉 = 0. 

 𝛿𝑚 = √〈𝛿𝑛〉2 + 𝛿𝑠
2 + 𝛿𝑡

2 (4.9) 

where indices n, s and t denote the normal and two orthogonal shear directions. 

(b) The confined compressive loading enhances the shear resistance of the interface by increasing the 

friction between particles,[186, 289] therefore preventing the grain boundary from sliding as an 

interlocking effect. 
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As a combination of the two factors above, the failure criteria can be rewritten as below. 

 (
〈𝜎𝐼〉

𝑆
)

2

+ 𝛽2 · (
𝜎𝐼𝐼

𝛼 · 𝑆
)

2

≥ 1 (4.10) 

where 〈〉 is the Macaulay bracket (=1 if the normal stress is tensile, =0 if compressive), α is the factor 

of shear resistance (=1 if the normal stress is tensile, >1 if compressive). 

4.3.4 Strength of grain boundaries and grains 

The strength of grain boundaries is compared to the strength of grains which are also measured in the 

present study. The former (≈5 GPa) is lower than the latter (≈8 GPa), which explains why 

polycrystalline alumina favours intergranular fracture against transgranular. It is well known that 

grains are theoretically stronger than grain boundaries because the former are at thermodynamic 

equilibrium while the latter have excess free energy[290].  

Table 4.10 compares the strength of alumina measured on single crystals and poly-crystals, at different 

scales (micro-/macro-scale). At the same scale, the strength measured from single crystals is higher 

than that from polycrystalline alumina, because the latter contains defects as well as grain boundaries 

that are weaker than grains. The strength measured at the microscale is higher than that measured 

from macroscopic tests due to the vast difference in the size of the fracture origin – macroscopic 

samples usually fail from polishing or sintering defects, while the microscopic ones often fail from a 

chosen microstructural feature, such as a grain boundary or an artificial flaw[161]. Moreover, the ‘size 

effect’[291], which is described conventionally through Weibull statistics, also contributes to the 

discrepancies in strength measured at microscopic and macroscopic scales. 
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Table 4.10. Strength of alumina measured at macroscopic test (macroscopic 4-point bending flexural strength) and 

microscopic test (microcantilever bending test), on single crystals and poly crystals. All measurements are at ambient 

temperature. 

Source Method & scale  Crystallography  Strength [GPa] 

Schmid and 

Harris[292] 
Macroscopic 4-point bending single crystal 0.9 ± 0.1 

Norton[161] Macroscopic 4-point bending polycrystalline 0.3 ± 0.0 

Norton[161] Microcantilever test polycrystalline 3.8 ± 0.2 

Present study Microcantilever test bi-crystal 4.5 ± 0.3 

Present study Microcantilever test single crystal 7.7 ± 0.3 

 

 

The current chapter shows that in contrast to the assumptions in many studies, it is important to take 

the shear component into account when modelling the failure stress of grain boundaries. 

Fundamentally, to understand this, the toughness needs to be understood, which is dealt with in the 

next chapter. 
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Chapter 5. Reliable Measurement of Fracture Toughness at 

Microstructural Scale - Stable Crack Growth 

 

Toughness measurements of individual microstructural components of armour ceramics, especially 

grain boundaries, are indispensable to fully understand the mechanical properties and impact 

behaviour of the bulk materials, as well as to enable the improvement of these properties via 

mechanistically informed grain boundary engineering. Moreover, accurate measures of fracture 

toughness are essential to provide correct input for the numerical modelling of the behaviour of 

polycrystalline ceramics (like the one presented in Fig.5.1), especially in terms of crack initiation and 

propagation mechanisms. 

 

Figure 5.1. (a) Numerical model of polycrystalline ceramics at the micro-scale, showing the grains (presented in different 

colours) and the numerical meshing of the model. (b) The relative grain boundary elements in the model, shown in blue. The 

model was developed by Dr. Simone Falco. 

Testing microcantilevers machined using FIB is one of the potential methods for making such 

measurements (Figure 5.2). However, the bluntness of FIBed notches and residual stresses caused by 

FIB-ion implantation at the notch root are thought to influence the results[1]. Enabling stable crack 

growth could allow the fracture toughness values to be measured from the material away from the 

FIB-affected zone, thereby providing reliable measurements of fracture toughness.  
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Figure 5.2. (a) Microcantilever with triangular cross section, machined using FIB. (b) The free end of the microcantilever. (c). 

Schematic of the microcantilever bending test, with a notch FIBed near the fixed end and the load F applied near the free end. 

In the present chapter, the fracture toughness of Al2O3 and SiC have been measured using chevron-

notched microcantilevers which enable stable crack growth. The tests were performed in air and in 

vacuum to investigate the effect of subcritical stable growth.  

5.1 Experimental 

5.1.1 Methodology 

The cantilevers in the present study were manufactured with pentagonal cross sections, as illustrated 

alongside the relevant dimensions indicated in Fig.5.3. The thin notch is in the shape of a chevron. 

Both the bottom point of the pentagonal cross section and the apex of the chevron notch are 

nominally central. All the tested cantilevers in the present study have a1 ≤ H, with the largest width of 

the ligament equal to W. 

 

Figure 5.3. Schematic of the chevron-notched cantilevers. (a). The side view of the cantilever. (b). Cross section of the notch 

as manufactured, prior to cracking. (c). Cross section of the notch while the crack nucleates and propagates. The blue area is 

the ligament connecting the parts of the system on either side of the notch. 
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The beam bends under the load F, initiating a Mode I crack from the apex of the ligament, which is a 

distance a0 from the beam top surface. While the crack propagates, it grows to a length α and width 

b = W∙α/(a1-a0). 

Under an applied load F, the deflection (δ) of the beam that has a compliance C, can be calculated 

using the following equation. 

 𝛿 = 𝐹𝐶 (5.1) 

where C is the compliance.  

The stored elastic energy can be expressed as: 

 𝑈𝐸 =
1

2
𝛿𝐹 =

1

2
𝐹2𝐶 =

1

2

𝛿2

𝐶
 (5.2) 

Assuming that α increases by an increment dα (i.e. crack grows) but δ remains constant (i.e. the 

loading system does no work), the change in the mechanical energy, UM, is: 

 𝑑𝑈𝑀 = 𝑑𝑈𝐸 =
𝜕

𝜕𝐶
(

𝛿2

2𝐶
) 𝑑𝐶 = −

𝛿2

2𝐶2
𝑑𝐶 = −

1

2
𝐹2𝑑𝐶 (5.3) 

It can be shown that this is also true when δ is not constant for incremental crack extension. 

The mechanical energy release rate, G, is given by: 

 𝐺 = −
𝑑𝑈𝑀

𝑑𝐴
 (5.4) 

where A is the cracked area and 𝑑𝐴 = 𝑏 ∙ 𝑑𝛼. 

Therefore, 

 
𝐺 = −

𝑑𝑈𝑀

𝑑𝐴
=

𝐹2𝑑𝐶
2

𝑏𝑑𝛼
=

𝐹2

2𝑏

𝑑𝐶

𝑑𝛼
 

(5.5) 

This is used to determine the value of G for a given notch depth. In order to perform this calculation, 

dimensionless values of the compliance and the crack length are defined as: 
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 𝛼′ =
𝛼

𝐻
 (5.6) 

 𝐶′ = 𝐶𝐸𝐻 (5.7) 

E shall be the effective modulus accounting for anisotropy[293], which is taken to be the Young’s 

modulus in the basal plane = 1/s11 in the present study. 

Therefore, 

 𝐺 =
𝐹2

2𝑏

1

𝐸𝐻2

𝑑𝐶′

𝑑𝛼′
=

𝐹2

2𝐻2𝑏𝐸

𝑑𝐶′

𝑑𝛼′
 (5.8) 

The stress intensity factor, K, can then be calculated: 

 𝐾 = √𝐺𝐸 =
𝐹

𝐻√𝑏
(

1

2

𝑑𝐶′

𝑑𝛼′)

1
2

=
𝐹

𝐻√𝑊
(

1

2
 
𝑎1 − 𝑎0

𝛼
 
𝑑𝐶′

𝑑𝛼′)

1
2

 (5.9) 

The factor (
1

2

𝑎1−𝑎0

𝛼

𝑑𝐶′

𝑑𝛼′)

1

2
 is a dimensionless factor 𝑌(𝛼′). The equation can then be rewritten as: 

 𝐾 =
𝐹

𝐻√𝑊
𝑌(𝛼′) (5.10) 

The compliances of particular cantilevers at different crack lengths were calculated using numerical 

simulation, which gave a set of data points of C’ vs. α’ for each beam.  The data were fitted by a fifth-

order polynomial. 

 𝐶′ = 𝐵0 + 𝐵1𝛼′ + 𝐵2𝛼′2 + 𝐵3𝛼′3 + 𝐵4𝛼′4 + 𝐵5𝛼′5 (5.11) 

C increases with increasing α, therefore so does C’. 

The component of dC’/dα’ in Y(α’) can be derived. 

 
𝑑𝐶′

𝑑𝛼′
= 𝐵1 + 2𝐵2𝛼′ + 3𝐵3𝛼′2 + 4𝐵4𝛼′3 + 5𝐵5𝛼′4 (5.12) 

Y(α’) could then be calculated as shown in Equation 5.13. 

 

𝑌(α’) = (
1

2

𝑎1 − 𝑎0

𝛼

𝑑𝐶′

𝑑𝛼′)

1
2

= [
1

2

𝑎1 − 𝑎0

𝛼
(𝐵1 + 2𝐵2𝛼′ + 3𝐵3𝛼′2 + 4𝐵4𝛼′3 + 5𝐵5𝛼′4)]

1
2
 

(5.13) 
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Substituting a crack length α’ during the stable crack growth, coupled with the instantaneous applied 

load, the stress intensity factor can be calculated using Equation 5.10. 

The derived Y(α’) points were fitted with a fifth-order polynomial. 

 Y(α’) = 𝑁0 + 𝑁1𝛼′ + 𝑁2𝛼′2 + 𝑁3𝛼′3 + 𝑁4𝛼′4 + 𝑁5𝛼′5 (5.14) 

Y(α’) exhibits a minimum value at a specific crack length αc which also gives a minimum value to KI for 

a given F. The values of α’c and Y(α’c) could be obtained via the stationary point of the Y(α’) curve 

when the following equation is satisfied. 

 Y′(αc’) = 𝑁1 + 2𝑁2𝛼𝑐
′ + 3𝑁3𝛼𝑐

′ 2
+ 4𝑁4𝛼𝑐

′ 3
+ 5𝑁5𝛼𝑐

′ 4
= 0 (5.15) 

Crack growth is therefore stable under load-controlled conditions for α < αc, and αc is the crack length 

at which the crack growth transited from stable to unstable. Coupled with the load applied at this 

moment, FC, the stress intensity factor Kp (with p denoting ‘propagation’) at the crack length αc can be 

calculated using the equation below. 

 𝐾𝑝 (𝛼𝐶 ) =
𝐹𝐶

𝐻√𝑊
𝑌(𝛼𝑐

′ ) (5.16) 

During the stable crack period (α < αc), the instantaneous stress intensity factor to propagate the crack, 

Kp, could be back calculated via the following process. The compliance C(α) at each measure condition 

is derived by C(α)=δ(α)/F(α). The corresponding C’(α) could be calculated using Equation 5.7. 

Deploying Equation 5.11, α’ could be back calculated, which enables the calculation of dC’/dα’, Y(α’) 

and therefore  Kp(α’). 

Now knowing the instantaneous crack length α (=α’∙H), coupled with the corresponding time at 

measurement, the crack velocity, v, can then be calculated from the following equation. 

 𝑣 =
𝑑𝛼

𝑑𝑡
 (5.17) 
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5.1.2 Sample preparation 

The following two materials were chosen for the investigation: c-plane (0001) sapphire (5 × 5 × 0.5 

mm3 substrate, from AdValue Technology), and single crystal (0001) 6H-SiC (5 × 5 × 0.33 mm3 substrate, 

from MTI Corporation). The samples were supplied with the surface chemically polished by silica slurry 

with a fine finish. The substrate was mounted to a SEM pin stub using silver paint which was followed 

by carbon coating (Edwards E306, Sweden) to gain conductivity. 

The crystal orientations were identified using EBSD (Zeiss Merlin). The a- and m-axes were marked on 

the sapphire surface using FIB, while [1120] and [1100] axes were marked on the SiC surface (Fig.5.4). 

 

Figure 5.4. (a) Marks on the sapphire sample surface indicating the m- and a- axes. (b) Microcantilevers manufactured along 

the m- or a- axis. 

Microcantilevers were manufactured using FIB (Zeiss Auriga FIB-SEM, Germany) by following the 

standard microcantilever FIBing procedures[187] (Figure 5.5). For sapphire, the longitudinal directions 

of the beams were aligned along either the a- or the m- axis so that the notches were in the m- or a-

plane respectively. For SiC, the notch was aligned on the (1100) plane. 
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Figure 5.5. A sapphire cantilever aligned longitudinally along the a-axis and notched along the m-axis with a chevron shape 

notch. 

The final and the most crucial step was to mill the chevron notch. A 50 pA beam current was applied, 

with the notch shaped to have the apex angled at about 90o. In order to minimise the effect of a 

Gaussian ion beam spot profile[213], which could blunt the notch tip, the apex of the notch was located 

well below the top surface of the beam, ensuring a0 /H ≥ 0.4 as suggested by Mueller et al.[175] High-

resolution SEM images were taken of the cantilevers for measuring the beam dimensions (Fig.5.6). 

 

Figure 5.6. SEM images of a chevron notch cantilever. View from its (a) side and (b) front. 

The sapphire and SiC specimens were annealed in an argon gas tube furnace (Carbolite STF 16/60/180) 

at 1100 °C and 1200 °C, respectively, for 1h, with 3 °C/min heating and cooling rate. This step was for 

removing the residual stresses introduced by FIB in the cantilevers, especially at the notch. 
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5.1.3 Testing procedure 

For the tests in air, the microcantilevers were tested using a G200 nanoindenter (Keysight 

Technologies, USA) coupled with a diamond Berkovich nanoindenter tip (Synton-MDP, Switzerland). 

A scanning load of 0.5 μN was applied to scan the top surface of the cantilever and the area around it 

in order to visualise the shape of the cantilever as well as to locate its position. An indentation point 

was defined in the scanned map informing the nanoindenter tip of where to load the cantilever (Figure 

5.1b). The cantilever was bent under a displacement-controlled testing mode with a displacement rate 

of 2 nm/s until failure, with the data recording time interval of 0.2 s. The relative humidity of the 

testing environment in air was 53.6 ± 6.8% (measured at room temperature using OMEGAETTE HH311, 

OMEGA). 

 

Figure 5.7. (a) SEM image of a chevron-notched cantilever. (b). The AFM map scanned in the nanoindenter of the cantilever, 

showing the shape of the cantilever as well as the location of the notch by contrast differences. The blue cross indicates the 

indentation point. 

For the tests in vacuum, the cantilevers were tested using an intrinsically displacement-controlled in-

situ SEM nanoindenter (Alemnis, Switzerland) placed in a FEI Quanta 650 SEM. The indenter stage was 

20° pre-tilted in order to enable the visibility of the sides of cantilevers. A cube corner diamond 

nanoindenter tip (Synton-MDP, Switzerland) was used to load the cantilevers, as shown in Figure 5.8. 

The tests were performed under the displacement-controlled mode, enabled by the piezoelectric 

transducer in the Alemnis nanoindenter. A displacement rate of 2 nm/s was applied to ensure a low 
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crack propagation speed. A series of SEM images was taken every 2 seconds during the cantilever 

bending process, with a SEM frame scan time of 1.6 seconds. The machine was operated by Siyang 

Wang from Dr Finn Giuliani’s group at Imperial College London. 

The load drift rate was evaluated by (𝐹𝑓 − 𝐹0)/𝑡𝑓 , where Ff is the raw load at failure reported by the 

nanoindenter when the cantilever is separated from the indenter tip (i.e. point f in Figure 5.29), F0  is 

the load before loading and is therefore equal to 0, tf is the total loading time. 

For the monotonic loading tests, the displacement drift rate was evaluated by correcting the 

compliance of the cantilever during elastic bending to the compliance calculated from the 

corresponding numerical model at 0 crack length. For the cyclic loading tests, the displacement drift 

rate was evaluated based on the recorded timeline and the displacement drift between the starting 

point (i.e. 𝐹 = 0) of each two adjacent loading cycles, giving a close value to that evaluated based on 

the compliance of the cantilever from numerical models and therefore validating the above. 

 

Figure 5.8. SEM image of in-situ microcantilever test in vacuum. The cube corner indenter tip is placed on top and near the 

free end of the chevron notched microcantilever, prior to the bending test. 

5.2 Results 

5.2.1 Development and optimisation of numerical model 

Knowing the compliance development of each cantilever during the crack propagation is essential in 

calculating their fracture toughness. However, due to the difficulties in analytical calculation of 
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compliances of cantilevers with chevron-notched pentagonal cross section, numerical modelling was 

required to interpret the compliance. 

3D linear elastic models were developed by Dr Simone Falco, using the commercial software LS-Dyna 

(Livermore Software Technology Corporation, USA). The numerical models were built with pentagonal 

cross section and chevron notch (Figure 5.9), with dimensions defined to that measured empirically 

from SEM images. The cross section was discretised mostly with quad elements, with the cross-

sectional mesh extruded to form 3D mesh consisting predominantly of hexahedral elements with a 

small percentage (<1%) of pentahedron elements. The material properties were modelled as 

anisotropic using the values from Table 2.2. 

 
Figure 5.9. The numerical model of the pentagonal cantilevers with chevron notch and built-in beam root. 

A model was individually constructed for each cantilever at a specifically-defined crack length using 

the dimensions from experimental measurements. The 2D notch plane was generated based on the 

coordinates of 9 points defining the cross sectional dimensions (Fig. 5.10) followed extrusion into a 3D 

beam to an experimentally-measured length, with the notch plane situated at the distance to the fixed 

end which was also measured from the experiment. A support was added to the fixed end of the 

cantilever, which has all its faces constrained with fixed displacement apart from the top surface and 

the surface to which the cantilever is attached. In order to mimic the real nanoindenter tip and to 

Beam root 

Cantilever with pentagonal cross section 

Notch plane containing 

the chevron notch 



107 | P a g e  
 

avoid local deformation caused by stress concentration in the model, a pressure load was applied on 

a square area of 0.8 μm side length, centred at the experimentally measured loading point. 

 

Figure 5.10. Cross section of the notch plane in the numerical model. (a) The schematic showing the 9 points used to define 

the notch plane. When there is no crack, the point No.4 and No.9 have the same coordinates. During the crack propagation, 

(b) The illustration of the meshed notch plane for 3 example crack lengths.  

In order to ensure the ideal balance between the accuracy of the simulation results and the length of 

computation time, the FE models were optimised in terms of the size of meshes (graded mesh size 

with the ≤ 0.05 μm mesh size at the notch and ≤ 0.4 μm away from the notch) and the compliant built-

in root (which had width = height = length = 6 μm). The optimisation was based on the results from 

the following investigation. 

- Mesh size sensitivity 

The effect of the mesh size on the accuracy of compliance results was first investigated by constructing 

numerical models of a rectangular beam without the root. The beams had dimensions of width 3 μm, 

(a) 

(b) 
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height 3 μm and effective length 8 μm. The following uniform mesh sizes were tested and compared 

to analytical analysis: 0.75, 0.6, 0.4, 0.25, 0.2 and 0.1 μm. Example models are shown in Figure 5.11. 

 

Figure 5.11. Numerical models of rectangular cross-sectional cantilevers with mesh sizes of (a) 0.4, (b) 0.2, and (c) 0.1. 

The compliance results from different mesh sizes are shown in Figure 5.12, comparing the results to 

the analytical values based on Euler-Bernoulli and Timoshenko theories and showing the convergence 

of the compliance a mesh size of 0.4 μm. 

 

Figure 5.12. Compliance from numerical beam model (W3, H3, L8, no root) uniformly meshed with element sizes of 0.75, 

0.6, 0.4, 0.25, 0.2 and 0.1. The results are compared to the analytical values based on Euler-Bernoulli and Timoshenko 

theories. 
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- Effect of beam root 

It is known that the local deformation of the bulk material connected to the cantilever contributes to 

the compliance measurement.[156] The effect of the beam root was therefore evaluated using un-

notched rectangular-cross sectional cantilevers with typical dimensions of width 3, height 3 and 

effective length 8. The compliance was numerically calculated using the models with mesh size 0.1, 

featuring a range of root sizes: no root, Wr6_Hr4_Lr4, Wr6_Hr6_Lr4, Wr6_Hr6_Lr6, Wr9_Hr6_Lr6 and 

Wr9_Hr9_Lr9 (Wr, Hr, Lr represent the width, height and length of the root, respectively). Example 

models are shown in Figure 5.13. 

 

Figure 5.13. Numerical models of rectangular cross-sectional cantilevers with root sizes of (a) Wr6_Hr4_Lr4, (b) Wr6_Hr6_Lr6, 

and (c) Wr9_Hr9_Lr9. 

The compliances simulated from the numerical models were compared with the analytical results 

based on the Euler-Bernoulli beam and Timoshenko beam theories, where the beam root was not 

taken into consideration, as shown in Figure 5.14. Compared to the Wr9_Hr9_Lr9 model result, the 

Euler-Bernoulli theory, the Timoshenko theory and the numerical model of the beam without root all 

underestimated the compliance by significant amounts. The compliance values from the models with 

roots were convergent from Wr6_Hr6_Lr4, with the difference to Wr9_Hr9_Lr9 being only 2.0%. 
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Figure 5.14. The compliances calculated by analytical and numerical solutions, for evaluating the effect of the beam root. The 

annotation for the beam models is in the form of Root_Wr_Hr_Lr. 

- Graded mesh size 

In order to optimise the computation time while ensuring the accuracy of the compliance calculation, 

a graded element size was applied to the models. The mesh size was finest at and near the plane of 

the notch, and increased gradually towards the free and fixed ends of the beam with a maximum value 

of 0.4, as shown in Figure 5.15. 

 

Figure 5.15. The FE model meshed with graded mesh size, under the views of (a) View under the HidEle mode to exhibit the 

graded mesh size along the beam. (b) View under the WirEle mode to highlight the chevron notch. (c) Side view showing the 

fine mesh around the notch plane. (d) Front view showing the fine mesh in the cross sectional planes.  
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The effect of mesh size was further investigated with an advanced model: with the root of the chosen 

size (Wr6, Hr6, Lr4) and graded mesh size. For the finest meshing part in the graded mesh system, three 

different sizes were tested: 0.03, 0.04 and 0.05. In Fig. 5.16 which shows the compliance values for a 

series of crack lengths, no notable difference could be seen among the compliances simulated from 

the three tested mesh sizes. Therefore, 0.05 was imposed as the maximum element size at the chevron 

notch in all the FE models used in the present study. 

 

Figure 5.16. Compliance simulation of chevron-notch pentagonal beams with graded mesh size at a sequence of crack 

lengths, for comparing different fine mesh sizes. 

Under the optimised balance between accuracy of simulation results and computation time, in 

practice, it takes around 50 hours to complete the simulation of each model even having 5 CPU cores 

work in parallel. Considering that 13 to 15 models need to be run for one cantilever, about 650 to 750 

hours processing time is required for obtaining the compliance curve of each cantilever. With the 

majority of the empirically tested cantilevers analysed with the assistance of numerical simulation, 

there were 3 cantilevers that could not be simulated due to the shortage of time in the present study. 
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5.2.2 Fracture toughness of Al2O3 measured in air – a-plane 

A total of 8 chevron-notched a-axis sapphire cantilevers were tested. 5 of them exhibited stable crack 

growth and 3 showed fast brittle fracture during the bending test. The results from the ones that 

fractured without stable crack growth were discarded. SEM images of the five cantilevers that 

succeeded in stable crack growth are shown in Figure 5.17. 

 

Figure 5.17. SEM images of the a-axis sapphire chevron-notched cantilevers that exhibited stable crack growth during bending 

test, numbered from A1 to A5. 

The dimensions of each cantilever are retrieved from the high-resolution SEM images (Table 5.1). 

Table 5.1. Cantilever reference number (#), loading rate (ẏ), and sample dimensions (W to Ln as defined in Figure 5.3) for a-

plane chevron-notched sapphire cantilevers tested in air. 

# 
ẏ 

[nm/s] 

W  

[µm] 

H  

[µm] 

a0  

[µm] 

a1  

[µm] 

a2  

[µm] 

L  

[µm] 

Ln  

[µm] 

A1 2 2.90 2.71 1.37 2.50 0.97 7.15 0.92 

A2 2 2.87 3.14 1.48 2.78 0.83 7.01 1.13 

A3 2 3.36 3.16 1.69 3.08 1.06 7.04 1.02 

A4 2 3.26 3.29 1.61 3.06 0.96 7.04 0.83 

A5 2 3.28 3.16 1.46 2.95 1.02 7.12 0.87 
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The fracture surfaces of A1 - A5 are shown in Figure 5.18. All fractures occurred neatly at the chevron 

notch, with the fracture surfaces being almost perfectly smooth and flat. No regions of stable or 

unstable crack growth, nor the transition moment from one to the other, could be distinguished from 

the fractography.  

 

Figure 5.18. Fracture surface of A1 to A5, exhibiting the chevron notches. Imaging stage tilt = 60°. 

Load-displacement curves for the beams A1 to A5 are shown in Figure 5.19. All the curves are linear 

during the elastic bending. The crack nucleation is presented by the onset of nonlinear extension 

shown in the curves, which is followed by stable crack growth. For the beams A1, A2 and A3, the stable 

crack propagation manifests as extensive plateaus, accompanied with a few stepwise increases in load. 

A3 showed a pop-in when the crack started to grow (i.e. the points were further apart). The points 

were not evenly spaced in the rest of the curve, suggesting that the crack growth was not occurring at 

a uniform speed. For the beams A4 and A5, knowing that the points are equally spaced in time in 

Figure 5.19, the wide spacing of the data points after the purely elastic region indicated that the 

instability of the crack growth. Once the fast brittle fracture occurred, the nanoindenter tip followed 

the broken cantilever to fall down quickly in depth. 
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Figure 5.19. Load-displacement curves of five a-axis chevron cantilevers tested in air 

Each cantilever was coupled with a specifically-built FE model to calculate the beam compliance during 

crack propagation, based on the dimensions measured from SEM images (Table 5.1). The compliances 

from 12 ~ 15 crack lengths were interpreted numerically for each cantilever, with an individual sub-

model created and run for each crack length to obtain the load-displacement responses. The 

numerical compliance was compared to that measured from the empirical load-displacement curves, 

exhibiting close values to each other, with less than 10% difference for all the cantilevers tested in the 

present study. 

The dimensionless compliance of each beam at each crack length is plotted in Figure 5.20 as a function 

of the normalised crack length. The compliance calibration curve was generated by fitting the 

collected data points with a fifth-order polynomial. 
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Figure 5.20. Dimensionless compliance C' as a function of normalised crack length α’ for the five a-axis chevron beams 

The polynomial exponents of C’(α’) were then used to calculate the geometrical parameter Y(α’) = 

(
1

2

𝑎1−𝑎0

𝛼

𝑑𝐶′

𝑑𝛼′)

1

2
 at each crack length. Each data point was plotted in Figure 5.21 as a function of the 

normalised crack length α’ and again fitted with a fifth-order polynomial. The Y(α’) curve for A2 

exhibited some slightly flat distribution of points at the bottom, which could be explained by the fact 

that the numerical models and the polynomial fit of the data points in Figure 5.20 cannot be perfect. 

 

Figure 5.21. Geometrical function Y(α’) as a function of normalised crack length 

Based on the deduced polynomial equations, the critical crack length (α’c), and the corresponding 

minima of the geometrical parameter Y (αc’) were calculated for each cantilever, as summarised in 
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Table 5.2. Knowing the peak load measured in the test, the apparent stress intensity factor Kp at the 

critical crack length α’c can be deduced using the method described in Section 5.1.1. The results for 

A4 and A5 are discarded because the crack growth was unstable, as indicated in Figure 5.19. 

Table 5.2. The critical load (Pc), critical crack length (αc’), minima of the geometrical parameter (Y (αc’)) and Kp(αc’) measured 

on the a-plane of sapphire, with the average value expressed with standard error. 

# 
Pc  

[µN] 

α’c 

 

Y (αc’) 

 

Kp(αc’) 

[MPa∙m1/2] 

Average Kp(αc’) 

[MPa∙m1/2] 

A1 231.4 0.15 34.3 1.72 

1.76 ± 0.04 A2 276.1 0.16 35.4 1.84 

A3 285.2 0.13 34.7 1.71 

 

The Kp values of A1, A2 and A3, measured at each data point during the stable crack propagation was 

also evaluated using the back-calculation method described in Section 5.1.1, with the results 

presented in Figure 5.22.  The stable crack growth did not start at α’=0 but at a slightly larger value 

due to the ‘pop-in’ event. Kp remained almost constant at values around 1.6 to 1.9 MPa∙m1/2 during 

the crack growth. 

 

Figure 5.22. Fracture toughness measured during stable crack propagation 
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The crack propagation is demonstrated in Figure 5.23 by plotting the crack length as a function of time, 

starting from the moment when the crack initiated. Each crack propagated at average velocities on 

the scale of 10-8 m/s (i.e. A1: ~2.8 × 10-8 m/s, A2: ~2.9 × 10-8 m/s, A3: ~3.6 × 10-8 m/s) all the way 

through the cracking process, until the last moment prior to the fast brittle fracture when the crack 

velocity increased significantly. 

 

Figure 5.23. Crack length as a function of time during stable crack growth process, for sapphire cantilevers tested in air. 

5.2.3 Fracture toughness of Al2O3 measured in air – m-plane 

Three chevron-notched cantilevers aligned in the m-axis were tested, with their dimensions listed in 

Table 5.3. 

Table 5.3. Cantilever reference number (#), loading rate (ẏ), sample dimensions (W to Ln, as defined in Figure 5.3) for m-

plane chevron-notched sapphire cantilevers tested in air. 

# 
ẏ 

[nm/s] 

W  

[µm] 

H  

[µm] 

a0  

[µm] 

a1  

[µm] 

a2  

[µm] 

L  

[µm] 

Ln  

[µm] 

M1 2 2.71 2.79 1.35 2.51 0.73 7.31 1.05 

M2 2 2.48 3.00 1.07 2.62 0.78 7.00 0.66 

M3 2 2.61 2.93 1.45 2.54 0.74 7.13 0.91 
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The load-displacement curves (Figure 5.24) show that stable crack growth occurred in all the three 

cantilevers, exhibiting similar behaviour to that observed in a-axis sapphire cantilevers. The data point 

was recorded every 0.9 s during the test of M1 and M2 due to a faulty equipment setting, which was 

longer than the standard data recording interval 0.2s, thus the big gaps between each data point. In 

M2, the crack grew stably only until not long after the crack initiation, followed by fast brittle fracture. 

The dimensionless compliance C’ and geometrical parameter Y(α’) at a specifically-defined crack 

length were interpreted numerically using the FE models for M1 and M3, with details shown in the 

Appendix A (M2 was not analysed in the present thesis due to the lack of time for numerical 

simulation.) 

 

Figure 5.24. Load-displacement curves of three m-axis chevron cantilevers tested in air 

The apparent stress intensity factor Kp at the critical crack length α’c was calculated for M1 and M3 

based on their peak load and minima of Y (αc’), showing values averaged at 1.98 ± 0.08 MPa∙m1/2 (Table 

5.4), which is close to that measured on a-plane in air. 
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Table 5.4. The critical load (Pc), critical crack length (αc’), minima of the geometrical parameter (Y (αc’)) and Kp(αc’) measured 

on m-plane of sapphire in air, with the average value expressed with standard error. 

# 
Pc  

[µN] 

α’c 

 

Y (αc’) 

 

Kp(αc’) 

[MPa∙m1/2] 

Average Kp(αc’) 

[MPa∙m1/2] 

M1 206.8 0.16 42.3 1.91 
1.84 ± 0.08 

M3 210.7 0.13 39.6 1.76 

 

The Kp values measured during the stable crack propagation is shown in Figure 5.25. Due to the ‘pop-

in' event, the crack growth became stable at a length of around α’ = 0.1. The apparent Kp values were 

almost constant during crack propagation, showing values between 1.7 to 1.9 MPa∙m1/2. 

 

Figure 5.25. Fracture toughness measured during stable crack propagation in m-axis sapphire tested in air. 

During the stable crack growth (Figure 5.26), the crack propagated at a velocity of 10-8 m/s (i.e. M1: 

~2.6 × 10-8 m/s, M3: ~2.1 × 10-8 m/s) as was reported previously for a-plane sapphire cantilevers (i.e. 

A1, A2 and A3). 
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Figure 5.26. Crack length as a function of time during stable crack growth process, for sapphire cantilevers tested in air. 

5.2.4 Fracture toughness of Al2O3 measured in vacuum – a-plane 

A total of six chevron-notched a-axis sapphire cantilevers were tested in vacuum, using the intrinsically 

displacement-controlled in-situ SEM nanoindenter. The dimensions of the cantilevers are listed in 

Table 5.5, with the SEM images shown in Figure 5.27. 

Table 5.5. Cantilever reference number (#), loading rate (ẏ), sample dimensions (W to Ln, as defined in Figure 5.3) for a-axis 

chevron-notched cantilevers tested in vacuum using the in-situ SEM nanoindenter. 

# 
ẏ 

[nm/s] 

W  

[µm] 

H  

[µm] 

a0  

[µm] 

a1  

[µm] 

a2  

[µm] 

L  

[µm] 

Ln  

[µm] 

AV1 2 3.22 3.41 1.65 3.13 1.07 8.57 0.48 

AV2 2 3.22 3.31 1.54 3.07 0.99 9.20 0.64 

AV3 2 3.11 3.43 1.54 3.00 0.97 9.01 0.59 

AV4 2 3.20 3.57 1.62 3.23 0.95 9.34 0.54 

AV5 2 2.56 3.45 1.33 2.56 0.76 8.82 0.70 

AV6 2 3.00 3.44 1.52 3.01 0.91 9.07 0.48 
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Figure 5.27. SEM images of the chevron notched cantilevers for the bending test in vacuum 

Cantilevers AV1, AV2, AV3 and AV5 were loaded continuously until complete failure at one go, while 

AV4 and AV6 were tested under cyclic loading. Details are given below. 

As AV1 was tested as a trial cantilever, the load-displacement data was not usable and therefore not 

presented here. The loading curves of AV2, AV3 and AV5 are shown in Figure 5.28. The load increased 

proportionally to the displacement as the cantilever bent elastically. Once cracks initiated at the apex 

of the chevron notch, as the experiment is performed under intrinsic displacement control mode, 

cracking is inherently stable throughout the fracture process, with the load eventually decreasing 

stably to very small values. 
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Figure 5.28. Load-displacement curves of AV2, AV3 and AV5 (with load drift corrected). Tests were performed under the 

displacement-control mode with a displacement rate of 2 nm/s. 
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SEM images were taken every 2 seconds to record the loading behaviour of the cantilevers. Videos 

integrated from the SEM image frames are available but could not be displayed here due to the limit 

of format. Six SEM frames from the loading process of cantilever CV3 are selected to demonstrate the 

loading process, and are correlated with the loading curve as shown in Figure 5.29. The loading process 

can be summarised into 3 segments: (I) Points a to b: load increases linearly from zero during elastic 

bending, followed by stable crack growth with the crack advancing to the critical point b. The 

propagation of the crack cannot be observed clearly from the side of the notch due to small opening. 

(II) Points b to c: load decreases gradually to only a few μN. Crack continues to propagate stably thanks 

to the intrinsic stability of displacement control enabled by sufficiently high stiffness of the 

nanoindenter, exhibiting further gradual opening of the notch. (III) Points c to f: the load remains at 

around a few μN until the failure of cantilever. The growth of the crack remains stable through the 

entire fracture surface. 

The loading behaviour of all the tested cantilevers is highly repeatable, in terms of both loading curves 

and the stable crack propagation recorded by SEM imaging. 
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Figure 5.29. SEM images and loading curve of AV3. The red dots correspond with the numbering of the SEM images.  
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The fracture surfaces of the four tested cantilevers are shown in Figure 5.30, with all exhibiting 

perfectly smooth surfaces. 

 

Figure 5.30. SEM images of the fracture surfaces of AV1, AV2, AV3 and AV5, from side view. 

Due to the shortage of time, only AV3 has been interpreted using numerical simulation in the present 

thesis, with the dimensionless compliance C’ and geometrical parameter Y(α’) shown in Figure A.2 in 

the Appendix A. 

The load-displacement curve featuring the elastic bending and the early stage of stable crack growth 

is displayed in Figure 5.31, to enable the visualisation of the loading process during the main stage of 

stable crack growth. 
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Figure 5.31. Load-displacement curve for AV3 

The Kp value at the critical crack length α’c was calculated based on the peak load and minima of Y (αc’), 

giving a value of 2.84 MPa∙m1/2, which is higher than that measured from the sapphire cantilevers in 

air. Kp measured during the stable crack propagation (Figure 5.32) indicates that the crack growth 

became stable at around α’ = 0.1 after the ‘pop-in’ event, with the measured Kp remaining at around 

2.5 - 2.8 MPa∙m1/2. The analysis was performed up to α’≈0.37 corresponding to the end of the notch 

(points 3 and 5 in Figure 5.10), beyond which the compliance of the cantilever was not evaluated using 

numerical models. 
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Figure 5.32. Fracture toughness measured during stable crack propagation in a-axis sapphire cantilever tested in vacuum. 

The average rate of crack propagation was around ~2.0 × 10-8 m/s, as shown in Figure 5.33. 

 

Figure 5.33. Crack length as a function of time during stable crack growth process, for the sapphire cantilever AV3 tested in 

vacuum. 

Cantilever AV4 and AV6 were tested under cyclic loading – loading was retracted completely after the 

crack propagated for a measurable length, followed by re-loading to advance the crack length to a 
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further extent, and repeated a few times until the cantilever was loaded to a complete failure in the 

final loading cycle. 

For AV4, five cycles of loading were applied, as shown in Figure 5.34. For the 1st loading cycle, the load 

response behaved in the same way as reported in monotonic-loaded cantilevers (i.e. AV2, AV3, AV5), 

with the unloading process taking place at a crack length of ~60 nm. For the loading curves of the 

sequential loading cycles (i.e. cycle 2 to 5), the load first increased linearly with the same slope as of 

the cycle 1 loading, showing that the crack had healed up, but popped in at a lower load, eventually 

re-joining and continuing from the previous curve at the point at which unloading had commenced. In 

the last loading cycle (i.e. cycle 5), the load is applied until the very end of the complete failure.  

 

Figure 5.34. Load-displacement curve of cantilever AV4 with cyclic loading in vacuum. 

Two SEM images are selected for each loading cycle (Figure 5.35) – one is for the moment when the 

displacement of the indenter was at 0, and the other for the moment right before the unloading. The 

notch opened up during each loading cycle and closed back to its original status after unloading. 
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Figure 5.35. SEM Images of the five loading cycles for the cantilever AV4. For cycle 5, the image shown in the ‘Before unloading’ 

column corresponds to point c on the loading curve (Figure 5.29). 
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Due to the shortage of time for performing numerical simulations, the compliance of AV4 during crack 

growth could not be obtained from numerical interpretation, therefore the analysis could not proceed 

further. 

Cantilever AV6 also underwent cyclic loading, with the number of cycles increased to six. After 

applying a correction for displacement drift of +0.11 nm/s, the loading curves are shown in Figure 5.36. 

The loading behaves similarly to that in AV4. 

 

Figure 5.36. Load-displacement curve of cantilever AV6, with cyclic loading. 

Two SEM images are selected for each loading cycle (Figure 5.37) as for AV4. For the final cycle (i.e. 

the cycle 6), the image shown in the ‘Before unloading’ column corresponds the point f on the loading 

curve (i.e. the moment before the complete failure of the cantilever). 
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Figure 5.37. SEM images of the cantilever AV6, tested with cyclic loading. 
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With the dimensionless compliance C’ and geometrical parameter Y(α’) shown in Figure A.3, Kp at the 

critical crack length α’c was calculated for the cycle 1 loading, giving a value of 2.84 MPa∙m1/2. 

Kp values measured during crack propagation during loading cycles 1-4 are shown in Figure 5.38 

(Loading cycles 5 and 6 were not analysed here because the crack has propagated beyond the extent 

of the notch [i.e. points 6 and 8 in Figure 5.10], and the compliance curve therefore did not apply 

anymore). For loading cycles 2-4, the crack re-initiated at a low Kp (healed) in the healed-up material, and 

arrested at the crack length reached during the previous cycle, followed by further crack extension at 

a higher Kp (intrinsic). Kp (healed) decreased from one loading cycle to next (from ≈1.6 MPa∙m1/2 in Cycle 2, 

to ≈1.2 MPa∙m1/2 in Cycle 3, then ≈1.0 MPa∙m1/2 in Cycle 4), while Kp (intrinsic) exhibited highly 

consistent values around 2.6 to 2.8 MPa∙m1/2, similar to the value observed in the monotonic tests. 

 

Figure 5.38. Fracture toughness measured during stable crack propagation in a-axis sapphire cantilever tested in vacuum. 

The crack length is plotted in Figure 5.39 as a function of time. Regardless of crack propagation in 

healed or intrinsic material, the crack velocities exhibited similar values between 1.9 × 10-8 and 2.2 × 

10-8 m/s when propagating. 
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Figure 5.39. Crack length as a function of time during crack propagation at each loading cycle, for sapphire cantilevers AV6 

tested in vacuum. Time is reset to 0 from the point at which the crack first extends during loading for each cycle. 

5.2.5 Fracture toughness of SiC measured in air – (1100) plane 

Six SiC chevron-notched cantilevers were tested in total, with two of them (S1 and S2) not annealed 

prior to the test. The dimensions of the cantilevers are listed in Table 5.6, with the SEM images shown 

in Figure 5.40. 

Table 5.6. Cantilever reference number (#), loading rate (ẏ), sample dimensions (W to Ln, as defined in Figure 5.3) for 

(1100)-plane chevron-notched SiC cantilevers tested in air. 

# 
ẏ 

[nm/s] 

W  

[µm] 

H  

[µm] 

a0  

[µm] 

a1  

[µm] 

a2  

[µm] 

L  

[µm] 

Ln  

[µm] 

S1 2 3.18 4.05  /  /  / 12.26 0.73 

S2 2 3.04 4.07 1.42 2.67 0.86 11.85 0.32 

S3 2 2.93 3.95 1.66 2.86 0.93 11.3 0.61 

S4 2 2.50 3.82 1.26 2.36 0.73 11.48 0.80 

S5 2 2.79 3.93 1.42 2.66 0.83 12.02 1.02 

S6 2 3.28 4.10 1.82 3.26 0.95 11.91 1.17 
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Figure 5.40. SEM images of the chevron notched SiC cantilevers, from side view. 

SEM images of the fracture surfaces are shown in Figure 5.41. S1 still has the cantilever attached to 

the bulk sample after the test (likely due to charging), so the fracture surface cannot be seen and the 

dimensions of the chevron notch are therefore not measured. Wrinkles could be seen on all the 

fracture surfaces, lining up in the vertical directions (i.e. [0001] direction).   

 

Figure 5.41. Fracture surface of the chevron notched cantilevers. The scale bar for S1 is different from the rest of the images. 
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Among all the six tested cantilevers, only S5 showed stable crack growth, with the rest of the 

cantilevers all exhibiting fast, unstable brittle fracture. The load-displacement curve of the cantilever 

S5 is shown in Figure 5.42. The stable crack propagation manifests as extensive plateaus, accompanied 

with a few stepwise increases in load, similar to that was seen in some of the Al2O3 cantilevers (Figure 

5.19). 

 

Figure 5.42. Load-displacement curve of cantilever S5 

The dimensionless compliance C’ and geometrical parameter Y(α’) of S5 at multiple crack lengths 

interpreted numerically using FE models are shown in Figure A.4. 

The apparent stress intensity factor Kp at the critical crack length α’c calculated based on the peak load 

and minima of Y (αc’), gives a value of 2.22 MPa∙m1/2, which is slightly higher than that measured in 

sapphire. The Kp values measured during the stable crack propagation is shown in Figure 5.43, showing 

values around 2.0 to 2.3 MPa∙m1/2. 
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Figure 5.43. Fracture toughness measured during stable crack propagation in SiC cantilever tested in air. 

The crack propagation curve in Figure 5.44 shows an average value of ~1.1 × 10-8 m/s during the stable 

crack growth.  

 

Figure 5.44. Crack length as a function of time during stable crack growth process, for SiC cantilevers S5 tested in air. 
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5.2.6 Summary of apparent fracture toughness values 

The results from the toughness measurements in the present study are summarised in Table 5.7. For 

sapphire, Kp values of a-plane and m-plane measured in air are close to each other, exhibiting no 

crystallographic effect. Kc measured in vacuum is much higher than that measured in air. Obtained 

from test in air, Kp value of SiC is higher than that of Al2O3. The average crack velocities are all on the 

scale of 10-8 m/s, regardless of testing environment, target material or fracture location. 

Table 5.7. Summary of the fracture toughness measurement in the present study using chevron-notched microcantilevers 

Material 
Fracture 

location 

Environ-

ment 

Loading 

method 

Kp at α’c 

[MPa∙m1/2] 

Kp measured 

during stable 

crack growth 

[MPa∙m1/2] 

Crack velocity [m/s] 

Al2O3 

a-plane air monotonic 1.76 1.6 – 1.9  2.8 × 10-8  – 3.7 × 10-8 

m-plane air monotonic 1.84 1.7 – 1.9 2.1 × 10-8  – 2.6 × 10-8 

a-plane vacuum monotonic 2.84 2.5 – 2.8 ~2.0 × 10-8 

a-plane vacuum cyclic 2.84 2.6 – 2.8 1.9 × 10-8  – 2.2 × 10-8 

SiC (1100) air monotonic 2.22 2.0 – 2.3 ~1.1 × 10-8 

 

5.3 Discussion 

5.3.1 Validation and optimisation of numerical model 

Both the analytical theories (i.e. Euler-Bernoulli and Timoshenko beam theories, which do not take 

the beam root into account), as well as the numerical model that did not contain a beam root, 

underestimated the beam compliance by a significant amount (Fig. 5.14). It is because the 

deformation of the beam root contributes to the deflection of the cantilever.[156] The importance of 

including the beam root in the numerical models to get the correct compliance values therefore 

becomes very clear, especially for the case where the drift correction is enabled by the compliance 

evaluated in numerical models as for monotonic test of sapphire in vacuum in the present study. 
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The investigation of the mesh size effect (Fig. 5.12) suggested that large mesh sizes led to 

underestimated values of compliance. Therefore, mesh size needs to be smaller than a threshold value 

to ensure the accuracy of modelling. The use of a graded mesh size system, as shown in the present 

study (Figure 5.15), is recommended to optimise the balance between the computational cost and the 

reliability of models. 

Although the importance of validating the reliability of numerical models is generally recognised in 

the field of numerical simulations[12], it barely receives sufficient attention in experimental literature 

despite the wide application of numerical models for assisting empirical analysis. The present study 

shows the necessity of ensuring the reliability of numerical models as it affects directly the accuracy 

of fracture toughness values. 

5.3.2 Subcritical crack growth in alumina and comparison of literature values of Kp  

Table 5.7 shows that the stress intensity for crack propagation Kp for a-plane sapphire in vacuum was 

2.8 MPa∙m1/2, while that for both a- and m-plane sapphire in air was much lower at 1.8 MPa∙m1/2, 

showing unequivocally that Kp measured in air was significantly affected by the moisture-assisted 

subcritical crack growth (SCG). Moreover, the crack velocities measured in the present study in air (i.e. 

on the scale of 10-8 m/s) were in the region where SCG would be expected to have a big effect (i.e. 

Region I) according to Figure 2.11b. Therefore, Kp values obtained in air were supposed to be close to 

the threshold stress intensity for SCG K0, while Kp measured in vacuum which was much less affected 

by SCG represented KC. 

SCG data from published literature and the present study are summarised in Table 5.8, exhibiting wide 

variations, which is presumed to be mainly due to the difficulty of investigating low crack growth rates 

(especially with macroscopic specimens), the use of different test methods and procedures (e.g. 

testing rate and humidity). Nevertheless, the overall trend agrees with the fracture behaviour affected 

by moisture-assisted SCG – the exclusion of moisture by testing in oil/vacuum/inert gas significantly 
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increases apparent Kp values compared with the values measured in air and conversely testing under 

water reduces it. 

Table 5.8. Reported Kp values for Al2O3 

Environment 
Fracture 

location 

Testing 

scale 

Crack rate 

++ 
Kp [MPa∙m1/2] Source 

vacuum a-plane micro 10-8 m/s 2.84 ± 0.05 Present study 

oil 

a-plane macro / 3.14 ± 0.30 Iwasa and Bradt[288] 

m-plane micro F 3.5 ± 0.2 Norton et al.[187] 

dry nitrogen 

a-plane macro S 2.31 ± 0.12 Salem[228] 

m-plane macro 10-4 m/s 2.59 ± 0.29* Wiederhorn[229] 

air 

a-plane micro 10-8 m/s 1.84 ± 0.03 Present study 

a-plane macro S 2.06 ± 0.21 Salem[228] 

a-plane micro F 1.4 ± 0.2 Norton et al.[187] 

m-plane micro 10-8 m/s 1.84 ± 0.08 Present study 

m-plane macro F 2.33 ± 0.07 Mitamura and Wang[294] 

Nano-

crystalline 
micro S 2.34 ± 0.15 Mueller et al.[175] 

water 

m-plane micro F 0.9 ± 0.2 Norton et al.[187] 

m-plane macro S 1.94 ± 0.07 Salem[228] 

a-plane macro S 1.95 ± 0.03 Salem[228] 

++ ‘F’ denotes fast fracture. For stable fracture, if the crack velocity is reported, it is noted as the scale on which 

the crack velocity is, in the unit of m/s. If the crack velocity is not reported, ‘S’ is applied to denote slow/stable 

fracture.  

*The value is converted from the m-plane fracture energy 7.3 J/m2 as reported in the reference and based on 

the assumption of isotropy and E=430 GPa. 
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When a test is conducted in an environment where moisture is completed excluded, like oil, perfect 

vacuum or 100% inert gas, Kp is expected to be in Region III of the SCG curve (Figure 2.11a) and 

represents KC.[127, 206] Kp measured in vacuum in the present study (2.8 MPa∙m1/2) lay between the 

values of those measured in oil (3.1 MPa∙m1/2 by Iwasa and Bradt[288] using macroscopic specimens and 

3.5 MPa∙m1/2 by Norton et al.[187] using a microcantilever technique) and those measured in dry 

nitrogen, suggesting that a good vacuum level was achieved in the SEM chamber and therefore the 

measured Kp value is close to the intrinsic KC of the material. The Kp values measured in dry nitrogen 

are generally lower than those measured in vacuum and oil, which is likely due to the inclusion of a 

certain amount of humidity in the commercial inert gas used in the experiments. 

For the test conducted in air in the present study, due to the large amount of moisture in the testing 

environment (i.e. 53.6 ± 6.8% relative humidity), the effect of SCG is expected to be significant, 

therefore suggesting that the Kp values measured in air (≈1.8 MPa∙m1/2 for both a- and m-planes) 

were close to the threshold value for SCG, K0
[206, 216], considering the very low crack velocity recorded. 

K0 measured in the present study agreed to within experimental error with that reported by Salem[228] 

on a-plane using macroscopic specimens (2.06 ± 0.21 MPa∙m1/2). The K0 value is likely overestimated 

by Mitamura and Wang[294] due to the relatively blunt saw notch (tip radius = 0.1 mm) employed in 

their measurements, therefore not comparable. The K0 values reported by Norton et al.[187] (1.4 ± 0.2 

MPa∙m1/2) involves big corrections for FIB implantation stresses and notch bluntness, which might 

have resulted in significant underestimation of K0 values due to the potential over-correction of the 

implantation residual stresses according to the conclusion in Chapter 7 in the present DPhil thesis.  

Although using the same chevron-notched microcantilever technique, the Kp values measured for 

nanocrystalline alumina by Mueller et al.[175] in air (2.34 ± 0.15 MPa∙m1/2) are higher than that 

measured in the present study in a similar environment. It is unlikely because that the effect of SCG is 

absent in their test as claimed by Žagar et al.[208], considering the moisturised testing environment and 

the slow crack velocity (which is not reported in their papers but should be close to that measured in 

the present study). The higher K0 value reported by Mueller et al.[175] is potentially linked to the effect 
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of polycrystalline structure on the fracture toughness measurement, such as grain bridging toughening 

in polycrystalline alumina[295]. Moreover, it is possible that the Kp values are overestimated in Mueller 

et al.’s study[175] due to the imperfection of the numerical models, with the combined contribution of 

the following factors based on the discussion in Section 5.3.1. (i) The element size applied for meshing 

the models is not sufficiently fine (e.g. the elements at the free end of the beam are half size of the 

beam length), which makes the cantilever too stiff to deform correctly and therefore results in the 

underestimation of cantilever compliance. (ii) The indentation point is simulated as one single node, 

which causes load concentration and therefore unrealistic local deformation. (iii) The notch is placed 

at the interface between the beam and the support, which might result in an incorrect stress field 

around the notch area.  

No test was carried out in water in the present study due to the unavailability of equipment capable 

of performing such a test and shortage of time, so literature values from tests in water become 

important for understanding the effect of SCG in toughness measurement. However, the results from 

the existing literature are highly scattered, with the K0 (water) values reported by Salem[228] (1.94 ± 0.07 

MPa∙m1/2) being much higher than that reported by Norton et al.[187] (0.9 ± 0.2 MPa∙m1/2). Such a 

significant difference may be attributed to the difficulties in performing the test in liquid environments, 

notably for tests conducted at microscopic scale. Moreover, as mentioned above, it is possible that 

Norton et al.[187] overcorrects the Kp values for implantation residual stresses given the results in 

Chapter 7 in the present study, therefore might have resulted in underestimation of K0 (water) values.  

5.3.3 Cyclic loading and self-healing 

The intrinsic displacement control coupled with the chevron notch and sufficiently high stiffness of 

the nanoindenter, enabled multiple rounds of fracture toughness measurement using only one single 

cantilever through cyclic loading, with each aiming at a measurable and stable increase in crack length. 

As the crack propagated further by the end of each cyclic loading, the longer crack length resulted in 

an increase of cantilever compliance. However, the slope of the first linear part of each cyclic loading 
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curves exhibited a good match with that from the 1st cycle (as shown in Figure 5.34 and Figure 5.36), 

indicating that the compliance remained the same during the elastic bending at the beginning of each 

loading cycle. This shows that the fracture surface retreated and healed itself upon withdrawal of the 

external load, which was enabled by the self-healing capability of alumina[296-298].  

Although the crack reversibility in alumina has long been observed via TEM examination[298], with 

cracks initiated by indentation exhibiting spontaneous closure and healing, this is the first time that a 

quantitative measurement of the extent of the healing has been made. Figure 5.38 indicates that re-

opening of the healed interface required a lower Kp (≤ 1.6 MPa∙m1/2) than that was needed to 

propagate the crack in the pristine material (≈2.6 MPa∙m1/2), demonstrating that the healed fracture 

surface did not fully recover its strength during the self-healing process. This strength degradation is 

potentially attributed to an incomplete restoration of the lattice across the separation interface. The 

‘lattice mismatch’ caused by cleavage steps[299] is suggested to be the predominant source of 

obstruction to lattice restoration across the fracture interface.[298, 300] Additionally, intruding chemical 

species[297] (such as gas molecules, carbon contamination, etc.) from the SEM chamber might have 

been accommodated at the crack walls while they were closing up, which prevents the lattice from 

complete restoration. 

It is also noted that Kp (healed) decreased with the number of times the interface had healed, suggesting 

the accumulation of the effects preventing complete healing at the fracture interface during 

successive cycles. 

5.3.4 Comparison of Kp values for SiC 

The Kp value measured on the (1100) plane of 6H-SiC in the present study (2.2 MPa∙m1/2) agrees well 

with that measured using the nanoindentation technique[301] on the same fracture plane, as well as 

with the ‘theoretical’ value estimated using the density functional theory (DFT) calculations[215] (2.0 to 

2.2 MPa∙m1/2, depending on the applied DFT theory). The Kp value from the present study is higher 

than that obtained on the (0001) plane using the double cantilever beam technique[215] (1.8 MPa∙m1/2), 
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which is potentially attributed to the anisotropic properties of the material – toughness values vary 

with crystal planes. As listed in Table 5.9, the variation of most of the reported Kp values seems to be 

within a conceivable range, taking into the consideration of the quoted errors, different measurement 

methods, variation in sample preparation, etc. 

Table 5.9. Reported Kp values for 6H-SiC, measured using microscopic specimens 

Fracture 

location 
Environment 

Kp 

[MPa∙m1/2] 
Method Source 

(1100) air 2.22 ± 0.08 
Chevron-notched 

microcantilever 
Present study 

(0001) vacuum 1.80 ± 0.26 Double cantilever beam Sernicola et al.[215] 

(0001) vacuum 2.01 – 2.18 DFT Sernicola et al.[215] 

(1100) air 2.4 ± 0.18 Nanoindentation Kitahara et al.[301] 

/ air 2.26 ± 0.07 Micropillar splitting Liu et al.[302] 

/ air 2.4 – 3.5 
Straight-notched 

microcantilever 
Frazer et al.[303] 
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Chapter 6. Reliable Measurement of Fracture Toughness at 

Microstructural Scale – Understanding the FIB Ion Implantation Damage 

– Part I. Microstructural Investigation 

 

The ion implantation damage induced by FIB, the tool used for notching microscale specimens, affects 

the accuracy of fracture toughness measurement in certain materials. For microscopic features that 

are difficult to have fracture toughness measured reliably by enabling stable crack growth (e.g. natural 

grain boundaries), understanding the FIB ion damage therefore becomes crucial. 

To clarify the extent of this effect, the present chapter presents a systematic TEM-based study at 

microstructural scale to reveal more details of the core nature of FIB ion damage from both 

conventional gallium FIB (Ga-FIB) and xenon plasma FIB (PFIB), in single crystal Al2O3 and SiC. FIBed 

notches were chosen as the investigated feature to match the actual geometry and ion damage status 

that are included in the microscale fracture toughness measurement. 

6.1 Experimental 

6.1.1 Materials and sample preparation 

Two materials were chosen for the microstructural investigation: c-plane (0001) sapphire and single 

crystal (0001) 6H-SiC.  

Ga+ and Xe+ implantations were carried out in a Zeiss Auriga dual-beam FIB with Ga source (Ga-FIB) 

and a FEI Helios Plasma dual-beam FIB with Xe source (PFIB), respectively. Each specimen was 

prepared with the following procedure (Fig.6.1). (1) The substrate was sputter coated with platinum 

(Cressington 208HR platinum coater) to induce conductivity. (2) In the FIB, a notch of 3 µm length was 

milled on the sample surface with defined FIB parameters (Section 6.1.2). Line milling was chosen as 

the milling pattern to mimic notching microcantilevers. (3) A strip of platinum was deposited on top 

to cover the exposed notch to protect the surface from additional ion damage during lamella 

preparation. The electron beam was employed for Pt deposition[304] rather than the ion beam to avoid 
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potential ion damage and contamination[305]. (4) Another notch was milled next to the previous notch 

with a gap of ~1.5 µm in between, again followed by being covered up with e-beam deposited Pt layer. 

(5) Repeat the previous step until the last notch was milled and covered with Pt. (6) An extra layer of 

Pt was then deposited on the top covering all the notches in a row to provide further protection to 

the sample for TEM lamella manufacturing. 

 

Figure 6.1. The preparation process for ion implantation samples. (a) Step 2. (b) Step 3. (c-d) Step 4. (e) Step 5. (f) Step 6. 

Cross sectional TEM lamellas were produced, perpendicular to the longitudinal axis of the notches 

using a gallium-source dual-beam FIB (Zeiss NVision 40 FIB-SEM), with assistance from Dr. Ian Griffith, 

by following the following standard procedure (Fig.6.2). Trenches were dug on both sides until the 

standing lamella containing features of interest was thinned down to ~1 µm. The lamella was lifted 

out in-situ in the FIB-SEM and mounted to a copper grid. It was then thinned down further to less than 

100 nm so that the electron transparency was achieved (Figure 6.3). As the last step, low voltage (2 

keV) cleaning was applied to minimise any ion induced damage at the sample surface. 



146 | P a g e  
 

 

Figure 6.2. The process of TEM sample preparation. (a) Dig trenches on both sides. (b) Thin down the lamella to ~1 µm. (c) In-

situ lift out of lamella.  

 

Figure 6.3. Two pieces of Al2O3 TEM specimens, with each containing three notches milled by PFIB under different FIB 

conditions. Thicknesses of the specimens were measured to be ~70 nm, with electron transparency fully achieved under 5 keV. 

6.1.2 FIB conditions 

As listed in Table.6.1, five variables were taken into consideration for investigating their respective 

influences over the ion damage. 

- Target material 

- Ion species 

- Ion dose 

- Beam acceleration voltage 

- Beam current 

Other than these five variables, the other parameters were held constant, e.g. the normal incidence 

angle. 

1 µm 1 µm 
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Table 6.1.  The summary of the FIB ion damage experiment, with a range of target materials, ion species and FIB parameters. 

The ones coloured in grey were in the original plan but failed during TEM sample preparations. These failed experiments were 

not repeated due to lack of time, therefore no result was available for them.  

Ion 

species 

Target 

Material 

Voltage 

[keV] 

Current 

[pA] 

Dose 

[x109 

ion/µm] 

 

 

Ion 

species 

Target 

Material 

Voltage 

[keV] 

Current 

[pA] 

Dose 

[x109 

ion/µm] 

Ga+ Al2O3 

15 250 3.1  

Xe+ Al2O3 

5 5.2 2.9 

15 250 15.6  8 4.8 2.9 

30 240 3.0  16 4.0 2.9 

30 5 3.0  30 1.5 2.9 

30 20 3.0  30 3.8 2.9 

30 1000 4.2  30 24 2.8 

Ga+ SiC 

15 250 3.1  

Xe+ SiC 

5 5.2 2.9 

15 250 15.6  8 4.8 2.9 

30 240 3.0  16 4.0 2.9 

30 5 3.0  30 1.5 2.9 

30 20 3.0  30 3.8 2.9 

30 1000 4.2  30 24 2.8 

Acceleration voltage. Two voltages (15 and 30 keV) were chosen in the Ga-FIB and four voltages (5, 8, 

16 and 30 keV) in the PFIB, based on the existing settings and conditions of the machines. Despite 

having a wider range of available voltages (i.e. 1, 2, 5, 15 and 30 kV), the Ga-FIB only had 15 and 30 kV 

usable for the present research purpose due to the unsatisfactory status of the other voltages. 

Beam current.  The currents applied in the Ga-FIB ranged from 5 pA to 1000 pA. Big gaps were set to 

enhance any difference in implantation behaviour. The currents used in the PFIB were kept within the 

low range (up to 24 pA) due to its high milling speed. The currents were not in continuous values in 

the equipment and only a selection of defined currents were available in the existing built-in programs. 

Therefore, 5 pA (Ga-FIB) and 3.8 pA (PFIB) were the closest values to each other within the range of 

interest and the difference was considered as negligible, as it was for 20 pA (Ga-FIB) vs. 24 pA (PFIB).  

Ion dose. Two highly different ion doses were applied under 15 keV 250 pA with Ga-FIB. For the rest 

of the combinations, the dose was kept constant: ~ 3.0 x 109 ion/µm (the values were not exactly the 

same due to the differences in currents and equipment settings).  
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By grouping the listed experiments in a systematic fashion, the influence of each variable could be 

analysed separately. For instance, the combination of (Ga+_Al2O3_30keV_5pA) vs. 

(Xe+_Al2O3_30keV_3.8pA), or (Ga+_Al2O3_30keV_20pA) vs. (Xe+_Al2O3_30keV_24pA) can be compared 

to study the effect of implanted ion species.  

6.1.3 SEM and TEM characterisation 

A Zeiss Merlin SEM coupled with EDX detector was employed at 5-10 keV 500 pA for the Energy-

Dispersive X-ray Spectroscopy (EDX) examinations in SEM. A JEOL-2100 TEM and a JEOL-300F TEM 

were used at 200 keV and 300 keV, respectively, for High-Resolution TEM (HR-TEM) imaging and EDX 

examination in TEM. 

A JEOL-ARM200F STEM was used at 200 keV accelerating voltage for studying the Xe+ implanted Al2O3. 

The 0.03 nA beam current (Probe 8C 30 µm aperture) was applied for STEM imaging. EDX and Electron 

Energy Loss Spectroscopy (EELS) coupled in the STEM were applied to examine the chemical 

composition of features of interests, with beam currents of 0.14 nA and 0.04 nA (Probe 5C 30 µm 

aperture) respectively. 

EELS was also used to measure the thickness of the selected sample area. The thickness was derived 

by Poisson statistics of inelastic scattering[306]: 

𝑡 = 𝜆ln (
𝐼𝑡

𝐼0
) 

where I0 is the integral of zero-loss peak counts, It is the integral of total spectrum counts (zero-loss 

peak + extrapolated loss part). The mean free path of the scattering λ was estimated to be 115.1 nm 

for  Al2O3 (40 atom% Al (13) + 60 atom% O (8)) at 200 keV, using the method developed by Malis et 

al.[306]. The intensities of the spectra were analysed using Gatan DigitalMicrograph software. 

TEMs were operated by Dr. Ian Griffith and Dr. Neil Young, from the David Cockayne Centre for 

Electron Microscopy (University of Oxford). All the rest of the work (i.e. SEM operation, data 

processing and analysis, etc.) were carried out by the present author. 
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6.2 Results 

6.2.1 Ga+ in Al2O3 

Table.6.2 summarises the milling conditions for the six notches milled in Al2O3 using the Ga-FIB. 

Notches No.⑤ and ⑥ were damaged and destroyed, respectively, during the TEM lamella 

preparation (Fig.6.4). No relevant data was therefore available for analysis in the following studies. 

Table 6.2. The overview of the Ga+ implantation damage in Al2O3 

Ion 

specie & 

Target 

Material 

No. 
Voltage 

[keV] 

Current 

[pA] 

Dose  

[x109 

ion/µm] 

Notch 

depth 

[nm] 

Thickness of 

amorphous 

layer [nm] 

Thickness of 

crystalline 

damaged 

layer [nm] 

Total 

thickness  

of damaged 

layers [nm] 

Ga+ in 

Al2O3 

① 15 250 3.1 95 25 ~20 ~45 

② 15 250 15.6 416 25 ~56 ~81 

③ 30 240 3.0 179 40 ~46 ~86 

④ 30 20 3.0 232 41 ~42 ~83 

⑤ 30 5 3.0 / / / / 

⑥ 30 1000 4.2 / / / / 

Fig.6.4  gives an overview of TEM microstructure of the six notches, showing their shapes and depths. 

The comparison of notches No.③, ④ and ⑤ showed that under a constant voltage, a lower beam 

current delivered a sharper notch with smaller mouth width due to the smaller size of aperture. The 

notch was consequently deeper with the same ion dose. Comparing notches No.① and ③ (similar 

beam current and ion dose), higher voltage led to deeper notch. It is because either the 30 keV beam 

sputtered off more materials than the 15 keV beam, or the 15 keV beam was not well aligned, which 

provided a broader beam and thus a larger irradiated area.  
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Figure 6.4. Low magnification TEM images of the notches FIBed under different conditions (voltage, current, ion dose 

[ion/μm]). Target material: Al2O3. Ion species: gallium. The notches ⑤⑥ were damaged during sample preparation so they 

were not usable. 

Fig. 6.5 shows bright-field images for each usable notch (No.①-④). The main features can be 

categorised into the following four layers. (Layer No.I) This layer on top of the target material was the 

platinum protection layer. (Layer No.II) Located at the top surface in the target material along the 

notch profile and was therefore in direct contact with the incident ions, this layer was amorphised by 

the energetic ion bombardment and was thus also named as the ‘amorphous layer’. (Layer No.III) 

Crystalline damaged layer. This layer was the second damaged layer of the target materials, right 

beneath layer No.II. The crystallinity in this layer was partially preserved, because the dose and energy 

of the ions it received did not reach the threshold values to cause the loss of the long-range order in 

the lattice structure despite the existence of damage. (Layer No.IV) The material beneath the layer 

No.III was beyond the reach of ion damage and thus remained undamaged. This denotation system of 

different layers will be applied throughout the rest of the thesis. 
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Figure 6.5. TEM bright-field images showing four notches of Al2O3 Ga-FIBed under different FIB conditions. (a) Notch tips. (b) 

A closer look at the notch tips. (c) Displayed at an even higher magnification, revealing more details such as lattice arrays. 

Layers I – II are indicated in the images. In Layer IV, the top part around the notch tip exhibits brighter contrast than the rest 

of the layer due to special FIB milling behaviour around features during TEM sample preparation. 
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Despite the variety in FIB conditions, all the four notches exhibited Layers No.I - IV. The largest 

amorphisation thickness was always found at the bottom of each notch, where the ion beam incident 

angle was 0°. Particles were observed embedded within all the amorphous layers, appearing darker 

than the surrounding material. 

Comparing notches No.①, ②, ③ and ④, the thickness of the amorphous layer thickness (Table 

6.2) was found to remain the same with the same voltage, or was thicker with a higher voltage, 

regardless of applied current and dose. 

Notch ③ was selected for a series of EDX investigations to examine the chemical compositions. The 

mapping of element distribution (Fig.6.6) in a SEM showed a high concentration of Ga in the 

amorphous layer, while the high Ga density did not seem to extend to the crystalline damaged layer. 

 

Figure 6.6. SEM-EDX mapping of the notch No.③. The mapped area is framed in the white box in the SEM image. Yellow, red 

and blue mark the distribution of Al, Ga and Pt elements respectively. 
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EDX coupled with HAADF was employed to reveal further information at a smaller scale, focusing at 

the amorphous layer in order to find out the chemical compositions of the embedded particles. As 

shown in Fig.6.7, four points within the particles (points No. 1, 2, 3 and 6) and two points within the 

background material of the amorphous layer (points No. 4 and 5) were selected for examination. The 

result (Table 6.2 and Fig. 6.8) showed that the particles and the surrounding background materials 

had notable differences in their chemical compositions, with the average atomic ratio of Ga:Al:O 

rounded to 1:1:3 in the former while being 1:5:10 in the latter. 

 

Figure 6.7. HAADF-STEM  image of the notch tip of Ga+ implanted Al2O3 with six points within the amorphous layer selected 

for EDX examination 

Table 6.3. The atomic percentage of the detected elements in the indexed points 

 

Within particle feature Within background 

1 2 3 6 average 4 5 average 

O 47.5 58.4 54.4 56.1 54 ± 2 61.4 59.3 60 ± 1 

Al 23.0 24.3 28.3 26.1 25 ± 1 31.8 31.9 32 ± 0 

Ga 26.8 11.5 16.4 17.8 18 ± 3 5.3 7.1 6 ± 1 
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Figure 6.8. Atomic % of Ga and Al detected in the indexed 6 points, showing the difference between the particles and the 

surrounding materials. 

An EDX line scan (Fig.6.9) shows the variation of elemental concentrations along the implantation 

depth. The atomic concentration of Ga peaked clearly at the places where the particles were located. 

The densities of Al and O dropped down slightly at the places where there were rises in atomic% of 

Ga, and vice versa, which agreed with the result from the EDX point scan in Fig.6.7. 

 

Figure 6.9. STEM-EDX line scan across the amorphous layer, starting from the platinum layer and extending to the crystalline 

damaged layer. (a) TEM image of the notch No.③. The yellow line indicates the scanning path with the arrow pointing 

towards the scanning direction. (b) The zoomed-in TEM image of the blue-dash framed area in (a), showing details of the 

scanned area at a high resolution. (c) The atomic percentages of the detected elements along the line scan. 
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A HAADF-EDX mapping (Fig.6.10 and Fig.6.11), providing an overview of the element distribution at 

the nanoscale, confirmed once again that the concentration of Ga followed the shape of the particles 

in the amorphous layer. 

 

Figure 6.10. HAADF-EDX mapping showing the distribution of Ga, Al and O. 

 

Figure 6.11. HAADF-EDX mapping within the amorphous layer 
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6.2.2 Ga+ in SiC 

Seven notches were prepared in SiC using the Ga-FIB (Table.6.4).  

Table 6.4. The overview of the Ga+ implantation damage in Al2O3 

Ion 

specie & 

Target 

Material 

No. 
Voltage 

[keV] 

Current 

[pA] 

Dose  

[x109 

ion/µm] 

Notch 

depth 

[nm] 

Thickness of 

amorphous 

layer [nm] 

Thickness of 

crystalline 

damaged 

layer [nm] 

Total 

thickness  

of damaged 

layers [nm] 

Ga+ in SiC 

① 15 250 3.1 238 30 6 36 

② 15 250 15.6 595 30 5 34 

③ 30 240 3.0 497 50 8 58 

④ 30 20 3.0 595 50 5 55 

⑤ 30 5 3.0 512 50 7 57 

⑥ 30 1000 4.2 127 50 3 53 

⑦ 30 1000 12.5 403 50 4 54 

Same as observed in Ga-FIBed Al2O3, SiC also exhibited layers No.I – IV (Fig.6.12). However, compared 

with its counterpart in Ga-FIBed Al2O3 where particles were observed, the amorphous layer in Ga-

FIBed SiC showed no particle or similar feature. Moreover, the amorphous layer was composed of two 

parts - the top sub-layer exhibited a darker contrast than the lower sub-layer, with both sub-layers 

appearing to be uniform. Layer No. III appeared thinner with less severe damage in SiC than that in 

Al2O3 (Fig.6.5) with the same FIB conditions. 
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① 15 kV, 250 pA, 3.1 x 109 

 

② 15 kV, 250 pA, 15.6 x 109 

 

③ 30 kV, 240 pA, 3.0 x 109 

 

④ 30 kV, 5 pA, 3.0 x 109 
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⑤ 30 kV, 20 pA, 3.0 x 109  

 

⑥ 30 kV, 1000 pA, 4.2 x 109  

 

⑦ 30 kV, 1000 pA, 12.5 x 109  

 

 

Figure 6.12. STEM-BF images showing seven notches of SiC Ga-FIBed under different FIB conditions. (a) The overview of the 

notches showing the shapes and milling depths. (b) Focusing at notch tips at higher magnifications. (c) A closer look at the 

notch tips, revealing more details of the Ga-FIB damage in SiC. Please note the differences in some of the scale bars. The 

images are separated into two pages. 
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According to the distribution of the elements detected by SEM-EDX (Fig.6.13), Ga concentrated in the 

amorphous layer along the profile of the notch. Due to the limit of resolution in the SEM image, it was 

hard to tell if Ga had extended to the crystalline damaged layer. Si was also detected in the damaged 

material but the quantity was lower than that in the undamaged material.  

 

Figure 6.13. SEM-EDX mapping of Si, Ga and Pt elements in Ga-FIBed SiC (Notch No.⑦) 

The mapping was followed by EDX line scans on the same specimen (Fig.6.14). The concentration of 

Ga was found to peak at the damaged layers. The quantity of Si increased gradually along the depth 

of the damaged material, until a constant value was achieved when reaching the undamaged material. 

The concentration of C is not displayed in Line 1 scan because the carbon contamination on the surface 

of the TEM foil exceeded the amount of C detected in SiC.  
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Figure 6.14. SEM-EDX line scan across the tip of notch ⑦. (a) Overview of the two line scans across the examined notch. (b) 

Line scan No.1, originated from the undamaged material, crossed the damaged layers and extended to the Pt protection layer. 

(c) Line scan No. 2, across the notch tip from undamaged material on one side of the notch to that on the other side. 
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HAADF-EDX examination (Fig.6.15) confirmed the observation from the SEM-EDX examination 

(Fig.6.13, 6.14): the damaged material contained both Si and Ga, while the amount of Si in the 

damaged material was lower than that in the undamaged area. 

 

Figure 6.15. HAADF-EDX  maps exhibiting atomic% of detected elements (Si, Ga and Pt). 

6.2.3 Xe+ in Al2O3 

Six notches were prepared in Al2O3 using the Xe source PFIB (Table.6.5). 

Table 6.5. The overview of the Xe implantation damage in Al2O3 

Ion 

specie & 

Target 

Material 

No. 
Voltage 

[keV] 

Current 

[pA] 

Dose  

[x109 

ion/µm] 

Notch 

depth 

[nm] 

Thickness of 

amorphous 

layer [nm] 

Thickness of 

crystalline 

damaged 

layer [nm] 

Total 

thickness  

of damaged 

layers [nm] 

Xe+ in 

Al2O3 

① 5 5.2 2.9 120 9 ~11 ~20 

② 8 4.8 2.9 205 11 ~10 ~21 

③ 16 4.0 2.9 214 17 ~8 ~25 

④ 30 1.5 2.9 125 27 ~14 ~41 

⑤ 30 3.8 2.9 222 30 ~14 ~44 

⑥ 30 240 2.8 309 28 ~14 ~42 
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Notches milled using the PFIB (Fig.6.16) were blunter than that milled using the Ga-FIB (Fig.6.4). Note 

that in notches ① and ③, the e-beam deposited Pt protection layer was not directly attached to the 

target material and was separated by a layer of vacuum trapped in place during the Pt deposition. 

As observed previously with Ga+ implantation, both the thickness of the amorphous layers and the 

total thickness of damaged layers here increased with FIB voltage. With the same voltage (i.e. 30 keV), 

the thicknesses of amorphous layer, crystalline damaged layer and the entire damaged layer remained 

almost constant, regardless of milling current or dose. 

 

Figure 6.16. Bright-field TEM images of the six notches PFIBed in Al2O3 using a range of FIB conditions.  

Each notch was investigated with HR-TEM to reveal information of the ion damage at the lattice scale 

(Fig.6.17). Different layers were annotated using the same naming system as defined previously (i.e. 

layer No.I - No.IV) as the response was similar to that was observed earlier. Additionally, Layer No.X in 

the micrographs is the vacuum trapped accidently between the Pt protection layer and the protected 

target. Under the similar FIB conditions, the damaged layers developed here by Xe+ implantation 

appeared to be thinner than that created by Ga+. 
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① 5 kV, 5.2 pA, 2.9 × 109 

 
②. 8 kV, 4.8 pA, 2.9 × 109 

 
③. 16 kV, 4 pA, 2.9 × 109 

 

④. 30 kV, 1.5 pA, 2.9 × 109 
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⑤. 30 kV, 3.8 pA, 2.9 × 109 

 

⑥. 30 kV, 240 pA, 2.8 × 109 

 

 
Figure 6.17. On-axis HR-TEM bright-field images of the six PFIBed notches in Al2O3, showing the lattice damage. Layer I – Pt 

protection layer, II – amorphous layer, III – crystalline damaged layer, IV – undamaged material, and X – vacuum layer. (a) 

overview of notch tip. (b)(c) imaging at higher magnifications exhibiting the details of crystal lattice. Please note that the 

images are separated into two pages. 

Fast Fourier Transform (FFT) patterns were generated for the following six selected areas in Notch ④ 

for the examination of the crystallinity quality (Fig.6.18). (a) A big bubble was found in the middle of 

the amorphous layer. (b) A few small bubbles at the bottom of the amorphous layer. Only diffuse rings 

were seen in the FFT patterns (a) and (b). In the amorphous layer, since the electrons were absorbed 

and scattered in arbitrary directions due to lattice disruption, the intensity of TEM background noise 

increased and the contrast was reduced significantly.[257] (c) The top crystalline damaged layer which 

was adjacent to the amorphous layer. Due to the disordered structure, the atoms were no longer 

perfectly aligned in columns compared to the undamaged region, which led to the reduction of the 

quality and uniformity of lattice fringe contrast. The reciprocal lattice started to appear in the FFT 

pattern from this layer on. (d) The bottom crystalline damaged layer which was further away from the 
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amorphous layer. There was a much reduced amount of damage in this area compared to the top 

crystalline damaged layer, exhibiting clearer crystal lattice. (e) An area of severer damage within the 

bottom crystalline damaged layer. It showed that the damage left by ion bombardment in the bottom 

of the crystalline damaged layer was not uniformly distributed but was in the form of damage clusters. 

The furthest point that the ion damage reached was at depth of ~65nm. (f) Undamaged material which 

showed a clear crystalline structure.  

A gradual transition from amorphous to crystalline was observed across the damaged layers. 

 

Figure 6.18. HR-TEM images of the structure across the damaged and undamaged area, with FFT of selected domains. 
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Compared to Fig.6.16 where the notches were imaged under TEM mode, the HAADF images (Fig.6.19) 

exhibited enhanced contrast differences and thus revealed more compositional information in the 

amorphous layers. 

 

 

Figure 6.19. HAADF images of the six notches PFIBed in Al2O3 using the defined range of FIB parameters. Magnification = 

400K 

At higher magnifications (Fig.6.20), high densities of bright features were observed in the amorphous 

layers – it will be shown later that these features are high concentrations of Xe, which are referred to 

as bubbles in this thesis. In notches ④, ⑤ and ⑥, these bubbles appeared to be particularly large, 

which were less clear in notches ⑤ and ⑥ than that in notch ④. 
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① 5 kV, 5.2 pA, 264 s, 2.9 × 109 

 

②. 8 kV, 4.8 pA, 286 s, 2.9 × 109 

 

③. 16 kV, 4 pA, 342 s, 2.9 × 109 

 

④. 30 kV, 1.5 pA, 912 s, 2.9 × 109 
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⑤. 30 kV, 3.8 pA, 360 s, 2.9 × 109 

 

⑥. 30 kV, 240 pA, 56 s, 2.8 × 109 

 

 
Figure 6.20. HAADF images of the six PFIBed notches in Al2O3, taken in the JEOL-ARM200F, show the ion implantation damage. 

Images are separated into two pages. 

Notch ④ was, again, selected for further investigation due to its special appearance. The bubbles in 

its amorphous layer were highly visible in Fig.6.21, exhibiting a range of different sizes. 

 

Figure 6.21. HADAAD image of the notch ④. Image taken in the JEOL TEM-3000F 
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As shown in Fig.6.22. The diameters of the bubbles varied over a range of ~2nm to ~24nm, with most 

of the large ones sitting in the upper area and the small ones lying in the lower part. Below the layer 

of bubbles, the crystalline damaged layer drew a clear boundary between itself and the undamaged 

material. 

 

Figure 6.22. HAADF images showing the bubbles in the amorphous layer in the notch ④. 

According to EDX examination (Figure 6.23), Xe was detected in the amorphous layer, the amount of 

which peaked at the amorphous layer and decreased along the depth beneath it. The amount of Al 

and O appeared to be almost constant in the amorphous layer, but was less than that in the 

undamaged material. 

 
Figure 6.23. TEM-EDX line scan across the amorphous layer, originating from the Pt protection layer and ending in the 

undamaged material. (a) HAADF image of the notch No.④. The yellow line indicates the EDX scanning path with the arrow 

pointing towards the scanning direction. (b) The zoomed-in TEM image of the blue-dash framed area in (a). (c) The weight 

percentages of the detected elements along the scanning line. Examination performed in the JEOL TEM-3000F. 
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The specimen was further investigated using JEOL-ARM200F which was capable of providing higher 

resolutions and was coupled with EELS. EDX analytics was performed with the probe current increased 

to ~5 times of that applied for standard STEM imaging. As shown in Fig.6.24, the background material 

surrounding the bubbles was rich in Al and O. The large scanned bubbles were, however, broken down 

by the EDX examination and therefore no element was detected within them. At the bottom area of 

the amorphous layer where small bubbles gathered, a high density of Xe was detected alongside Al 

and O. 

 

Figure 6.24. The HAADF image on the top shows an area across the amorphous layer that was selected for EDX mapping. The 

coloured pictures below are the distribution maps of Al, O and Xe elements.  There was a slight drift during the mapping. 

An EDX line scan was performed across bubbles of different sizes (Fig.6.25). At the time when the big 

bubble was selected as the scanning target, it showed the normal bright contrast in the HAADF image, 

the same as the other bubbles. However, after the beam alignment and a quick trial scan, the bubble 

turned ‘dark’ as shown in Fig.6.25a, suggesting that the bubble was damaged once in contact with the 

electron beam. The scan was carried out nevertheless. Only Al and O were detected – the signals were 

stronger at the background material surrounding the bubbles than within them (Fig. 6.25b). Although 
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the electron beam was highly focused along the scanning line profile, the big bubbles next to the one 

that was scanned, which had no direct contact with the electron beam, also broke down (Fig. 6.25c). 

 
Figure 6.25. (a) A dark-field image prior to the line scan. The yellow line shows the line scan path with the arrow indicating 

the direction of scan. (b) EDX line profiles of Al, O, Xe and Pt. (c) A DF image of the same area as in (b) but after the line scan. 

Fig.6.26a and 6.26b feature the same notch before and after, respectively, going through the high-

current STEM imaging and EDX scanning. Many large bubbles were found to have broken down (Fig. 

6.26b, 6.26d) during the EDX examination process. 

 

Figure 6.26. HAADF images of the notch milled by XPFIB. (a) and (c) Before any high-current STEM imaging or EDX scanning 

had taken place. (c) and (d) HAADF images of the red- and blue-framed area in (a) and (b) respectively, after the EDX and 

EELS characterisation process. They show that some rounded features in the amorphous layer appear dark. 
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EELS was employed to perform further investigation on the chemical composition of the bubble fillings, 

making use of its relatively lower beam current (Fig.6.27a). The energy loss spectrum was acquired 

across intact bubbles that had not been scanned by EDX beforehand. The intensity of the core-loss 

peaks was not strong due to the limited number of atoms interacting with the incident electrons. 

However, the core level ionisation edges could be clearly identified in the spectrum and had an 

excellent match with the nominal EELS spectrum of Xe from the EELS dataset by Gatan[307] peaked at 

~688 eV. This suggested that the bubbles were filled with Xe. 

 

Figure 6.27. (a) The red line across the bubbles in the HAADF image was the selected area for an EELS line scan. (b) EELS 

spectrum detected by the EELS line scan. ‘bkgd’ is the background removal, ‘edge’ is the resultant spectrum after the 

background removal. (c) HAADF image shows that the area in the orange frame was selected for EELS mapping. (d) Relative 

thickness map of the selected area, generated using Gatan DitigalMicrograph software. Brighter contrast indicates larger 

thickness and vice versa. (e) Thickness values extracted along the red line in the thickness map in (d). 
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6.3 Discussion 

6.3.1 SRIM simulation vs. experimental observation 

The ion implantation was simulated using the Stopping and Range of Ions in Matter (SRIM) code[250] 

under the ‘monolayer collision – surface sputtering’ mode, with the input parameters applied in the 

simulations listed in Table 6.6. Si and diamond are also analysed here for comparison purpose. For 

each simulation, the statistic was gathered at 10000 ions. 

Table 6.6. Material parameters applied in the SRIM simulation[250] The compound data for Al2O3 and Si were from the SRIM 

Compound Dictionary. The displacement energy data for SiC and diamond were extracted from the studies of Lucas et al.[308] 

and Guthoff et al.[309], respectively. 

Target Element 
Displacement 

energy1 [eV] 

Surface 

Binding 

energy2 

[eV] 

Lattice 

binding 

energy3 

[eV] 

Atomic 

number 

Weight 

[amu) 

Density 

[g/cm3] 

Al2O3 
Al 25 3.36 3.0 13 26.98 

3.98 
O 28 2.00 3.0 8 15.99 

SiC 
Si 38 4.70 2.0 14 28.08 

3.21 
C 19 7.41 3.0 6 12.01 

Si Si 15 2.00 4.7 14 28.08 2.32 

Diamond C 43 7.41 3.0 6 12.01 3.51 

Figure 6.28 compares the thicknesses of the amorphous layers measured from the TEM images and 

the maximum ion ranges simulated using SRIM, showing close agreement. The ion penetration depth 

increases with the acceleration voltage, and the damage depth follows an order of Ga+-Si > Ga+-SiC > 

Ga+-Al2O3 > Ga+-diamond > Xe+-Al2O3 for implantation at 30 kV. 

                                                           
1 Displacement energy: the energy that a recoil needs to overcome the lattice forces and to move at least one 
atomic spacing away from its original site. 
2 Surface binding energy: the energy that target atoms must overcome to leave the surface of the target. 
3 Lattice binding energy: the energy that every recoiling target atoms loses when it leaves its lattice site and 
recoils in the target. 
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Figure 6.28. Comparison of amorphous layer thickness empirically measured from TEM observation and maximum ion range 

from SRIM simulation. The empirical data for Si and diamond is from Rubanov[273] and Tong and Luo[257], respectively. 

The good agreement between the empirical observation and SRIM simulation is also shown in Figure 

6.31, Figure 6.32 and Figure 6.33. Such consistent agreement proves the reliability of SRIM’s 

estimation, suggesting that the input parameters for SRIM simulation (i.e. displacement energy, 

surface binding energy, lattice binding energy, atomic weight, density of substrate) can be the core of 

discussion for explaining the differences in implantation behaviour of various ion species and target 

materials. 

Despite the highly reliable prediction of amorphous layer thickness, SRIM underestimates the total 

damage depth which includes both amorphous and crystalline damaged layers. This may be attributed 

to (a) SRIM’s lack of consideration of crystal structure, and (b) SRIM’s lack of consideration of dynamic 

changes in material composition and structure during the collision cascades[250]. For example, the 

damage in the amorphous layer, such as the formation of particles or bubbles, facilitates the further 

travel of incident ions in the target material due to the change of densities or lattice arrangement. The 

underestimation of implantation depth has also been demonstrated in the study of 30 keV Ga+ 
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implantation in Si[234], where a maximum ion range estimated by SRIM (~42nm) was smaller than the 

maximum implantation depth analysed using the Atom Probe Technique (~52nm)[234]. 

Figure 6.29 compares the distribution profiles of ion and vacancies in the four different materials 

under 30 keV Ga+ implantation. As the total amount of implanted ions was constant for each ion specie, 

the deeper it penetrated, the lower the peak concentration of implanted ions was. Si had the largest 

total amount of vacancies, highest vacancy peak concentration, as well as the longest vacancy range. 

Both the orders of maximum ion range and vacancy range are as follows: Si > SiC > Al2O3 > diamond. 

Similar trend was seen with Xe+. 

     

Figure 6.29. Distribution of ions and vacancies from 30 keV Ga+ implantation 

Fig. 6.30 shows the SRIM-simulated average amount of vacancies that every incident ion generated in 

the target materials, which increased almost-linearly with voltage. The numbers of vacancies that Ga+ 

and Xe+ generated in the same material were almost the same when the voltage was ≤ 10 keV. With 

the voltage increasing to >10 keV, Xe+ generated slightly more vacancies than Ga did. The amount of 

vacancies that each Ga+ generated in different target materials followed a consistent order: Si > Al2O3 > 

SiC > diamond. 
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Figure 6.30. Average number of vacancies per incident ion estimated using SRIM in different target materials (Al2O3, SiC, Si 

and diamond) by different ion species (Ga+ and Xe+). 

Table 6.7 shows that the efficiency of generating vacancies and interstitials is much higher than 

sputtering. Moreover, interstitials/vacancies are more easily created in Si than Al2O3, followed by SiC 

and diamond. 

Table 6.7. Sputtering yield, interstitial and vacancy created per ion under 30 keV, simulated using SRIM 

Ion species 
Target 

material 
Sputtering yield/ion Interstitial/ion Vacancy/ion 

Ga+ 

Al2O3 Al - 1.9, O - 4.0 484 477 

SiC Si - 1.4, C - 0.8 403 392 

Si Si - 2.3 805 744 

Diamond C - 1.7 231 224 

Xe+ 
Al2O3 Al - 2.5, O - 5.3 500 494 

SiC Si - 1.8, C - 1.1 420 410 

 

SRIM-simulated distributions of implanted ions and vacancies at 30 kV are plotted against the damage 

depth, coupled with relevant TEM images. In all the following cases investigated, the maximum ion 

range obtained from SRIM simulation matched well with the thickness of the amorphous layer. 
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For Ga+-implanted Al2O3 (Figure 6.31), the sizes of the particles formed correlated well with the Ga 

concentration – large particles were formed at high Ga concentration while the small ones were 

formed at relatively low Ga concentration.  

 

Figure 6.31. TEM bright-field image of Ga-FIB notched Al2O3 notch tips, coupled with vacancy and Ga concentration profiles 

simulated using SRIM. Implantation at 30kV, 240 pA. The TEM image and the graph have the same scale bar. 

For Ga+-implanted SiC (Figure 6.32), the transition from the top sub-layer (which exhibited a darker 

contrast) to the lower sub-layer follows the concentration of Ga – the contrast becomes brighter with 

the decreasing concentration of implanted ions. 

 

Figure 6.32. STEM bright-field images of Ga-FIB notched SiC notch tip, coupled with vacancy and Ga concentration profiles 

simulated using SRIM. Implantation at 30kV, (a) 5pA, (b) 240pA. The TEM images and the graphs have the same scale bar. 
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For Xe+-implanted Al2O3 (Figure 6.33), the bubbles formed at places where there were high 

concentrations of vacancies and implanted Xe, with the large bubbles found close to the surface where 

there were more vacancies. 

 

Figure 6.33. HAADF image of PFIB notched Al2O3 notch tip, coupled with vacancy and Xe concentration profiles simulated 

using SRIM. Implantation at 30kV, 1.5 pA. The TEM image and the graph have the same scale bar. 

6.3.2 Effect of ion species, target materials, and FIB parameters 

Amorphous layer and crystalline damaged layer were observed in all the specimens investigated in 

the present study. The lack of reciprocal lattice in Fig.6.18 a-b confirmed the amorphous status of 

Layer II, where the energetic ion bombardment broke the atomic bonds and destroyed the long-range 

order.[249] Fig.6.18 c-e indicated that the crystal structure in the crystalline damaged layer had been 

partially preserved despite receiving ion damage. This was because the dose and energy of ions had 

not reached the threshold values to cause the entire loss of the long-range order in the lattice 

structure.[249] The contrast differences in the TEM images of the crystalline damaged layer may be 

attributed to differences in levels of damage or chemical composition which led to different local 

densities (e.g. implantation of gallium[257]) or thickness, or strain around defects[310], etc. The increasing 
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level of crystallinity in Layer III through the depth meant that the severity of ion damage decreased 

with the distance that ions travelled into the target material, linked to the reduced concentration of 

vacancies at further depth as shown in Figure 6.29. 

The effects of incident ion species, target materials and FIB parameters on the damage behaviour are 

discussed as follows. 

- Ion species 

Damage behaviour of Al2O3 implanted by Ga+ and Xe+ appeared to be different in terms of both 

crystallographic and compositional modifications. Knowing that SRIM only takes into account the 

atomic number and mass of incident ions, the following discussion focuses on the atomic mass and 

electron configurations (Table 6.8). 

Table 6.8. Properties of the incident ions[48, 311] 

 
Atomic 

number 

Electrons per 

shell 

Atomic mass 

[g/mol] 

Atom 

radius*[Å] 

First ionisation 

energy [kJ/mol] 

Melting 

point [°C] 

Ga 31 2,8,18,3 69.72 13.6 578.8 29.76 

Xe 54 2,8,18,18,8 131.29 10.8 1170.4 -111.8 

First, the depth of damage decreases with heavier ion mass.[312] Knowing that a target atom receives 

less energy from a heavier incident ion,[250, 260] if emitted under the same acceleration voltage, Ga+ 

transferred more energy to a particular target atom than Xe+ did, resulting in a longer range of collision 

cascade. This is confirmed by thicker damaged layers in Ga+-implanted Al2O3 than in Xe+-implanted 

Al2O3 as observed in the present study, as well as by the larger depth of recoil-induced vacancies 

created by Ga+ than Xe+ (Figure 6.34). 
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Figure 6.34. SRIM simulation of Ga and Xe implantation in Al2O3, showing concentrations of total vacancies and vacancies 

created by recoil. 

Second, the formation of special features (i.e. particles in Ga+-implanted Al2O3 and bubbles in Xe+-

implanted Al2O3) demonstrated the chemical effect[313] of ion species on implantation damage. The 

electron configurations determines that the level of difficulty in forming compounds with target atoms 

is much higher for Xe than Ga. Moreover, the low melting temperatures indicate that Xe has a high 

diffusion coefficient[314], which facilitates Xe’s movement in the host matrix. The details will be further 

discussed in Section 6.3.3 and 6.3.4. 

- Target materials 

Among all the SRIM input parameters listed in Table 6.6, displacement energy, atomic weight and 

density are the major influences on the damage behaviour of target materials. 

Displacement energy is the threshold that determines whether an atom could be displaced from its 

original positon[250], which means that a lower displacement energy would allow for the atoms to be 

displaced more easily and for more vacancies to be created. For example, the C atoms in SiC could be 

displaced more easily than C atoms in diamond if receiving same amount of energy, therefore creating 

more vacancies. 

Based on the mass ratio of the incident ion to that of the target atom, a target atom with a heavier 

weight would receive more energy from the incident ions/atoms, and therefore have a higher chance 

to be displaced.[250] For example, Al and O have similar displacement energy in Al2O3, since Al has a 

heavier weight than O, there are more Al vacancies than O vacancies. 
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A higher atomic density means more atoms involved in the interaction within a fixed volume, thus the 

incident energy is consumed within a shorter distance.[253] This agrees well with the empirical 

observations in the present study and literature (Figure 6.28) that the thickness of amorphous layers 

followed an order of Si > SiC > Al2O3 upon similar implantation conditions. As a test, if changing the 

density of Al2O3 from 3.98 g/cm3 to 3.21 g/cm3 in the SRIM simulation, with the rest of the parameters 

remaining the same, the vacancy distribution in Figure 6.35 also confirms that a lower density results 

in a longer damage range.   

 

Figure 6.35. Distribution of total vacancies 

- FIB parameters 

During the defect accumulation process, amorphisation occurs when a critical dose threshold is 

achieved, and the thickness of the amorphous layer increases until the dose reaches the saturated 

dose threshold.[315] In the present study, both the critical and saturated dose thresholds have been 

achieved in all the cases investigated as amorphous layers were observed in each case and the 

thicknesses of these layers had obviously reached a steady state. According to the literature (Table 

6.9), the critical dose thresholds for 6H-SiC, Si and diamond are all in the order of 106, with saturated 

dose thresholds in the order 108. Although no literature is found for Ga+ irradiated Al2O3, on the basis 

of small variations from Table 6.9, its critical and saturated dose thresholds may also be on the order 

of 106 and 108 respectively. The ion doses applied in the present study are all in the order of 109 - 1010 

which are beyond the saturated dose threshold, thus steady state is reached in each implantation case.  
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Table 6.9. Critical and saturated dose thresholds for amorphisation 

Target 

material 

Ion 

specie 

Critical dose threshold 

[ion/μm2] 

Saturated dose 

threshold [ion/μm2] 
Resource 

6H-SiC Ga+ 3.3 × 106 ~5.3 × 108 He et al.[315] 

Si Ga+ 1.0 × 106 ~2.0 × 108 Rubanov[273] 

Diamond Ga+ 2.9 × 106 * ~3.0 × 108 Rubanov and Suvorova[316] 

* converted by dividing the reference result (5.2 × 1010 vacancies/μm3) by peak vacancy per ion simulated using 

SRIM (1.82 × 104 vacancies/ion/μm). 

Beam voltage determines the energy that the incident ion brings to the interaction with the target 

solid – increasing the voltage will directly increase the range of collision cascade and thus generates 

thicker amorphous layers. Both the TEM observation and SRIM simulation agreed with this theory – 

the amorphous layers were thicker with higher beam voltages or remained almost-constant with the 

same beam voltage, based on the fact that the steady state has been achieved as discussed above. 

The positive correlation between the beam voltage and damage depth has also been extensively 

demonstrated by studies in Si[234, 270] and diamond[257]. 

Beam current, i.e. ion flux, is usually thought not to have a direct effect on implantation damage and 

is not considered in the SRIM code either. In the present study, changing FIB current under the same 

beam voltage did not result in difference in thickness of amorphous layer. However, in the case of 30 

keV Xe implantation in Al2O3, the formation of large bubbles was favoured in the low current (i.e. 1.5 

pA) implantation against the higher ones (i.e. 3.8 pA, 240 pA). The explanation for this phenomenon 

will be further discussed in Section 6.3.4 by coupling with the bubble formation mechanism. 

6.3.3 Ga-FIB induced particles 

In Ga-FIBed Al2O3, particles containing high concentrations of Ga, Al and O were found in the 

amorphous layers (Fig.6.6 - 6.11). The Al2O3-Ga2O3 equilibrium diagram[317] (Figure 6.36), exhibiting 

the extensive solid solubility of GaAlO3 in the alumina-gallia system at room temperature, suggests 
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the possibility of chemical reactions happening during Ga implantation in Al2O3. Taking the average of 

the atomic percentages of Ga (18.1%), Al (25.5%) and O (54.1%) detected in the particles using EDX 

(Table 6.3), the ratio of Ga:Al:O is 1.0 : 1.4 : 3.0, which is not far from the atom ratio of GaAlO3 and is 

well within the range of solid solution at room temperature shown in Figure 6.36. It therefore suggests 

that the particles were formed as a new compound GaAlO3 during Ga implantation and embedded in 

the Al2O3 matrix. 

 

Figure 6.36. Equilibrium diagram for the system Al2O3-Ga2O3. Reprint from reference[317] 

The difference in the FIB settings assessed (i.e. 15/30 keV beam voltage, 20/240/250 pA beam current, 

3 × 109/16 ×109 ion/μm ion dose) did not make visible differences in the appearance of particles in the 

amorphous layers, as shown in Figure 6.5, which suggests a steady state was reached in these settings. 

Figure 6.31 shows that the formation of big particles was driven by high concentration of implanted 

ions rather than vacancies, with the size of the particles decreasing with ion concentration. This 

indicates that the implanted Ga ions tended to rest in position where they used up their kinetic energy 
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by forming compounds with the host atoms, rather than diffusing to places where there were higher 

concentrations of vacancies. 

In fact, ion implantation has been long developed as a method to produce a wide range of nanocrystal 

precipitates in irradiated materials, as reviewed by Meldrum[318]. It was therefore not overly surprising 

to observe these features in the present study. However, despite the fact that the generation of 

nanoparticles by ion implantation is well established, its extension to the FIB damage studies has 

barely been mentioned or considered. One reason is that the voltage employed in the industrial ion 

implantation technique (usually at the scale of 102 - 103 keV) is much higher than that used in FIB 

(usually 2 ~ 30 keV). Additionally, Ga is not a key element of interest in the ion implantation industry. 

In the case of Ga-FIBed SiC, Ga, Si and C were detected in the amorphous layers (Fig.6.13 - 6.15). 

However, no particle was found in these layers, which is different to what was observed in Ga-

implanted Al2O3. Figure 6.32 shows that the implantation of Ga darkens the TEM image contrast due 

to the change of density and chemical composition. At the depth after the peak of ion concentration, 

the gradient of contrast change followed the profile of ion concentration. However, the less contrast 

difference was observed at depths before the peak of ion concentration, suggesting that there were 

more ions at the shallow depth than that was predicted by SRIM. The almost-uniform distribution of 

the implanted ions in the upper sub-layer could be attributed to the low mobility of implanted ions in 

SiC due to the strong covalent bonds.[319] 

Figure 6.14a suggests an atomic ratio of (Si:Ga) ≈ (7:5) at the peak concentration of Ga (i.e. converted 

from weight% data). Knowing that the solid solubility of Ga is weak in Si[320] and the formation of 

gallium carbide is not favoured at room temperature, it is unlikely that a new phase consisting of Ga, 

Si and C has been formed during the implantation. Further investigation is required to make decisive 

conclusions on the compositional change in the damaged areas. 
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6.3.4 Xe-PFIB induced bubbles 

The formation of inert gas bubbles in solids, mostly metals and alloys, in high-energy radiation 

environments has been extensively discussed at a NATO Advanced Research Workshop[321] and by 

Was[322]. The process of Xe bubble formation in the present study can be summarised as the following 

four steps based on Gao and Ghoniem’s model[323]. (i) Ion implantation. The energetic ion 

bombardment created vacancies, interstitials and Frenkel Pairs in the target lattice. The incident Xe 

ions used up their energy during the electronic and atomic collisions, and rest in the interstitial or 

substitutional positions in the matrix as neutral Xe atoms. (ii) Bubble nucleation. The implanted Xe 

atoms diffused to join each other to form clusters of Xe, becoming the nuclei of bubbles. The number 

of the atoms to form a nucleus could be as low as 3 according to the study of helium implantation in 

tungsten[323]. (iii) Bubble growth. As implantation carries on, some of the newly-implanted Xe atoms 

and vacancies were attracted towards the already-nucleated Xe bubbles, leading to the growth of the 

bubbles. The present and the previous steps took place simultaneously, which means that the 

nucleation and growth of bubbles were in competition with each other. (iv) Bubble coalescence. The 

bubbles move in the matrix, either driven by the stress and temperature gradients in the matrix, or 

buffered by xenon and vacancy fluxes. Coalescence then happened when one bubble met another, 

growing the bubbles to larger sizes rapidly. 

Unlike Ga that can easily generate new bonding with the target anions, Xe is unlikely to activate 

chemical reactions to bond with matrix atoms due to its noble gas nature.[232, 324] This allows the 

implanted Xe ions to diffuse into clusters of vacancies instead of bonding with the adjacent matrix 

atoms, as confirmed by the correlation between TEM observation and SRIM simulation in Figure 6.33. 

At low PFIB voltages (i.e. 5, 8 and 16 keV), small Xe bubbles were found to spread over the amorphous 

layers in Al2O3 (Fig. 6.20 ①②③), while big Xe bubbles formed when the PFIB milling voltage 

increased to 30 keV (Fig. 6.20 ④⑤⑥). This suggests that the energy was playing an important role 

in the evolution of bubble size. In order to understand the relationship between the beam voltage and 

bubble formation, the vacancies and ions generated by Xe implantation in Al2O3 were estimated using 
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SRIM by applying the same ion dose (10000 Xe ions) under different beam voltages (6, 16, 30 keV). 

The concentration profiles (Figure 6.37) show that whilst a higher beam energy generated a lower ion 

peak concentration, it created a higher vacancy peak concentration as well as a higher total amount 

of vacancies. Coupled with Figure 6.33 which demonstrates that the formation of big bubbles occurred 

near the peak concentration of vacancies rather than ion dose, the above suggests that the formation 

of big Xe bubbles was enabled by the high concentrations of vacancies created by a high beam voltage. 

  

Figure 6.37. Concentrations of vacancy and implanted ion against the implantation depth at voltages of 8, 16 and 30 keV. 

As mentioned in Section 6.3.2, the formation of large bubbles was found to be favoured by low beam 

current. This is mainly because the coalescence rate of bubbles is highly time dependent.[323] A lower 

current means a longer implantation time for the same amount of ion dose, the Xe atoms have more 

time to diffuse to have bubbles grow towards one another and therefore result in larger sizes. 

The significant reduction in specimen thickness after the bubbles were damaged by the EDX 

examination indicated that they were burst by the high current electron beams. No detection of Xe 

within these burst bubbles meant that the internal gas was released into the TEM chamber. The 

bursting of bubbles was likely attributed to the localised temperature rise induced by the TEM electron 

beam.[325] The e-beam heating increased the internal pressure of the bubbles and led them to break 

down. Under the HR-TEM mode, the electron beam was coming in parallel which would not generate 

significant localised heating, therefore no bubble bursting happened during the HR-TEM imaging. On 

the contrary, the electron beam was highly focused under the STEM mode, where the local heating 
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was inevitable. The e-beam-induced damage in bubbles was less severe under the HAADF imaging 

(0.03 nA beam current) and EELS modes (0.04 nA) than the EDX mode (also 0.14 nA), suggesting that 

the high electron beam current contributed significantly to the localised temperature rise. 

The bubbles with smaller sizes demonstrated a higher chance of survival from electron beam damage 

(Fig.6.26). This has two possible explanations: (1) The bubbles with small radii were under the 

equilibrium condition of internal pressure where the stability criterion of the bubbles was satisfied, 

while the big bubbles were over-pressured due to their large radii.[322] (2) The material left between 

the big bubbles and the free surface of the TEM foil was thinner than that for small bubbles.  

As mentioned in Chapter 2, the main factors assuring the fast milling speed of XPFIB were generally 

summarised to be the high probe current that Xe+ plasma ion source can have plus its high sputtering 

efficiency (as shown in Table 6.7). The present study demonstrates the possibility that the formation 

and bursting of bubbles might be another factor contributing to PFIB’s fast milling rate. In addition to 

sputtering away target atoms with high energy bombardment, Xe ‘injects’ itself into the target 

material by forming gas bubbles which were then burst by the ion beam. The material that was 

‘intruded and occupied’ by the bubbles were then removed at the same time. This preliminary analysis 

needs further confirmation for bulk surfaces. 

The formation of a high density of subsurface bubbles often results in modifications of material 

properties (e.g. hardening[326], embrittlement[327], and reduction of thermal conductivity[328] in metals). 

In the present study, the lattice stress that is induced by the formation and bursting of the bubbles 

and all the other observations seen in this chapter is more of interest and will be further linked to the 

development of implantation residual stresses in the next chapter. 
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Chapter 7. Reliable Measurement of Fracture Toughness at 

Microstructural Scale –Understanding the FIB Ion Implantation Damage 

– Part II. Quantification of Residual Stress 

 

In this chapter, the Ga-FIB and Xe-PFIB ion implantation-induced residual stresses are quantitatively 

characterised in alumina, silicon carbide and silicon, using a beam-curvature method. Such 

quantification potentially allows correction of the microscale fracture toughness measurement that 

uses FIB-notched microcantilevers for the effects of the residual stresses. The effects of ion dose, FIB 

parameters, crystal orientations and ion species on the development of residual stresses are 

investigated in order to obtain a thorough understanding of the FIB implantation damage. 

7.1 Experimental 

7.1.1 Methodology 

The thin cantilevers in the present study had rectangular cross sections of W (width) × d (thickness) 

and length L. The upper layer of the cantilever was subjected to ion damage with a thickness tf. The 

residual stresses induced by the ion implantation in the upper layer bent the cantilever to a curvature 

of ρ (=1/R, where R is the radius of the curvature). The substrate layer that was free of residual stress 

had therefore a thickness of ts = d-tf. The schematic is illustrated in Fig.7.1. 

 

Figure 7.1. (a) The thin cantilever bent by the ion implantation residual stress in the upper damaged layer. (b) One section of 

the bent cantilever indicating the bending curvature and the beam dimensions. Reprint from[329]. 

tf 
d 

Ion damaged layer with 
residual stress 

(a)                                                                                                             (b) 
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Considering that the conventional Stoney equation[330, 331] requires the ratio tf /d to be small and the 

removal of the material during implantation in the present study can be significant, Equation 7.1[332], 

which is developed based on the same basis as the conventional Stoney equation and is applicable 

even when the condition t<<d is no longer satisfied, is applied to evaluate the magnitude of the 

residual stresses to ensure accuracy. 

 𝜎𝑟𝑒𝑠 =
𝑡𝑠

3

6𝑡𝑓(𝑡𝑠 + 𝑡𝑓)
∙ 𝐸′ ∙

1

𝑅
 (7.1) 

where 𝜎𝑟𝑒𝑠 is the magnitude of residual stress in the implanted layer. E’ is the biaxial elastic modulus. 

R is the radius of curvature of cantilever that is measured from high-resolution SEM images. 

The values of the applied biaxial elastic moduli (Table.7.1) are evaluated using the elastic constants 

summarised in Chapter 2. 

Table 7.1. Biaxial elastic moduli of c-, a-plane sapphire, (0001) 6H-SiC and (100) Si, applied for calculating residual stresses 

 E’ [GPa] Note 

c-plane sapphire 606 1/(s11 + s12) 

a-plane sapphire* 553 (s11-s13)/( s11·s33-s13
2) 

(0001) 6H-SiC 602 1/(s11 + s12) 

(100) Si 180 1/(s11 + s12) 

*The longitudinal direction of the beam in the a-plane sapphire is along the c-axis. 

The thickness of the implantation layer, tf (Table.7.2), used the maximum ion range simulated using 

the Stopping Range of Ions in Matter (SRIM) code[250]  under the “monolayer collision - surface 

sputtering” mode. 
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Table 7.2. Thickness of implanted layer in single crystals Al2O3, SiC and Si, simulated using SRIM. Unit: nm 

 Ga+ Xe+ 

 1 keV 2 keV 5 keV 30 keV 30 keV 

Al2O3 4.8 7.2 12.0 39.0 27.0 

SiC 5.6 8.2 14.1 45.5 34.3 

Si 10.0 13.8 22.5 70.0  

For the implantations of high ion dose, sputtering of the target material cannot be neglected. 

Therefore the thickness of the cantilever, d, was measured after each implantation and updated in 

the residual stress calculation. 

7.1.2 Materials and sample preparation 

The following four materials were investigated. (i) c-plane (0001) sapphire and (ii) a-plane (1120) 

sapphire, 5 x 5 x 0.5 mm3, from AdValue Technology. (iii) single crystal 6H-SiC (0001), 5 x 5 x 0.33 mm3, 

from MTI Corporation. (iv) un-doped single crystal Si (100), 5 x 5 x 1 mm3, from Pi-KEM Ltd. 

Each substrate was mounted to a 45° pre-tilted SEM stub and was then sputter coated with platinum 

to gain or enhance conductivities.  

Thin cantilevers were manufactured using FIB milling (Ga-source FEI FIB200 or Zeiss Auriga FIB-SEM) 

under 30 keV. They were prepared along the edge of the substrate material with the top surface and 

long edge being parallel to, respectively, the top surface and edge of the bulk substrate (Fig.7.2a). The 

manufacturing procedure was as follows: (i) rough trenches were dug using high beam current (e.g. 

16 nA) to clear out space around the cantilever. (ii) 2nA beam current was used to thin down the 

cantilever to ~2 µm thick and ~5 µm wide. (iii) 1 nA beam current was applied to remove re-deposited 

material around the cantilever from the previous two steps. (iv) The cantilever was then thinned down 

to about 1 µm thick using a beam current of 600 pA. In order to ensure the beam cross section was 

neatly rectangular, an additional 2.5° tilt was applied to compensate for the shape of the ion beam 
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tail. The angle between the ion beam and the cantilever surfaces in the last step was close to parallel 

so that the ion damage was minimised. 

The beam dimensions were then measured using HR-SEM images. Typical dimensions of the 

cantilevers were: length ~50 µm, width 3-5 µm, thickness 0.5-1.2 µm. Each as-made cantilever had 

highly uniform thickness along the beam, with > 99% uniformity. An example of a cantilever is shown 

in Fig.7.2b. 

 

Figure 7.2. (a) Schematic of the thin cantilevers manufactured along the right-angle edge of a bulk sample. (b) A thin 

cantilever made on c-plane sapphire, imaged at an inclined angle in SEM. 

7.1.3 Annealing 

An annealing treatment[333, 334] was carried out to remove the residual stresses induced by ion damage 

during the cantilever manufacturing process. Sapphire, SiC and Si were annealed in an argon gas tube 

furnace (Carbolite STF 16/60/180) at temperatures of 1100 °C[187], 1200 °C and 900 °C[335] respectively, 

with a dwell time of 1 hour, and heating and cooling rates of 3 °C/min. Argon kept flowing through the 

furnace tube from two hours prior to the heating until the furnace cooled down to room temperature. 

A piece of titanium rod and a crucible of graphite powders sat in the tube alongside the samples to 

consume the residual oxygen. 

By comparing SEM images of the cantilevers before and after annealing, no change in curvature was 

observed. 

5 μm 

(a)                                                                                               (b) 
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7.1.4 Testing procedure 

The Ga+ implantation test was performed in a dual-beam Ga-FIB (Zeiss Auriga FIB-SEM, University of 

Oxford). The investigations of Xe+ implantation stress were carried out using a Plasma Xenon FIB (FEI 

Helio dual beam PFIB, University of Glasgow). 

The testing procedure was as follows. (i) The cantilever was positioned so that its top surface was 

parallel with the electron beam and its lateral surface was thus perpendicular to the electron beam 

(Fig.7.3a). High resolution SEM images of the lateral edge were taken for measuring the curvature. (ii) 

The cantilever was then positioned to have its top surface perpendicular to the ion beam (Fig.7.3b). 

Ions of a controlled dose were implanted over the entire cantilever top surface with defined FIB 

parameters, using the ‘serpentine’ raster mode. (iii) The previous two steps were repeated in the 

following order until the end of the experiment: SEM images taken of the lateral edge to measure the 

beam bending caused by the previous ion implantation damage  implant the beam top surface to 

further induce ion damage under systematic conditions. 

 

Figure 7.3. Schematic of the two positions during the test. (a) The cantilever is positioned at the place where its lateral edge 

is perpendicular to the electron beam. The beam curvature can be measured by taking HR-SEM images of the lateral edge. 

(b) The top surface of the cantilever is perpendicular to the ion beam so that it can receive ion implantation from the ion 

beam. 

(a)                                                                                                 (b) 
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For the measurement of bending curvature, 50 points along the edge of the cantilever were captured 

in the high resolution SEM images. The bending radius was calculated by fitting the coordinates of 

these 50 captured point to circles, with the standard error of the fitting being typically <1 nm. Figure 

7.4 shows an example of the curve fitting. 

 

Figure 7.4. Demonstration of curve fitting - a Ga+ implanted c-plane cantilever (Ref. Cantilever.1.1. Ga-c.Al2O3, implantation 

step No.10) is shown as an example. The circle curve coloured in red is generated based on the 50 points captured along the 

top edge of the cantilever. 

The following five factors were considered in the test. (i) ion species, (ii) target material, (iii) ion dose, 

(iv) FIB accelerating voltage, (v) FIB beam current. The applied parameters were chosen subject to the 

availability of the equipment and the testing procedures were adjusted accordingly. All the 

implantations were carried out at 0° incident angle – the ion beam was perpendicular to a target 

surface. More details are described in Section.7.2. 

7.1.5 Precision of the method 

The main source of error in calculating the residual stress via Equation 7.1 originates from the 

measurements of cantilever thickness and curvature from SEM images, and thicknesses of 

implantation layer estimated using the SRIM simulation. The error propagation can be calculated using 

Eq.7.2[336], which shows that the substrate thickness gives the heaviest weight to the error. 

 𝛿𝜎𝑟𝑒𝑠 = |𝜎𝑟𝑒𝑠| ∗ √(
𝛿𝑡

𝑡
)2 + (

𝛿𝑅

𝑅
)2 + 4(

𝛿𝑑

𝑑
)2 (7.2) 

where δσres is the calculated error in the residual stress. δt, δR and δd are the upper limits for errors 

in implantation layer thickness, radius of curvature and substrate thickness, respectively.  

The error is generalised for each cantilever and shown as an error bar in each result graph.  



194 | P a g e  
 

7.2 Results 

Each sample, which is tested under a specific set of FIB settings (i.e. ion dose, beam current and 

voltage), is numbered in the format as ‘Cantilever.(reference number of the cantilever).(ion 

species).(target material) ((Main use of the cantilever))’. For example, ‘Cantilever.1.1. Ga-c.Al2O3 

(Effect of ion dose)’ represents a c-plane Al2O3 cantilever implanted with Ga+ for investigating the 

effect of ion dose, numbered as ‘Cantilever.1.1’.  

A summary of the experiments is provided in Table 7.3. For the high dose implantation tests, 

highlighted as ‘H (xxx pA, xxx ion/nm2)’ in Table 7.3, not all the implantation steps are listed in the 

summary but only the step that had the highest implantation dose during the entire process. The 

residual stress (RS) noted for each test is the RS calculated at the end of each test, rather than showing 

the development of the stresses through each implantation step. Whether a steady state has been 

reached within the applied ion dose range is also shown in the table. 

The relevant SEM images for all cantilevers not shown in the main part of the thesis are in the 

Appendix B. 
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Table 7.3. Summary of the tests carried out in the present study, listing the reference number of each test, the FIB settings 

applied in each test (voltage, ion dose, current), the sign of residual stress at the end of each test (‘C’ denotes ‘compressive’, 

‘T’ denotes ‘tensile, ‘CT’ means the transition from compressive to tensile), the magnitude of the residual stress measured 

at the end of each test, and whether the test achieved a steady state in the end (‘Y’ means ‘yes’, ‘N’ means ‘no’, ‘NS’ means 

‘not sure’) 

 

The material removal rates are summarised in Table 7.4. 

Table 7.4. Materials removal rate measured in the present study at 30 kV. 

Ion specie Target material Removed thickness [per 1 ion/nm2] 

Ga+ 

Al2O3 0.01 nm 

SiC 0.02 nm 

Si 0.03 nm 

Xe+ 
Al2O3 0.03 nm 

SiC 0.03 nm 

 

 

Ion Target Exp. No. Voltage [kV] Dose [ion/nm2] Current [pA] Sign of RS RS [GPa] Steady state?

1.1 30 10x0.1+2x0.5+ 2x1 1 C -0.8 Y

1.2 30 4 1→2→5→10→20→50 C -0.8 Y

1.3 2→5→30 4 20 C -0.9 Y

2.1 30 10x0.1+2x0.5+ 2x1 1 C -1.6 Y

2.2 30 4 1→2→5→10→20→50 C -1.8 Y

2.2.x 30 C -0.3 Y

2.3 2→5→30 4 20 C -1.9 NS

3.1 30 10x0.1+2x0.5+ 2x1 1 C -1.0 Y

3.1.x 30 C -0.9 Y

3.2 30 4 1→2→5→10→20→50 C -1.0 Y

3.2.x 30 C -0.9 Y

3.3 2→5→30 4 20 C -1.1 NS

4.1 30 10x0.1+2x0.5+ 2x1 1 C -0.04 NS

4.1 30 5 1→2→5→10→20→50→120 C -0.14 Y

4.1.x 30 C→T 0.4 N

5.1 30 7x0.6+3 1.5 C -0.6 NS

5.2 5→8→16→30 4 1.5 C→T 0.4 N

5.2.x 30 C→T 22.2 Brittle fracture

6.1 30 6x0.06+2x0.6+6 1.5 C -0.7 N

6.1.x 30 C→T 1.1 Brittle fracture

6.2.x 30 T 24.4 N

7.1 30 8x0.6 1.5 C -1.2 NS

7.1.2 30 5 1.5→2.8→24→230 C -1.0 NS

7.1.x 30 C→T 1.1 NS

7.2.x 30 C→T 0.5 N

Ga

c-plane Al2O3

a-plane Al2O3
H (1000pA, 7000 ion/nm2]

H (4000pA, 5000 ion/nm2]

 H (2000pA, 4000 ion/nm2]

Si

 H (2000pA, 2000 ion/nm2]

SiC

SiC
 H (6700pA, 7800 ion/nm2]

 H (6700pA, 12000 ion/nm2]

Xe

c-plane Al2O3

 H (1800pA, 6000 ion/nm2]

a-plane Al2O3  H (1800pA, 6000 ion/nm2]

 H (6700pA, 6000 ion/nm2]
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7.2.1 Effect of ion dose - low dose regime 

7.2.1.1 Ga+ implantation 

Ga+ implantation stresses measured with gradually increasing ion doses at the early stage of 

implantation (i.e. low dose regime) are summarised in Fig.7.5. For all the target materials tested, the 

compressive residual stress increased progressively with the ion dose until a quasi-steady state was 

reached within the low dose regime (although it did seem to reach a plateau at this stage, it will be 

seen later in the thesis that this was not actually a steady sate, therefore named ‘quasi-steady state’). 

The residual stress was the highest in a-plane sapphire (≈ -1.6 GPa), followed by SiC (≈ -1.0 GPa), 

then c-plane sapphire (≈ -0.8 GPa), and was the lowest in Si (≈-0.05 GPa). 

 

Figure 7.5. Residual stresses induced by FIB Ga+ implantation with increasing ion dose, in c-plane sapphire, a-plane sapphire, 

SiC and Si. FIB condition: 30 keV, 1 pA. The relevant SEM images for a-plane sapphire, SiC and Si are shown in Figure B.3, 

Figure B.6 and Figure B.10 in the Appendix B, respectively. 

SEM images for the c-plane sapphire specimen (i.e. cantilever.1.1.Ga-c.Al2O3) are shown in Figure 7.6, 

as an example, exhibiting progressive downwards bending with increasing ion dose until the quasi-

steady state. 
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【0】[Original] 

 

【1】 [+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【2】 [+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【3-10】 [+ 8 × 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【11-12】 [+ 2 × 0.5 ion/nm2 @ 30 kV, 1 pA] 

 

【13-15】 [+ 2 × 1.0 ion/nm2 @ 30 kV, 1 pA] 

 

Figure 7.6. SEM images of the c-plane cantilever from the side view showing the curvatures. The ion dose was given under 30 

keV, 1pA, following sequential steps 10 × 0.1 ion/nm2  +2 × 0.5 ion/nm2  +2 × 1.0 ion/nm2, inducing compressive residual 

stresses on the top surface of the cantilever which led to the progressive downwards bending. 

The measured curvatures from steps [0]–[10] are illustrated as individual curves in Fig.7.7 to enhance 

visibility of the progressive increase in the curvature of the cantilever. 

10 µm 
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Figure 7.7. The curvatures of the cantilever from ion implantation steps No.[0]-[10], illustrated in the form of digital curves 

to amplify the visibility of the bending. 

7.2.1.2 Xe+ implantation 

Tests with gradually increasing ion dose were also conducted with Xe+, under 30 kV, 1.5pA. Xe+ 

implantation also developed compressive residual stresses within the low dose regime in the materials 

tested, with the measured values summarised in Fig.7.8. For the same target material, the peak 

compressive residual stress induced by Xe+ (-1.0, -1.4 and -1.3 GPa for c-, a-plane sapphire and SiC, 

respectively) was lower than that induced by Ga+. The materials ranked in the same order as for Ga+: 

c-plane sapphire < SiC < a-plane sapphire. 
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Figure 7.8. Residual stresses induced by PFIB Xe+ implantation with increasing ion dose, in c-plane sapphire, a-plane sapphire 

and SiC. FIB condition: 30 keV, 1.5 pA. The corresponding SEM images can be found in Figure B.13, Figure B.16 and Figure 

B.18 in the Appendix B. 

7.2.2 Effect of beam current – low current regime 

7.2.2.1 Ga+ implantation 

With Ga-FIB at 30 keV, the beam current was increased gradually from 1 to 50 pA, with 4 ion/nm2 (i.e. 

a dose at which the stresses reached a quasi-steady state according to Figure 7.5) given at each current. 

The residual stresses measured for c-, a-plane sapphire, SiC and Si are summarised in Fig.7.9. In each 

target material, the magnitude of the compressive residual stress increased to a peak value at low 

current, followed by a slight drop and then remained at an almost constant value (about -0.8, -1.9, -

1.0 and -0.1 GPa for c-, a-plane sapphire, SiC and Si, respectively). 
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Figure 7.9. Residual stresses induced by FIB Ga+ implantation with increasing beam current (1 pA  2 pA  5 pA   10 pA 

 20 pA  50 pA) in c-plane sapphire, a-plane sapphire, SiC and Si. FIB condition: 30 keV, 4 ion/nm2 at each implantation. 

The corresponding SEM images can be found in Fig.B.1, Figure B.4, Figure B.7 and Figure B.11 in the Appendix B. 

7.2.2.2 Xe+ implantation 

A similar test was conducted with Xe+ on SiC with the current ranging from 1.5 pA to 230 pA, voltage 

remaining at 30 kV and ion dose being 4 ion/nm2 for each current. The residual stress (Figure 7.10) 

decreased slightly while the current increased from 2.8 pA to 24 pA and 230 pA, ending up at-1.1 GPa. 

 

Figure 7.10. The compressive residual stresses introduced by FIB Xe+ implantation in SiC with increasing beam current. The 

relevant SEM images can be found in Figure B.19 in the Appendix B. 
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7.2.3 Low to high ion dose regime coupled with low to high beam current 

The development of residual stresses at 30 kV within the complete ion dose range (including both low 

and high dose regimes) is presented in Figure 7.11 and Figure 7.17 for Ga+ and Xe+ implantation, 

respectively.  

The stress development of different materials and ion species exhibits the same trend: (Stage I) Within 

the low dose regime, compressive residual stress developed gradually until reaching a quasi-steady 

state which lasts for only a limited ion dose range  (the zoomed-in graphs are shown in Figure 7.5 and 

Figure 7.8). (Stage II) With further increasing ion dose, the compressive residual stresses decreased, 

with some remaining compressive in the end (i.e. Ga+ in sapphire and SiC) and the others transiting to 

tensile (i.e. Ga+ in Si, Xe+ in sapphire and SiC). 

7.2.3.1 Ga+ implantation 

 

Figure 7.11. Ga+ implantation in three different materials with complete ion dose range. For the currents applied at each 

implantation, please refer to the graphs for individual cantilevers presented in the section below. 
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Details of the ion dose and beam current employed for each test are presented in Figure 7.12 – Figure 

7.15 below. Although both ion dose and beam current increased during the implantation procedures, 

increasing beam current did not seem to have a strong influence on the development of residual stress, 

suggesting that the factor dominating the development of residual stress is ion dose. 

Table 7.5. Ga+ implantation with high ion doses and beam currents 

Cantilever Ref. RS results RS in the end 
Removed thickness 

[nm] 

Remaining thickness 

[nm] 

2.2. Ga-a.Al2O3 Figure 7.12 -0.8 GPa 635 528 

3.1. Ga-SiC Figure 7.13 -0.9 GPa 233 702 

3.2. Ga-SiC Figure 7.14 -1.0 GPa 478 725 

4.1. Ga-Si Figure 7.15 +0.2 GPa 416 407 

 

 Cantilever. 2.2. Ga-a.Al2O3 

 

Figure 7.12. The compressive residual stresses introduced by FIB Ga+ implantation in a-plane sapphire under 30 keV, with 

increasing ion dose and beam current. 
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 Cantilever. 3.1. Ga-SiC 

 

Figure 7.13. Residual stresses induced by FIB Ga+ implantation in SiC at 30 keV with increasing ion dose and beam current. 

The corresponding SEM images are shown in Figure B.7 (Appendix B). 

 Cantilever. 3.2. Ga-SiC 

A similar test was performed on SiC with a higher dose and more beam currents, exhibiting similar 

behaviour to Figure 7.13. 

 

Figure 7.14. Residual stresses induced by FIB Ga+ implantation in SiC at 30 keV with increasing ion dose and beam current. 

The corresponding SEM images are shown in Figure B.8 (Appendix B). 
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 Cantilever. 4.1. Ga-Si 

The residual stress transited from compressive to tensile, exhibiting an almost linear relationship 

versus ion dose. As one of the thinnest cantilever after implantation, the curvature was significant 

despite the low residual stress. Changing beam current did not seem to have affected the trend of the 

residual stress development.  

 

Figure 7.15. The residual stresses introduced by FIB Ga+ implantation in Si with increasing ion dose and different beam currents, 

including Process #1, #2 and #3. The corresponding SEM images are shown in Figure B.12 (Appendix B). 

The cantilever ended up with a significant upwards bending, as shown in Figure 7.16. 

 

Figure 7.16. SEM images of the Si cantilever from the side view after the last step of implantation. 
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7.2.3.2 Xe+ implantation 

For Xe+ implantation, the results are more complicated. Therefore, only two examples for a-plane 

sapphire and SiC are summarised in Figure 7.17, followed by details for each individual test in Figure 

7.18 – Figure 7.27. 

 

Figure 7.17. Xe+ implantation in a-plane sapphire and SiC with complete ion dose range. 

Table 7.6. Ga+ implantation with high ion doses and beam currents 

Cantilever Ref. Results RS in the end 
Removed thickness 

[nm] 

Remaining thickness 

[nm] 

5.2. Xe-c.Al2O3 / 22.2 GPa 406 692 

6.1. Xe-a.Al2O3 Figure 7.20 +2.2 GPa 146 977 

6.2. Xe-a.Al2O3 Figure 7.23 +24.5 GPa 415 507 

7.1. Xe-SiC Figure 7.25 +0.8 GPa 1059 258 

7.2. Xe-SiC Figure 7.27 +0.6 GPa 918 315 
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 Cantilever. 5.2. Xe-c.Al2O3 

Although the previous implantation step of 3000 ion/ nm2  at 1800 pA developed the residual stress 

stably to -0.5 GPa, after being given another high dose implantation (6000 ion/ nm2) at the same 

current, the cantilever exhibited a significant curvature and fractured at the root of the cantilever 

(Figure 7.18), indicating an apparent tensile residual stress of 22.2 GPa.  

The cantilever curved more near the fixed end than the free end, possibly because the incident angle 

of ion beam increased along the length towards the free end due to the bending of the cantilever, 

which resulted in more damage near the fixed end. Therefore, the residual stress was calculated based 

on the curvature of the half cantilever near the fixed end, which exhibits clear circularity. 

 

Figure 7.18. SEM images of the c-plane Al2O3 cantilever implanted by Xe+. The rest of the SEM images can be found in Figure 

B.15 (Appendix B). 

The fractured root (Figure 7.19) exhibited a chevron shape (possibly be explained by the fracture along 

preferred cleavage planes) and faceted fracture surface with twist hackle[214] on its top part. 

 

Figure 7.19. Fracture surface of Cantilever. 5.2. Xe-C.Al2O3 after high dose implantation. (a) Inclined view to enable optimal 

visualisation of the fracture surface. (b) View from bottom surface of the cantilever towards the fracture surface. 
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 Cantilever. 6.1. Xe-a.Al2O3 

With the current remaining at 1.5 pA, a significant decrease of the residual stress occurred with the 

total ion dose increased from 8 ion/ nm2 to 320 ion/ nm2. The compressive stress decreased further 

and transited to tensile with further increase in ion dose. Once the stress became tensile, it increased 

almost proportionally to the ion dose. In the last step of implantation (not shown in Figure 7.20 due 

to small amount of ion dose), the cantilever was broken just after a dose of ~ 54 ion/nm2 (Fig.7.21), 

indicating that the cantilever fractured at a residual stress around 2.2 GPa. 

 

Figure 7.20. The residual stresses introduced by FIB Xe+ implantation in Si with increasing ion dose and beam current. The 

corresponding SEM images are shown in Figure B.17 (Appendix B). 

 

Figure 7.21. SEM image showing that the a-plane Al2O3 cantilever fractured during the last step of Xe+ implantation. 
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The fracture surface of the cantilever was heavily faceted as shown in Figure 7.22, because the cross 

sectional plane of the cantilever was the most unfavoured cracking path of sapphire, i.e. c-plane. 

 

Figure 7.22. The fracture surface of a-plane sapphire cantilever implanted by Xe+. 

 Cantilever. 6.2. Xe-a.Al2O3 

The cantilever exhibited an extreme bending after a high dose and high current implantation (Figure 

7.24), indicating an apparent residual stress of 24.5 GPa. No visible cracks were found on the cantilever 

from SEM microstructural investigation. 

 

Figure 7.23. The residual stress by FIB Xe+ implantation in a-plane Al2O3 with high doses and currents at 30 kV. For the 

implantation steps [2-4], the cantilever curved more at the root than near the free end due to the change of ion beam incident 

angle along the length. The residual stress was therefore calculated based on the curvature of the section near the root where 

the ion beam incident angle was about 0°. 
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【0】[Original] 

 

【1】[+ 6000 ion/ nm2, @30 kV, 1800 pA] 

 

【2】[+ 6000 ion/ nm2, @30 kV, 6700 pA] 

 

【3】[+ 6000 ion/ nm2, @30 kV, 6700 pA] 

 

【4】[+ 6000 ion/ nm2, @30 kV, 6700 pA] 

 

Figure 7.24. SEM images of the side view of the a-plane Al2O3 cantilever implanted by Xe+ with high doses at high currents 

 

 

 

 

 

 

10 µm 
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 Cantilever.7.1. Xe-SiC 

The residual stress transited from compressive to tensile, and increased in an almost linear manner 

with the ion dose, ending up at around +0.8 GPa. 

 

Figure 7.25. The residual stress stresses introduced by FIB Xe+ implantation in SiC with high ion doses and beam current. 

Figure 7.26 shows the significant upwards bending after the last step of implantation. 

 

Figure 7.26. SEM images of the side view of the SiC cantilever implanted by Xe+ with high doses and high currents. 

 Cantilever. 7.2. Xe-SiC 

The implantation started with a high current straight away, at 230 pA, with the dose remaining small 

(0.6 ion/nm2). As shown in Figure 7.27, the implantation developed compressive residual stress at low 
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ion dose range, followed by transiting progressively to tensile with increasing ion dose. Changing beam 

current did not affect the magnitude of the residual stress, again suggesting that ion dose was the 

main factor on the development of residual stress. 

 

Figure 7.27. The residual stress stresses induced by FIB Xe+ implantation in SiC with high ion doses and high currents. The 

residual stress transited from compressive to tensile. The corresponding SEM images are shown in Figure B.21 (Appendix B). 

7.2.4 Effect of accelerating voltage 

For c-, a-plane sapphire and SiC, the residual stresses measured with increasing Ga-FIB acceleration 

voltages are summarised in Fig.7.28, with the same current (20 pA) and ion dose (4 ion/nm2 per 

implantation) applied throughout the tests (i.e. conditions chosen based on the results from Figure 

7.5 and Figure 7.9 which exhibited a quasi-steady state at 4 ion/nm2 and 20 pA within the low dose 

regime). In all three materials investigated, the residual stresses increased with FIB beam voltages in 

a non-linear manner, exhibiting values of around -0.9, -2.0 and -1.1 GPa for c-, a-plane sapphire and 

SiC respectively, which are similar to those reported for the tests of effect of ion dose within low dose 

regime (Figure 7.5). 
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Figure 7.28. Residual stresses induced by FIB Ga+ implantation with increasing beam acceleration voltage (1 keV  2 keV  

5 keV  30 keV), in c-plane sapphire, a-plane sapphire and SiC. FIB condition: 20 pA, 4 ion/nm2 for each implantation step. 

The corresponding SEM images are shown in Figure B.2, Figure B.5 and Figure B.9 in the Appendix B, respectively. 

7.3 Discussion 

7.3.1 Mechanisms behind the creation of implantation stresses 

Before interpreting the stress evolution in each implantation case, the five main mechanisms involved 

in the implantation process (i.e. vacancy-induced swelling, implanted-ion-induced swelling, thermal 

spike, densification and plasticity mechanisms) are discussed separately. In the case of Xe+ 

implantation, an additional mechanism (i.e. bubble mechanism) also contributes to the stress 

formation. 

(1) Vacancy-swelling mechanism (Compressive RS) 

The collision cascade driven by the incident ion creates vacancies and interstitials in the target crystal 

lattice until complete amorphisation. For these Frenkel pair defects, the vacancies remain well 

localised, while interstitials are highly mobile and are absorbed in the matrix as dislocation loops, 

contributing to plastic flow[337]. The excess volume of vacancies therefore dominates the volumetric 
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swelling of the lattice[338], known as the ‘swelling effect’. This vacancy-induced swelling is a well-known 

mechanism in the field of radiation damage - it has been widely demonstrated in irradiated Al2O3
[339, 

340], SiC[315, 341-346], Si[347], and others[337, 340], using a variety of techniques such as XRD measurement, 

AFM scanning, TEM characterisation and MD simulation. 

In the present study where the top damaged layer is constrained by the undamaged substrate, the 

volumetric swelling of the ion implanted layer results in lateral compressive residual stress in the 

damaged layer. 

The vacancy-swelling mechanism is the primary swelling mechanism, compared to the implanted-ion-

swelling mechanism which will be explained in the following section, because the number of vacancies 

created per implanted ion in a perfect crystal is typically of the order of 102 to 103 as predicted by 

SRIM simulation for the conditions used in this study.  

(2) Implanted-ion-swelling mechanism (Compressive RS) 

The implanted atoms with bigger size than the matrix atoms (i.e. the ionic crystal radii are 0.054 nm 

for Al3+ and 0.062 nm for Ga3+)[348] rest in the target matrix as substitutional or interstitial defects,[349] 

which add additional volume to the structure and therefore lead to volumetric swelling. Acting as the 

secondary swelling mechanism (relative to the vacancy-swelling mechanism), the constrained swelling 

induced by the implanted ions also contributes to the generation of compressive residual stress in the 

damaged layer. 

The implanted-ion-swelling mechanism becomes ineffective when a steady state is achieved at the 

threshold implantation dose, which means that the number of implanted atoms is equal to the 

number that get sputtered away. 

(3) Thermal spike mechanism (Tensile RS) 

The thermal spike is a well-known phenomenon during ion implantation, which has been widely 

investigated by modelling the displacement cascades at the atomic scale. Upon the impact of each 

incident ion, the temperature in the target area increases significantly within ~2 picoseconds.[350] The 
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relaxation time that it takes the thermal spike to cool down to room temperature is typically within 

about 3 to 30 picoseconds[257, 351, 352] depending on the thermal conductivity of the material. As an 

example, the MD simulation of Ga+ implantation in single crystal diamond[257] demonstrates that the 

local temperature rise from a single ion collision can reach as high as 1454.6 K (= 1181.5 °C) with a 

beam energy of 16 keV, which afterwards drops to the ambient temperature within 3 ps. 

The high temperature of the thermal spike causes local melting[344] or severe lattice disorder, and leads 

to instant volumetric expansion of the implantation affected region. However, the high temperature 

core is constrained by the surrounding lattice in the lateral direction, which leads to the biased 

swelling and relaxation of the structure in different directions due to the in-plane stress. The 

compressive strain induced by the surrounding lattice on the expanded core yields plastic deformation. 

Upon rapid cooling (also known as ‘quenching’), the plastically-deformed core shrinks, which results 

in a smaller lateral dimension than its original size. As a quick calculation based on gross assumptions, 

knowing that the linear thermal coefficient of alumina increases with temperature (e.g. the thermal 

expansion coefficient of alumina is about 7.2×10-6 K-1 at 300K, ~9.0×10-6 K-1 at 1000K, ~1.0×10-5 K-1 at 

1500K)[353], taking the thermal expansion coefficient at 1500K and the biaxial elastic modulus of 

alumina as 600 GPa, portioning the stress within rigid surroundings of 0.5 as approximation, when the 

temperature increases by 1000K, the thermal expansion stress is ~3.0 GPa. Knowing that the yield 

strength of alumina drops significantly with increasing temperature (e.g. the yield strength of 

polycrystalline alumina drops from ~4 GPa to ~1.5 GPa when the temperature increases from 300K to 

1000K[354]), this indicates that the yield strength of the microscopic high-temperature core is likely to 

drop below the constraining stress and therefore yields plastically. Plasticity can happen via either 

dislocation motion or diffusion. For the latter, the atoms are driven to flow onto the surface by the 

high lateral pressure created by the thermal expansion.[355] Upon rapid cooling, recrystallisation[352] 

occurs and the expanded volume tends to shrink back to its original size. With the atoms that have 

flowed on the surface remaining on the surface and becoming ‘adatoms’[356] to increase the thickness, 
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which has been demonstrated numerically[357] and experimentally[358], the lateral dimension will 

become smaller than its original size to compensate for the increased thickness.  

The microscopic constrained thermal expansion results in localised plastic lateral shrinking, which 

extends to the macroscopic lateral shrinking during the ion beam rastering process. Since the lateral 

shrinking is constrained by the undamaged layer, tensile residual stress is generated in the damaged 

layer. 

(4) Densification mechanism (Tensile RS) 

If chemical changes occur during ion-solid interaction, leading to formation of a second phase that has 

a more densely packed structure than the original one, densification (i.e. density increases) occurs. In 

the present study, Ga+ implantation in Al2O3 forms denser second phase particles (GaAlO3
[359], 

hexagonal unit cell with lattice constants of a = 5.70 Å, c = 8.92 Å, atom density [~99.3 atom/nm3] 

which is higher than that of amorphous Al2O3 [~93.8 atom/nm3]) when the ion dose reaches a 

threshold value, as indicated by the TEM microstructural investigation in Chapter 4. 

Equivalent to shrinking, the densification results in tensile residual stress in the damaged layer which 

is constrained by an undamaged substrate. 

(5) Bubble mechanism (Compressive RS  Relaxation of compressive stress) 

It is widely recognised that inert gas implantation can enable the formation of bubbles in irradiated 

materials due to the limited solubility of the gas in a ceramic matrix.[322] The work done in Chapter 4 

has demonstrated well the formation of Xe bubbles in Plasma-FIBed Al2O3. In addition to that, the 

bubbles induced by implanted inert gas ions are observed in materials like SiC[319, 360-363], Al2O3
[364-369]

, 

Si[370, 371] and others[319, 369, 372]. An extensive summary is provided by Zinkle[319] in terms of dose 

threshold for the formation of visible bubbles. 

The bubble-induced swelling[371, 372] that is constrained by the undamaged substrate results in a 

compressive residual stress in the damaged layer. 
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However, blistering of the formed bubbles is a well-known phenomenon in many materials that are 

exposed to keV to MeV ion beams.[319, 373-375] It happens when the internal pressure increases to a 

sufficiently high value that yield strength[376] is exceeded, via either localised heating or increasing gas 

atom concentration, which leads to progressive cracking at the ligatures between highly pressurised 

gas bubbles.[319] The results in Chapter 4 show that the Xe bubbles formed in Al2O3 can easily be burst 

by the local heating induced by the focused high-energy electron beam. It has also been widely 

observed that blistering occurs when the implantation dose reaches a threshold value.[319] For instance, 

the threshold blistering for He implantation in Al2O3 at room temperature is ~3 × 1021 ion/nm2, 

corresponding to a peak implanted He concentration of ~20 at.%, while it is slightly higher for SiC – 

threshold dose of >5 × 1021 ion/nm2, corresponding to a peak concentration of >30 at.%.[319] Moreover, 

the threshold dose of blistering decreases with increasing temperature.[319] 

When a bubble bursts and leaves an empty void behind, the deformed lattice around the void relaxes 

and expands into the void, therefore reduces the overall swelling of the damaged layer and decreases 

the swelling-induced compressive residual stress. 

(6) Plasticity mechanism (Relieving RS) 

Radiation-enhanced plasticity[377, 378] is known to occur due to the radiation-induced stresses[379] and 

thermal spikes. Si amorphised by the irradiation of high-energy heavy ions is found to deform 

plastically in the ion damaged region in the same way as conventional glasses.[380] In crystalline 

materials, dense interstitial dislocation loops are found in irradiated Al2O3
[340, 366, 368], SiC[360, 363], and 

other materials[319], which are formed by atomic clustering of the highly mobile[337] interstitial 

atoms.[319] 

As well as being involved in the generation of residual stress in some of the above mechanisms, 

plasticity can also relieve the stresses in the damaged region. [377, 378] 
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7.3.2 Development of residual stresses 

Dynamic interaction between different mechanisms leads to different integrated stress status, which 

separates the development of implantation stress into the following two stages.  

 Stage I. Low dose at low current 

With ions impacting the pristine crystalline target, the number of vacancies created during the 

collision cascade of a single incident ion impact is typically at the order of 102 to 103 as predicted by 

SRIM simulation for the conditions used in this study. The vacancies therefore play the dominant role 

in the generation of stresses at the early stage of implantation[381, 382] and the dominating mechanism 

at Stage I is thus the vacancy-swelling mechanism. 

This applies to all the implantation cases presented in the present study, because the original status 

of all the employed target materials was pristine crystal. The constrained swelling results in the lateral 

compressive residual stress in the damaged layer, which matches with the observations in the present 

study (Figure 7.5, Figure 7.8). 

The parameters that influence the magnitude of residual stress developed at Stage I are discussed 

below. 

Ion dose. At Stage I, the strain development process can be categorised into the following three 

regimes based on ion dose.[334] (Regime I) At low ion dose, isolated vacancies are generated. The 

consequent strain is almost proportional to the vacancy density, which is directly determined by the 

ion dose. (Regime II) The vacancy density keeps increasing with the augmenting ion dose. However, 

the efficiency of the damage accumulation drops due to the decreasing crystallinity of the target solid, 

leading to the deceleration of lattice swelling. In this regime, isolated defects also start to cluster into 

larger defects.[383] (Regime III) The amorphisation threshold (i.e. defect density = relative lattice 

disorder = 100%) is reached and the damaged layer is completely amorphised, which means that the 

vacancy density mechanism saturates. At this point, the vacancy-induced swelling mechanism 

becomes ineffective, Stage I thus ends.[347] 
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The residual stresses measured during Stage I of implantation in the present study with increasing ion 

dose, as summarised in Figure 7.5 and Figure 7.8, can be well linked to this three-regime theory. Figure 

7.29 takes Ga implantation in sapphire as examples to demonstrate these three regimes (which also 

applies to SiC). 

 

Figure 7.29. Three regimes of stress development as a function of ion dose in sapphire 

Beam voltage. The results (Figure 7.28) show that the magnitude of the residual stress increases with 

beam voltage, which is attributed to the fact that a higher energy not only results in more vacancies 

in total but also a higher concentration of vacancies per unit length[384] as demonstrated in Figure 7.30. 

 

Figure 7.30. Concentration of vacancies along the implantation depth for Ga implantation in sapphire, with beam voltage of 

30 kV and 5 kV, simulated using SRIM. 
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Beam current. The results (Figure 7.9) show that the residual stress remains almost constant with 

increasing beam current, apart from a slight drop within the low beam current range (< 10 pA). Beam 

current is thought not to have a direct effect on the implantation stress for the following two reasons. 

(1) Changing beam current does not affect the total amount of vacancies created nor the 

concentration of defects. (2) Within the range of beam currents investigated in the low current regime, 

the thermal spike induced by each incident ion has been relieved before the arrival of the next incident 

ion, so there is no overlap. Assuming that the incident beam targets at one point (rather than 

rastering), the time interval between the arrival of each incident ion is 1.6 × 105 ps for a 1 pA beam 

current (=6.25 × 106 ion/s), and 3.2 × 103 ps for 50 pA beam current (=3.13 × 108 ion/s). The time is  

much longer than the relaxation time for the thermal spike to cool down to room temperature. The 

reason for the slight drop in residual stress within the low beam current range therefore remains 

unexplained with the existing information and needs further investigation. 

Type of target material. The results show that the steady state compressive residual stress developed 

in Stage I is much higher in Al2O3 and SiC, than in Si. This significant difference is attributed to the anti-

site defects that exist in the chemical compounds (Al2O3, SiC)[338] but not in the simple substance 

(Si)[385], which are bigger on average than the perfect lattice and therefore enhance vacancy-swelling 

mechanism.  

Additionally, the densities of the target crystals before and after amorphisation are compared in Table 

7.7, suggesting that the swelling effect from amorphisation (i.e. phase transformation) is more 

significant in Al2O3 and SiC than in Si, which explains why the compressive residual stress is in the order 

Al2O3 > SiC > Si. 

Table 7.7. Densities of the investigated materials in the crystalline and amorphous states, measured at 300 K. Unit: g/cm3 

 ρcrystalline ρamorphous 
Difference  

(ρcrystalline- ρamorphous)/ ρcrystalline 

Al2O3
[386, 387] 3.98 3.18 20.1% 

SiC[388] 3.21 2.75 14.3% 

Si[389] 2.33 2.29 1.7% 



220 | P a g e  
 

Crystal orientation of target material. With the same FIB conditions and ion doses, the residual 

stresses developed in a-plane sapphire turned out to be higher than those in c-plane sapphire, which 

is attributed to the following two reasons. (1) The anisotropic elastic properties of sapphire result in 

different magnitudes of elastic swelling[344] along different crystal orientations – it is stiffer along the 

c-axis (Young’s Modulus in this direction is 463 GPa) than the a-axis (425.5 GPa), therefore the swelling 

stress is higher in damaged a-plane sapphire than that in the c-plane sapphire. (2) The channelling 

effect might result in a higher concentration of vacancies and/or a longer ion range in a-plane sapphire 

than that in c-plane sapphire. 

 Stage II. High dose with high current 

Since the vacancy-swelling mechanism is no longer effective at the end of Stage I, the rest of the 

mechanisms (thermal spike, densification and/or bubble mechanisms) take over at Stage II, which 

reduces the compressive residual stress in the damaged layer and has the potential to turn the residual 

stress tensile. 

The beam currents applied in Stage II are higher than that in Stage I, within the range of 120 to 6700 

pA. Assuming that the incident beam targets at one point (rather than rastering), the time interval 

between the arrival of each incident ion is 24 ps for a 6700 pA beam current (=4.19 × 1010 ion/s), which 

is close to the relaxation time for the thermal spike to cool down to room temperature. The overlap 

between the thermal spikes induced by the incident ions might therefore exist, which means that the 

effect of high beam current can no longer be ruled out and might be contributing to the development 

of residual stresses. However, it also needs to be noted that it is unlikely for the ions to arrive at exactly 

the same point on the target surface due to large FIB aperture size and wide distribution of incident 

ions, which reduces the risk of the thermal spike overlapping to a certain extent. 

For currents within the range of 120 to 4000 pA, the effect of high beam current has been shown to 

be minimal. In some cases, increasing current did not make any changes on the stresses (e.g. Figure 

7.12, Figure 7.13, Figure 7.14, Figure 7.27). In the cases where stresses changed proportionally with 
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ion dose, changing currents did not affect the trend of the stress developments (e.g. Figure 7.15, 

Figure 7.25). The only exceptional case was when the current was 6700 pA. Then, the stress increased 

in an exponential manner instead of being proportional with ion dose, which indicates that above a 

certain current threshold, the effect of beam current can no longer be ignored. 

Nevertheless, ion dose is still the dominant factor in the development of residual stresses in Stage II. 

While in Stage I, materials behave similarly, in Stage II, materials perform in very different ways to 

each other due to different combinations of effective mechanisms. Therefore, the discussion of Stage 

II is categorised by ion species and target materials. 

Ga+ in Al2O3 

During Stage II implantation, the compressive residual stress decreases gradually until reaching a 

steady state (Figure 7.12). The significant reduction of compressive stress is attributed to the 

combination of the thermal spike mechanism and the densification mechanism (i.e. formation of 

dense GaAlO3 particles), which is however not enough to overcome the strong compressive stress (due 

to the existence of anti-site defects, as explained previously) generated during Stage I before reaching 

a steady state, thus the plateau is at a lower compressive stress. 

Ga+ in SiC 

The slight decrease of the compressive stress (Figure 7.13, Figure 7.14) is mainly attributed to the 

thermal spike mechanism, while the densification mechanism is not as effective here as it was in Ga+ 

implanted Al2O3. The TEM investigation in Chapter 4 indicates that the implanted Ga atoms are 

distributed uniformly in the damaged matrix rather than forming particles due to their low mobility in 

SiC. Therefore, there is no denser new compound formed during the implantation, which leads to the 

ineffectiveness of the densification mechanism in the present case. 

The thermal spike mechanism itself is not strong enough to overcome the high compressive stress 

generated at Stage I. As a result, the residual stress remains compressive when a dynamic balance 

between the swelling mechanism and thermal spike mechanism was achieved. 
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Ga+ in Si 

The combination of thermal spike mechanism and densification mechanism overcomes the low 

compressive residual stress generated at Stage I, resulting in the transition from compressive to tensile 

stress (Figure 7.15). The formation of Ga particles (atom density = 50.9 atom/nm3) in Ga+ implanted Si 

(the atom density is 49.9 atom/nm3 for pure crystalline Si and 49.1 atom/nm3 for amorphous Si) is 

demonstrated by the TEM investigations from a wide range of literature[351, 390-392], which suggests that 

the densification mechanism is effective for the Ga implantation in Si.  

Within the ion dose range applied in the present study, no steady state has been achieved. The 

relatively low tensile stress in the damaged layer compared to the yield strength of Si suggests that 

the overall deformation remains elastic.  

Xe+ in Al2O3 

During Stage II implantation, the Xe+ implanted Al2O3 cantilevers either exhibit brittle fracture (Figure 

7.18, Figure 7.21) or extreme bending (Figure 7.24), with the thermal spike mechanism and bubble 

blistering mechanism contributing to the reduction of the compressive stress, and thermal spike 

mechanism alone dominating the generation of tensile residual stresses. 

The calculated implantation stress in the cantilever No.6.2 based on the bending curvature goes up to 

24 GPa, and to 22 GPa in the cantilever No.5.2 before it fractures. The possible explanations for such 

high apparent stresses are discussed below. 

Option 1 – the entire cantilever deforms elastically. This means that the stress in the damaged layer 

has indeed reached ~24 GPa. However, this is unlikely to be true because the yield strength of 

crystalline α-alumina is about 6 GPa (i.e. yield strength is usually considered as 1/3 of the hardness 

which is ~18 GPa for alumina), or ~7.7 GPa for single crystal alumina according to the results from 

Chapter 7. Although the yield strength of the damaged layer might be higher than 7.7 GPa due to the 

size effect, it is unlikely to rise beyond 24 GPa. Taking a step back, even if the residual stress in the 

damaged layer is indeed ~24 GPa, the stress intensity factor at the tip of a crack throughout the 



223 | P a g e  
 

thickness of the damaged layer (~20 nm) is around 7 MPa·m1/2, which is beyond the fracture toughness 

of sapphire. Therefore Option 1 is unlikely to be correct. 

Option 2 – the undamaged part of the cantilever deforms plastically leading to an overestimate of the 

stress when calculated assuming elastic deformation. For the cantilever No.6.2, the maximum tensile 

stress in the substrate (at the bottom of the substrate) is 𝜎𝑡𝑠 =
2𝜎𝑐𝑡𝑐

𝑡𝑠
= 3.0 𝐺𝑃𝑎  (where 𝜎𝑐  is the 

residual stress in the damaged layer, 𝑡𝑐 is the thickness of the damaged layer, 𝑡𝑠 is the thickness of the 

undamaged substrate). The maximum compressive stress in the substrate (at the top of the substrate, 

right beneath the damaged layer) is 𝜎𝑐𝑠 = −
4𝜎𝑐𝑡𝑐

𝑡𝑠
= −5.9 𝐺𝑃 . Neither the maximum tensile nor 

compressive stress in the substrate is sufficiently high to yield plastically at room temperature. 

The temperature distribution in FIBed cantilever simulated using COMSOL Multiphysics (Appendix C) 

suggests that the elevated temperature due to the thermal spike is highly localised without heating 

up the entire cantilever as most of the heat was lost by thermal conduction towards the bulk material. 

Therefore the potential reduction of yield strength due to elevated temperature is localised as well so 

that in the rest of the cantilever, the temperature is not high enough to reduce the local compressive 

yield strength to enable plastic deformation. 

The curvature change in cantilevers No. 5.2 and 6.1 turned from stable to unstable without significant 

change in FIB conditions, which could be attributed to either (a) pre-existing critical flaw(s) in the 

cantilever or (b) the previous implantation steps created flaws in the cantilever, which disconnected 

the path for the heat to conduct towards the bulk material or reduce the thermal conductivity of the 

material, the implantation heat therefore accumulated and increased the temperature of the 

cantilever significantly (as demonstrated by COMSOL simulation in the Appendix C) to enable plastic 

deformation.  

To confirm the proposed theory, the following investigation should be carried out. 

(1) TEM characterisation on the bent cantilevers to find out if there are dislocations in the 

substrate, in order to check if the deformation was elastic or plastic. 
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(2) The top damaged layer can be removed using FIB lateral cutting or other techniques. If the 

undamaged substrate straightens completely, it means that the deformation of the 

undamaged substrate is elastic. If the curvature remains, then the deformation is plastic. 

(3) Anneal cantilever No.6.2 to see if it bends back or not. Bending back indicates that the 

deformation was substantially elastic, otherwise the deformation of the substrate was plastic. 

(4) Break cantilever No.6.2 using the nanoindenter to find out how weak the cantilever is. 

(5) MD simulation can be employed to simulate the applied FIB conditions (i.e. high doses), in 

order to find out if anything irregular, or additional mechanisms that we have not been aware 

of, contribute to the observed phenomenon. 

(6) FEM simulation could be employed to assist in the further investigation on the extremely bent 

and fractured sapphire cantilevers implanted with Xe ions. 

Xe+ in SiC 

In Stage II, the compressive residual stress also decreases with increasing ion dose, followed by the 

transition to tensile stress, which is attributed mainly to the thermal spike mechanism. The tensile 

residual stress plateaus at an ion dose of ~3 × 104 ion/nm2, indicating a dose threshold for achieving 

steady state. The possible plastic deformation that occurs in Xe+ implanted Al2O3 does not happen 

here due to the high yield strength of SiC relative to Al2O3. 

 Proportionally increasing tensile stress 

Once the cantilevers bend upwards, the tensile residual stresses appeared to increase almost 

proportionally to ion dose, as shown in Figure 7.15, Figure 7.20, Figure 7.23 and Figure 7.25. It is 

proposed here that this may because the area above the neutral axis where the ions are implanted is 

under compression in a cantilever that exhibits upwards bending, coupled with the dynamic balance 

of removing the previously-formed damaged layer and creating the new damaged layer, as illustrated 

in Figure 7.31. The pre-existing compressive stress in the material enhances the tensile residual stress 

generated by the thermal spike mechanism – the pre-existing compressive strain ‘squeezes’ the 
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microscopic expanding heated core in the lateral direction more, which yields more plastic 

deformation in the lateral direction and also results in more ‘adatoms’ flowing on the surface in the 

vertical direction, therefore aiding the localised shrinking in the lateral direction after cooling down 

and yields a higher tensile residual stress in the damaged layer. 

 

Figure 7.31. Schematic of ion implantation process on an already-damaged upwards-bending cantilever. 

Noting the massive removal of material (i.e. hundreds of nm of thickness removed in each cantilever) 

during high dose implantation (Table 7.5, Table 7.6) which has exceeded the depth of implantation 

damage (i.e. tends of nm according to Table 7.2), a steady state must have been reached if the target 

was a solid block of material. The fact that the development of the implantation stresses did not reach 

a steady state therefore indicated that the continuously increasing residual stresses must have 

something to do with the continuous bending and the low thickness of the cantilever. 

7.3.3 Comparison with literature 

There exists very little literature for FIB ion damage residual stress in alumina. The only one known by 

the author is from the study conducted by Norton et al.[187] on single crystal ruby, which reported a 

much higher value of Ga+-in-Al2O3 residual stress (−16 ± 6 GPa) than that from the present study (max. 

-2 GPa) although under similar FIB conditions. The possible reason for such a big difference is discussed 

via the two following points. 
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(a) In the experiment conducted by Norton et al.[187], the platinum coating layer on top of the Ga+ 

implanted ruby TEM sample may have contributed to the apparent residual stress measured using 

the Fluorescence microscope. 

Investigation on the residual stresses caused by Pt deposition is therefore conducted in the present 

study using the cantilever technique. A cantilever was manufactured on c-plane sapphire by following 

the same preparation procedure as stated in Section 7.1.2, followed by sputter coating of Pt to induce 

residual stress. The side view of the coated cantilever with increasing Pt layer thickness and the 

corresponding residual stress are presented in Figure 7.32 and Figure 7.33, respectively, showing 

significant compressive residual stress (≈ -8 GPa) in the deposited Pt layer. This suggests that the 

residual stress measured by Norton et al.[187] was overestimated by a significant amount due to the Pt 

coating layer. 

 

【0】[Original] 

 

【1】[+5 nm] 

 

【2】[+3 nm] 

 

【3】[+3 nm] 

 

【4】[+3 nm] 

 

Figure 7.32. In-lens images showing the side view of the Pt coated sapphire cantilever 

10 µm 
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Figure 7.33. Residual stress induced by Pt deposition on sapphire 

(b) As bending contributes to the relaxation of residual stresses in the damaged layer, it is suggested 

that the stress depends on thickness of substrate. The implantation conducted by Norton et al.[187], 

was performed on a bulk sample which has limited freedom to deform, while the cantilever used 

in the present study has much more freedom of deformation, suggesting that values measured in 

the present study might be underestimated. The most extreme case in the present study (i.e. 

cantilever No.6.2) was checked with the full elastic solution which takes into account the stress 

relaxation by cantilever deformation, rising the value of residual stress for our bent cantilever 

from 24.5 GPa (given by Equation 7.1) to 25.6 GPa for a thick substrate. The difference is small, so 

does not change any of the above conclusions, but the underestimation resulted still needs to be 

borne in mind. 

The combination of the two above reasons may explain the significant gap between the residual 

stresses measured in the present study and by Norton et al.[187] for Ga+ implantation in Al2O3. 

For Ga+ implantation residual stress in Si, Salvati et al.[393] employed a similar cantilever technique and 

FIB conditions to measure the eigenstrain in the FIB Ga+ implanted Si cantilever, giving a tensile 

residual stress value of 0.07 GPa (calculated based on the dimensional data provided in the Appendix 
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of reference[393]), which is much lower than that measured in the present study (around 0.25 GPa). 

The discrepancy might be attributed to the pre-existing residual stress in the commercial Si AFM 

cantilever used in the literature[393] and the difference in the thicknesses of cantilevers employed. The 

FEM and MD simulation of Ga+ implantation in Si [245] suggests that residual stress peaks at around 0.6 

GPa, which makes more sense considering that the residual stress measured in the present study 

(Figure 7.15) had not yet reached a steady state value and a higher stress would likely be generated 

with further implantation. 

7.3.4 Residual stresses at notch tips 

Since the ultimate goal of the present study is to enable reliable fracture toughness measurement by 

quantifying the FIB damage residual stresses at FIBed notch tips, it needs to be pointed out that the 

residual stresses developed in the FIB-notched bulk materials are higher than that measured from the 

FIB ion implanted cantilevers as bulk substrate has almost no freedom of deformation. The stresses 

are therefore re-calculated using the stress-free strain from the cantilever results. 

As shown in Table 7.8, the stress developed on a thick substrate (i.e. fully constrained development) 

is evaluated for each representative case, showing higher values than that developed on thin 

substrates. The larger the aspect ratio of tf/d is, the larger the difference between the stresses 

evaluated in thin and thick substrates is, suggesting that the thickness of the substrate has a significant 

effect on apparent residual stress. 
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Table 7.8. Apparent residual stresses of representative specimens evaluated in thin and thick substrate 

Ion  
Target 

material 

Cantilever 

Ref. 
tf/d 

Stress on thin substrate [GPa] Stress on thick 

substrate 

[GPa] 

Difference4 Standard 

Stoney1 

Advanced 

Stoney2 

Full 

solution3 

Ga 

Al2O3 2.2.x 0.06 -0.92 -0.86 -0.87 -1.11 27.6% 

SiC 3.2.x 0.06 -1.08 -1.01 -1.02 -1.32 29.4% 

Si 4.1.x 0.17 0.30 0.25 0.29 0.53 82.8% 

Xe 
Al2O3 6.2 0.05 28.82 24.45 25.90 31.89 23.1% 

SiC 7.1.x 0.13 1.05 0.91 0.99 1.62 63.6% 

1 standard Stoney equation[330, 331] that assumes that the ratio tf /d to be sufficiently small. 

2 advanced Stoney equation (Equation 7.1) that reduces the effect of large aspect ratio of tf /d. 

3 full solution that evaluates the precise distribution of stresses via analytical solution. 

4 difference = (σthick substrate - σthn substrate full solution)/ σthn substrate full solution 

7.3.5 Effect on fracture toughness measurement 

Referring to Eq.2.6, the difference in the measured stress intensity factor caused by the residual stress 

at the notch tip ∆𝐾𝑟𝑒𝑠 can be calculated using Eq.7.3.[187] 

 ∆𝐾𝑟𝑒𝑠 = 𝜎𝑟𝑒𝑠𝜓√𝜋𝑑𝛼 (7.3) 

where 𝜎𝑟𝑒𝑠 is the residual stress in the implanted region, assumed to be uniformly distributed. 𝜓 is 

the geometrical factor and 𝑑𝛼 is the distance from the crack tip over which the residual stress is 

applied. 

A compressive 𝜎𝑟𝑒𝑠  will inhibit crack initiation at the notch tip, and therefore results in an 

overestimation of the fracture toughness. Although a tensile 𝜎𝑟𝑒𝑠 will encourage the initiation of the 

crack within the damaged area, it is generally agreed that the crack still needs to propagate through 

the undamaged material so that the fracture properties of the target material will still be evaluated 

correctly. However, the undamaged substrate contains a compressive stress field right beneath the 

damaged layer, the effect of which on the fracture toughness measurement remains unknown due to 

the lack of relevant results and needs further investigation. 
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The effects of ion implantation stresses on the measurement of fracture toughness using the FIB-

notched microcantilever technique will be separated by the target materials in the discussion below. 

- Al2O3 

The Ga+ implantation stresses in Al2O3 remain compressive regardless of applied ion dose, indicating 

an overestimation of fracture toughness in alumina.  

Taking a-plane sapphire as an example, with the dose required for making a reasonably deep notch 

(typically on the scale of 105 – 107 ion/nm2), the compressive residual stress plateaus at around -1.1 

GPa in a thick substrate (according to Table 7.8). Assuming that the incipient crack has an initial length 

of dα = 20 nm, equal to the thickness of the layer of residual stress, and a shape of a straight crack ψ 

= 1.12, the apparent fracture toughness is overestimated by about ∆Kres = 0.3 MPa∙m1/2 due to the ion 

implantation stress induced at 30 kV Ga-FIBed notch. 

The higher compressive residual stress in a-plane sapphire compared to that in c-plane sapphire 

suggests that the effect of ion implantation on the fracture toughness measurement is anisotropic. A 

Ga-FIBed notch in a polycrystalline Al2O3 will therefore have compressive residual stress varying along 

the width of the crack. 

The residual stress induced by Xe+ implantation in Al2O3 is tensile within the ion dose range that is 

required to mill a reasonably deep notch (typically 105 – 107 ion/nm2). However, the extreme 

implantation behaviour and the formation of bubbles in the damaged layer are likely to have 

additional effects on the crack initiation and propagation, which needs further investigation. 

Moreover, considering the fact that PFIB cannot mill sharp notches, which applied to all materials, it 

is recommended that PFIB cannot be used for finishing the notches but can only be used to make the 

first part of the notch, if necessary. 
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- SiC 

The Ga+ implantation stress also remains compressive in SiC regardless of ion dose, which means that 

the fracture toughness values of SiC measured using the Ga-FIB notched cantilever technique is 

overestimated. The stress plateaus at around -1.3 GPa, resulting in an overestimated ∆Kres of around 

0.4 MPa∙m1/2. 

With the dose required for making a reasonably deep notch (typically on the scale of 105 – 107 ion/nm2), 

the residual stress at the PFIBed notch tip in SiC is tensile, the exact effect of which on the fracture 

toughness measurement remains unclear at the moment. But it is not relevant at present for this 

application because the PFIB cannot make sharp notches. 

- Si 

The measured Ga+ implantation stresses in Si were small and tensile, so they should not affect Kc 

measurements so much. Literature measurements of Kc in Si do indeed give the same answer as 

macroscopic measurements[160, 167, 394], which is in agreement with this prediction. 

Whether Xe+ implantation would induce compressive or tensile stress in Si is not investigated in the 

present study. However, considering the bluntness of the notches produced using PFIB, the 

investigation is not necessary at present for this application. 
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Chapter 8. Conclusions 

The present study has drawn the following conclusions. 

8.1 Grain size distributions 

The present study of grain size distributions exhibits a good integration of experimental and numerical 

research. The experimental method developed here not only enabled the precise measurement of 2D 

grain sizes in ceramics, but also allowed for the generation of representative models of 3D granular 

microstructures.  

The empirically-measured distribution of 2D grain sizes was first used as input weights for the 3D 

Laguerre-Voronoi tessellation, and was then in turn used to validate the numerical model by a novel 

method – correlating the virtual cross sectioning outcome with the empirical data. 

Laguerre-Voronoi tessellation provided significant improvement of the reproduction of realistic grain 

size distributions, compared to classic Voronoi tessellation. In particular, the ability to generate 

relatively large grains in the structure increases the representativeness of the numerical models, as 

proven by the validations presented. 

The present work contributed to the development of a new routine in the simulation software LS-

DYNA (Figure 8.1), which has now become available to use to the public. 

 

Figure 8.1. LS-PrePost graphic interface (left) and corresponding input file generated (right), developed by Dr Simone Falco. 
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8.2 Strength of grain boundaries 

The effect of shear stresses on brittle failure of grain boundaries is mostly overlooked in understanding 

the failure mechanism of polycrystalline ceramics and is often neglected in microstructural numerical 

models. The present study, which is the first time that this effect has ever been investigated 

systematically through experiments, was therefore conducted to test the known assumptions usually 

adopted in micromechanical modelling. 

The combination of experimental tests and numerical simulations on single grain boundaries inclined 

at three different angles provided clarification on the role of different stress components on the failure 

of grain boundaries. The results rule out the theory which considers only critical normal stresses for 

failure of grain boundaries, and suggest that the contribution of the shear component should not be 

neglected. 

The present study also suggests that compressive stresses do not contribute to crack initiation on grain 

boundaries, and more importantly, hinder the effect of shear stresses. 

The strength of grain boundaries is demonstrated to be lower than that of grains. Enhancing the grain 

boundary strength could therefore be effective to improve the bulk behaviour of ceramics. 

8.3 Reliable fracture toughness measurement – stable crack growth 

Stress intensity values for crack propagation Kp were measured in single crystal Al2O3 and SiC using 

chevron-notched microcantilevers. The stable crack growth enabled by using chevron notches allowed 

the Kp values to be measured reliably, free from the effects of FIB damage at notch tips and notch 

bluntness. 

Kp measured in vacuum, where the moisture was excluded, represented fracture toughness Kc, giving 

values of 2.8 MPa∙m1/2 for a-plane sapphire. Kp measured in air was decreased substantially by 

moisture-assisted subcritical crack growth and was close to the threshold stress intensity for SCG, K0. 

For sapphire, K0 values for a- and m-planes were close to each other, both averaged at 1.8 MPa∙m1/2. 



234 | P a g e  
 

The crack velocities were on the scale of 10-8 m/s, corresponding to the lower end of Region I of the 

SCG curve which is supposed to be heavily affected by SCG. SiC exhibited a higher Kp measured in air 

than sapphire, giving a value of 2.2 MPa∙m1/2 for its (1100) plane. 

Beyond its many consequences in measurement of intrinsic fracture toughness in laboratories, SCG 

plays an important role in many aspects of engineering design and materials performance in real life, 

because most engineering ceramics are challenged under stress corrosion conditions in their general 

use. This suggests that the measurement of K0 is more important than KC, from the practical point of 

view, for long term reliability of ceramics. The method investigated here provides an excellent method 

for the measurement of this property without the long timescales required in macroscopic tests. For 

the ceramics that are used in inert environment without moisture (such as for satellites, the 

international space station, etc.), KC becomes more important and can be measured under inert 

conditions by the same method. 

The cyclic loading test in vacuum demonstrated the reversibility of cracking upon withdrawal of 

loading, thus proving the self-healing capability of alumina at room temperature. The strength of the 

healed interfaces was found to be degraded due to an incomplete restoration of the lattice across the 

separation interface, reducing the fracture toughness of a-plane sapphire from around 2.6 MPa∙m1/2 

to below 1.6 MPa∙m1/2. The more times the interface is healed, the more the strength is degraded. 

8.4 Ion implantation damage – TEM investigation 

The microstructural damage that the conventional Ga-FIB and the state-of-the-art PFIB induced in 

Al2O3 and SiC has been investigated using TEM-based techniques, with literature results on Si and 

diamond discussed in parallel for comparison. 

Amorphous and crystalline damaged layers were observed in all the implantation cases. Ion species, 

target materials and FIB settings (i.e. voltage and dose) combined to determine the severity of 

crystallographic damage. SRIM simulation demonstrated reliable prediction of thicknesses of 
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amorphous layers, suggesting the importance of SRIM input parameters in understanding damage 

behaviour.  

In the amorphous layer created by Ga+ implantation in Al2O3, particles containing Ga-Al-O were found 

embedded in the Al2O3 matrix, and the sizes of these particles decreased with implanted ion 

concentration. No particle was, however, observed in Ga+-implanted SiC, where the amorphous layers 

were separated into two sub layers. The upper sub layer exhibited darker contrast in TEM images than 

the lower sub layer due to the higher concentration of implanted ions. Further investigation is needed 

to find out the exact chemical composition of the Ga+-amorphised SiC.  

Xe bubbles with different sizes were formed in PFIBed Al2O3. Large bubbles were only observed with 

high energy (i.e. 30 keV) because the formation of large bubbles is dominated by the concentration of 

vacancies rather than ion doses.  Low beam current was also found to encourage the formation of 

large bubbles by facilitating the bubble coalescence. These large Xe bubbles could be easily burst by 

the high energy electron beams that were used in TEM investigation. 

The FIB damage listed above may alter the physical and mechanical properties of target materials as 

well as the stress field in the material, which can lead to inaccuracy of the micromechanical test based 

on FIB techniques, such as fracture toughness measurements using FIB notched microcantilevers, 

which was the main motivation for conducting the present investigation of FIB damage. The 

microstructural observation of FIB damage is therefore linked to the investigation of FIB-induced 

residual stresses in the following chapter. 

8.5 Ion implantation damage – residual stresses 

In the present study, the FIB implantation stresses in a variety of materials with different ion species 

have been quantified as a function of ion dose, beam acceleration voltage and beam current, using 

the cantilever-bending technique. 

The formation of ion implantation residual stresses is complex, involving several competing and 

interacting mechanisms. The lattice swelling and bubble swelling mechanisms induce compressive 
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residual stresses, the thermal spike and densification mechanisms inducing tensile residual stresses, 

plasticity and bubble blistering relax the stresses. The dynamic interaction of these mechanisms 

results in different stress status at different implantation dose and beam current, with one or more 

mechanisms dominating at each stage. 

The implantation stress development process can be separated into two stages. During Stage I (low 

dose), the residual stress is compressive regardless of ion species or target material due to the 

dominating role of the lattice-swelling mechanism. Stage I ends when the damaged layer becomes 

completely amorphised. At Stage II (high dose), the implantation behaviour differs from one ion 

species/target material to another. The Ga+ implantation stress in Al2O3 and SiC remains compressive 

with increasing ion dose and plateaus at relatively low compressive stress values at steady state. The 

Ga+ implantation stress in Si transits from compressive to tensile and increases proportionally with 

increasing ion dose before reaching a steady state. The Xe+ implantation stresses in Al2O3 and SiC also 

transit from compressive to tensile with increasing ion dose, while dramatic bending was observed in 

Xe+ implanted Al2O3, with the curvature depending on the stresses already present in the target 

substrates and therefore on the thickness of the substrates. 

The implantation behaviour at Stage II is more important than Stage I for the main research purpose 

because the ion doses used for notching reasonably deep notches in the target materials of interests 

are typically within a range of 105 – 107 ion/nm2, which lies at Stage II. The fracture toughness of Al2O3 

measured using Ga-FIB requires correction for the compressive residual stress at the notched tip, 

while PFIB is not recommended for notching Al2O3 due to the dramatic behaviour upon implantation 

and significant notch bluntness. Considering blunt notches produced using PFIB, Ga-FIB seem to be a 

better choice to notch SiC and Si as well. 
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Chapter 9. Future work 

As future work, the following list can be considered to refine and extend the present study. 

9.1 Grain size distribution 

(i) The present method of the measurement of grain size distribution and development of 

representative numerical microstructure can be extended to other armour ceramics, e.g. SiC.  

(ii) In order to increase the representability of the numerical microstructure and therefore further 

improve the predictive capability of numerical models, similar methods can be extended to 

include defects in the microstructure. Defect distribution and impact behaviour characterised 

near the beginning of the project (the relevant results are available but not included in the 

present thesis, as explained in Chapter 1) can be incorporated into the development and 

validation of the numerical models. 

9.2 Strength of grain boundaries 

(i) For each inclination angle, an increased number of tests needs to be performed to provide 

statistically representative results, thus allowing the refinement of the prediction of the effect 

of normal and shear stress on the failure of grain boundaries. 

(ii) More inclination angles can be tested to refine the range of data points. It is recommended 

to polish specimens with all different angles at the same time to minimise the possibility of 

introducing a systematic bias. 

(iii) Micro-compression tests can be done on bi-crystals with inclined grain boundaries to measure 

the compressive and shear stresses at grain boundary failure. Comparing the data with the 

results from the present study can help to further investigate how compression hinders the 

effect of shear stresses. 

(iv) Tests on real grain boundaries to verify the present study on the artificial grain boundary 

would be beneficial. 
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(v) Once 𝛽2  and 𝛼  are determined, they can be implemented to enable the development of 

constitutive models that are more reliable to simulate the behaviour of grain boundaries in 

larger and more complex microstructures. Figure 9.1 shows polycrystalline cantilever 

numerical models that are generated in the present UNICAM II project (built by Dr Simone 

Falco) based on the Voronoi tessellation algorithm developed in Chapter 3. As future work, 

after inputting the grain strength data in this existing model, the numerical simulation of the 

deformation and failure of polycrystalline beams can be validated against the experimental 

measurements performed on polycrystalline alumina by Norton et al.[161]. 

 

Figure 9.1. Finite element model of the polycrystalline cantilevers developed in the UNICAM II project 

9.3 Reliable fracture toughness measurement – stable crack growth 

(i) Complete the present set of investigations on SCG by testing chevron notched microcantilever 

under water. This could be achieved by building a specially-designed water container to fit 

into the ex-situ nanoindenter, or forming a moisturised testing environment by flowing gas 

(e.g. air, inert gas, etc.) through boiling water towards the testing chamber. 

(ii) The cyclic loading test can also be conducted in air. In order to verify the existence of a 

threshold stress intensity value of SCG, K0, the stress intensity at the crack tip can be held at a 

constant K after the crack initiates during the test in air, then find out if the load carries on 

decaying or whether if it reaches a limiting value. 
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(iii) In order to enable precise fracture toughness measurements of natural grain boundaries, 

alternative configurations need to be explored due to the difficulties of applying the 

configurations of chevron-notched specimens[175, 212] and double-cantilever beam[215] directly 

to individual grain boundaries in polycrystalline materials. This is because these configurations 

require the target grain boundary to be perfectly parallel with the central axis of the 

nanoindenter tip and therefore the test can only be performed on artificial grain boundaries 

that are oriented vertically in purpose during manufacturing process. The two-dimensional 

nature of the chevron notch and naturally random orientations of grain boundaries also make 

it difficult to have the planes of the notch and the grain boundary to completely coincide with 

each other. 

Numerical simulation can be employed to evaluate the potential designs prior to experimental 

trials in order to minimise the waste of experimental resources. 

9.4 Ion implantation damage – TEM investigation 

(i) The TEM specimens that were not prepared successfully in the present study (i.e. Xe+-

implanted SiC, and Ga+-implanted Al2O3 under 30 kV at 5 pA and 1000 pA) could be re-

produced in the future work. 

(ii) The effect of bubble bursting on fast removal rate of PFIB needs to be further confirmed. 

9.5 Ion implantation damage – residual stresses 

(i) The cantilever bending technique used for measuring ion implantation stress can be applied 

to other ceramics to extend existing knowledge.  

(ii) Xe+ implantation can be conducted on Si using the PFIB, as was done on Al2O3 and SiC, to 

complete the present study. 

(iii) The effect of angle of incidence needs to be understood by varying the FIB ion beam incident 

angles during the implantation tests. 
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(iv) The dramatic behaviour of high dose Xe+ implantation in Al2O3 can be further investigated by 

taking the actions listed in 7.3.2. 

(v) Numerical modelling could be conducted to simulate the development of the implantation 

stresses and to understand what the stresses would be. 

(vi) In-situ TEM investigation of Ga+ or Xe+ implantation in ceramics can be helpful in 

demonstrating visually the damage development process with increasing ion dose. 

(vii) Implantation at constant low current for slowly increasing ion dose to rule out the effect of 

beam current and to refine the residual stress curve as a function of ion dose. 

(viii) The implantation residual stress measured in the present study may not apply to FIBed 

notches due to different geometries and ion doses. Alternative methods can be explored to 

measure the residual stress around a FIBed notch directly, such as performing HR-EBSD on 

FIBed notches to obtain strain maps. 
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Appendix A Dimensionless compliance and geometrical function 

Dimensionless compliance C' and geometrical function Y (α’) as functions of normalised crack length 

α’. 

 

Figure A.1. Dimensionless compliance C' and Geometrical function Y (α’) as a function of normalised crack length α’ for m-

axis chevron beams M1 and M3. 

 

Figure A.2. Dimensionless compliance C' and Geometrical function Y(α’) as a function of normalised crack length α’ for a-axis 

chevron beam AV3. 
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Figure A.3. Dimensionless compliance C' and Geometrical function Y(α’) as a function of normalised crack length α’ for a-axis 

sapphire beam AV6. 

 

Figure A.4. Dimensionless compliance C' and geometrical function Y(α’) as a function of normalised crack length α’ for SiC 

beam S5. 
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Appendix B High resolution SEM images of ion implanted cantilevers 

For some cantilevers, the implantation test was carried out by following one set of implantation 

procedures. For the others, the implantation on the same cantilever was seperated into multiple sets 

of procedures for different purposes of investigation. For example, Cantilever.2.2.Ga-a.Al2O3 was first 

tested under the Process #1 to study the effect of beam current, followed by Process #2 where the 

implantation ion dose was increased significantly to achieve massive removal of the target surface. 

The side view of the ion implanted cantilevers are shown as follows. 
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 Cantilever. 1.2. Ga- c.Al2O3-IV (Effect of beam current) 

FIB condition: 30 keV, 4 ion/nm2 at each current 

Process: 1 pA  2 pA  5 pA  10 pA  20 pA  50 pA 

 
【0】[Original] 

 

【1】[+ 1.0 ion/nm2 @ 30 kV, 1 pA] 

 

【2-4】[+ 3 × 1.0 ion/nm2 @ 30 kV, 1 pA] 

 

【5】[+ 1.0 ion/nm2 @ 30 kV, 2 pA] 

 

【6】[+ 3.0 ion/nm2 @ 30 kV, 2 pA] 

 

【7】[+ 4.0 ion/nm2 @ 30 kV, 5 pA] 

 

【8】[+ 4.0 ion/nm2 @ 30 kV, 10 pA] 

 

【9】[+ 4.0 ion/nm2 @ 30 kV, 20 pA] 

 

【10】[+ 4.0 ion/nm2 @ 30 kV, 50 pA]

 

Figure B.1. SEM images of the Ga+ implanted c-plane sapphire cantilever from the side view showing the curvatures. The 

beam current increased sequentially from 1 pA to 2, 5, 10, 20 and 50 pA, with the beam voltage remaining at 30 keV. 

10 µm 
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 Cantilever. 1.3. Ga-c.Al2O3-IV (Effect of beam voltage) 

FIB condition: 1 pA, 4 ion/nm2 

Process: 2 keV 5 keV  30 keV 

 

【0】[Original] 

 

【1】[+ 4 ion/nm2 @ 2 kV, 20 pA] 

 

【2】[+ 4 ion/nm2 @ 5 kV, 20 pA] 

 

【3】[+ 4 ion/nm2 @ 30 kV, 20 pA] 

 

Figure B.2. SEM images of the c-plane sapphire cantilever from the side view showing the curvatures. The beam voltage 

increased sequentially from 2 keV to 5 and 30 keV, with the beam current remaining at 1 pA. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

10 µm 
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 Cantilever. 2.1. Ga-a.Al2O3-IV (Effect of ion dose) 

FIB condition: 30 kV, 1pA 

Process: 10 × 0.1 ion/nm2  +2 × 0.5 ion/nm2  +2 × 1.0 ion/nm2 

 

【0】[Original] 

 

【1】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【2】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【3】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【4】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【5】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【6】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【7】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

【8】[+ 0.1 ion/nm2 @ 30 kV, 1 pA] 

 

10 µm 
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【9】[+ 0.1 ion/nm2 @ 30 kV, 1 pA]

 

【10】[+ 0.1 ion/nm2 @ 30 kV, 1 pA]

 

【11】[+ 0.5 ion/nm2 @ 30 kV, 1 pA]

 

【12】[+ 0.5 ion/nm2 @ 30 kV, 1 pA]

 

【13】[+ 1 ion/nm2 @ 30 kV, 1 pA]

 

【14】[+ 1 ion/nm2 @ 30 kV, 1 pA]

 

Figure B.3. SEM images of the Ga+ implanted a-plane sapphire cantilever from the side view showing the curvatures. The ion 

dose was given at sequential steps under 30 keV, 1pA. Images are separated into two pages. 
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 Cantilever. 2.2. Ga-a.Al2O3-II (Effect of beam current) 

FIB condition: 30 kV, 4 ion/nm2 

Process #1: 1 pA  2 pA  5 pA  10 pA  20 pA  50 pA 

 
【0】[Original] 

 

【1】[+ 4.0 ion/nm2 @ 30 kV, 1 pA] 

 

【2】[+ 4.0 ion/nm2 @ 30 kV, 2 pA] 

 

【3】[+ 4.0 ion/nm2 @ 30 kV, 5 pA] 

 

【4】[+ 4.0 ion/nm2 @ 30 kV, 10 pA] 

 

【5】[+ 4.0 ion/nm2 @ 30 kV, 20 pA] 

 

【6】[+ 4.0 ion/nm2 @ 30 kV, 50 pA] 

 

Figure B.4. SEM images of the Ga+ implanted a-plane sapphire cantilever from the side view showing the curvatures. The 

beam current increased sequentially from 1 pA to 2, 5, 10, 20 and 50 pA, with the beam voltage remaining at 30 keV. 

 

 

 

10 µm 
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 Cantilever. 2.3. Ga-a.Al2O3 (Effect of beam voltage) 

FIB condition: 20 pA, 4 ion/nm2 

Process: 2 keV 5 keV  30 keV 

 
【0】[Original] 

 

【1】[+ 4 ion/nm2 @ 1 kV, 20 pA] 

 

【2】[+ 4 ion/nm2 @ 2 kV, 20 pA] 

 

【3】[+ 4 ion/nm2 @ 5 kV, 20 pA] 

 

【4】[+ 4 ion/nm2 @ 30 kV, 20 pA] 

 

Figure B.5. SEM images of the a-plane sapphire cantilever from the side view showing the curvatures. The beam voltage 

increases sequentially from 2 keV to 5 and 30 keV, with the beam current remaining at 20 pA. 

 

 

 

 

 

 

 

 

 

 

10 µm 
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 Cantilever. 3.1. Ga- SiC (Effect of ion dose) 

FIB condition #1: 30 keV, 1 pA 

Process #1 [1-13]: 10 × 0.1 ion/nm2 
 +2 × 0.5 ion/nm2  +1.0 ion/nm2 

Whiskers were observed on the side walls of the trench after annealing, which is possibly due to the 

chemical changes happened in the re-deposited materials during the annealing process. No whisker 

was observed on the top surface of the cantilever, which means that the measurement of implantation 

stresses is not affected. 

【0】[Original] 

 

【13】[+10 × 0.1 + 2 × 0.5 +1 ion/nm2 @ 30 keV, 1 pA] 

 

Figure B.6. SEM images of the Ga+ implanted SiC cantilever from the side view showing the curvatures. 

Process #2 [14-18]: +3000 ion/nm2 @1000 pA  +5000 ion/nm2 @1000 pA  +3 × 5000 ion/nm2 

@4000 pA 

【14】[+ 3000 ion/nm2 @ 30 keV, 1000 pA] 

 

【15】[+ 5000 ion/nm2 @ 30 keV, 1000 pA] 

 

【16】[+ 5000 ion/nm2 @ 30 keV, 4000 pA] 

 

【17】[+ 5000 ion/nm2 @ 30 keV, 4000 pA] 

 

【18】[+ 5000 ion/nm2 @ 30 keV, 4000 pA] 

 

Figure B.7. SEM image of the SiC cantilever from the side view showing the curvature from the last step of Ga+ implantation. 
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 Cantilever. 3.2. Ga- SiC (Effect of beam current) 

FIB condition #1: 30 keV, 4 ion/nm2 

Process #1[1-6]: 1 pA  2 pA  5 pA  10 pA  20 pA  50 pA 

【0】[Original] 

 

【1】[+ 4.0 ion/nm2 @ 30 keV, 1 pA] 

 

【6】[+ 4.0 ion/nm2 @ 30 kV, 50 pA] 

 

FIB condition #2: 30 keV 

Process #2 [7-16]: +1000 ion/nm2, @120 pA  +1000 ion/nm2 @600 pA  +2000 ion/nm2 @1000 

pA  +2 × 3000 ion/nm2 @2000 pA  +5 × 4000 ion/nm2 @2000 pA 

【7】[+ 1000 ion/nm2 @ 30 kV, 120 pA] 

 

【8】[+ 1000 ion/nm2 @ 30 kV, 600 pA] 

 

【9】[+ 2000 ion/nm2 @ 30 kV, 1000 pA] 

 

【10】[+ 3000 ion/nm2 @ 30 kV, 2000 pA]

 

【11】[+ 3000 ion/nm2 @ 30 kV, 2000 pA]
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【12】[+ 4000 ion/nm2 @ 30 kV, 2000 pA]

 

【13】[+ 4000 ion/nm2 @ 30 kV, 2000 pA] 

 

【14】[+ 4000 ion/nm2 @ 30 kV, 2000 pA] 

 

【15】[+ 4000 ion/nm2 @ 30 kV, 2000 pA] 

 

【16】[+ 4000 ion/nm2 @ 30 kV, 2000 pA] 

 

Figure B.8. SEM image of the SiC cantilever from the side view showing the curvature from the last step of Ga+ implantation. 

Images are separated into two pages. 
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 Cantilever. 3.3. Ga- SiC (Effect of beam voltage) 

FIB condition #1: 20 pA, 4 ion/nm2 

Process #1 [1-3]:  2 keV  5 keV  30 keV 

【0】[Original] 

 

【1-3】[+ 4 ion/nm2 @ 2 kV + 4 ion/nm2 @ 5 kV + 4 ion/nm2 @ 30 kV, 20 pA] 

 

Figure B.9. SEM images of the SiC cantilever from the side view showing the curvatures. The beam voltage increases 

sequentially from 2 keV to 5 keV and 30 keV. 
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 Cantilever. 4.1. Ga- Si (Effect of dose & current) 

FIB condition #1: 30 kV, 1 pA 

Process #1 [1-15]: 10 × 0.1 ion/nm2  2 × 0.5 ion/nm2  3 × 1.0 ion/nm2 

 

【0】[Original] 

 

【1-15】[+10 × 0.1 ion/nm2 +2 × 0.5 ion/nm2 + 2 × 1.0 ion/nm2, @ 30 kV, 1 pA] 

 

Figure B.10. SEM images of the Si cantilever from the side view showing the curvatures. The ion dose was given at sequential 

steps under 30 keV, 1pA. 

FIB condition #2: 30 kV, 5.0 ion/nm2 

Process #2 [16-21]:(1 pA ) 2 pA  5 pA  10 pA  20 pA  50 pA  120 pA 

【16】[+5 ion/nm2 @ 30 kV, 2 pA] 

 

【17-21】[+ 5 ion/nm2 at each current, @ 30 kV, 5 pA  10 pA  20 pA  50 pA  120 pA] 

 

Figure B.11. SEM images of the Si cantilever from the side view. The beam current increases sequentially from 1 pA to 2, 5, 

10, 20, 50 and 120 pA, with the beam voltage remaining at 30 keV and the ion dose implanted at each current being the same 

(5.0 ion/nm2) 

FIB condition #3: 30 kV 

Process #3 [22-29]: +1000 ion/nm2 @ 240 pA  +1000 ion/nm2 @ 600 pA  1000 ion/nm2 @ 1000 pA 

 +4 × 2000 ion/nm2 @ 2000 pA  +1000 ion/nm2 @ 1000 pA 

【22】[+ 1000 ion/nm2 @ 30 kV, 240 pA] 

 

【23】[+ 1000 ion/nm2 @ 30 kV, 600 pA] 

 

10 µm 
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【24】[+ 1000 ion/nm2 @ 30 kV, 1000 pA] 

 

【25】[+ 2000 ion/nm2 @ 30 kV, 1000 pA] 

 

【26】[+ 2000 ion/nm2 @ 30 kV, 1000 pA]

 

【27】[+ 2000 ion/nm2 @ 30 kV, 1000 pA]

 

【28】[+ 2000 ion/nm2 @ 30 kV, 1000 pA]

 

【29】[+ 1000 ion/nm2 @ 30 kV, 1000 pA]

 

Figure B.12. SEM images of the Si cantilever from the side view. The ion dose increased by significant amount at each step. 

The cantilever bending transited from downwards to upwards. 
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 Cantilever. 5.1. Xe-C.Al2O3 (Effect of ion dose) 

FIB condition: 30 kV, 1.5pA 

Process: 7 x 0.6 ion/nm2  +3 ion/nm2 

 
【0】[Original] 

 

【1】[+ 0.6 ion/nm2 @ 30 kV, 1.5 pA] 

 

【2 - 7】[+ 6 x 0.6 ion/nm2 @ 30 kV, 1.5 pA] 

 

【8】[+ 3 ion/nm2 @ 30 kV, 1.5 pA] 

 

Figure B.13. SEM images of the side view of the c-plane Al2O3 cantilever implanted by Xe+ 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

10 µm 
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 Cantilever. 5.2. Xe-c.Al2O3 (Effect of beam voltage) 

FIB condition #1: 4 ion/ nm2, 3.8 - 5.2 pA  

Process #1 [1-4]: 5 keV  8 keV  16 keV  30 keV 

【0】[Original] 

 
【1】[+ 4 ion/ nm2 @ 5kV, 5.2 pA] 

 
【2】[+ 4 ion/ nm2 @ 8 kV, 4.8 pA] 

 
【3】[+ 4 ion/ nm2 @ 16 kV, 4.0 pA] 

 
【4】[+ 4 ion/ nm2 @ 30 kV, 3.8 pA] 

 

Figure B.14. SEM images of the side view of the c-plane Al2O3 cantilever implanted by Xe+ 

FIB condition #2: 30 kV, 1800 pA 

Process #2 [5-6]: +3000 ion/ nm2  +6000 ion/ nm2 

【5】[+ 3000 ion/ nm2 @ 30 kV, 1800 pA] 

 
【6】[+ 6000 ion/ nm2 @ 30 kV, 1800 pA] 

 

 

Figure B.15. SEM images of the c-plane Al2O3 cantilever implanted by Xe+ 

10 µm 
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 Cantilever. 6.1. Xe-a.Al2O3 (Effect of ion dose) 

FIB condition #1: 30 kV, 1.5 pA 

Process #1 [1-9]: 6 x 0.06 ion/ nm2 
 +2 x 0.6 ion/ nm2 

 +6 ion/nm2 

 

【0】[Original] 

 
【1 - 8】[+ 6 x 0.06 ion/ nm2 + 2 x 0.6 ion/ nm2] 

 
【9】[+6 ion/nm2] 

 
Figure B.16. SEM images of the a-plane Al2O3 cantilever implanted by Xe+ 

FIB condition #1: 30 kV 

Process #2 [10-14]: +300 ion/ nm2  @ 1.5 pA  +600 ion/ nm2 @ 1800 pA  +3000 ion/ nm2 @ 1800 
pA  +6000 ion/ nm2 @ 1800 pA  (+54 ion/ nm2 @ 1800 pA) 

【11】[+600 ion/nm2] 

 

【12】[+3000 ion/nm2] 

 

【13】[+6000 ion/nm2] 

 

【14】[+54 ion/nm2] 

 
Figure B.17. SEM images of the side view of the a-plane Al2O3 cantilever implanted by Xe+ with high doses at high currents 

10 µm 
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 Cantilever.7.1. Xe-SiC (Effect of ion dose) 

FIB condition #1: 30 kV, 1.5 pA 

Process #1 [1-8]: 8 × 0.6 ion/nm2 

 
【0】[Original] 

 

【1】 [+ 0.6 ion/nm2 @ 30 kV, 1.5 pA] 

 

【2 - 8】[+ 7 × 0.6 ion/nm2 @ 30 kV, 1.5 pA] 

 

Figure B.18. SEM images of the side view of the Si cantilever implanted by Xe+, showing the curvatures. The ions were 

implanted with a dose of 0.6 ion/nm2 at each step under 30 keV, 1.5 pA. 

FIB condition #2: 30 kV 

Process #2 [9-11]: +5 ion/nm2 @2.8 pA   +5 ion/nm2 @24 pA  +5 ion/nm2 @230 pA 

【9】[+ 5 ion/nm2 @ 30 kV, 2.8 pA]  

 

【10】[+ 0.5 ion/nm2 @ 30 kV, 24 pA] 

 

【11】[+ 0.5 ion/nm2 @ 30 kV, 230 pA] 

 
Figure B.19. SEM images of the side view of the SiC cantilever implanted by Xe+. The beam current increased to 2.8 pA, 24 and 

230 PA with higher dose given at each current. 

FIB condition #3: 30 kV 

Process #3 [12-19]: +600 ion/nm2+ 2400 ion/nm2 @230 pA   +3000 ion/nm2 @1800 pA  +6000 

ion/nm2 @2300 pA  +7800 ion/nm2 + 3600 ion/nm2+ 2 × 3000 ion/nm2 @6700 pA 

Following Process #2, the investigation continued with further implantation of high ion dose by 

following the procedure listed above, ending up with significant upwards bending (Figure 7.26). With 

10 µm 
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increasing ion dose, the apparent residual stress transited from compressive to tensile, and increased 

in an almost linear manner with the ion dose, ending up at +0.8 GPa. 

【12】[+ 600 ion/nm2 @ 30 kV, 230 pA] 

 

【13】[+ 2400 ion/nm2 @ 30 kV, 230 pA]: 

 

【14】[+ 3000 ion/nm2 @ 30 kV, 1800 pA]: 

 

【15】[+ 6000 ion/nm2 @ 30 kV, 2300 pA] 

 

【16】[+ 7800 ion/nm2@ 30 kV, 6700 pA] 

 

【17】[+ 3600 ion/nm2 @ 30 kV, 6700 pA] 

 

【18】[+ 3000 ion/nm2 @ 30 kV, 6700 pA] 

 

【19】[+ 3000 ion/nm2 @ 30 kV, 6700 pA] 

 
Figure B.20. SEM images of the side view of the SiC cantilever implanted by Xe+ with high doses and high currents. 
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 Cantilever. 7.2. Xe-SiC (Effect of ion dose and beam current) 

FIB condition: 30 kV 

Process: 0.6 ion/nm2@230 pA  +1 ion/nm2 @230 pA  +3 ion/nm2 @1800 pA  +6 ion/nm2 @1800 

pA  +60 ion/nm2 @1800 pA  +2400 ion/nm2 @1800 pA  +2400 ion/nm2 @6700 pA  +2 × 12000 

ion/nm2 @6700 pA 

 
【0】[Original] 

 
【1】[+ 0.6 ion/nm2 @ 30 kV, 230 pA] 

 
【2】[+ 2400 ion/nm2 @ 30 kV, 230 pA] 

 
【3】[+ 3 ion/nm2 @ 30 kV, 1800 pA] 

 
【4】[+ 6 ion/nm2 @ 30 kV, 1800 pA] 

 
【5】[+ 60 ion/nm2 @ 30 kV, 1800 pA] 

 
【6】[+ 2400 ion/nm2 @ 30 kV, 1800 pA] 

 
【7】[+ 2400 ion/nm2 @ 30 kV, 6700 pA] 

 
【8】[+ 12000 ion/nm2 @ 30 kV, 6700 pA] 

 
【9】[+ 12000 ion/nm2 @ 30 kV, 6700 pA] 

 

Figure B.21. SEM images of the side view of the SiC cantilever implanted by Xe+ 

10 µm 
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Appendix C COMSOL simulation of temperature distribution in FIBed cantilever 

The temperature distribution in a FIBed cantilever is simulated using COMSOL Multiphysics software 

by Robin Laurence. Using sapphire as the target material (thermal conductivity = 42 W·m-1·K-1, specific 

heat = 761 J·kg-1·K-1, emissivity = 0.48, density = 3980 kg·m-3, Stefan-Boltzmann constant = 5.67×10-8 

W·m-2·K-4) with empirical dimensions (length = 50 μm, width = 4 μm, thickness = 1 μm), both the heat 

conduction to the bulk through the fixed end of the cantilever and heat radiation to the ambient 

environment (293.15 K) are taken into account. The original temperature of the cantilever and the 

bulk are both set to 293.15 K. 

In the first model, a heat flux is applied constantly over the entire top surface of the cantilever. For 

the highest beam current employed in the present study, i.e. 6700 pA at 30 kV, equal to a heat flux of 

1.0×106 W·m-2, the maximum temperature in the cantilever at the steady state is only ~354 K (Figure 

C.1). 

 

Figure C.1. COMSOL simulation of temperature distribution at steady state, with constant heat flux over the entire cantilever 

top surface, credit to Robin Laurence. 

In the second model, the heat loading is applied in a different way – it is no longer uniformly 

distributed on the top surface but focuses on a single point, which heats constantly the local point 

temperature to 1500 K for 100 ps prior to cooling down (Figure C.2). 
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Figure C.2. COMSOL simulation of point heating on the top surface of the cantilever, by heating a 20 nm diameter x 20 nm 

height cylinder to 1500 K for 100 ps. (a) Heating point and the heated area around it. (b) Side view of the cantilever showing 

the heating point on the top surface.  Credit to Robin Laurence. 

The results (Figure C.3) shows that despite the high temperature at the heating point (i.e. 1500 K), the 

rest of the cantilever (more than 40 nm away from the heating point) is never heated to more than 

400 K, suggesting that the thermal spike heating is highly localised. 

 

Figure C.3. Temperature gradient as function of cooling time for recording points at the centre and edge of the heating point, 

as well as 10, 20, 30 and 40 nm away from the edge of the heating point . Credit to Robin Laurence. 
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COMSOL was also used to simulate the case where cracks formed at the root of the cantilever 

disconnected the thermal conduction towards the bulk material or microcracks formed in the 

cantilever reduced the thermal conductivity of the entire beam. The result (Figure C.4a) indicated that 

the thermal conductivity of the cantilever needs to be reduced to 3 W·m-1·K-1 to have the cantilever 

heated to above 1100 K at the free end. Alternatively, the entire cantilever was heated to above 800 

K if the local thermal conductivity at the root of the cantilever was reduced to 0.01 W·m-1·K-1 (Figure 

C.4b). 

 

Figure C.4. COMSOL simulation of temperature distribution in the cantilever that received point heating to 1500 K, with all 

the parameters apart from thermal conductivity remaining the same as applied in Figure C.2. (a) The thermal conductivity of 

the entire cantilever was reduced to 3 W·m-1·K-1. (b) The thermal conductivity of the interface between the cantilever and the 

bulk material was reduced to 0.01 W·m-1·K-1, with the thermal conductivity of the rest of the cantilever remaining at 42 W·m-

1·K-1. Credit to Robin Laurence. 

 


