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Epitaxial rare earth films and superlattices grown by molecular beam epitaxy, MBE,
can be designed to investigate theoretical predictions of the magnetic and electronic
properties of the metals. These investigations ideally require smooth epitaxial layers with
atomically flat interfaces and therefore the microstructure of selected epitaxial rare earth

systems has been characterised by a combination of techniques. These systems were grown

on a (110) niobium || (1 120) sapphire substrate. Because the crystallographic quality of the

subsequent layers is influenced by the quality of the substrate, the niobium-sapphire
interface was studied with transmission electron microscopy, TEM, and high resolution
electron microscopy, HREM, to identify uniquely the misfit dislocation network.
Conventional TEM specimen preparation techniques were inappropriate for the preparation
of metallic foils, and so appropriate specimen preparation techniques were developed.
HREM was used to characterise the strain relief mechanisms within a partially relaxed
holmium/yttrium superlattice.

Rare earth hydrides are also of interest because of the ability of some rare earths to
absorb up to three hydrogen (H) atoms per rare earth atom. Loading between RH, (R — rare
earth) and RHj; is completely reversible and the system undergoes a metal-insulator
transition. A film subjected to such H-loading is observed to switch from mirror-like to
transparent. TEM specimens of RH, (R = Ho, Y) were characterised and the structural
changes that occur during H-loading were investigated using controlled environment TEM
and a combination of scanning probe techniques. The applicability of electron diffraction for
the characterisation of structures containing hydrogen is presented. Finally single crystal
neutron diffraction techniques have been applied to epitaxial samples of HoD; to probe the

effect of the addition of extra deuterium atoms on the magnetic properties.



“For what can be known about God is plain to them,
because God has shown it to them. Ever since the creation of the world
his eternal power and divine nature, invisible though they are, have been

understood and seen through the things he has made”
Romans 1:19-20
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Chapter 1

Introduction

The magnetic properties of the rare earths have been the subject of many studies
over the last decades because they exhibit such a wide variety of magnetic properties due to
the incompletely filled 4f electron shell. A comprehensive review of the magnetic properties
of rare earth metals has been written recently by Jensen and Mackintosh [1]. Bulk magnetic
rare earths have been studied widely in an attempt to understand the underlying mechanisms
responsible for the development of a variety of ordered magnetic states and their
corresponding phase transitions. It was shown that heavy rare earth metals such as Gd, Dy,
Ho and Er exhibit indirect exchange coupling, with conduction electrons mediating the
exchange between the highly localised 4f electrons, i.e. the Ruderman-Kittel-Kasuya-Yosida
or RKKY interaction. However this is sometimes perturbed by anisotropic crystalline fields
and magnetoelastic interactions and as the competition between such interactions is
temperature dependent, the magnetic phase diagrams are quite complex.

An important advancement in the research of these materials was the synthesis of
alloys of the rare earths with the non-magnetic, but chemically related, elements of Y and
Lu, for which it was possible to study the crystal field effects in dilute alloys in which the
exchange interaction is considerably weaker than the crystal field. However it is extremely
difficult to prepare good quality bulk single crystals due to the extreme reactivity of the rare

earths and the most important advance in recent years has been the fabrication of single
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crystalline thin films and superlattices of rare earths by molecular beam epitaxy, MBE.
MBE is an inherently clean process as it uses ultra-high vacuum technology and with such a
technique it is possible to design and grow samples of any element or alloy in sequence with
different layer thicknesses to enable experimentalists to test directly the theoretical
predictions concerning the magnetic and electronic properties of the metals. As the crystal
field has a large influence on the magnetic structure of rare earths, the systems are extremely
strain sensitive, especially when combined into multilayer stacks. The lattice parameters of
the rare earths differ by a few per cent across the series, and so a typical strain within a
superlattice system is of order 1% which is sufficient to cause dramatic changes to the
magnetic phase diagram [2].

Deposition of high quality monocrystalline films requires a chemically compatible
monocrystalline substrate, and the lattice parameters of the deposited films must be within a
few percent of those of the substrate surface. The first epitaxial rare earth metal films were
grown on single crystal (110) tungsten substrates [3]. The rare earth grows with the [0001]
axis normal to the substrate surface. However, metal substrates are very difficult to prepare
as the growth surface must be prepared under ultra-high vacuum to avoid chemically
adsorbed impurities and oxidation, and the substrates themselves are often of limited
crystallographic quality.

In 1986 Kwo ef al. [4] reported the first single crystal films of yttrium and
gadolinium on an o—AlO; substrate with a single crystal niobium buffer layer inserted.
Niobium was chosen as rare earths will grow on the (110) surface of all the bcc refractory
metals (as evidenced by the first epitaxial growth of rare earth films on the refractory metal
tungsten) and niobium also prevents chemical reactions between the rare earths and the
sapphire. Because of the wide availability of high-quality semiconductor substrates there

have also been attempts to achieve heteroepitaxial growth of rare earth on lattice matched
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buffer films of semiconductors. The LaFi/GaAs (111) system was used in an attempt to
integrate rare earths into semiconductor devices [5] because if rare earths are grown directly
onto semiconductor substrates, one or more of the semiconductor elements may diffuse into
the metal. By insertion of a layer of rare earth fluoride such reactions were inhibited, and the
added possibility of lattice matching the RF; (R - rare earth) layer to the rare earth made
such substrate systems look interesting for the study of strain within superlattices. Analysis
of the free energies suggests that LaF; is very stable and the rare earths should be
thermodynamically stable in contact with LaFs;. However, experiments showed that there
was evidence for fluorine concentrated in the rare earth film. More recently CaF, substrates
have been used by Huiberts et al. [6]. The deposition of high quality epitaxial films on (111)
CaF, without a buffer layer has enabled exciting possibilities in the investigation of the
electrical resistivity and optical properties of films arising from the transparent, insulating
nature of CaF,. However, by analogy with the growth on LaF; it may be that again F
diffusion is a problem with such substrate systems, although work with these substrates is at

a relatively early stage and fluorine diffusion has not been explicitly studied.

It is the (110) Nb on (1 120) sapphire substrate system that enabled the growth of the
first high quality single-crystal metal superlattice of Nb/Ta [7] and it has since been
successfully employed as a substrate in MBE growth of rare earth [8-10] and transition
metal superlattices [11] and most recently, for epitaxial films of Laves phase intermetallic
compounds [12]. Chapters 2 and 3 introduce the crystallography of the rare earths and the

growth techniques employed and the orientation relationship of epitaxial rare earth systems
grown on a (110) Nb || (1 150) sapphire substrate system. Chapter 4 outlines the basic theory

underlying the techniques employed in the characterisation studies described in this thesis.
The aim of this thesis was the characterisation of the atomic structure of rare earth

metal thin films and superlattices, applying the technique of high resolution microscopy,
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HREM, to these systems for the first time, in order to correlate the microstructure of the
material with the observed physical properties. Hitherto the work by the group in Oxford
has employed the techniques of x-ray and neutron diffraction for structural and magnetic
characterisation of rare earth thin films and superlattices [13-16] with great success. The
application of HREM to such systems would enable for the first time a direct view of the
atomic nature of the systems, especially important in the understanding of the strain relief
mechanisms within the epitaxial films. At every interface within the superlattice, the lattice
parameters of the two materials differ and strain develops within the material which must be
relieved. Usually this strain relief is achieved either by the introduction of defects, such as
dislocations, or by roughening of the surface. Understanding the strain relief mechanisms

and their influence on the film morphology is of primary importance.

As already mentioned the (110) Nb on (1 120) sapphire substrate system is used

widely for the growth of rare earth and transition metal single crystals. For successful
studies of the magnetic properties of such systems, smooth epitaxial layers with atomically
flat interfaces are required, and inevitably the quality of the niobium layer will influence
how well the rest of the structure will grow. Thus for a complete study of the atomic
structure of rare earth thin films and superlattices it is first necessary to characterise the
substrate system on which they are grown. Chapter 5 presents a combination of reflection

high-energy electron diffraction, RHEED, HREM, and conventional transmission electron
microscopy, CTEM, studies of the (110)y, |/(1 150) ALO, interface, with the aim of

characterising the coherent regions of the interface and uniquely identifying the nature of the
misfit dislocations.

The techniques used in the transmission electron microscopy, TEM, specimen
preparation highlighted the extreme reactivity of the rare earths, as conventional TEM

specimen preparation techniques [17] have not proved successful for producing specimens
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representative of the initial bulk metal sample. TEM specimens were seen to exhibit (as seen
in typical diffraction patterns) a range of crystallographic structures including the RH; and
R,0; phases with these structures thought to form during specimen preparation. However,
Chapter 6 reports the first successful HREM study of holmium and yttrium metal thin films
and superlattices, with TEM samples representative of the metal a—phase prepared by the
use of a focused 1on beam, FIB, system.

The highly reactive nature of the rare earths, as highlighted in the TEM specimen
preparation, was well known from previous rare earth metal preparation. The problem is
exacerbated in thin films with their large ratio of surface area to volume, and a reliable
method of passivation is required [18]. Although it was not possible to passivate the TEM
specimens prepared by conventional specimen preparation techniques the specimens of RH;
were of considerable interest in their own right, due to the report in 1996 by Huiberts ef al.
[19] that rare earth metal-hydride films exhibit spectacular changes in the optical and
electrical properties as the hydrogen concentration changes. They reported that shiny,
metallic dihydride films of yttrium, lanthanum and rare earths became transparent in the
visible part of the optical spectrum upon transformation to the trihydride. This is a result of
the fact that rare earth elements are able to absorb up to 3 hydrogen atoms per metal atom,
and so during hydrogen loading there is a continuous decrease in the carrier density, which
gives rise to a metal-insulator transition in the interval between RH, and RH3. The loading is
reversible and the switching time between mirror and transparent film is of the order of a
fraction of a second for polycrystalline samples [20]. The systems are of interest both for the
practical applications of switchable mirrors, and because of the possibility of real-time
visualisation of hydrogen migration in metals [21].

Studies of the hydrogen loading and switching of epitaxial films of (0001) Y on

(110) Nb or (110) W have been reported by Wildes et al. [18], Remhof ez al. [22] and
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Hayoz et al. [23], and of (0001) Y on (111) CaF, by Nagengast et al. [6]. These studies have
shown that the single crystal nature of the films is preserved throughout the cycling between
the a, B and y phases, accommodating the changes of structure of the rare earth metal lattice
(hep (a0) - fee (B) - hep (y)). There are conflicting reports, however, about the extent of the
deterioration in crystalline perfection which occurs as a result of loading/unloading cycles.
Chapter 7 looks in detail at the structural changes which occur during hydrogen loading of
thin epitaxial films of holmium.

The presence of hydrogen leads to a range of other interesting properties. A
comprehensive review of the properties and behaviour of R-H systems has been given by
Vajda [24]. The B-phase dihydride exists over a considerable range of hydrogen
concentration. In the range RH;. the excess H atoms are effectively in solution in the RH,.«
lattice and occupy the octahedral sites (o-sites) within the unit cell. When the structures are
cooled below their mobility limits, the octahedral hydrogens atoms can form short-range
ordered (SRO) and long-range ordered (LRO) structures. At higher temperatures the RH;.
system may be considered as a lattice gas in which the excess hydrogen atoms randomly
occupy the octahedral interstices of the fcc lattice. The ordering has been observed to give
rise to anomalies in many of the physical parameters including anomalies in the thermal
behaviour of the lattice parameter [25], the eventual metal-insulator, M-I, transition that
occurs in these systems [26] and in the magnetic properties.

As part of the study of the structural changes which occur during hydrogen loading
of thin films, high resolution electron microscopy, HREM, was used as a characterisation
tool. However, as already mentioned the rare earths are extremely reactive and specimens
exhibit a range of crystallographic phases, and even after confirming the presence of such
structures as RH, and R;O; phases by their diffraction patterns there still remained

unidentified diffraction spots in the patterns. As a process of elimination of possible
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structures present in the specimens, computer simulations of the diffraction patterns from
hydrogen ordered structures were performed and the results of the simulations and a
discussion of the applicability of electron diffraction techniques in the characterisation of
hydrogen ordering in rare earths are presented in Chapter 8.

The effect of the excess hydrogen atoms on the magnetic properties of single crystal
films of HoDy.y (x=0,0.21) is investigated in Chapter 9. The decrease in conduction electron
density upon hydrogen absorption will diminish the magnetic manifestations that are
dependent on the RKKY interaction. The ordering into sublattices at low temperatures can
also change the magnetic properties dramatically by modifying the local site symmetry. For
example a rare earth atom site within the unit cell with all neighbouring octahedral sites
vacant has a very different symmetry from when one octahedral site is occupied by
hydrogen. Thus the crystal field and magnetic properties of the dihydrides can be expected

to change as the [H]/[R] value varies.
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Chapter 2

Properties of the Rare-Earth Elements

This chapter outlines the structural properties of the rare earth elements that are
considered in this thesis. Section 2.2 describes the crystallography of all the systems
investigated, with section 2.2.1 describing the rare earth metal structures and section 2.2.2

the phases within the rare earth metal — hydrogen system.

2.1 Introduction

The rare earths are the group of elements with atomic number from 58 to 71. They
are all characterised by possessing an incomplete atomic shell of 4f electrons, surrounded
by the same valence configuration of electrons, consisting of two 6s and one 5d electrons.
The 4f shell is progressively filled on moving across the group with the 4f shell empty for
La and completely filled for Lu. Y and Sc are often grouped with the rare earths, even
though they have no 4f electrons, because they have similar valence shell configurations
consisting of two s electrons and one d electron, and hence similar chemical properties. The
4f electrons remain highly localised on the atoms and have little effect on the chemical
properties of the rare earths, although they considerable affect the magnetic properties. The
"heavy" rare earths are the elements with a 4f shell that is more than half full, and the
"light" rare earths have a 4f shell that is less than half full. Holmium is thus a heavy rare

earth, and yttrium is observed to be similar to the heavy rare earths.












2. PROPERTIES OF THE RARE-EARTH ELEMENTS 14

2.2.2.3 y—phase
Most R-H systems exhibit a second phase transformation in the hydrogen

concentration range RH,—RHj3 to the hexagonal y—phase, which has P3cl symmetry [8]
[9]. The exceptions to this are the divalent lanthanides which do not form trihydrides under
normal pressure conditions, and the La-H, Ce-H and Pr-H systems which have a unit cell
that is large enough to accommodate 3 hydrogen atoms on the o-sites within the B—phase. In
the y—phase the original AB... stacking sequence is regained while the close packed planes

are pushed even further apart: the c-axis expansion (f—Y) is of order 10% for both Ho and

Y.

Structure a(A) c(A) c/a ratio

(room temperature) | (room temperature) | (c/a hop=1.633)

Y metal hcp 3.6482 5.7318 1.57
a-YHy (y=0.19) | hep 3.6636 5.7900 1.58
B-YH,.x (x=0) fcc 5.2095
v-YH;.5 (6=0) hcp 3.672 6.657 1.81
Ho metal hcp 3.5778 56178 1.57
a-HoH, (y=0.2) | hep 3.5964 5.6667 1.57
B-HoH,.x (x=0) | fcc 5.165
y-HoHj;.5 (6<0.1) | hep 3.642 6.560 1.8

Table 2.1: crystallographic data for the systems investigated in this thesis




2. PROPERTIES OF THE RARE-EARTH ELEMENTS 15

References

[1] R. W. G. Wyckoff Crystal Structures, Vol. 1, Interscience, New York, (1965).

[2] P. Vajda "Hydrogen in rare-earth metals, including RH ., phases", in Handbook on the
physics and chemistry of rare earths, Vol. 20, edited by K. A. Gschneidner Jr. and L.
Eyring, Elsevier Science, 208 (1995).

[3] F. C. Perkins and C. E. Lundin, J. Electrochem. Soc. 115, 21 (1968).

[4] D. Khatamian and F. D. Manchester, Bull. Alloy Phase Diagrams 9, 252 (1988).

[5] G. André, O. Blaschko, W. Schwarz, J. N. Daou, and P. Vajda, Phys. Rev. B 46, 8644
(1992).

[6] P. Vajda and J. N. Daou, Z. Phys. Chem. 179, 443 (1993).

[7]J. N. Daou and P. Vajda, Phys. Rev. B 45, 10907 (1992).

[8] W. Mansmann and W. E. Wallace, J. Phys. (Paris) 25, 454 (1964).

[9]1 N. F. Miron, V. L. Shcherbak, V. N. Bykov, and V. A. Levdik, Sov. Phys. Crystallog. 17,

243 (1972).



3. EPITAXIAL RARE EARTH SYSTEMS 16

Chapter 3

Epitaxial rare earth systems

This chapter discusses epitaxial rare earth systems. Section 3.1 presents the multilayer
system that is used for successful single crystal growth of rare earth superlattices, and
describes the equipment and experimental conditions necessary to achieve single crystal
growth. The crystallography and the orientation relationship of the epitaxial system is
discussed in section 3.2. Section 3.3 discusses the factors affecting the film morphology.
Firstly the thermodynamic conditions imposed on the system that determine whether or not
the system will grow in a 2-D or 3-D growth mode are considered. Secondly the relief of
strain within the system by the introduction of misfit dislocations, and simple theories to
predict the critical thickness at which it is energetically favourable for such misfit
dislocations to form are discussed. Strain relaxation above the critical thickness is also

discussed. Finally the relevance of such theories to rare earth epitaxial systems is discussed.

3.1 Growth of epitaxial rare earth systems

Advances in ultra high vacuum deposition demanded by the semiconductor industry
have also enabled the growth of metals such as the rare earths by molecular beam epitaxy,
MBE. The significant advantage of MBE over other deposition techniques is that it is
possible to obtain the source materials with significantly higher purity than sputter targets as

no processing of the source materials is required, and it is also possible to outgas the source






3. EPITAXIAL RARE EARTH SYSTEMS 18

there are six independent evaporation sources: two standard effusion cells, one high
temperature effusion cell and three electron-beam heated sources. In the effusion cell the
source material is held in a condensed phase in an inert crucible which is heated by radiation
from a resistance-heated filament. A thermocouple provides temperature control to give a
flux stability better than +1%. The cell is water cooled to isolate it thermally from its
surroundings. Effusion cells are suitable for evaporating metals with a relatively high

vapour pressure at temperatures below 1300°C to yield a growth rate of 0.1nm/s. For

materials that require evaporation temperatures in excess of 1300°C it is more practical to
provide the energy required for evaporation by bombarding the source directly with a high
energy electron beam. In the electron beam sources the material is held in a condensed
phase in a water-cooled copper hearth. The electron beam is deflected onto the material by a
combination of permanent magnets and electromagnets through a trajectory of ~270°. This
arrangement enables maximum screening of the substrate from the filament, and of the
filament from ions generated at the source. The beam is swept over the hearth during growth
to maximise the molten region and to even out the depletion region. A feedback loop
incorporating a quadrupole-flux monitor keeps the deposition rate constant throughout
growth.

The rate monitor is a quartz crystal that can be placed exactly in the substrate
position for accurate calibration of the fluxes. It measures the piezoelectric resonant
frequency of the quartz as a function of the damping that is provided by the mass deposited
on its surface. From this measurement it is possible to deduce the total thickness deposited
in a set time, and hence the flux. An ultraclean environment is essential for depositing high
purity rare earth films, therefore the typical background pressure during the rare earth
evaporation is 4x10”° mbar. This is necessary to minimise the inclusion of contaminants in

the films and also the scattering processes that would degrade the flux. The growth chamber
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3.1.2 Experimental Conditions

For this work sapphire substrates with an epitaxially polished (1 120)+0.5° surface

were used. The substrates were solvent cleaned and annealed under UHV at approximately
750°C in the growth chamber immediately prior to deposition. The Nb and Y were
evaporated from electron beam sources and the Ho was evaporated from an effusion cell.
The temperature of the substrate was normally held at 750°C for deposition of the Nb buffer
and at 500°C for the deposition of rare earth thin films. The temperature could be changed to
optimise the growth conditions: the temperature has to be chosen so as to minimise
interdiffusion of the layers but also promote surface mobility to enable good layer-by-layer
growth. The deposition rates were 0.05 nm/s.

Capping layers of either yttrium or niobium have been used on the samples,
depending on the requirements of the system. If yttrium is used then in O, or air, a thin
epitaxial yttrium oxide layer forms on the top surface which effectively inhibits further
reaction at room temperature. For hydrogen loading experiments a niobium capping layer
was used which allows H-cycling but at a slower rate than capping layers of Pd [2] or Au [3]
which facilitate fast H-cycling. The slower H-cycling rate with a niobium cap increases the

lifetime of the samples.

3.2 Crystallography of the system

3.2.1 Atomic relationships at the sapphire-niobium interface

Sapphire (0-Al,O3) belongs to the space group R3c. The Al,O; lattice consists of
alternate Al and O planes perpendicular to the [1 120] direction. The Al layers are flat, with

each third atomic position, in the [0001] direction, lying vacant, as shown in Figure 3.3(a).
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3.3 Factors affecting growth morphology

The epitaxial growth of single crystal films offers the opportunity to create synthetic
structures with novel physical and chemical properties. However, for most applications of
such structures smooth epilayers and atomically flat interfaces are required and so an
understanding of the strain relief mechanism (usually either introduction of defects such as
dislocations, or by surface roughening) and its influence on film morphology is of primary
importance. To achieve this it is necessary to find a suitable substrate system on which it is
geometrically possible for the superlattice structure to grow, i.e. such that there is only a
small lattice mismatch between substrate and deposited material. After choosing a system
that is geometrically suited for growth it is then necessary to consider both the
thermodynamic constraints upon the system, and the methods of compensating for the

mismatch between crystals.

3.3.1 Thermodynamic treatment of epitaxy

There are thermodynamic constraints upon a growing system that dictate whether or
not it will grow with good crystalline order and with flat interfaces. Near equilibrium thin
crystalline films grow by one of three mechanisms [5]. A film can grow monolayer-by-
monolayer, which is known as Frank-van der Merwe (FM) or 2-D growth. The film forms
by a sequence of stable uniform atomic layers with increasing coverage.
Thermodynamically FM growth occurs when

Ye+Yi —vs<0 (3.1)
where ¥s and yr are the surface energies of the substrate and film respectively, and y; is the
interfacial energy. In heteroepitaxy the condition for FM growth is that yf < v, and that this
inequality is large enough to satisfy equation 3.1 as in general vy; is positive and non-

negligible.
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An intermediate growth mode is described as Stranski-Krastanov growth. In this
case the film initially deposits layer-by-layer until after a certain thickness has been
deposited, sometimes as little as one monolayer, after which this is no longer possible and
3D islands are then deposited. The thermodynamic conditions for observing SK growth are

(yetyi—Ysh <0 for n<n* (3.2)
>0 for n>n*
where n is the number of monolayers deposited and n' is the thickness above which it is no
longer possible to sustain uniform layer growth. The third growth mode is Volmer-Weber
growth, where upon contact with the substrate the material immediately nucleates in 3-
dimensional islands and the substrate surface may remain partially exposed until a large
amount of material has been deposited. This is because the adatom interaction is so much
stronger than the substrate-film interaction. Thermodynamically the condition for VW

growth is

Vet —vs> 0. (3.3)

3.3.1.1 Extension of thermodynamic treatment to include strain

This treatment can be extended to a thermodynamic treatment that includes the strain
within the system; for FM growth equation 3.1 becomes [6]

Yt +¥in — Ys< O for all n (i.e. independent of thickness). (3.4)

The n-dependent strain energy (which is a function of n — the number of layers deposited)
has been absorbed into y;, . which is now the strain dependent interfacial energy. v (surface
energy of the film, now including strain) deviates from yr due to the n-dependent surface
strain. This condition is rigorously fulfilled for homoepitaxial growth where y¢ = y and yin =
0 Another ideal fulfilment of this condition is for the case of zero misfit, where the

condition becomes
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Y T Yin® —Ys<0 (3.5)
where vin” is the zero contribution to the strain energy which then depends on the specific
chemical interaction between the film and the substrate atoms and it rapidly approaches zero
within the first few monolayers. In all other cases, however, the strain energy increases with
n, and therefore v;, increases until at a given n=n the FM condition is no longer fulfilled,
and 3D crystals begin to form (SK mode).

For superlattice growth FM is desired, and it occurs only under the condition that
(1) yr< s, and
(i1) Yin1s small
Obviously condition (i) cannot be fulfilled both for the growth of B on A (in a superlattice
of layers ABAB...) and for the growth of A on B. The ideal condition can be approached for
Ya = yp and small yi,. If ya and yp differ widely then the metal with larger y will form 3D
clusters and suppress the superlattice growth. This can be overcome in part by increasing the
growth rate or decreasing the substrate temperature. This takes the system further away from
equilibrium conditions and acts to enhance the nucleation rate of the 3D crystals so that the
nucleation rate becomes so large that clusters merge into a continuous multilayer before the
desired thickness is reached.

In superlattice growth, true FM growth is not achievable and there will be a certain
roughness between the layers. However the interface energy acts to minimise the interface
area and if the experimental conditions are chosen such that rearrangements on an atomic
scale can occur during the interface formation then the interface will become smoother and
it is possible to grow superlattices of sufficient quality and thickness for x-ray and neutron

diffraction experiments.
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3.3.2 Strain and critical thickness

3.3.2.1 Coherent, semicoherent and incoherent interfaces

Even when the best geometric fit between two crystals is found, the planes will at
best only fit approximately. The mismatch can be compensated for in one of three ways. In a
coherent interface the lattice mismatch between substrate and metallic overlayer is
accommodated entirely by straining the metal layer. Such interfaces are periodic parallel to
the interface. A coherent interface is shown in Figure 3.6 (a). The other extreme is an
incoherent interface which forms between two rigidly connected lattices. There is no
periodicity parallel to the interface. An incoherent interface is shown in Figure 3.6 (c). An
interface can also be semicoherent (Figure 3.6 (b)). In a semicoherent interface musfit
dislocations separate coherent regions. The dislocations either accommodate the lattice
mismatch partially, thus leaving the film with strain, or completely, where the lattice of the
film is not strained. Figure 3.7 shows schematically how the introduction of misfit
dislocations relieves the strain in a semicoherent system. In this model the upper crystal can
be thought to have stretched in the c-direction to give a perfect fit at the interface, then
parallel edge dislocations are introduced which have the effect of reducing the strain at large
distances. The number of extra planes to be accommodated in the upper crystal is

11
p=—=— (3.6)
al az

and the dislocation spacing p = o is given by

_ alaz
p=——. (3.7)
a, —4a

The dislocations result in a distortion of the lattice perpendicular to the interface

plane. In order to understand how dislocations interact with each other and with other lattice

defects it is necessary to understand the distortion of the crystal structure around a
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3.3.2.2 Critical thickness

For MBE growth of crystals with differing lattice parameters, pseudomorphic
growth, i.e. when the growing layer is strained to match the substrate such that a perfectly
matched epilayer is formed, is possible below a critical thickness. Above this critical
thickness it is energetically favourable for some, or all, of the layer strain to be relaxed by
the introduction of misfit dislocations. There are two separate approaches to the idea of
critical thickness, a geometrical approach [7] or a consideration of the strain energy in the
layer, the strain energy of a dislocation and the mechanisms whereby misfit dislocations can
be generated [8,9]. All the models agree with experiment to within a factor of about 2 and
the key result of all models is that the critical thickness is inversely proportional to the
strain. The independent success of these models (i.e. those considering only the geometry
and those considering only the energy of the systems) implies that neither approach is
wholly correct or sufficient to predict the critical thickness. The following sections will
consider both approaches to predict the critical thickness for the rare earth systems and

consider how widely they are applicable.

3.3.2.3 Geometrical approach

Within the superlattice systems, it is the rare earth (0001) / rare earth (0001)
interfaces that are closest to the ideal model system, and so this interface is used to illustrate
the simple geometrical approach of Dunstan ef al. [7]. This approach enables the prediction
of the strain and of the thickness at which it becomes energetically favourable for misfit
dislocations to form. The interface to be considered is shown in Figure 3.8.

The substrate and the film have bulk hexagonal lattice parameters a, ¢, and ar ¢/
respectively. For the simple case of a coherent interface the strained layer will distort such
that the in-plane lattice parameters of the film become equal to those of the substrate and

there will be an out-of-plane contraction for as< a,; and an expansion for as> a,
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which when referred to the principal axes in the Cartesian system reduces to

o, 0 O
0 o, O
0 0 o,

The strain within the system, i.e. the variation of displacement u; with position Xx;

defines the tensor components

e = (ij-1,2,3) (3.8)

where e;;, e, e;; are the extensions along x;, X, and x3 and e;; is the rotation about x3
towards x; of a line element parallel to x,. The strain tensor is defined as the symmetrical
part of [e;]

g ="VYa(e;+ ) (3.9)
For homogeneous 3D strain all the e; components are constant, and referred to the principal

axes the strain is

&g 0 0
& =10 ¢ 0} (3.10)
0 0 g

for the case of bisotropic strain, i.e. the strain is isotropic in the plane of the interface, such
as is the case for the hexagonal (0001) interface, then

& = & ~ g € =&y (3.11)
From the requirement that o3 1s zero, because of the free surface, the stress-strain

relationship can be simplified,

o, 0 0 g 0 0
o,={0 o, 0, ¢=[0 g 0| (3.12)
O 0 O 0 0 ¢

Hooke’s law states that the stress at any point is linearly related to the strain

provided that the strain is very small. The stress-strain relationship is given by
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O, =C.E, (3.13)

where ¢; are the components of the stiffness tensor, and for the hexagonal case these can be

derived to be [10]

O—l /C“ ch cl3 O O gl
O-Z CIZ cll Cl3 0 0 0 82 (314)
O J¢y; €3 ¢3 0 0 0 &,
0O 0 0 ¢, 0O O 0|
0 0O 0 0 0 ¢, O 0
o) Lo 0 0 0 0 12c —c,)\0)
From this it can be seen that
O11=Ci g +Ciz &§tcCi3 &L (3.15)
O33=C13§ T C13 §|1+C33 &L (3.16)
therefore
&L= —2(c13/c33) g (3.17)
and
o, =¢/(c;, +¢, —20;" /cyy)=Me, (3.18)

where M is a 2-D Young’s modulus.
The elastic energy density, , of the layer can be expressed in terms of the stress and

strain tensors as

1 1
u:EZ o€, :—2—(0'151 +0,8,) (3.19)
1

substituting from equation 3.18;

“Me (3.21)
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The elastic energy, U, of a layer of thickness / can be written as
U =hu (3.22)

U=hMe,’. (3.23)

Thus the elastic energy depends on the square of the misfit.

The introduction of dislocations lowers the elastic strain energy as the strain is
relieved, however the dislocations possess a self-energy and for an array of dislocations
spaced a distance p apart, the energy per unit area of the interface due to the dislocations,

Eq4;s, for an isotropic medium is given by [11]:

E, = ——Gi—lln(@) (3.24)
4r(l-v) p b

where [ is a constant, v is Poisson’s ratio, G is the shear modulus and b is the magnitude of
the Burgers vector. Thus the elastic strain increases as ke°, while the energy of the
dislocations increases linearly with strain, as p is inversely proportional to the strain, as can
be seen from equation 3.7. Therefore by considering the energy of the system a simple
prediction can be made such that below the critical thickness /. the pseudomorphic layer is
dislocation free but above a certain thickness it 1s energetically favourable to introduce
dislocations to relieve the strain.

From the model of bisotropic strain it is hard to make an estimate of the critical
thickness because the strain is different in the directions parallel or perpendicular to the
plane of the interface. However, if the material is assumed to be isotropic, i.e. the strain is
equal in all directions, then a simple argument can be used to estimate the critical thickness:
for an isotropic material the strain field of a dislocation at a depth 4 from the surface must
decay laterally to zero within approximately 4, so a dislocation can only relieve strain over a
lateral distance mh where m = 1, 2. Outside this region the relaxation is zero, and inside the

average relaxation is of order &/mh. A dislocation cannot be produced when b/mh is larger



3. EPITAXIAL RARE EARTH SYSTEMS 33

than the strain in the layer. Therefore at small thicknesses the layer is prevented from

relaxing as b/mh > ¢,, where &, is the isotropic strain. The strain is able to relax when

B (3.25)
mh ‘ '

which gives a critical thickness of

h = (3.26)

if b is of the same order as the atomic separation and m=1, then the critical thickness in units

of monolayers is given by;

h o=— (3.27)

However when the production of misfit dislocations is inhibited (e.g. the common Burgers
vector and their glide directions for a given crystal system may not always be efficient at
relieving the strain at certain oriented interfaces) it can be possible to grow strained layers

much thicker than the critical thickness.

3.3.2.4 Matthews and Blakeslee theory of critical thickness

This geometrical approach is a simple calculation, only valid for the case of
bisotropic strain between two crystals. More sophisticated treatments of the case of a
monolayer on a substrate have been reported by Frank and van der Merwe [8] and this work
was extended by Matthews and Blakeslee [9] to be relevant for the case of epitaxial
multilayers. They used a method which considers the forces on dislocation lines in the

interface. Two of the most important forces are the force exerted by the strained layer on a

section of dislocation threading through it, Fgm, and the tension in the dislocation line, F;.

When

F. <2F (3.28)
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the interface is coherent, because it costs too much energy to extend the dislocation line, and
the geometry of the dislocation is shown as line (a) in Figure 3.9.

When

F. >2F (3.29)

€ max

then the dislocations can move and the strain energy will be relieved by the creation of
misfit dislocations, as shown by line (¢) in Figure 3.9. Thus the critical thickness is given by

the value of the thickness when F, ~=2F; (line (b) Figure 3.9).

The critical thickness when these two forces are balanced is shown to be [9]

o b (oveosa) g ey (3.30)
27af (1+v)cosAd b

where o is the angle between the dislocation line and its Burgers vector, A is the angle
between the slip direction and the direction in the film plane which is perpendicular to the
line of intersection of the slip plane and the interface, f is the lattice mismatch, b the

magnitude of the Burgers vector and v is the Poisson ratio.

interface
) i
Fe
> layer
growth

v

direction <4 .
[
a b C )
interface

Figure 3.9: threading dislocations in (a) coherent (b) critically thick and (b) incoherent

multilayers
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3.3.2.4 Extension of the Matthews and Blakeslee theory to account for regions

of high strain

The Matthews and Blakeslee theory breaks down at high strains (i.e small A.),
because it ignores the fact that at high strains the stress field of one dislocation will affect
the adjacent dislocation. When two dislocations are sufficiently close to one another then it
is no longer valid to regard them as isolated, and in fact the joint contribution to the total
energy of two interacting dislocations is different to that of two non-interacting dislocations.
Downes ef al. modified equation 3.30 to make it applicable for systems containing high
strains by using the model system where relaxation is assumed to occur by the introduction
of pure edge dislocations, i.e. ®=90°, and A=0° in equation 3.30. This gives an expression

for the critical thickness as [12]

3 b
° 4r(1+v)e

hc
+1

= 41] (3.31)

In

For comparison between equations 3.30 and 3.31, if a film is strained so that the lattices of
the film and substrate are at register at the interface, then ¢=f. If the misfit is shared between
dislocations and strain, then

f=&to (3.32)

where J'is the misfit accommodated by dislocations.

3.3.2.5 Relaxation above the critical thickness

Although there are several models for predicting the critical thickness, relatively
little work has been done on the way in which layers relax above the critical thickness, and
it is not clear whether the strain relaxes smoothly with increasing thickness above the
critical thickness, or discontinuously at the critical thickness. Dunstan e al. [7] have

developed a geometrical model of the plastic relaxation of strained layers, by refining the
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between dislocations can also be considered. The gaps are not of uniform width, and as the
larger gaps will tend to induce further relaxation before the narrow gaps, this will act to
smooth the steps between the thicknesses at which misfit dislocations form, shown by the
green line (i) in Figure 3.10. A further improvement to the model is to realise that outside
the dislocation core there is not in fact a physical barrier. Thus although inside the core the
relaxation is zero, outside the core the relaxation falls away exponentially over a
characteristic length of approximately d outside the dislocation region md. This discourages
the formation of other dislocations within a region of length 2md or more from the
dislocation. This does not affect the critical thickness calculation, but reduces the initial
number of dislocations by a factor of 2. So although statistically in the idealised model
three-quarters complete relaxation is expected, this refinement shows that only a third or

less of the initial strain will be relieved, as is shown by the blue line (iv) in Figure 3.10.

3.3.2.6 Relevance of the critical thickness theories to rare earth epitaxy

The initial growth in the system is the heteroepitaxial growth of niobium on
sapphire, i.e. when the difference of the chemical potential of the substrate and of the film is
due mainly to the difference in strength of the chemical bonds irrespective of the value of
the lattice misfit. It is assumed that ionic bonds dominate at the interface [13] due to the
need to establish charge neutrality at the surface. The crystal structures of the two crystals
are different, with niobium having a bcc structure and sapphire having a rhombohedral
structure. The epitaxial growth is achieved between niobium and sapphire by a geometrical
fit between particular rows of atoms in the two crystals. Such an interface is therefore
extremely complicated and the application of simple strain relief theories are likely to be of
limited use, as such models do not account for the difference in bonding or the lattice

structure of the misfit.
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The growth of rare earth on niobium is again heteroepitaxial, with the bonding of
both materials being metallic, but the lattices of the two structures are quite different (bcc
and hexagonal close packed). The strain within the niobium is not isotropic or even
bisotropic, but is different along each of the principle axes. However the first rare earth layer
(Y) is deposited as a seed layer and is grown until its thickness is sufficiently above the
critical thickness such that it has completely relaxed to its bulk lattice parameters. The
subsequent growth of the superlattice is thus unaffected by any strain remaining in the
substrate system.

The rare earth/rare earth interface is much closer to the model systems discussed as it
involves similar materials, where the lattice across the interface is single structure, the
bonding metallic and there is only a small difference in lattice parameters. The stress within

this system is bisotropic and the simple theories of Dunstan and Downes will be applicable.
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Chapter 4

Characterisation Techniques

This chapter explains the characterisation techniques used in this thesis, with the main part
of the chapter concentrating on electron diffraction techniques, as the majority of the
samples were characterised initially with both reflection high energy electron diffraction,
RHEED, and high resolution electron microscopy, HREM, techniques. Section 4.1 explains
the theory of electron diffraction, with section 4.2 using the principles of electron
diffraction to explain the techniques of high resolution electron microscopy and RHEED.
Section 4.3 explains the experimental techniques used to make specimens suitable for use in
an electron microscope. The chapter concludes with a brief discussion of other techniques
employed as part of this thesis. Section 4.4 discusses the scanning probe techniques used in
chapter 7 to study the hydrogen induced deformation of thin epitaxial films of holmium and
section 4.5 discusses the neutron scattering techniques used to study the magnetic structure

of single crystal thin films of HoD,.. as presented in chapter 9.

4.1 Electron Diffraction

4.1.1 Elastic scattering of electrons by crystals

The most simple theory assumes that electrons suffer only one scattering event as

they pass through a crystal, which is the ideal condition of kinematic scattering, and the
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situation for electrons is then analogous to x-rays which are only weakly affected by atoms
and are likely to suffer only one scattering event. In reality an electron beam interacts
strongly with a specimen, and a beam that has been diffracted once can be rediffracted by
the specimen, and so on. This is known as dynamical scattering.

Bragg's law is the most simple explanation of the observed angles by which
electrons are diffracted from a crystal. Maxima in intensity occur when the waves diffracted
by parallel planes of atoms interfere constructively. From Figure 4.1 it can be seen that this
condition is satisfied when

2dsin @ = ni (4.1)

where d is the crystal plane spacing, and n denotes fractional lattice spacings.

P 4
ent wave Scattered Wave
/v
\\\ i P

Figure 4.1 : Bragg scattering from a crystal

It is useful to use the reciprocal lattice construction to extend this simple equation,
so if we consider a real unit cell with sides a,b,c, with atomic positions defined by
r=xa+yb+zc (4.2)
then the corresponding reciprocal lattice unit cell has sides A,B,C with reciprocal lattice
vectors given by
g = hA + kB +1C (4.3)

bxc B=2r cxa axb

a.bxc a.bxc abxc

where A =27
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If we consider scattering from two atoms, as shown in Figure 4.2, where r; is the
vector connecting two lattice sites, then the condition for diffracted beams to interfere
constructively can be expressed as

ri. (k—kf)=n (4.4)
with n being an integer. This expression is satisfied for the Laue condition, such that

Ak=ki—kf=g (45)

- “Scattered Wave
o

Incident wave k
K>

4

Figure 4.2 : Diffraction of a wave through a crystal

Thus the incident and scattered waves are related to each other by a reciprocal lattice
vector g which connects the two wavevectors. This conclusion is explained graphically by
the Ewald sphere construction. For the case of elastic scattering, i.e.

il = [kd (4.6)

it 1s possible to draw a sphere from the origin, with radius |k;|, that defines all possible
diffracted beams ks From the Laue condition, it is known that only reciprocal lattice points
will give reflections, so allowed reflections occur where the Ewald sphere intersects with a
reciprocal lattice point. The intersection of the sphere with a reciprocal lattice point is

related to the incident wavevector k;by a reciprocal lattice vector g, as shown in Figure 4.3,

g

Figure 4.3: Ewald sphere construction showing relation between incident and diffracted wavevector
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4.1.2 Scattering of electrons by crystals
A perfectly periodic infinitely thick crystal would produce a set of delta-function
reciprocal lattice points. However, a TEM specimen is thin and so the reciprocal lattice
points can be considered to be extended into rods, with a distribution in scattering power
that has a sharp maximum at the reciprocal lattice point, and has a width inversely
proportional to the crystal thickness. It is also interesting to note that the radius of the

sphere is much greater than the separation of the reciprocal lattice points

Radius of sphere = 2; = 2mk =3.83x10"m" 4.7)

where A (400keV electrons) = 0.00164nm

! (4.8)

Separation of points = %z=1 9x10" m’
aO

Thus the surface of the Ewald sphere appears to be quite flat cuts through several extended

regions giving rise to a number of diffracted beams, as shown in Figure 4.4.

Figure 4.4 : Intersection of Ewald sphere with extended regions around reciprocal lattice

points
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4.1.2.1 The Structure Factor

The amount that a particle is scattered as it passes through a material is given by the

scattering cross-section do(6)/d€2. The atomic scattering factor, f(0), is related to the

differential elastic scattering cross-section by the relation

2_do(0)
TON =15 (4.9)

and is a measure of the amplitude of an electron wave scattered by an atom. | f(8)| is

proportional to the scattered intensity, where

me* (A )
f(@)= Iy (EEJ Z-1.). (4.10)

This accounts for the nuclear scattering of the electrons with the Z-term, and the electron
charge cloud scattering in the f; term. The f. values used in this work are taken from the
International Tables of Crystallography [1].
The contribution from a single atom at a position r is given by the atomic form
factor plus a phase factor that is dependent on atom position. This scattering is given by
F=£(6)e™" . (4.11)
Then summing over all atoms and utilising the Laue condition we see that the structure

factor F is given by

F=33 f,(g)e™#n (4.12)

j=li=1
where j sums over atom types, and / sums over atom positions.

This is completely general and can be applied to all crystal lattices. It is from this
basic equation that all diffraction patterns are calculated. However it is not possible to use
this equation to analyse quantitatively the intensity within a diffraction pattern to gain
structural information about a system as with x-rays, as it neither accounts for dynamical

scattering events, nor for the extension of the reciprocal lattice points due to the finite
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nature of the specimen. If we consider a perfect specimen of uniform thickness H, then the
reciprocal lattice points are elongated along the direction parallel to the foil normal. Simple

diffraction theory gives the rods a scattering power of the form

sin2(7rHsg)

(4.13)
(7s,)

where s, is the excitation error, or the distance along C between the reciprocal lattice point
and the Ewald sphere. Dynamical scattering, i.e. the fact that an electron suffers more than
one scattering event as it passes through the sample means that each spot in the diffraction
pattern acts as a new incident beam, and the positions of the new peaks can be inferred by
adding the existing diffraction pattern at these points. A very common example of this is
seen in the [110] diffraction pattern from silicon. Silicon has the diamond cubic structure,

and as such the (200) reflection is forbidden, but the (200) reflection is present in a [110]

pattern because the allowed (1 11) diffracted beam is rediffracted by the (111) plane, and as

(111) + (111) =(200), then this beam is seen due to dynamical scattering events.

4.2 Imaging of Crystals

4.2.1 Electron Microscopy

The high resolution electron microscopy, HREM, studies were performed on a
JEOL 4000EX operating at 400 keV, with a point resolution of 0.16nm. This section aims
to give an overview of the main concepts of electron microscopy. There are several
excellent texts which cover the subject in more detail and particular reference is made to the

texts by Spence [2], Buseck, Cowley and Eyring [3] and Hirsch et al. [4].
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The transfer function accounts for the fact that the image is not an exact
reproduction of the transmission function of the specimen, but is affected by lens
aberrations (distorting the relative phases) and finite apertures (cutting off waves at high
scattering angles)

According to Abbé's theory, the theoretical resolution limit for an optical

miCroscope is;

(4.14)

However this is not the case for electron microscopy as the electrons are coherent and this
relationship is only true for two incoherent sources. It is also impossible to make lenses free
from aberrations (spherical and chromatic) or astigmatism. Spherical aberration is due to a
lens being stronger at its edge, than close to its axis. Thus widely scattered rays are brought
to a focus more quickly than those close to the axis. This results in a point in the object
being imaged as a disk. Chromatic aberration is due to the variations in energy of the
electron waves reaching the image plane (this results from fluctuations in accelerating
voltage, electrons losing energy due to inelastic scattering, variations in objective lens
current altering the focal length). Thus electrons of lower energy (longer A) are focussed
before electrons which have not lost energy. Astigmatism arises because a lens field is not
perfectly symmetrical but is slightly elliptical as a result of inhomogeneities in the polepiece
material or geometry. This effect is also exacerbated by local charging, dirty apertures or
non-conducting specimens which can produce local electrostatic fields or magnetic
specimens. The overall effect is that the lens field has different strengths around its axis,
resulting in an object being imaged as a disc, or at worst a line. This must be compensated
for as accurately as possible when imaging at high resolution work, using stigmator coils

which set up equal and opposite fields to the elliptical fields producing the astigmatism.
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4.2.1.1 Weak Phase Object Approximation

Compared with x-rays or neutrons of comparable wavelengths, electrons interact
strongly with matter. For high resolution imaging it is the elastic scattering that is the most
important, and so to avoid complications in image contrast it is necessary to use specimens
of a thickness of the same order as the mean free path for elastic scattering.

Electron scattering angles are small, and thus as a first approximation we can
assume that the change in phase of the electron depends on the distribution of potential
along a straight line through the object. If such a potential is given by ¢(xyz) then a plane
wave passing through the specimen in the z-direction will undergo a phase change that is a
function of the x-y co-ordinates, and proportional to the projection of the potential in the z-
direction

#(xy) = [P(xyz)dz . (4.15)
The phase change (relative to transmission through vacuum ¢=0) is given by the product of

¢ and o, where o defines the strength of the interaction with matter and is equal to

_ 2mmel

o= e (4.16)

The effect on the plane wave exiting the crystal is seen by multiplying the incident wave

amplitude by the crystal transmission function
Ye()=%,00)q () (4.17)
where W, (x,y)is the exit wave, ¥, (x,y)is the incident wave and q is the crystal
transmission function and is equal to
q=e"" . (4.18)
Equation 4.17 is the Phase Object Approximation (POA). It assumes that the crystal is very

thin, such that inelastic scattering events are negligible, and each electron is scattered only

once during its traversal of the crystal. Inelastic scattering can scatter electrons outside the
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aperture and hence produce an effect that appears as absorption. In the absence of inelastic
scattering the crystal acts only as a phase object (POA) and affects only the phase not the
amplitude of the beam. For a very thin object we can assume that changes in ¢ are small.
This 1s the Weak Phase Object Approximation (WPOA) and we can approximate q by
q=1-iog(xy). (4.19)
The ic@(xy) term is the scattering function which gives rise to the distribution of scattered
amplitude in the back focal plane. This shows that the scattered beam is always 7/2 out of

phase with the primary beam.

4.2.2.2 Imaging of a Weak Phase Object

As equation 4.17 states, the plane wave exiting the crystal can be described:

Yo (x,y) =¥ (x,3)q(x.») (4.20)
The intensity at the exit face is given by

=¥, }=1. (4.21)
and so for a perfect microscope there is no contrast in the image. However, electron
microscopes are not perfect for the reasons already considered. The wave exiting from the
specimen is convoluted with the transfer function of the microscope, which is a function of
the defocus of the objective lens and the spherical aberration. The former effect leads to a
relative phase change between different diffracted beams and the second introduces a phase
factor dependent on spatial frequency. These lead to a multiplication of the electron wave
by

I'(u) = exp(iy(u)) (4.22)
where 7y is the phase shift of the beam. Scherzer [5] derived the following expression

between phase shift 7, diffraction angle 0, and defocus Af:
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¥ = 2—7;-(@94 ~2Af%) (4.23)

There are also two exponential damping terms resulting from defocus spread, chromatic
aberration, C, spherical aberration, C,, and beam divergence, o, which leads to a contrast

transfer function, T(u),

T(u) = exp(iy)exp “exp © (4.24)
A= f(Af, C.)
B=7(Csa)
This function varies as sin y, since cosy is 90° out of phase with the incident beam and
therefore cannot produce interference effects. The result of y is that different spacial
frequencies within a specimen will be imaged with different contrast (i.e. for sin y= +1

contrast 1s high and positive therefore scattering centres (atoms) would appear bright in the

image. For sin y = —1 contrast is high but negative and therefore atoms appear dark.
The optimum defocus is the value at which sin y is as close to —1 as possible, as this

results in the largest possible range of spatial frequencies over which no change in contrast

is introduced. This defocus is given by the Scherzer focus, Af , where

Af =-12,/C. 4. (4.25)
The Scherzer resolution is
d =066C /1% (4.26)

These values are fixed for a given microscope and are independent of the specimen. The
phase shift x , at Scherzer defocus, is shown plotted against inverse spacing in Figure 4.7
(with the damping terms ignored).

In summary, if a sufficiently thin crystalline specimen is appropriately oriented so

that the electron beam is exactly parallel to low index lattice planes (this is achieved by
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tilting the specimen whilst observing the selected area diffraction, SAD, pattern) then at
Scherzer defocus dark rows of dots may be obtained which are directly interpretable in

terms of projected atomic structure.

U (1/d)

I Fol II ] l

. . 10 1 011122 021 2 21
reciprocal lattice 00 0 011000 001 011
planes of yttrium 1 0 2 2 301 301 423 314

Figure 4.7 : Contrast transfer function for a JEOL 4000EX microscope,

operating at 400kV, with the reciprocal lattice planes of yttrium shown

4.2.2.3 Failure of the Weak Phase Object Approximation

However this simple discussion of the WPOA fails badly in many cases where
dynamical scattering effects are strong and the kinematic approach is too simplistic.
Dynamical scattering events means that a beam may be diffracted more than once when
passing through a crystal. Thus multiple scattering events continually vary the phase and
magnitude of the beam, as other beams are scattered into the beam, and the beam itself
suffers scattering events which reduce its initial intensity. This means that dynamical
scattering is very different from the single scattering case, and although the angles of
scattering are fixed thus defining the same periodicities within the crystal, the intensities are
now modified by the phase changes incurred by the multiple scattering events.

The validity of the kinematical approximation depends strongly on the crystal

orientation and on the scattering potential. The POA neglects the spreading of the wave by
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Fresnel diffraction, which is on the scale (RA)” If this spread is comparable to the
interatomic distances then the POA is poor. For light atom crystals, the approximation is
valid for very small thicknesses, however for medium-heavy weight crystals there is
evidence that channelling effects occur when the incident beam is parallel to a zone axis.
This confines the electron paths to atom rows and thus the POA may be valid for greater
thickness' (10nm for 100keV electrons).

The WPOA assumes both kinematic and POA approximations. It fails for 0.5-1nm
thickness for heavy Z materials because the kinematic approximation is no longer valid, and

for light Z materials due to the spreading of the wave by Fresnel diffraction.

4.2.2.4 Image simulations

Real specimens are almost never good approximations of a WPO. Thus the
dynamical interactions between diffracted and incident beams must also be considered. This
results in the contrast being highly dependent on specimen thickness and defocus and it is
therefore usually impossible to draw direct conclusions about the crystal structure directly
from the electron micrographs. Computer simulations of the assumed model of crystal
structure for a series of defoci and a number of thicknesses enable comparison between
simulated and experimental images to be made. If there are discrepancies between the two
then the model can be modified. In this way it 1s possible to determine the atomic model, for
example at interfaces. The software package used for this work was EMS [6]. There are
several methods to calculate the images, and the texts referenced in this section discuss the
various methods more fully. All methods are however basically equivalent, and should give
the same results when correctly applied. EMS software uses the multislice method

(explained below) as this is the most convenient form for computer calculations.
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formation of RHEED images is given here, with reference given to other texts for a more
exhaustive discussion [7-9]. Electrons are accelerated to 20 keV and are incident on the
substrate at a variable glancing angle, normally about 1°. Diffraction of the incident beam
leads to streaks normal to the shadow edge of the sample superposed on a fairly uniform
background which is a result of inelastically scattered electrons. As Figure 4.8 shows, the
geometry of the RHEED apparatus make it ideal for inclusion within the MBE chamber.

The low angle of incidence restricts the penetration of the electrons to the outermost
atomic layers, and so the interaction of the electron beam is essentially with a 2-dimensional
atomic net. In the case where the third dimension in real space is missing, the third
dimension in reciprocal space is also not defined (equations 4.3). Therefore the reciprocal
lattice construction of the surface consists of rods perpendicular to the real surface. The
radius of the Ewald sphere is much greater than the separation of the rods, as shown by the

following calculation, where;

: 2mE ]
Radius of sphere = 2/;[ = i"zn =7.22x10" m!, where A (20keV electrons) = 8.7x107* m

. 2 )
Separation of rods = % —1.9x10"° m™!
aO

where a, is the lattice parameter. Thus the rods intersect the Ewald sphere on an almost flat
surface as shown in Figure 4.9.

The type of pattern obtained is indicative of the nature of the growing surface. A
monochromatic electron beam interacting with an atomically smooth growing surface will
yield a diffraction pattern of spots located on Laue circles. However when atomic steps
limit the number of atomic rows that will scatter coherently, or the beam is not perfectly
monochromatic, then the RHEED pattern will show streaks, as both the reciprocal lattice
rods and the Ewald sphere have a finite thickness and intersect along their length. If the

surface is growing in islands, then the electrons will be diffracted in transmission through
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Ist order Laue zone reciprocal lattice rod

2nd order Laue zone

Y Ewald sphere

Figure 4.9: Ewald sphere construction explaining qualitatively the formation of streaks in the RHEED pattern.

the islands and the resulting pattern is a 3-dimensional spot pattern. A schematic diagram
illustrating how RHEED patterns formed by different surfaces is shown in Figure 4.10, with

real examples of RHEED images shown in Figure 4.11. The RHEED pattern of the
(1 150) Al,0, Surface along the [0001] ALO, azimuth is shown in Figure 4.11(a). Typical of a

high quality surface, the pattern exhibits several Kikuchi lines, which arise from the
subsequent elastic scattering in the bulk crystal of electrons which had previously been
inelastically scattered at the surface. The presence of Kikuchi lines is indicative of good
bulk crystallinity in the near surface region. A typical RHEED pattern of a growing surface
is shown in Figure 4.11(b), the streaked pattern shows that the terminating layer is not
atomically smooth, but in fact has a limited number of atomic steps on the surface. The
spacing of the streaks is inversely proportional to the spacing of the atomic rows parallel to
the direction of the beam. Thus by using the sapphire substrate as a reference calibration it
is possible to measure with this technique the d-spacing of in-plane atomic rows along

different azimuthal directions.
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As already mentioned RHEED can also be used to give real time information about
the growth morphology of the surface. This is achieved by monitoring the intensity in the
specular beam. Such a method is capable of detecting in-situ the growth rate in the case of
Frank-van der Merwe (2D) growth. This is because the reflectivity, and therefore the
intensity in the specular beam, is at a maximum when the surface is atomically smooth, and
a minimum when the surface is maximally disordered. Thus if the system is growing
monolayer-by-monolayer then the intensity in the specular beam is seen to oscillate, with
one oscillation corresponding to the deposition of a complete monolayer. It is not possible
to use RHEED to give real time information on the growth rate for SK or VW growth

modes as the oscillations in the specular beam are no longer visible.

4.3 HREM specimen preparation

This section describes the techniques used to produce samples suitable for electron
microscopy. The ideal specimen is electron transparent (i.e. the thickness is of the same
order as the mean free path for elastic scattering, typically 10s of nanometers) and

representative of the bulk sample.

4.3.1 Conventional Specimen Preparation

The method used is adapted from the method published by Newcomb [10]. It is a
general method that can be used when the interface of interest has to be cut from a bulk
sample. The specimens are prepared in cross-section so that the relevant interfaces lie
vertically in the foil. Essentially the specimen is mounted in a slotted rod, which is itself
enclosed in a supporting outer tube of diameter 3mm. Firstly the sample (dimensions 10mm
x 12mm x 1mm) is cut with a diamond saw into 4mm x 2mm x 1mm rectangles. The pieces

are then glued together with the layers facing, using M-Bond epoxy (Figure 4.12(a)). This
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and also the successful preparation of rare earth metal samples. The preparation of rare
earth metal films with conventional techniques proved impossible due to the reaction of the

rare earth metals with water (or hydrogen) to form rare earth hydrides.

4.3.2.1 The system

The FIB system operated much like a scanning electron microscope. A gallium
reservoir is in contact with a sharp tungsten needle. The Ga wets the W needle and flows to
the tip. A high extraction field is applied to pull the liquid into a sharp cone (radius 5-
10nm). Ions are emitted from the tip and accelerated down the FIB column. The ions are
used for milling, and secondary ions are detected for imaging. The system operates between
5-30keV and by varying the lens strength and aperture size, the probe current (and hence
the beam diameter) can be altered from tens of picoamps to several nanoamps

(corresponding to beam diameters of Snm - 0.5um).

4.3.2.2 Cross-sectional samples prepared by the "lift-out” technique

This technique involves no pre-FIB preparation as the bulk specimen is inserted into the
FIB system. The first stage is to locate a suitable region and then to deposit a platinum strap
(~1.5um thick) to protect the area of interest from erosion during the milling process. The
second stage is to mill staircase shaped trenches (10 x 10um, final depth 8um) from either
side, leaving a membrane ~0.5um thick. This stage employs fairly high beam currents of
3000-5000pA. The initial clean-up of the samples is done with smaller beam currents (300-
500pA), with the sample being tilted to +/-1.5° for front/back thinning to minimise the taper
in cross-section that arises because of the beam profile. Prior to final thinning the sample is
tilted to 45° and the base and one side are cut free. The sample is tilted back to the starting
position and thinned to electron transparency. The last step before cutting the remaining

side is a low energy clean (I= 80 pA, V=5 kV) to reduce the damage caused by milling. The
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Essentially a probe tip is mounted on a cantilever type spring, and this is then
lowered towards the sample. For two electrically neutral and non-magnetic bodies separated
by a distance of tens of nanometers the interaction force between them is dominated by the
van der Waals forces, and this force to a first approximation can be assumed to be

Epy (5) ~ L (4.27)

S6
where s is the separation of the bodies. The force between the sample and the tip causes the
lever to deflect (Az) according to Hooke's Law,

F=c Az (4.28)
where ¢ 1s the spring constant. These deflections are measured by a scanning tunnelling
microscope tip located within tunnelling distance of the cantilever. (In STM a bias voltage
is applied between a sharp metal tip and a conducting sample, and when the two are
separated by a small distance, ~0.1nm, a tunnelling current flows due to quantum
mechanical tunnelling before mechanical contact is made between the two materials. By
keeping the tunnelling current constant by means of a feedback loop, which to a first
approximation remain constant at constant distance from the tip, it is possible to follow the
contours of a surface, or in this case the deflections of the cantilever). A topographic image

of the sample is obtained by keeping the force on the AFM tip constant.

4.4.2 Ultrasonic Force Microscopy

An ultrasonic force microscope, UFM, [14,15] is a combination of an acoustic
microscope, which is sensitive to the elastic properties of the material, and an atomic force
microscope which is capable of nanoscale resolution imaging. In a UFM a high frequency
(~MHz) ultrasonic vibration is applied to a sample, which is then forced to indent itself

against an AFM tip. The AFM tip is held in a static position, and the contact between
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sample and tip acts as a mechanical diode, which is able to detect the amplitude-modulated

ultrasonic vibrations in the kHz frequency due to the extreme stiffness of the cantilever at

the indentation frequency. The principle of detection is shown in Figure 4.16.

F, force acting between AFM tip and surface Instant force acting on the tip

\ averaged force detected by AFM

\\‘;ﬁ \,:'L W 1 = ;f \\ﬁ _} ‘ T%kh L—F' N _ .
v J

s. tip-surface distance

Figure 4.16: Principle of non-linear detection of ultrasonic vibration in UFM

4.5 Neutron Diffraction

In a neutron scattering experiment the chemical and magnetic structure of a crystal

can be deduced by measuring the probability with which neutrons with a wave vector k; are

scattered into the state with wave vector ky, as shown in Figure 4.17. Thus the intensity of

the scattered neutrons is measured as a function of the momentum transfer, Q

Q=k,; -k, . (4.29)
As the energy of the neutrons is
h2
E=tow= k’ (4.30)
2m,
the corresponding energy transfer is given by;
I
ho=——:(@Kk," -k;) (4.31)
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Detector

Figure 4.18: The geometry of a typical scattering process

Interactions occur between the neutron and the nucleus, and also between the magnetic
dipole moment associated with the neutron and with electrons in unfilled shells. These

interactions give rise to scattering referred to as nuclear and magnetic respectively.

4.5.1 Neutron-nuclear scattering

The neutron-nucleus interaction occurs via the strong nuclear force, which may be
described by the Fermi pseudo-potential , which for a rigid array of atoms at positions R; is
given by

27h?

V(r)= [—]z b 5(r-R)). (4.32)
m /

b; is the scattering length and is a measure of the scattering strength of a particular nuclide.
To determine the scattering cross-section an average over all final states is taken, keeping
the initial state fixed, then an average over all possible initial states is taken. This is then

integrated over all final energies to find (do/d(2). This is the sum of a coherent and

incoherent term

do)_(do) (do
(EJ B (dgjinc " (dgjcoh (433)
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where

do :
_— = b_elQ.r 2. 434
(dgjcoh I,Z e (439
This scattering involves interference effects from the scattering of different nuclei and is

thus referred to as the coherent scattering term. By summing over all R; atomic positions in

a crystal

4\ eIV o s
(dg}coh_ v %:IFN(Q)I 5(Q-¢g) (4.35)

where the crystal consists of N unit cells of volume V, g is a reciprocal lattice vector, Fy the

nuclear structure factor which for / atoms in the unit cell

F(Q)=>b,,e*". (4.36)

From the delta function (do/d€2)is zero unless Q=t. Given this, and the scattering triangle

in Figure 4.17, it is possible to derive the Bragg condition for coherent elastic scattering
(equation 4.1).
For a real non-rigid lattice, the mean displacement of an atom from its equilibrium

position must be accounted for. This is achieved by the Debye-Waller factor, e 2" ¥

where 2//(Q) is the mean square displacement of the nucleus from its equilibrium position
mulitplied by Q. This has the effect of redistributing the scattered intensity away from the
Bragg positions and is significant when comparing peaks over wide temperature ranges.

The incoherent cross-section is isotropic, independent of Q and depends primarily
on the spin state of a nuclei. In the neutron scattering experiments presented in chapter 9 on
the magnetic structure of HoDs.x the incoherent scattering is a source of background
scattering to the measurement of the coherent-elastic scattering. Deuterium was used in

preference to hydrogen because it has a much smaller incoherent cross-section than

hydrogen.
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4.5.2 Magnetic neutron scattering
An appropriate form of the interaction potential is found by considering the
magnetic moment of the neutron, which is
My =Yy O (4.37)
where y is the gyromagnetic factor, u, the nuclear magneton and o the neutron spin

vector. This magnetic moment gives rise to a vector potential which interacts with the
moments on the 1ons in the solid. The intensity of scattered neutrons measured as a function

of Q is given by

1(Q=><(5,,-Q, Q,)F (QF*(Q)> (4.38)
a.p

where o and B index the Cartesian axes x,y,z, Oqp is the Kronecker delta, the <> denotes the

domain average and Qa is the ath component of the scattering vector, and F
F,=> u?f,(Q)e" (4.39)
-

where j labels the magnetic moments in the unit cell, u} is the ath component of the jth

moment, f;(Q)is the form factor for that moment, with values for the form factor given in

the International Tables for Crystallography [16], and r; is the position of that moment.

f,(Q)shows that there is an important difference between the magnetic and nuclear

scattering case, as the magnetic scattering is dependent on Q whereas for nuclear scattering
it is not. This is because the neutron-nuclear scattering length b can be considered to be
independent of Q due to the very small size of nuclear dimensions compared with the
wavelengths of the neutrons, whereas the electrons responsible for the magnetic moment

have a real spatial extent and hence the magnetic scattering function is not a delta function.

The result (3,5 — Q a Q 5) contains the important result that the neutron is only sensitive to
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the components of the moments that are perpendicular to the direction of the wave vector
transfer.
For a collinear arrangement of spins, that is all |u| are the same, this equation

simplifies to

IQ=1*1-(Q D)X, /,(Qe" (4.40)

where o; = £1.
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Chapter 5

The (110) Niobium || (1120) Sapphire Interface

This chapter presents an investigation into the microstructural properties of the
(110)\,11(1 ]EO)A,ZO} interface using the combined techniques of reflection high energy

electron diffraction, RHEED, high resolution electron microscopy, HREM, and
conventional transmission electron microscopy. Section 5.1 describes the motivation behind
the understanding of this system, and the basic crystallography of the system. Section 5.2
details the experimental techniques employed. Section 5.3 presents the results. Section 5.3.1
presents the results from in-situ RHEED experiments on the growing surface, and section
5.3.2 presents the results of electron microscope investigations of the interface, with section
5.3.1.1 discussing the coherent regions of the interface and section 5.3.2.2 discussing

incoherent regions of the interface. Section 5.4 is a brief conclusion.

5.1 Introduction

The (110) Nb on (1120) sapphire substrate system enabled the growth of the first

high quality single-crystal metal superlattice of Nb/Ta [1] and has since been successfully
employed as a substrate in MBE growth of rare earth [2-4] and transition metal superlatices
[5] and most recently, for epitaxial films of Laves phase intermetallic compounds [6].

However for successful studies of the magnetic properties of such superlattice systems
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smooth epilayers with atomically flat interfaces are required, and inevitably the quality of
the niobium layer will influence how well the rest of the structure will grow. At the
sapphire-niobium interface the lattice parameters and structures of the two materials differ
and a stress develops within the material which must be relieved. Usually this strain relief is
achieved either by the introduction of defects, such as dislocations, or by roughening of the
surface. Understanding the strain relief mechanisms and their influence on the film
morphology is therefore of primary importance.

As well as the interest in the Nb-ALO; interface because of the influence it exerts on
superlattice structures, it is also of wider interest because metal-ceramic interfaces are in
common use in many engineering materials [7], and as the interface influences device
performance, fundamental studies on model systems to correlate the relationship between
the microstructure and the properties are of significant interest. It is an excellent model
system for such studies because Nb and ALO; possess similar thermal expansion
coefficients and the thermodynamical properties of both materials are well understood.
Furthermore no reaction products form at the Nb-Al, O3 interface.

This system has been the subject of extensive study, including x-ray diffraction
analysis [8] and previous electron microscope examinations [9,10]. This chapter presents a
combination of reflection high energy electron diffraction, RHEED, high resolution electron

microscopy, HREM, and conventional transmission electron microscopy, CTEM, studies of

the (110), 1 120) al,0, interface, with the aim of characterising the coherent regions of the

interface and uniquely identifying the nature of the misfit dislocations. RHEED has been
used previously by Oderno et al. [11] to study the initial growth of niobium on sapphire. In
common with their results it was found that the niobium initially grows with a hexagonal
surface symmetry; however, this work also reports the observation of intensity oscillations

in the RHEED specular beam during the subsequent growth of bce niobium which was not
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reported by Oderno et al. Previous work by Gutekunst et al. [10] with HREM on this
interface has identified two possible consistent dislocation networks, but without the
complementary use of CTEM they were unable to distinguish uniquely the correct network.
However, detailed CTEM results on the misfit dislocations have been reported by Tricker
and Stobbs [12], and the results of both groups will be discussed in the context of the

present work.

5.1.1 Crystallography

It has been emphasised by previous authors [13,14] that the Nb/ALO; epitaxy is a

unique three-dimensional relationship between the niobium and the sapphire, and the

orientation relationships at the (110), || (1 150) al,0, Interface are such that in the plane of the
interface the 3-fold axes in the two structures are aligned, with [lil]Nb 1[0001] ., - An

untwinned Nb crystal layer forms with [lﬁ] ~b | [liOO] AlLO, » @s discussed in section 3.2.

It is worth noting that factors such as lattice mismatch and twinning mechanisms are
different for the various sapphire orientations and so the crystalline quality of the Nb can
also vary and each sapphire/niobium orientation must be considered separately. The fact that
there does exist a unique 3-dimensional relationship between the Nb and the A,O3; means
that the Nb can be regarded as an extension of the Al sub-lattice of sapphire.

Two separate approaches to the calculation of critical thickness are outlined in
section 3.3. The theory assumes that below a certain layer thickness, known as the critical
thickness (%) , the metal layer is homogeneously strained into registry with the substrate in
the interfacial plane. It can distort tetragonally in the perpendicular direction in order to
preserve the volume of the unit cell. There is an elastic strain energy associated with the
epilayer (due to the tetragonal distortion) which increases with film thickness until at the

critical thickness, h=h. it is energetically unfavourable to deposit additional layers in
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registry with the substrate and so the strain is partially relieved by the introduction of musfit
dislocations. As the film thickness increases further the dislocation density increases until
the average strain is eventually reduced to zero, and the film has relaxed to its bulk lattice
parameters. A dislocation network is required for a complete accommodation of the two-

dimensional lattice mismatch. It should be emphasised that the mismatches are large in

Nb/ALO; (1.9% and 12% respectively perpendicular and parallel to [0001], ¢, ) and this

combined with the fact that the crystal structures and bonding types of the two materials are
different limits the applicability of simple theories. Nevertheless it is of interest to estimate
the value of critical thickness in this system.

Equation 3.31, only valid for the case of a thin film on an infinitely thick substrate
with an infinitely thick cap is the most applicable theory to the case of a thin film of
niobium on sapphire. This gives the critical thickness at which it is energetically favourable

for misfit dislocations to form as

b ln£+1\ (5.1)

¢ dr(l+v)e |b

where ¢ is the strain present in the system, b the magnitude of the Burgers vector and v is

the Poisson ratio.

Equation (5.1) gives the critical thickness of the niobium layer to be approximately

4.7 nm considering the lattice mismatch perpendicular to [0001] ALo. (-e. 5=0.286 nm,
23

v=0.4 and €=0.197)

5.1.2 Geometry of the Burgers vector of misfit dislocation

In comparison to bulk dislocations where Burgers vectors may be decomposed into
an edge component and a screw component, for misfit dislocations it is more appropriate to

decompose the vector into three components, two edge components byp and b,, and a
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dislocation occurs at the interface it is necessary for the Burgers circuit to cross the interface

and thus a knowledge of the atomic structure of the interface is required.

5.2 Samples Analysed

The samples studied had a nominal thickness of niobium between 8nm and 50nm.
The substrate temperature was held at 750°C during growth and the growth rate was
0.5nm/s of Nb. To study the initial growth of the niobium on sapphire in some cases the
growth was interrupted for RHEED analysis after the deposition of 2, 4 and 6 monolayers
respectively.

Specimens suitable for viewing the interfaces both in plan view and in cross-section
were made by the techniques outlined in section 4.3. HREM has been used to identify the
atomic structure of the coherent regions of the interface. Computer simulations, using the
software package EMS [16], of a through-focal series using crystal models enabled accurate
determination of the atomic structure of the coherent regions of the interface to be made. For
the simulations geometric constructions of the two lattices have been used, as at present a
model for the relaxed structures is not available. In the models, the Nb is strained in the
interface plane according to the lattice mismatch, and the plane spacings of (110) planes are
the bulk plane spacings of the metal. The displacement field of the misfit dislocations is not
considered.

The plan view samples were characterised using TEM. The images were taken using
weak beam diffraction conditions, because it is impossible to distinguish the contrast of a

Moiré pattern and a dislocation network if the average distance between the misfit

1 . N . .
dislocations is smaller than EE’ o Where &, is the extinction distance for a particular Bragg

reflection, g [17]. In bright field conditions G110 = 26nm, and so the misfit dislocation

average spacings of 14nm and 2.5nm, as determined by equation 5.2, would not both be
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5.3.2 Electron Microscopy results

5.3.2.1 Coherent regions

HREM micrographs taken along [lil]Nb||[()()()1] ALo. are shown in Figure 5.4, and
2¥3

have been evaluated by comparison with simulated images. The models used were proposed
by Gutekunst et al. [9] who used a quantitative method to evaluate the closest match

between simulated image and micrograph. The experimental images show that the (011)xp
and (1Oi)Nb planes transfer continuously into the (121 0) a1,0, and (51 10) aj,0, planes

respectively. The model used for the simulations is shown in Figure 5.5. Unfortunately for
this interface system it is not possible to simulate the interface along another direction, and

thus build up a true 2-dimensional picture of the interface, as perpendicular to the
[liOO] ALO, | [lﬁ]Nb direction it is necessary to resolve the {222}y, planes (=0.095nm) which
is below the resolution of the microsope. The nearest low index zone axis to the
[liOO] ALO, | [liE]Nb direction is [44_101] ALO, H[lﬁ]Nb, but the latter axes are not exactly

parallel in this direction (2° rotation) and thus simulation is not possible.

A linewise spectral analysis, which is essentially a 1-dimensional Fourier transform
of the real space image applied row-by-row to give a spatially resolved spectral image [18],
was applied to the HREM images, to study the coherency relation and strain field present in
the lattices near the interface. The Fourier transform of a single atomic line forms a pair of
spots, where the separation of the spots is inversely proportional to the atomic spacing in
that row. This method gives no information about the content of unit cells or the individual
relaxation of atomic columns, but is able to detect the difference between a hexagonal Nb

surface structure, and a bec Nb surface structure. The spectral image is shown in Figure 5.6

and reveals two important things about the (110), || (1 120) al0, Interface. Firstly that for
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The interface shows regions of small misfit, or good matching, as indicated with the arrow
but with intervening areas where the misfit between the two structures is large. Initially it
seems surprising that this structure is adopted. However in the sapphire lattice the rows of
oxygen atoms are corrugated perpendicular to the [0001] direction, and it is probably this
corrugation that enables a hexagonal surface structure to be viable. The question remains as
to why the structure forms in hexagonal symmetry. It is postulated that the Nb overgrowth is
governed by Nb-O bonds at the interface, and the resulting hexagonal plane is a compromise
between the Nb trying to adopt the Al positions in the sapphire sublattice and the structure
trying to adopt a form of Nb-O bonding. The hexagonal structure has a lower mismatch
along [0001]s of only 8% between the sapphire and hexagonal niobium compared with
13.6% in the case of bee niobium. The ideal stoichiometry between the oxygen termination
plane and the niobium would be Nb,O;. However the only known Nb-oxide species are
Nb,Os, NbO, and NbO. From the observed structure it seems that it is the NbO structure that
is adopted. The structure was observed by Petrucci et al. [19] during the growth of thin film
niobium and niobium oxide on sapphire and is defined as NbO-6C and. It has a cubic
structure and lattice parameter a,=4.21A with the NaCl type atomic configuration, but the
vacancies are ordered at 000 and '22'. so that the number of formula units per unit cell,
7=3. The x-ray work of Petrucci et al. revealed the oxide to have an fcc structure which they
hypothesised was due to the fact that during growth there is a random distribution of Nb
atoms on the available lattice and vacancy sites leading to a statistical 75% occupancy of
each fcc Nb lattice site. If we assume that the observed hexagonal NbO surface structure is

in fact NbO, the epitaxy between the fcc Nb and the sapphire is defined by
(1 150) ALO, |(111),, and [0001], o, ll[ﬁO]Nb, and the corresponding fcc lattice parameter is

4.34+0.18A, which is comparable with the bulk NbO lattice parameter.









5. THE (110) N1OBIUM || (1120) SAPPHIRE INTERFACE 84

Misfit dislocations were identified both with and without stand-off, i.e. displaced
from and located at the interface. 5.10(a) shows a misfit dislocation without stand-off. The

misfit dislocation in Figure 5.10(b) has a stand-off of approximately 5 (110)np planes. The
projected Burgers vector along Z1 determined from the HREM image is %[112]. Another set
of misfit dislocations were imaged along Z2 (Figures 5.11(a) and 5.11(b)). The projected
Burgers vector was determined to be %[iﬁ] .There are two networks that are consistent with

the experimental data. Both networks consist of pure edge dislocations with the Burgers

vector parallel to the interface plane. Network A is built of misfit dislocations with
1 - 1 .= o v e | 1 - : .
b = 5[11 1]and sza[lll] , with line directions §1=§[112] and §2=§[112] respectively and is

shown in Figure 5.12(a). The line directions are not parallel to Z1 and Z2, in fact Z2 is
rotated by 19.5° from the line direction. Thus we are not imaging the dislocations edge on,
but at an angle. To image these dislocations edge on, i.e. along the <112> zone axis, the
{222} lattice planes with a plane spacing of 0.095nm would have to be resolved, and this
is below the resolution limit of the microscope. The second network, network B, is built of
1
2

misfit dislocations with b,= [lil] and Q3=%[il2] with line directions §2=%[il2] and

§3=—12—[lil] respectively, and is shown in 5.12(b).
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[~ . . , ) . .
hzg[m] . Referring to Figure 5.13(a), it can be seen that h=%[lll] is perpendicular to the line

direction of the dislocations imaged, and so we can conclude that the dislocations are mainly

edge in character. The dislocations shown in Figure 5.13(b) by similar arguments must have

1 - : : :
b= 5[11 1]. Thus the images appear to be consistent with network A.

In network A, the projected Burgers vector that is observed when viewing along Z1
can have a component that contributes to the Burgers vector that is observed when viewing

along Z2. So the Burgers vector can be split into two partials
Lim=Lmn+ Lz (5.3)
2 6 3 '

:_MD1+QM02 . (5~4)

The mismatch taken up along bup, is 1.97%, so the spacing between misfit dislocations is
p g pacing

b
dyp = =2 ~14nm . (5.5)

Thus the average spacing of these dislocations from equation (5.5) should be 14nm. The

irregular network and low density of dislocations of this type together with the residual

contrast from %<lil> make this prediction hard to verify.

The lattice mismatch parallel to the [lil]direction is 12%. This is accommodated by

misfit dislocations in the line directions &; and &. Along &, misfit dislocations occur every

14nm, so;

b
dyp =720 (5.6)
Sefr

where 5Sef/ is the amount of misfit accounted for by dislocations in this line direction. By

rearranging equation (5.6) and substituting from equation (5.5) it can be seen that;
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1211
14nm

s, ~0.6% (5.7)

Therefore, of the total 12% misfit, 11.4% must be accommodated for the misfit dislocations

in the line direction &;, and so the spacing of misfit dislocations in this direction is;

V2011
0.114

The spacing of the the misfit dislocations from b, will be a projection through an
angle 19.5°, and so the effective dislocation spacing is 2.0nm. Figure 5.13(a) shows a
spacing of 2.1nm +10%.

This interface has also been studied using CTEM by Tricker and Stobbs [12] but

they report a quite different network. Their results led to the conclusion that the dislocation

network accommodates the lattice mismatch in the [112] direction by misfit dislocations,
with the line direction rotated away from the [lil] direction by 9° toward [lﬁ] and that the

interface in the [111] direction is incoherent. Their CTEM studies also show a twist of the

Nb lattice by 0.33°, which was not observed in this work. Their results are assumed to differ
from the results reported here because of the different growth method that was used. The
samples that they studied were grown by dc magnetron sputter deposition at a temperature
of 650-840°C, and of thicknesses up to 1pm. The plan view samples were also prepared by a
different method [21]. For samples prepared under these conditions the results are quite

different.

5.4 Conclusions

In-situ RHEED experiments on the growing surface of (110) Nb on (1 150) ALO;

have revealed two unexpected results. Firstly for the (1 150) AL, || (110)y, interface prepared
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by MBE with the substrate temperature held at 750°C during growth and a growth rate of
0.5nm/s of Nb, the RHEED has shown that the initial Nb is deposited with hexagonal
symmetry, and appears to form in a NbO fcc phase for the first 2 monolayers, but as more
Nb is deposited the energy required to keep the structure in this hexagonal phase is too high,
and thus it relaxes to the bulk bce Nb structure. Secondly RHEED has shown that after
relaxation to the bcc structure then the Nb grows monolayer by monolayer for
approximately the first 20 planes of growth.

Complementary use of HREM and CTEM has uniquely identified for the first time

that the dislocation network for the semicoherent (110)y, || (1 120) Al,0, Interface consists of

pure edge dislocations, with the Burgers vectors parallel to the interface plane. The Burgers

vectors of the dislocations are Q:—;—[il 1] and g=%[111], with line directions %[ili] and

%[112] respectively. As these correspond to the Burgers vectors characteristic of bulk

niobium, it implies that the misfit dislocations do not alter the atomic structure of the

coherent regions.
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Chapter 6

Microstructural characterisation of rare earth
(R=Ho,Y) based films

Chapter 6 presents the results of high resolution electron microscopy on rare earth
(holmium, yttrium) metals and hydrides. The introduction (section 6.1) discusses previous
results of high resolution electron microscope examinations of rare earth thin films grown
by sputter deposition. There have been no reported examinations of epitaxial rare earth
metal films grown by MBE on sapphire subsirates. Section 6.2 reports the first successful
preparation technique for epitaxial rare earth metal films. Section 6.3.1 presents the results
of an investigation into such systems, examining the image contrast, the strain relief
mechanisms and the limitations on making a-phase specimens by such a method. Sections

6.3.2 and 6.3.3 present the results of electron microscopy of specimens of rare earth

hydrides.

6.1 Introduction

There has been very little electron microscopy performed on rare earth metal films,
presumably because of their extreme reactivity and the associated difficulties with

producing good specimens representative of the bulk. However some previous studies have
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been carried out. Petford-Long e al. [1] reported the results of an HREM investigation of
Gd/W multilayer films grown on [001] surface normal oxidised silicon wafers by DC
magnetron sputter deposition in a UHV vacuum system. The specimens for microscopy
were prepared by the method of Bravman and Sinclair [2] appropriate for the preparation of
TEM specimens of metal films on silicon substrates. Their results showed that the Gd layers
contained crystallites with a high degree of crystallographic texture, with the (0002) Gd
planes lying parallel to the film plane. They also observed larger crystallites within the
layers, which exhibited a face-centred cubic structure which was uniquely identified as
GdH,. The presence of fcc TbH; crystals has also been observed in electron microscopical
characterisation of Tb/Fe multilayers by Cherifi et al. [3]. Cherifi et al. also state that they
have observed a similar structure for Gd/Fe, Dy/Fe, Tm/Fe and Nd/Fe multilayers during
routine TEM examination of specimens as part of a wider study into their transport and
magnetic properties, although these results are not published. Both Petford-Long ef al. and
Cherifi et al. suggest that the crystallites form during the sputter deposition process, and
Gasgnier [4] has pointed out that rare earths are excellent getters for hydrogen and that in
rare earth films grown under high vacuum conditions (10° mbar) there is a very real
possibility of forming the dihydride, RH;. The dihydride forms by the metal reacting with
water or residual hydrogen within the chamber. This process is hard to stop except by the

efficient removal of all the water within the system.

6.2 Experimental details

The films studied in this chapter were grown by MBE, and a major advantage of
MBE growth techniques for rare earth thin films, rather than sputter deposition, is that the
source materials for MBE growth can be obtained with significantly higher purity than for

sputter deposition, as no processing (i.e. rolling and shaping) is required, the environment is
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ultra-high vacuum and it is also possible to outgas the source materials in-situ. This has
enabled the growth of single crystal a—phase metals, as determined by XRD. However, it
was observed that rare earth metal TEM specimens prepared by conventional specimen
preparation techniques were all in the B—phase suggesting that the hydrogenation of MBE
grown films was occurring during specimen preparation. Thus it was necessary to consider
the specimen preparation techniques employed. The work of Petford-Long ef al. [1] and
Cherifi et al. [3] used preparation techniques appropriate for the preparation of TEM
specimens from films grown on silicon substrates, which were different to those described
in section 4.3.1 which details the conventional specimen preparation techniques employed
in this thesis. An important difference between the preparation of specimens from films
grown on silicon and from films grown on sapphire substrates is the time it takes to prepare
a specimen. The coarse thinning and grinding stages can take a minimum of ~48 hours for
specimens from films with a sapphire substrate compared with ~12 hours for specimens
from films grown on a silicon substrate. The final thinning-to-perforation stage involves
bombarding the TEM specimen with argon ions, which sputter material from the film until it
is thin enough to be studied in the TEM. During this process the specimen is cooled to
liquid-nitrogen temperatures to prevent mixing of the layers during thinning. Ion thinning is
closely related to ion-beam deposition and so it 1s not surprising that similar effects, such as
hydride formation, could occur during TEM specimen preparation. Although the chamber of
the ion-beam thinning instrument is pumped with a turbomolecular pump, the background
pressure is typically 5x10°® mbar. Of the residual gases present in the chamber hydrogen and
water vapour will form a significant fraction. Reaction with water vapour is made more
likely by the necessity of cooling a specimen to liquid nitrogen temperature during thinning
to prevent mixing of the layers, as the water vapour will condense on the specimen surface

upon cooling. Although both TEM specimen preparation techniques involve the same
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process the time involved for the different techniques was very different. For the Gd/W
multilayers on Si substrates, using broad ion beam milling with an accelerating voltage of
6kV and current of 1mA, the time to perforation was typically of order 5-6 hours. This
contrasts with a thinning time of order 50 hours for a rare earth film grown on a sapphire
substrate. The reason for such a wide variance in thinning times is the different substrates.
Sapphire thins much more slowly than silicon, and hence the milling time is increased. It 1s
probably this difference in thinning time that enabled the preparation of metallic (in part)
Gd/W multilayers and prevented the preparation of the rare earth films on sapphire
substrates.

It has however proved possible to prepare metal specimens on sapphire substrates
with a focused ion beam (FIB) system. The background pressure in the chamber is very
similar to that of the broad ion beam chamber (~10° mbar) and so reduction of water by the
metal vapour is still possible, but the main difference, as far as the formation of the hydrides
is concerned, is the time that the process takes. The total time needed in the FIB system,
using an accelerating voltage of 30 keV and currents from 100-1000 pA, is of order 2 hours.
Other possibly significant differences are that in general FIB specimens are thicker and no
cooling is required during preparation. The short preparation times means that even though
the specimen surface may have formed the hydride, the bulk of the specimen remains in the
metal phase. This is confirmed by the observation that there seemed to be an optimum
thickness for FIB prepared specimens, in which the lattice fringes are resolvable, but the
specimens are significantly thick, with the majority of the specimens still in the metallic
state. Specimens that were thinner were observed to have formed the dihydride. Therefore a
combination of the shorter preparation times, and the ability to keep specimens above a

certain optimum thickness has enabled the observation of a.—phase holmium and yttrium.
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A 4000EX high-resolution electron microscope with a Scherzer resolution of 0.16nm
was used to study the epitaxial thin films. The specimens were tilted in the microscope to
align the [0001] direction of the sapphire substrate parallel to the electron beam. In this

orientation the interfaces between the layers will also lie parallel to the electron beam, and

can thus be viewed edge on. The (1120) crystal lattice planes in the sapphire substrate were
used as an internal calibration of magnification during subsequent analysis of the images
obtained.

To determine the crystal structure, selected area electron diffraction, SAD, patterns
were obtained from various areas of the specimens. The SAD patterns were used to
determine the crystalline phases present in the specimen. The apertures used for the selected
areas were 0.5um in diameter, and thus for the highest resolution images presented the
associated SAD patterns show the diffraction from a much larger area than shown in the

image.

6.3 Results

6.3.1 a—phase

6.3.1.1 Image contrast in the o—phase

The results of an HREM examination of a—phase rare earth films are shown in
Figure 6.1. Figure 6.1(a) shows an image of a single crystal thin film of Y and Figure 6.1(b)
an image of a single crystal thin film of Ho, both imaged along the [2110] direction in the
rare earth. Simulations of the structure of Ho and Y are shown inset in the images, and there
is a good qualitative match between simulation and image. The model used for the
simulations was of the hexagonal close-packed structure of the heavy rare earths as

discussed in section 2.2.1. As can be seen in the images of Figure 6.1, but more obviously in
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yttrium film the {0002} planes lying in the growth plane, dogp;=0.2865nm and the {0111}
planes, d . =02765nm, lying at an angle of 61.4° to the growth plane are clearly visible.
In the image of Ho the {0002} planes lying in the growth plane, dogp;=0.282nm, are visible,
but this time it is the planes at 90° to the growth plane, i.e. the {0110} planes with a plane

spacing of d . =0.31nm, that are visible in the image. The diffraction pattern from a

typical area of a—phase yttrium is shown in Figure 6.2. Diffraction patterns from a—phase

Ho are similar with different spot spacings reflecting the different lattice parameters. The
pattern is typical of an hcp metal structure viewed along the [2110] direction, confirming

that the TEM specimens are representative of the bulk, and are still in the oc—phase.

The reason that different image contrast can be observed in different specimen areas
is because the image contrast is dependent on both specimen thickness and defocus. Figures
6.3(a) and 6.3(b) show the simulation of a series of HREM images of Ho and Y respectively
with different thicknesses and defocus. The defocus series shows clearly that the images of
holmium and yttrium are different even at the same defocus and thickness. These HREM
images illustrate beautifully why image simulation is necessary as there is not always an
intuitive correlation between image and structure and the contrast can vary dramatically

with thickness and defocus.

6.3.1.2 Strain relief in a—phase

As discussed in section 3.3, knowledge of the strain relief mechanisms within
epitaxial systems is crucial for understanding the physical properties of the system. Using

the theory of Downes ef al. [5] as explained in chapter 3, equation 3.31 gives the critical

thickness as;

b

hy=—r—"— b, +1
© dr(l+v)e

b

In
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For an yttrium layer on a holmium substrate, €=0.01930, =0.36471 nm and v~0.5.
This gives a critical thickness of 4.3 nm, which is equivalent to approximately 15
monolayers. For a holmium layer on an yttrium substrate, £=0.01967, $=0.3564 nm and
v~0.5. The critical thickness of this layer is then 4.1 nm, or approximately 14.5 monolayers.

Figure 6.4(a) shows an image of a section of a Ho/Y a—phase superlattice (with the
holmium layers dark and the yttrium layers bright) and 6.4(b) shows a higher magnification
image of part of Figure 6.4(a) showing a misfit dislocation at the interface. The film was
grown as 40 monolayers of holmium , 20 monolayers of yttrium repeated 30 times.
Therefore both layers were above the calculated critical thickness implying that misfit
dislocations could indeed be present.

Figure 6.5 (a) and (b) also show typical misfit dislocations as observed in a Ho/Y

superlattice with both layers above the critical thickness. The Burgers vectors observed in
the image are Q=%[0110]. In Figure 6.5(b) an extra plane is annihilated within the Ho layer

and in Figure 6.5(a) an extra plane is inserted in the yttrium layer to relieve the strain
between Ho and Y. The in-plane lattice parameter of Ho is 1.9% smaller than that of Y It is
usually the case that the Burgers vector of a crystal is the shortest lattice vector. However, in
certain cases a dislocation can reduce its strain energy by dissociating into two partial
dislocations. This is not generally observed, as often the fault has a high energy. However in
fcc and hep stacked systems the fault has a rather small energy, and so the dislocation is able

to dissociate. From Figure 6.5 it can be concluded that for the oi—phase hcp structure of the

: : .. 1 = :
rare earth system the Burgers vector of the misfit dislocation is Q=§ <1120 > and the slip

plane is the (0001) plane. The <1120 >slip vectors are coplanar and form a network of
dislocations in the basal plane. A dislocation can dissociate into two partials leaving a fault,

which is essentially a small region of fcc stacking, lying between them.
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The effect of strain on the physical properties has been considered by different
groups, for example the Oxford group have studied Ho/Y superlattices with XRD [7,8] and
the group from Nancy have studied the magnetoelastic effects on Dy layers [9]. Both groups
conclude that the systems are free from misfit dislocations, although they do not seem to
have considered the possibility of the presence of both misfit dislocations and a residual
strain present within the system due to incomplete relief of all the strain. The results of both
groups are discussed in the light of the evidence from the HREM analysis that shows that
misfit dislocations do exist within such systems.

The work on Ho/Y superlattices carried out by the Oxford group uses XRD analysis
to extract quantitative data from longitudinal scans by fitting a model to the data. The model
included the parameters Na and N (the number of lattice planes per layer), ®a and og (the
variances in N), da and dp (the out-of-plane lattice parameters), the disorder parameter and
the interdiffusion parameter, where the subscripts A and B refer to layers A and B
respectively. They obtained an excellent fit to their data and from this fit they extracted
among the other parameters the c-lattice constants of the two layers. They have not however
published values for the in-plane lattice parameters, although scans along the [10/] direction
reveal only one set of peaks and from this they have drawn the conclusion that the interfaces
are coherent [private communication]. This is not necessarily the only conclusion that can
be drawn from the observation of the aligned peaks. Kidd et al. [10] showed using x-ray
reciprocal space mapping that for films above the critical thickness h., x-rays scatter
coherently from the perfect epitaxial layer, and incoherently from the distorted regions
around dislocations. Thus from just considering the coherent scattering from such structures
the interfaces would appear to be completely coherent, though in fact they are semicoherent.

The effects of strain on a 60 nm epitaxial dysprosium film, grown between two thick

erbium layers, have been reported by Dumesnil ef al. [9]. They reported an increase in the
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Curie temperature as the epitaxial strain increases (as measured from out-of-plane lattice
parameters). They concluded from neutron diffraction patterns taken around a (lOiO)
reflection that the in-plane lattice parameters are the same because the width of the
diffraction peak is smaller then the difference between the lattice parameters of bulk
dysprosium and erbium. The change in Curie temperature indicates that there is strain
present within the system, but it is possible that for a Dy film 60nm thick that there are
misfit dislocations present with a proportion of residual strain remaining within the system.
As the in-plane difference in lattice parameter between bulk Er and Dy is only ~1%, if
partial relaxation had occurred the separation of the (1010) reflections for the Dy and Er

would be smaller than the width of the diffraction peak, and so a scan around a

(1 OIO) reflection would indeed reveal only one peak.

6.3.1.3 Specimen thickness limit

It has been mentioned that there is a limit on the thickness of a TEM specimen that it
is possible to make of an a—phase metal, as thinner specimens take in hydrogen and form
the dihydride. The thickness at which this occurs is different for Ho and Y, as can be seen in
Figure 6.7 of a Ho/Y superlattice where the Ho layers are in the o—phase but the yttrium
layers have changed to the B-phase. To estimate the limiting thickness of the specimens at
which it is possible to prepare the a-phase, simulations were matched with both layers in a
holmium/yttrium superlattice. As adjacent layers in a superlattice in the same micrograph
should have similar thickness and defocus, by accurately matching simulations of the two
structures into the layers (using simulations of the same thickness and defocus) it was
possible to estimate the thickness of the specimen. Figure 6.8(a) shows an area of Figure 6.7
at higher magnification, and Figure 6.8(b) is an image from a different superlattice specimen

with both holmium and yttrium in the o—phase. The inset simulations in Figure
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6.8(a) were for specimens with thickness 21nm and defocus —46nm, and in Figure 6.8(b) the

simulations were for specimens of thickness 41nm and defocus —46nm. In Figure 6.8(a) the
a~phase Ho displays the same crossed {0002} and {0110} fringes as in Figure 6.1(b). The
B—phase YH, layers show an image of a face-centred cubic structure viewed along

[110]with one set of {111} planes, d;1,=0.301nm, lying parallel to the growth plane, and
another lying at 70.5° to the growth plane. In order to estimate the thickness below which
the specimens are in the RH, phase a comparison with o-phase images of Figure 6.1 is

made. Simulations of the image shown in Figure 6.1(a) suggest that the yttrium thickness is

26nm. Similarly simulations of the image shown in Figure 6.1(b) suggest that the holmium
thickness is 21nm. Over a series of specimens o-phase yttrium (holmium) has not been
observed for specimens of thickness less than 26 (21) nm. B-phase yttrium (holmium)
hydride has been observed in specimens of thickness less than or equal to 21 (16) nm. This
suggests that the thickness at which yttrium forms the dihydride is between 21-26nm, and
for holmium the thickness is 16-21nm. Comparison of the enthalpies of formation of the
B—phase dihydrides of holmium and yttrium show that they are very similar [11], and so it is
not immediately obvious as to why all the yttrium forms the dihydride before any of the

holmium undergoes the phase change.

6.3.2 p—phase

Figure 6.9(a) shows a characteristic image of HoH, and Figure 6.9(b) of YH, imaged
along the [110] direction. Figure 6.10 shows a BHoH,/BYH; superlattice. The images are all

taken from specimens that formed the hydride during specimen preparation, although

comparison with images of specimens made from films that were loaded with
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An important point to notice in the images of the dihydride are the faint Moiré
fringes at an angle of ~35° to the growth plane. Moiré patterns form by the interference of
two sets of lines with nearly common periodicities. The faint Moir¢ fringes observed on the
dihydride images result from the presence of an epitaxial sesquioxide, R,Os, on the
specimen. The sesquioxide has also been observed from XRD measurements on films that
have been hydrogenated ex-situ (shown in Figure 7.1). The formation of epitaxial R,0; as a
minor component of the hydrogenated films could be due to reaction with residual water
vapour or (less likely) oxygen during loading or preparation, or by subsequent reaction in
air. It 1s known that the ageing process of the heavy rare earth metals involves reaction with
water vapour to form the dihydride [12] and then further reaction to eventually form the
sesquioxide, which is thermodynamically by far the most stable compound (for example the
free energy of Y,0; is ~1791 kJmol™ whereas the free energy of YH; is only 181 kJmol™).
The sesquioxide belongs to the space group Ia3 (no. 206) and is body-centred cubic. The
lattice parameters are 1.0602nm and 1.0607nm for Y,03 and Ho,03 respectively. The oxide
structure is closely related to the hydride structure, with the oxide unit cell based on 8 unit
cells of fluorite RO, with essentially Y2 of the oxygen atoms, those that lie along the <111>
directions, in this network removed. Thus it is possible to consider a pseudo-fluorite R,05
unit cell with a reduced ag of 0.503nm, although it must be remembered that the oxygen
atoms in R,0; break the fcc symmetry and thus the structures are different. From this
pseudo-fluorite R;O3 unit cell it can be understood why there is a unique 3-dimensional
orientation relationship between the oxide and the hydride, such that the orientation relation

between the dihydride and the oxide is defined by the planes {111}pc||{222}bec and the
direction [ilO] fec|| [il 0] e and imaging along the [110] direction in the dihydride also images

along a <110> type direction in the oxide. Figure 6.14 shows schematically how the
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can be clearly seen in parts of the image, there are larger areas where the quality of the
crystal has clearly been affected by the cycling of hydrogen. At this stage the specimen has
the history

Ho—HoH;— HoHz;— HoH;
and is clearly different from the specimens that have only undergone the R—RH;
transformation. The contrast seen in this image is indeed characteristic of a specimen that
has been loaded with hydrogen above stoichiometric RH; ¢ and the reason for such contrast

is discussed in the next chapter.

6.4 Conclusions

The work reported in this chapter has shown that it is possible to prepare TEM
specimens from rare earth thin films by employing the appropriate specimen preparation
techniques. Conventional specimen preparation techniques, including broad ion beam
milling, were found to produce specimens that were significantly changed from the mitial
film. The highly reactive nature of the rare earths led to various reactions occurring during
specimen preparation and to the formation of the dihydride and oxide, frequently leaving no
trace of the initial a—phase metal film. It is surprising, therefore, that Petford-Long et al. [1]
have found it possible to prepare Gd by conventional methods where it has not proved
possible to prepare Ho or Y specimens. Comparison of the enthalpies of formation of the
B—phase dihydrides of these three elements are very similar [11] so the difference either lies
with the W layers that somehow act to stabilise the Gd, or in the specimen preparation
techniques employed, for which grinding, polishing and milling stages are all much longer
for films grown on sapphire rather than for films grown on silicon substrates. For the rare
earth thin films grown on a niobium/sapphire substrate system, ot—phase specimens were

prepared with a focused ion beam system. The success of this method over conventional
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specimen preparation techniques was possibly a result of the shorter preparation time (of
order 20 times less) or was due to the fact that specimens do not need to be cooled to liquid
nitrogen temperatures within the focused ion beam system, and thus any problems of water
condensation on the specimens and the associated reaction with water at the specimen
surface during milling are avoided. Even with this preparation technique it was found that
there was a limiting thickness above which it was possible to prepare o—phase specimens,

and that for thinner specimens the dihydride had formed throughout the specimen thickness

leaving no trace of the metal.

Analysis of the strain relief mechanisms present within the superlattices revealed the
1 = : : "
Burgers vector as Q=—3~ <1120 > . Further work into the strain present within the system was

excluded due to the small residual strains present (~1%) and the accuracy of d-spacing
measurements with electron microscopy (~2%) in addition to the fact that in general TEM
specimens do not have parallel sides, but are wedge shaped. This means that across the
superlattice there are a range of thicknesses, and in many specimens this was observed to be
true with thin areas exhibiting a—Ho - f—YH; layers, intermediate areas showing resolvable
crossed lattice planes with both layers being in the a—phase and often much thicker areas
showing unresolvable lattice planes. The effect of specimen thickness on the crystalline
phase meant that the specimens were not wholly representative of the bulk film and so the
strain relaxation must have been affected by the a— [ phase transformation.

The work on the various crystallographic phases within the R-H system has
confirmed the crystallographic structure and orientation of the various phases. It has also
shown that there does appear to be degradation of the crystal quality during hydrogen

cycling, as shown in the specimen prepared from a y—phase thin film. The image shows

regions of the specimen clearly in the f—phase but with large areas where the fringes are
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indistinct. There is however a characteristic contrast associated with these layers, discussed
more fully in the next chapter, and this is shown to be related to loss of structural coherence
during hydrogen cycling. The presence of Moiré fringes on the images of the dihydride led
to the discovery that an epitaxial oxide formed on the specimen surface. The presence of an

oxide of the form R;0; as a minor component of the hydrogenated specimens was also

confirmed by XRD.
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Chapter 7

Hydrogen induced deformation of epitaxial

(0001) holmium films

This chapter presents the results of investigations into the effect of loading epitaxial single
crystal Ho films grown by molecular beam epitaxy on (110) Nb||(1120)Al,0; substrates.
Section 7.1 is an introduction to the system and an explanation of why it is of interest. The
results from experiments made with XRD, AFM, UFM, SEM and TEM on three films of
HoH,, where nominally y=0,2,3 are presented in section 7.3. Section 7.4 is a discussion of

the results for this system in the context of results from related systems.

7.1 Introduction

There is considerable interest in the hydrogen loading of rare earth elements,
including holmium, because of their ability to absorb up to 3 hydrogen atoms per metal
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