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Abstract 
Atom probe tomography was used to characterise two low-Cu (< 0.04 at. %) model steels 

after exposure to long-term thermal ageing. Mn-Ni-Si-rich features were observed to form 

after as little as 20,731 hours (~ 2.4 years) of ageing.  The composition of these features 

were compared to those predicted by thermodynamic models and the similarities and 

differences are discussed. 

Main Text 
Extending the safe operational lifetime of nuclear power plants (NPPs) has very significant 

economic and environmental benefits.  Safety cases to continue NPP operation beyond 60 

years need to be founded on a thorough understanding of the developing embrittlement 

behaviour of the reactor pressure vessel (RPV) during operation.   

After it was demonstrated that RPVs were susceptible to hardening-embrittlement due to the 

formation of Cu-rich precipitates during exposure to neutron irradiation and elevated 

temperatures, the Cu content of the ferritic steel and associated welds used to manufacture 

RPVs has since been more carefully controlled.  However, numerous studies have shown 

that low-Cu RPV alloys still exhibit a detrimental increase in their hardness or ductile-to-

brittle transition temperature after exposure to neutron irradiation[1–4].  One contribution to 

this hardening embrittlement is thought to be the formation of Mn-Ni-Si-rich features that 

have been characterised using TEM[5] and APT[6]. 

Mn-Ni-Si-rich features have been observed experimentally in neutron-irradiated 

samples[1,2,6–10] and are predicted to be stable by thermodynamic modelling, albeit by 

extrapolation from higher temperatures[11,12].  Determining if these features are 

thermodynamically stable is critical for the development of accurate lifetime models, 

particularly at extended times (> 60 years), and for models used to inform post-irradiation 

annealing procedures e.g.Reference[13].  However, Mn-Ni-Si-rich features have only been 

experimentally observed in materials exposed to high fluence and the chemical compositions 

of the observed features do not directly match with the theoretical stoichiometries predicted 

by models[14].  Hence, there is still discussion as to whether these features are 

thermodynamically stable phases[12,15], which form at an enhanced rate due to the damage 

induced during irradiation, or are irradiation-induced[16,17].  Recent annealing experiments 

indicate that the features which form during irradiation are stable at temperatures of 425 

°C[18]. 
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Observation of Mn-Ni-Si-rich features formed under thermal ageing experiments conducted 

at temperatures similar to those experienced during operation would provide strong support 

for the thermodynamic stability of the features. Such experiments would also provide critical 

information on the accuracy of models which predict their formation and composition.  

However, previous studies of low-Cu RPV steels that display an increase in hardness after 

long-term thermal ageing have not reported discrete Mn-Ni-Si-rich feature formation[19], 

although one Mn-Ni-Si-rich feature was observed at a grain boundary in high-Cu alloy[20]. 

In this work, two low-Cu model RPV alloys were subjected to long-term thermal ageing and 

characterised using atom probe tomography (APT).  The compositions of these two alloys 

are provided in Table 1. The first alloy, WF, was a weld material that was thermally-aged at 

330 °C for 100,000 hours (~11.4 years).  Meanwhile, a plate alloy (I) was aged at 330 °C, 

365 °C, and 405 °C, respectively, for 20,733 hours (~2.4 years).  Both alloys were vacuum-

sealed in quartz tubes prior to thermal ageing to limit oxidation.  The compositions of these 

two alloys are provided in Table 1.  WF samples were prepared for APT analysis via 

standard two-stage electropolishing[21], using 25 % perchloric acid (60 %) in acetic acid with 

an applied voltage of 16 V for the first stage, whilst a solution of 2 % perchloric (60 %) in 2-

butoxy-ethanol was used at 8 V for the second stage.  Specimens for alloy I were fabricated 

using a dual-beam scanning electron microscope (SEM)/focused-ion-beam (FIB); standard 

procedures[22,23], including a final polish at 2 kV to limit Ga damage[24], were followed. 

Alloy Cu Si Ni Mn P Cr Mo C 

WF 0.02 1.1 1.6 1.4 0.02 0.1 0.2 0.18 

I 0.04 1.1 3.1 1.4 0.01 0.1 0.27 0.87 
Table 1: Composition (at. %) of the alloys used in this study. 

Alloy WF was analysed using a LEAP 3000 X HR system, whilst Alloy I was studied using a 

LEAP 5000 XR system.  Both alloys were analysed at 50 K, with a pulse fraction of 20 %, a 

pulse frequency of 200 kHz, and a detection rate of 0.2 %.  Reconstructions and data 

analyses were performed using IVAS 3.8.4, with the core-linkage[25] cluster search 

algorithm (a variant of the maximum separation method[26]) utilised to identify clustered 

atoms within each dataset.  Si, Cu, Ni, Mn, P were chosen as core ions for the cluster 

searches, with the 29 Da overlap between 58Fe2+ and 58Ni2+ included.  A Dmax value of 0.5 nm 

was used, with an L = E = 0.25 nm.  Nmin was selected to maximise the ratio of clusters 

detected in each dataset with respect to the number of clusters that were detected in a 

dataset in which the mass-to-charge-state ratio of each ion was randomly shuffled[27]; Nmin 

varied between 20-40 atoms.  Clusters that intersected the edge of the dataset were 

identified using the methods outlined in Ref. [28] – edge clusters were calculated as half for 

number density (Nd) calculations.  Due to the small number of detected clusters in each 

state, edge clusters were included in composition and size calculations.  Whilst this is likely 

to result in a slight underestimate of actual precipitate sizes, the impact on calculated 

compositions will be minimal since the clusters did not display a core-shell or appendage 

type structures.  The majority of the Fe in the clusters was presumed to be the result of 

artefacts in the APT data, so was not included in compositional calculations[5]. 

The APT atoms maps in Figure 1 (a) show the distribution of Ni, Mn, and Si atoms in an 

atom probe needle from alloy I after ageing at 330 °C for 20,733 hours.  A grain boundary 

can be seen within the dataset, and a Mn-Ni-Si-rich feature was observed to have formed at 

the step on the grain boundary. In total, four datasets were collected for this alloy and over 

70 % of the detected clusters had nucleated on prominent heterogeneous nucleation sites, 

such as grain boundaries and dislocations.  One dataset contained seven Mn-Ni-Si-rich 

clusters that appeared to have formed in the absence of a heterogeneous nucleation site, 
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such as a dislocation (Figure 1 (e)).  Whilst one cannot be certain that these features did not 

nucleate on a small dislocation loop or vacancy cluster, which would not necessarily be 

detected in the APT data due to limitations with the technique’s detection efficiency and 

spatial resolution, they may have formed homogeneously within the matrix.   

 

Figure 1: Atom maps for Alloy I that had been thermally aged for 20,700 hours are 330 °C. (a) the distribution of 

Fe, Mo, C, Mn, Ni, and Si atoms in one specimen.  The bounding box has dimensions of 45 nm x 45 nm x 75 nm. 
(b) Atom map showing an enlarged Mn-Ni-Si-rich precipitate (dimensions of bounding box = 7 nm x 9 nm x 7nm).  

(c) The distribution of Fe, Mn, Ni, Si atoms throughout another specimen, and (d) Distribution of Mn, Ni, and Si 
atoms in a 10 nm thick section of the dataset in (c).  The bounding box has dimensions of 60 nm x 60 nm x 80 

nm. (e) Atom map showing an enlarged Mn-Ni-Si-rich precipitate (dimensions of bounding box = 10 nm x 10 nm x 

10 nm). 

Figure 2 (a) shows APT element maps for the Fe, Mn, Ni, and Si atoms in a dataset from an 

alloy I sample that was aged for 20,700 hours at 365 °C.  Two Mn-Ni-Si-rich clusters can be 

seen to have nucleated on a linear region that is enriched in Mo and C (Figure 2 (b)), from 

which it can be inferred that nucleation has occurred on a dislocation.  All of the clusters 

detected in this condition had nucleated on dislocations.   
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Figure 2: (a) Atom maps showing the distribution of Fe. Mn, Ni, and Si atoms in Alloy I that had been thermally 
aged for 20,700 hours are 365 °C.  The bounding box has dimensions of 40 nm x 40 nm x 90 nm.  (b)  An iso-

surface for 1 at. % MoC is displayed to indicate the location of the dislocation. The bounding box has dimensions 
of 10 nm x 10 nm x 31 nm. 

Clustering was also observed in the alloy I samples that had been aged at 405 °C for 20,700 

hours.  Similar to the 365 °C samples, all of the clusters detected in this condition were 

observed to have heterogeneously nucleated on dislocations.  Figure 3 shows one of the 

datasets that contained a Mn-Ni-Si-rich cluster, alongside a region that is enriched in Mo and 

C. 

 

Figure 3: Atom maps showing the distribution of Fe, Mo, C, Mn, Ni, and Si atoms in Alloy I that had been 

thermally aged for 20,700 hours are 405 °C.  The bounding box has dimensions of 45 nm x 45 nm x 40 nm. 

Figure 4 (a) shows atom maps for the WF sample that was aged at 330 °C for 100,000 

hours.  The segregation behaviour of Mo and C to a planar feature, with local areas more 

enriched in Mo and C, indicates the presence of a low-angle grain boundary.  Mn-Ni-Si-rich 

precipitates were observed to have formed on this feature (Figure 4 (b)). 
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Figure 4: (a) Atom maps showing the distribution of Fe, Mo, C, Mn, and Ni, atoms in Alloy WF that had been 
thermally aged for 100,000 hours are 330 °C.  The bounding box has dimensions of 50 nm x 50 nm x 230 nm.  

(b) Atom map displaying the Mn, Ni, Si distribution in the region-of-interest outlined in (a) (The bounding box has 

dimensions of 15 nm x 46 nm x 86 nm). 

This observation of Mn-Ni-Si-rich features at 330 °C, 365 °C, and 405 °C, is indicative of the 

thermodynamic stability of Mn, Ni, and Si solute clusters at this temperature.  Since the 

majority of solute clustering was detected on heterogeneous nucleation sites in all four cases 

above, the reported cluster volume fractions and number densities are unlikely to accurately 

represent the values throughout the materials; therefore, counting errors are not presented 

for these parameters.  However, they are provided for reference in Table 2.   

Within alloy I, cluster size was observed to increase with ageing temperature.  This is likely 

due to the increased diffusion distance of solute ions in a given time at elevated 

temperatures.  Indeed, the clusters in the 405 °C samples all intersected the edge of the 

analysed volume, so the reported size is a lower bound. 

Alloy 

Ageing 

Temperature 
(°C) 

Ageing 

Time 
(h) 

Nd 
(x1022/m3) 

Volume 

Fraction  
(%) 

Average 

Diameter 

(nm) 

I 330 20,700 10.1 0.05 1.5 ± 0.2 

I 365 20,700 2.2 0.12 3.6 ± 0.6 

I 405 20,700 4.8 0.24 3.8 ± 0.8 

WF 330 100,000 4.9 0.07 2.9 ± 0.6 
Table 2: Cluster statistics for each alloy and condition.  N.B. Since the majority of clusters were observed to have 
nucleated on heterogeneous nucleation sites, Nd and Vf measurements are unlikely to accurately reflect the true 
global values within the material. 

The mean composition of the clusters (not including clusters that had nucleated on carbide-

matrix interfaces) is displayed in Table 3 and the mean ratio of Mn:Ni:Si in the clusters 

detected in each condition is shown on a Gibbs triangle in Figure 5.  The clusters in Alloy I 

appear to comprise of mostly Ni, with the ratio of Mn:Si increasing as ageing temperature 

increases.  Meanwhile, the clusters in alloy WF comprise of approximately equal parts of Ni 

and Mn.   
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Xiong et al. used thermodynamic models to predict stable compositions for Mn-Ni-Si-rich 

precipitates[12].  The clusters in alloy I after 20,700 hours of ageing at 330 °C and 365 °C 

are similar to the predicted T3 (Mn6Ni16Si7) phase composition (Figure 5), whilst the clusters 

in the 405 °C sample are closer to the predicted T6 composition range (Mn33.3Ni46Si20.7 – 

Mn33.3Ni54Si12.7).  However, the composition of the clusters in all conditions are offset from 

those predicted; this may be because the experimental temperatures are far from that used 

in the simulations (277 °C) to calculate the predicted phase compositions.  The features 

observed in WF have a similar stoichiometry (Mn8Ni9Si2) to that of the B2 phase[12,15].  

Alloy 
Ageing 

Temperature 
(°C) 

Ni Mn Si Cu P Other 

I 330 58.4 ± 1.5 16.9 ± 1.9 22.0 ± 1.0 1.8 ± 0.3 0.3 ± 0.1 0.6 ± 0.2 

I 365 51.8 ± 1.4 22.8 ± 2.8 21.6 ± 1.7 1.7 ± 0.2 0.9 ± 0.1 1.3 ± 0.1 

I 405 54.4 ± 2.5 29.2 ± 3.0 12.7 ± 1.3 2.9 ± 0.6 0.0 ± 0.0 0.7 ± 0.4 

WF 330 44.5 ± 1.9 40.2 ± 1.7 12.3 ± 1.0 1.8 ± 0.5 0.8 ± 0.4 0.3 ± 0.1 
Table 3: Mean composition (at. %) of clusters detected in each sample. 

 

Figure 5: Gibbs triangle showing the mean ratio of Mn:Ni:Si in the clusters detected in each sample in this study.  
Error bars show the standard error of the measurements.  The composition of the T3 phase and composition 

range of T6 predicted by Xiong et al.[12] are also shown. 

There was a distinct difference between the compositions of the clusters that formed in each 

alloy.  Comparing the composition of the clusters detected in alloy I at 330 °C with those 

detected in alloy WF at the same temperature, it can be seen that the clusters in alloy I 

contained more Ni and Si than the clusters in WF.  This difference is also reflected in the 

compositions of the two alloys, indicating that cluster composition is a function of bulk 

composition. 

The vast majority of the Mn-Ni-Si-rich precipitates in this study were observed to have 

formed on heterogeneous nucleation sites; with homogeneously nucleated precipitates 

possibly being detected in the matrix of alloy I at 330 °C.  This indicates that the kinetics of 

nucleation is lower in the matrix, possibly as result of the diffusion rates of Mn, Ni, and Si 

being much slower in the matrix than in the proximity of heterogeneous nucleation sites. 
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The diffusion distances of Cu, Ni, Mn, and Si, respectively, in α-Fe at 330 °C were estimated 

using the equations in Reference [29]: 

√𝑥̅2 = √𝐷𝑏𝑡 

Where, 𝑥 is diffusion distance in m, 𝐷𝑏 is the diffusion coefficient at a given temperature in 

m2/s, and 𝑡 is time in s. Using data from the literature, 𝐷𝑏 was determined as follows: 

𝐷𝑏 = 𝐷𝑏0exp⁡(
−𝑄𝑆𝐷

𝑅𝑇⁄ ) 

where 𝐷𝑏0 is the diffusion coefficient at infinite temperature (m2s-1), 𝑄𝑆𝐷 is the activation 

energy for self-diffusion (kJ mol-1), R is the gas constant, and T is the temperature in Kelvin. 

Table 4 shows the calculated diffusion distances.  Even after 20,000 hours at 330 °C, the 

diffusion distance of solute atoms within the matrix appears to be sufficiently high for atoms 

to have formed nuclei for precipitates.  Therefore, the lack of Mn-Ni-Si-rich precipitates in the 

matrix is likely due to thermodynamic considerations.  A possible explanation is that the 

volume free energy change (Δ𝐺𝑉) to form precipitates of critical size for growth (𝑟∗) is higher 

in the matrix than at heterogeneous nucleation sites; potentially as a result of more free 

space at these heterogeneous nucleation sites.  Previous studies have reported Mn-Ni-Si-

rich features nucleating as appendages to Cu-rich precipitates but not homogeneously[30], 

indicating that the barrier to nucleation is the rate-limiting step for matrix precipitation, 

especially at the lower undercoolings experienced at 365 °C and 405 °C. 

Element 
D0 

(cm2/s) 
QSD 

(kJ/mol) 
Diffusion distance (nm) 

20,000 hours 100,000 hours 

Cu 0.47 244 1.6 3.5 

Ni 1.40 246 2.2 5.0 

Mn 1.49 234 7.9 17.7 

Si 0.78 220 22.2 49.6 
Table 4: Diffusions coefficients and calculated diffusion distances for Cu[31], Ni[32], Mn[33] and Si[34] at 330 °C 
for times of 20,000 hours and 100,000 hours.  N.B. D0 and QSD values are based on extrapolations of higher 
temperature experimental data.  In the case of Mn and Ni, the reference values relate to the ferromagnetic state 
of alpha iron, whereas in the case of silicon, no such values were available, so the extrapolation was made from 
data recorded in the paramagnetic temperature range.  This leads to an overestimate of the true silicon diffusion 
distances, although the true values are still likely to be higher than for Mn or Ni. 

The observation of Mn-Ni-Si-rich clusters in the matrix of alloy I at 330 °C indicates that the 

energy barrier for nucleation is sufficiently low at this temperature and, given that reactor 

temperatures are lower than this, the nucleation of Mn-Ni-Si-rich precipitates may be 

relevant to RPV in-service temperatures.  

To summarise, Mn-Ni-Si-rich precipitates have been observed to form in the absence of 

other precipitates in thermally-aged materials for the first time.  Our findings indicate that 

their formation, particularly at heterogeneous nucleation sites, is thermodynamically 

favourable from 330 °C up to 405 °C, supporting the findings in Reference [18].  However, 

the key nucleation mechanism for Mn-Ni-Si-rich precipitate formation is at dislocations and 

interfaces in the thermally-aged materials, as opposed to in the grain interiors in the neutron-

irradiated materials; this indicates that the features form at defect sites, and that precipitate 

formation and growth in neutron-irradiated materials is enhanced due to the production of 

vacancies during irradiation.  Cluster composition was dependent on the initial composition 

of the matrix.  This information can be used to better inform thermodynamic models that 

predict the stability of hardening features in RPV alloys, which in turn will permit the creation 

of more accurate lifetime prediction models for RPV safety cases. 
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The observation of heterogeneous precipitation on dislocations implies the pinning of these 

defects.  Also, precipitation at grain boundaries would be expected to inhibit the propagation 

of plastic flow between grains and, as a result, significant changes in the mechanical 

properties of these materials might be expected after ultra-long periods of thermal aging.  

These changes require investigation. 
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